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ABSTRACT 

 I study defect behavior in transition metal borides (TMBs) and transition metal dichalcogenides 

(TMDs) by means of density functional theory.  TMBs have been studied mainly for extreme 

environment applications, and TMDs, especially their two-dimensional (2D) forms, have been considered 

for promising materials in next-generation semiconductor applications.  Here, I discuss defect properties 

that must be considered for the proper operation of applications of TMBs and TMDs.  

First, I study a new class of layered TMBs, called MAB phases, focusing on the stability of point 

defects and its impact on the defect recovery processes in two MAB phases: MoAlB and Fe2AlB2.  

Combined with experiments, I find that the defect recovery process in Fe2AlB2 is more efficient than in 

MoAlB, attributed to the stability of metal interstitials.  Next, I investigate the structure-dependent defect 

recovery processes in Cr-based binary TMBs (CrB, Cr3B4, Cr2B3) and MAB phases (Cr2AlB2, Cr3AlB4, 

Cr4AlB6).  I demonstrate that both the type of B networks and the Al layers have crucial impacts on the 

defect kinetics and the defect recovery processes.  Lastly, I generalize the findings from the Mo-, Fe-, and 

Cr-based TMBs to TMBs with different transition metals and develop design rules for TMBs with 

efficient defect recovery processes.  

For TMDs, I combine state-of-the-art computational approaches with experiments to determine 

the formation energies and the charge-state transition levels (CTLs) of defects in bulk and 2D TMDs 

(MoS2, MoSe2, MoTe2, WS2, WSe2, WTe2).  I calculate the formation energies and the CTLs of native 

point defects in bulk TMDs, resulting in good agreement with our experimental CTLs measured by deep 

level transient spectroscopy (DLTS).  The good agreement allows the identification of the nature of the 

CTLs observed in DLTS, while validating the computational approach.  I apply the validated method to 

determine the CTLs in 2D TMDs, for which DLTS is very challenging.  By comparing the CTLs in bulk 

and 2D TMDs, I find that the reduction of the dimensionality from bulk to 2D has a significant impact on 

the defect properties. 
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CHAPTER 1  

 

INTRODUCTION 

 

1.1 Defects in materials 

Mankind has developed capitalizing largely on the discovery and development of new materials.  

The production of iron tools helped the farming process easier and more efficient during the Iron Age, 

and the use of silicon in electronics accelerated the information technologies.  The benefits of materials 

are attributed to materials’ unique properties, which are determined by the atomic structure of materials.  

A periodic arrangement of nuclei establishes a periodic potential wherein the electrons form a unique 

band structure, which determines the physical, chemical, and electrical properties of the material.  This 

ordered arrangement of atoms, called crystal structure, almost always contains interruption in its periodic 

pattern, and thus the material properties are deformed.  Here, interruption in a crystal structure is called 

crystallographic defect, or shortly, defect.  

Different types of defects are classified into point defects (0-dimensional (0D)), line defects (1D), 

planar defects (2D), and bulk defects (3D).  First, point defects are lattice flaws that occur only at or near 

a single lattice point, and they include vacancy, interstitial, and antisite.  Line defects are mainly 

dislocations, around which the atoms of the crystal structure are misaligned.  Planar defects include 

stacking faults and grain boundaries where the orientation of the crystal structure abruptly changes.  Bulk 

defects include voids, precipitates, and macroscopic defects such as pores and cracks.   

Defects are everywhere and affect materials properties in various manners.  First, there is always 

a chance that a lattice site is unoccupied by an atom at a finite temperature, and the likelihood increases 

with temperature.  Besides defects naturally formed, defects can be often created unwantedly.  For 

example, defect creation is significant in the materials for nuclear reactors.  Reactor materials are exposed 

to radiation damage by high energy radiative particles such as ions and neutrons.  At the initial stage of 
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radiation, the material undergoes radiation-induced displacement cascades, which involve the production 

and accumulation of a considerable amount of point defects, especially Frenkel pairs.  Then, these point 

defects can be recovered through migration and recombination of mobile defects, or they can also interact 

with each other and evolve as clusters such as dislocation or precipitates.  The accumulation of defects 

causes mechanical deformation and strength weakening, and if not well addressed, the material loses its 

stability and is amorphized.  Defects have considerable effects on the performance of semiconductor 

devices as well.  During semiconductor fabrication processes, unwanted defects can form, so annealing 

steps are often performed in order to recover the unwanted defects.  In semiconductors, even a point 

defect can create multiple charge states inside the bandgap.  The transitions between charge states, 

referred to as charge-state transition level (CTL), act as electron traps that diminish the carrier mobilities 

and thus the performance of electronic devices, or cause non-radiative emission in photonic devices.  

Lastly, defects can be also deliberately introduced.  During semiconductor fabrication processes, ions can 

be deliberately implanted into a target crystal, thereby becoming impurities and altering the electronic 

properties as intended.  Given considerable effects of defects on the properties of materials and the 

performance of applications, understanding defect behavior is critical for the proper operation of 

applications and the design of novel materials.   

 In this dissertation, I discuss defect behavior in two types of layered materials, focusing on the 

defect recovery processes in ceramics and the electronic properties of defects in semiconductors.   

 

1.2 Layered materials  

 Layered materials are crystal solids with anisotropic bonding, wherein 2D layers are strongly 

bonded internally but weakly bonded to adjacent layers1.  Due to their distinctive structures, layered 

materials have many interesting properties and thus have been studied in diverse fields of materials 

research, including ultra-high temperature ceramics (UHTCs) and semiconductors.  My focus lies on two 

types of layered materials: transition metal borides (TMBs)2,3 and transition metal dichalcogenides 

(TMDs)4–6. 
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1.2.1 Transition metal borides 

TMB can be classified as a sub-group of UHTC7, a class of refractory materials that possess 

outstanding properties at high temperature8–12, and its applications include high-temperature crucibles, 

wear resistance coating, and aerospace materials2.  Although many binary TMBs13–21 have been widely 

studied along with the other types of UHTCs such as carbides22,23, nitrides24,25, and oxides26,27, it is recent 

that layered ternary TMBs, called MAB phases27, began to draw attention.  Prior to discussion about 

MAB phases, it is worth introducing MAX phases, ternary layered carbides and nitrides that attracted 

attention first28.  The general formula of MAX phases is Mn+1AXn (M = transition metal; A = group A 

element; X = C or N), and they consist of strongly bonded M-X units and A layers interleaving the M-X 

layers, wherein the M-X layers and the A layers are weakly bonded.  MAX phases exhibit good 

properties29–33 including excellent resistance to radiation-induced amorphization34.  It has been suggested 

that the extraordinary resistance to radiation-induced amorphization of MAX phases is attributed to the A 

layers, where defect recovery processes are efficient35,36.  MAB phases27, the new type of layered ternary 

TMBs, have attracted great attention more recently, owing to the structural similarity to MAX phases as 

well as outstanding properties, including electrocatalytic properties37,38, oxidation resistance13,39–42, 

magnetic properties43–47, hardness27,41,48–52, and thermal and electrical conductivities41,53–61.  MAB phases 

with different formulas have been reported, including M1A1B1, M2A1B2, M3A2B2, M3A1B4, and M4A1B6 

(M = transition metal; A = mostly Al; B = B)62, wherein the A layers interleave the M-B layers and the 

transition metals are bonded to different types of B networks depending on the composition.  Despite the 

outstanding properties and extensive studies on MAB phases63–70, defect properties have been rarely 

studied in MAB phases.  In this dissertation, I study defect behavior in TMBs, focusing on structure-

dependent defect properties in MAB phases.  The structural diversity with the different types of B 

networks and the different numbers of A layers enables to study structural effects on the defect behavior 

in TMBs.  Throughout this dissertation, I discuss the stability, chemistry, kinetics and recovery processes 

of defects, in the context of applications that require efficient defect recovery processes, by means of 

density functional theory (DFT).  I study the stability of defects in Mo- and Fe-based MAB phases in 



 

 

4 

Chapter 3 and investigate the defect chemistry and the recovery processes in Cr-B binary TMBs and Cr-

Al-B MAB phases in Chapter 4 and Chapter 5.  Based on the findings from the Mo-, Fe-, and Cr-based 

TMBs, in Chapter 6, I develop design rules for TMBs with efficient defect recovery processes.  

 

1.2.2 Transition metal dichalcogenides  

  Since the successful synthesis of graphene71, many other layered materials and their 2D forms 

have been widely studied, especially for semiconductor applications.  TMD is one of the well-known 

layered materials in semiconductor applications along with graphene71, hexagonal boron nitride72, 

MXenes73 and MBenes74,75 (2D forms of MAX and MAB phases with the A layers intercalated, 

respectively).  The general formula of TMDs is MX2 (M = transition metal; X = S, Se, or Te), wherein 

one layer of M atoms is sandwiched between two layers of X atoms, and for bulk MX2 the M-X layers are 

bonded to one another by van der Waals (vdW) interaction.  Like graphene, TMDs exhibit new physical 

properties when a bulk crystal of macroscopic dimension is thinned down to a 2D crystal76.  In particular, 

the indirect bandgaps of some bulk TMDs are transitioned to the direct bandgaps when the bulk TMDs 

are thinned down to 2D TMDs76, which makes 2D TMDs promising in diverse semiconductor 

applications12,77–82, including transistors in electronics and emitter and detectors in photonics76,79,81.  In 

addition, their 2D structure makes them more promising in novel applications such as flexible devices and 

vdW heterostructures83.  Due to the excellent properties and wide ranges of applications, recent efforts 

have been focused more on 2D TMDs.  However, despite the considerable effects of defects on the 

performance of TMD-based devices84,85, it has been challenging to accurately determine relevant defect 

properties, particularly CTLs in 2D TMDs.  It is nearly impossible to measure the CLTs of defects in 2D 

crystals using such a direct measurement system as deep level transient spectroscopy (DLTS).  Moreover, 

although theoretical CTLs have been reported86–88, there have been discrepancies in the reported values, 

and in many cases the predictions have not been validated experimentally.  In Chapter 7, I develop a joint 

computational and experimental strategy to accurately determine the CTLs in 2D systems and discuss the 

effects of the reduction in dimensionality (i.e., bulk to 2D) on the CTLs in TMDs.  
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CHAPTER 2 

 

METHODS 

 

2.1 Density functional theory 

 Material properties originate from its atomic structure, the arrangement of nuclei and their 

electrons sitting on the potential of the nuclei.  Such a system at the scale of atoms and subatomic 

particles has to be described by quantum mechanics.  The probability of finding a particle at a given space 

(𝒓) and a given time (t) can be expressed as a wave function, 𝛹(𝒓, 𝑡), which can be obtained by solving 

the Schrödinger equation,  

𝑖ℏ )*
)+
= 𝐻𝛹      (2.1) 

where 𝐻 is the Hamiltonian of the quantum system.  This time-dependent form can be reduced to the non-

relativistic time-independent Schrödinger equation (2.2),  

𝐻𝜓 = 𝐸𝜓      (2.2) 

where 𝐸 is the total energy of the system, and the wave function is now independent of time, 𝜓 = 𝜓(𝒓).   

Studying properties of a material requires all the nuclei and electrons in the material to be taken 

into account.  Therefore, one has to solve the Schrödinger equation for a wave function that is a function 

of the positions of all the nuclei ({𝑹,}) and of all the electrons ({𝒓,}), i.e., 𝜓 = 𝜓({𝑹,}, {𝒓,}).  Since it is 

impractical to solve such a complex system, approximations are introduced.  First, the Born-Oppenheimer 

approximation89 assumes that nuclei are much heavier than the electrons, and hence the dynamics of 

nuclei and electrons can be separated, resulting in a decoupled wavefunction,	𝜓 = 𝜓-({𝑹,})𝜓.({𝒓,}).  

Now, one can solve the Schrödinger equation for electrons separately, 

2− ℏ!

01"
∑ 𝛻,0
-"
, +∑ 𝑉(𝒓,)

-"
, + ∑ ∑ 𝑈9𝒓, , 𝒓2:23,

-"
, ; 𝜓. = 𝐸𝜓.   (2.3) 
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where 𝑉 is the potential energy of electrons, and 𝑈 is the interaction between electrons.  Once the 

wavefunction and the energy eigenvalues are obtained, the forces on atoms can be calculated, and then 

classical dynamics can be applied to calculate the dynamics of atoms.  

However, it is still impractical to solve many-body problems.  For instance, the Hartree-Fock 

method, one of the well-known traditional ways, produces a reasonable description of many body 

quantum systems90,91, but its use has been limited.  In particular, the Hartree-Fock method does not deal 

with electron correlations, resulting in poor accuracy for such calculations as dissociation energies or 

reaction energies92.  Moreover, the Hartree-Fock and other methods that deal with electron correlations, 

such as perturbation theory (e.g., MP2)93, suffer from computational costs94.  This issue is especially 

considerable in systems that contain transition metals, because the number of electrons in transition 

metals further increases the computational cost, which exponentially increases with the size of system.    

Density functional theory (DFT) has been successfully used in computational physics, providing 

satisfactory results at relatively inexpensive computational costs.  The main idea of DFT is to describe a 

many-body quantum system with its particle density rather than the wavefunctions of all the particles.  

Hence, the degree of freedom of a N-body system (3N) is reduced to the three-dimension of its particle 

density.  In DFT, instead of wavefunctions, the electron density, 𝑛(𝒓), describes the system as follows,    

𝑛(𝒓) = 𝜓.∗({𝒓,})𝜓.({𝒓2}) = 2∑ 𝜓.∗({𝒓,})𝜓.({𝒓,}), .   (2.4) 

In DFT, the j-th electron is considered to be in the density of all the other electrons, which simplifies a 

“many-electron” problem into many non-interacting “one-electron” problems.  Here, the electron 

wavefunction is defined as 𝜓. = 𝜓5(𝒓5)𝜓0(𝒓0)…𝜓-.(𝒓-.), called Hartree product, where 𝜓𝒌 

represents the one electron wavefunction, 𝜓𝒌(𝒓) = ∑ 𝑐𝒌7𝑮 exp(𝑖(𝒌 + 𝑮) ∙ 𝒓)𝑮 .  Next, the total energy of 

a system can be also expressed as a function of electron density.  The Hohenberg-Kohn theorems95 state 

that the total energy is a unique functional of the electron density (Theorem 1) and that the electron 

density that minimizes the energy functional is the true ground state electron density (Theorem 2).  The 

electron energy functional can be expressed as, 
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   𝐸[{𝜓,}] = − ℏ!

01"
∑ ∫𝜓,∗𝛻0𝜓,𝑑𝒓, + ∫𝑉(𝒓)𝑛(𝒓)𝑑𝒓 + .!

0 ∫∫
9(𝒓)9=𝒓#>
|𝒓@𝒓#|

𝑑𝒓𝑑𝒓A + 𝐸BC[{𝜓,}] (2.5) 

where 𝐸BC is the exchange-correlation functional, which will be discussed in detail in the following 

section.    

 Now, in order to solve non-interacting single-electron problems, the non-interacting Schrödinger 

equation, called Kohn-Sham (KS) equation96, is devised as follows,  

2− ℏ!

01"
𝛻0 + 𝑉%DD(𝒓); 𝜓,(𝒓) = 𝐸,𝜓,(𝒓)    (2.6) 

where 𝑉%DD is the KS potential and can be expressed as,  

𝑉%DD = 𝑉(𝒓) + 𝑒0 ∫ 9=𝒓#>
|𝒓@𝒓#|

𝑑𝒓A + 𝑉BC(𝒓).    (2.7) 

Here, the second term is called the Hartree potential, which describes the interaction of the electron with 

the electron density, and the last term, 𝑉BC, is the exchange-correlation potential defined as 

𝛿𝐸BC(𝑛)/𝛿𝑛(𝒓).  

 Now, the original “many-electron” problem can be expressed as a set of “one-electron” problems.  

Starting from a trial electron density, the KS equations for each electron can be iteratively solved in a 

self-consistent scheme to find the ground state energy and the electron density that minimizes the energy 

functional.  When the true electron density, i.e., ground state, is found, the dynamics of nuclei can be 

classically solved, by calculating the forces acting on the nuclei.  By moving atoms along the ionic forces, 

the ionic ground state can be finally calculated along with the electron ground state.  

 

2.2 Exchange correlation functional 

 In order to solve the KS equation, the exchange-correlation functional, 𝐸BC, must be specified.  

Although the exact form of 𝐸BC is unknown (except for homogeneous electron gas), approximations can 

be made.  The simplest approximation is the local density approximation (LDA)97,98, where the functional 

depends only on the local density and is approximated by the exchange-correlation energy of the 
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homogeneous electron gas density at a given point.  The other simple and effective approximation is 

generalized gradient approximation (GGA)97,98, where the functional is approximated using the 

information about the local electron density and the local gradient in the electron density.  There are a 

number of GGA functionals, which differ by the way how the information about the local gradient is 

included, and Perdew–Burke–Ernzerhof99 is one of the most widely used functionals.   

 Although the conventional LDA and GGAs have been effectively used in many fields of 

computational physics, they do not always describe systems satisfactorily.  The conventional functionals 

cannot describe dispersion interactions, namely van der Waals (vdw) interactions.  Without including the 

contribution of vdW interactions to the intermolecular forces in materials, considerable errors are made 

when predicting crystal structures and the properties of materials100.  vdW interactions arise directly as a 

consequence of electron correlation, and one simple solution is to add a dispersion-like contribution to the 

total energy (e.g., DFT-D)101.  In DFT-D, the total energy of a system can be defined as, 

𝐸E$F@E = 𝐸E$F − 𝑆∑
G$%
H$%
& 𝑓IJKL(𝑟,2),M2      (2.8) 

where 𝐸E$F is the total energy calculated in DFT, and the second term is the vdW contribution.  Here, 𝑆 is 

an empirical scaling factor applied uniformly to all pairs of atoms, 𝑟,2 is the distance between atoms, 𝐶,2 

is the dispersion coefficient for atoms i and j, and 𝑓 is a damping function to remove unphysical 

dispersion terms for small distances92.  There are many DFT-D functionals101–103, which differ by how the 

damping function and/or the dispersion coefficient are included.   

 The other solution to describe vdW interactions is non-local functionals.  vdW interactions are 

long-range, and conventional LDA or GGAs, which rely on the local density, cannot describe the long-

range electron correlation.  Thus, long-range non-local functionals in which vdW interactions are 

included as a density-density interaction term have been developed.  Depending on how the correlation 

term is optimized, many non-local vdW functionals have been proposed104,105.  Among different non-local 

functionals, rev-vdW-DF2106 is known for the accuracy in describing layered vdW solids, including 

TMDs104. 
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 The other important limitation of DFT is significant underestimation of bandgaps that stem from 

inaccurate band structures107.  This issue has been effectively addressed by combining a conventional 

functional with the Hartree-Fock method in which the calculated bandgap is overestimated.  Because the 

systematic errors of DFT and the Hartree-Fock method are in the opposite (i.e., underestimation vs. 

overestimation), the accurate bandgaps of semiconductors can be hybridly calculated by mixing a fraction 

of the Hartree-Fock exchange with DFT.  This way, hybrid functionals provide electronic structures that 

well describe experiments108.  Therefore, in studies where accurate bandgaps are desired, such as 

electronic properties of defects, hybrid functionals are used.  In this dissertation, a hybrid functional 

called Heyd, Scuseria, and Ernzerhof 99 (HSE) is used to calculate the band structures of semiconductors.  

In HSE, a fraction of the conventional functional (e.g., GGA) is replaced by a short range Hartree-Fock 

exchange109, and the HSE functional 𝐸BCNOP can be described as, 

𝐸BCNOP = 𝐸BCQQ& + 𝑎9𝐸BN$ − 𝐸BCQQ&:      (2.9) 

where 𝐸BCQQ& is the GGA exchange functional, 𝐸BN$ is the Hartree-Fock exchange, and 𝑎 is the fraction of 

the Hartree-Fock exchange99.   

 

2.3 Vienna Ab-initio Simulation Package 

 In my studies, the Vienna Ab-initio Simulation Package (VASP) is used to perform DFT 

calculations110.  VASP is a planewave-based DFT code for atomic scale materials modelling, from first 

principles, and it supports hybrid functionals that combine DFT and Hartree-Fock as well.  In order to run 

a DFT calculation, four input files are required: POSCAR, POTCAR, KPOINTS, and INCAR.  POSCAR 

contains information about the size and the geometry of the unitcell/supercell, the type of chemical 

element(s), and the position of each atom in the cell.  POTCAR contains the pseudopotentials for each 

type of chemical element(s) specified in POSCAR.  KPOINS defines the size of the k-point mesh and the 

number of total k-points in the Brillouin zone.  INCAR contains specific settings for a DFT calculation, 



 

 

10 

including the fraction of the Hartree-Fock exchange (for hybrid calculations) and the parameters for DFT-

D or non-local functionals, if applied.  

 

2.4 Nudged elastic band method 

 Understanding materials properties often requires kinetic quantities such as migration energies or 

reaction energy barriers.  In order to calculate such kinetic quantities, the transition states between the 

initial and the final states (i.e., reactant and product) must be defined along with their energy landscape.  

The transition states lie on the energy saddle points, and therefore define the minimum energy path 

(MEP) between the two end points.  While initial and final states can be obtained by performing DFT 

calculations, finding the transition states and the MEP requires extra steps, for which one of widely used 

methods is nudged elastic band (NEB).  In NEB, several intermediate atomic images between the two end 

points are initially defined, wherein the images are considered to be connected by fictitious springs.  The 

images are optimized by minimizing the energy of all the images by concurrently performing a set of 

independent DFT calculations.  During the optimization, the transition states are found by iteratively 

calculating 𝐹 = −∇𝐸(𝒓), the forces of the images defined by the energy surface, until the forces are 

aligned with the MEP.  In the meantime, the elastic energy from the fictitious springs is minimized in 

order to keep the spacings between the images as equal as possible.  The accuracy of the NEB method can 

be improved by climbing up the highest energy image to the exact saddle point.  In this scheme, called 

climbing image NEB (CI-NEB)111, the image does not feel the spring forces along the path, instead the 

image tries to maximize its energy along the path (i.e., locate itself on the exact saddle point), wherein the 

inverted tangent component of the true force drives up the image.  In my research, the CI-NEB method 

was used. 
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CHAPTER 3 

 

DEFECT STABILITY 

 

The study in this chapter has been published as: “Defect behavior and radiation tolerance of MAB 

phases (MoAlB and Fe2AlB2) with comparison to MAX phases” Acta Materialia 196, 505–515 (2020), 

and the experimental part in this chapter was carried out by Dr. Hongliang Zhang. 

 

3.1 Introduction 

Layered ternary materials27,28,112 are known for many outstanding properties, including thermal 

shock resistance113,114, oxidation resistance39,115, hardness, strength, and radiation resistance34,116.  

Radiation resistance have been studied primarily in MAX phases (M = transition metal; A = group A 

element in the periodic table; X = C or N), which in some cases can maintain their crystalline structures 

up to a very high radiation dose34,116.  For instance, Ti3(Si/Al)C2 was shown to resist radiation-induced 

amorphization up to 25 displacements per atom (dpa) at room temperature (RT).  Radiation resistance 

arises from the ability of the material to efficiently anneal non-equilibrium defects introduced during the 

bombardment of the lattice with neutrons, ions or electrons.  Although it is generally agreed upon that the 

layered structure of MAX phases plays an important role in the defect recovery processes, specific 

mechanisms are still being debated35,117,118.  It has been proposed that the radiation tolerance of MAX 

phases could be correlated with the radiation tolerance of M-X binary, M-A bonding characteristics, 

A/MX layer ratio, or low antisite formation energy.  The question of whether low antisite formation 

energy is advantageous is particularly interesting.  Specifically, while antisites provide an alternative 

pathway for accommodating defects, they can also lead to undesirable phase transformation, as in the case 

for Ti3(Si/Al)C2, which transforms from a hexagonal structure to a cubic structure during the irradiation at 

RT119.  Moreover, radiation has been shown to lead to surface cracks in many MAX phases, such as 
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Ti2AlC and Ti3AlC2, even at high temperatures116.  The aforementioned radiation-induced phase 

transformation and microcracking may limit the applications of MAX phases in nuclear reactors. 

In this chapter, we consider another class of layered ternary materials labeled as MAB (M = 

transition metal; A = Al; B = B) phases.  Many MAB phases have been predicted theoretically62 and 

some of them have already been synthesized (M = Mo, W, Cr, Mn, Fe, and Ru)27.  In this chapter, we 

focus on two MAB phases: MoAlB and Fe2AlB2.  A schematic view of the atomic structures of the two 

phases is shown in Fig. 3.1.  MoAlB is orthorhombic with the space group of Cmcm, and Fe2AlB2 is 

orthorhombic with the space group of Cmmm.  Similarly to the layered structure of MAX phases, MAB 

phases have transition metal boride sublattices interleaved by Al layers.  MoAlB has been shown to have 

good oxidation resistance thanks to the formation of a protective layer of Al2O3
39, and Fe2AlB2 has been 

shown to be resistant to cracking120 and to have a magnetocaloric effect with the ordering temperature of 

307 K43.  Moreover, MoAlB and Fe2AlB2 have the high decomposition temperatures of 1708 K60 and 

1500 K114, respectively.  

Borides have been already considered for applications that involve radiation, such as neutron 

shielding in both fusion and fission reactors121,122 and neutron absorbers (e.g., as absorbers of thermal 

neutrons for long-term and compacted storage of spent nuclear fuel)123.  In order to explore the potential 

of MAB phases for use in radiation environments, in this chapter we performed irradiation of the two 

MAB phases at RT and 300 °C, and the radiation effects were analyzed using transmission electron 

microscopy (TEM).  The trends are explained based on density functional theory (DFT) calculations of 

defect formation, reaction, and migration energies.  The performance of MAB phases under the radiation 

is compared to that of MAX phases as well as SiC, which is known to have good radiation resistance and 

is already being considered for cladding applications in nuclear reactor applications.  The two MAX 

phases used for the comparison are: Ti2AlC (which contains Al, just like the MAB phases considered in 

this chapter) and Ti3SiC2 (which so far has shown the highest resistance to radiation-induced 

amorphization among MAX phases). 
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Figure 3.1 Schematic view of a supercell (2×2×2) for (a) MoAlB and (b) Fe2AlB2.  Different interstitial 
sites are indicated as red dots. 
 

3.2 Methods 

The materials studied in this chapter were polycrystalline bulk Fe2AlB2, MoAlB, Ti3SiC2 and 

Ti2AlC, prepared by reactive hot press sintering.  The polycrystalline 3C-SiC for this research was 

purchased from Rohm and Haas Company and it had an average grain size of 5 μm.  

The Fe2AlB2 sample was made from Fe2AlB2 powder (particle sizes of <45 μm) synthesized in a 

tube furnace (MTI GSL-1800X-S60).  The powder was placed in a 12.7 mm inner diameter graphite die, 

lined with a graphite foil, and pressed at a maximum temperature and a pressure of 1200 °C and 50 MPa 

in a hot-press furnace (MTI OTF-1500X-VHP4 containing a mullite tube) under flowing argon to prevent 

oxidation.  The sample was held at the maximum temperature and pressure for 30 min, using a heating 

and cooling rate of 10 °C/min.  The sample was ground using a SiC paper to remove graphite from the 

surface and resulted in a pellet of 11 mm tall and 12 mm in diameter.  The density of the sample 

determined by Archimedes principle was >95% of theoretical density.  
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The MoAlB sample was synthesized using MoB powder (particle sizes of <45 μm) and Al 

powder (>99.7%, particle sizes of <45 μm).  The MoB powder was mixed with the Al powder in an 

atomic ratio of 1:1.3 (MoB:Al).  The mixed powder was placed in a 15 mm inner diameter graphite die, 

lined with graphite foil, and pressed at a maximum temperature and a pressure of 1400 °C and 50 MPa in 

the hot-press furnace (MTI OTF-1500X-VHP4 containing a mullite tube) under flowing argon to prevent 

oxidation.  The sample was held at the maximum temperature for 1 hour, using a heating and cooling rate 

of 10 °C/min.  The sample was ground using a SiC paper to remove graphite from the surface and 

resulted in a pellet with the theoretical density of 95.5%, determined by Archimedes principle.  The 

sample was sliced into ~1.5mm thick disks using a diamond blade. 

Polycrystalline bulk Ti2AlC and Ti3SiC2 were synthesized by the reactive hot-press sintering 

method124.  For Ti2AlC, stoichiometric mixtures of Ti + TiAl + C were prepared in argon by hand-

grinding a fine powder mixture of Ti (99.5 %, average particle size of 48 µm), Al (99.0 % , average 

particle size of 48 µm), TiC (99.0 %, average particle size of 5 µm) and C graphite (99.5 %, average 

particle size of 48 µm) at a molar ratio of 0.5:1.5:1:0.5.  The powder mixture was loaded into a cylindrical 

die and sintered via hot pressing under flowing argon gas, by heating to 1400 °C at 10 °C/min and 

holding at the temperature for 1 hour with an applied pressure of 35 MPa.  For Ti3SiC2, stoichiometric 

mixtures of 3Ti + SiC + C were prepared by hand-grinding a fine powder mixture of Ti (99.9%), SiC 

(99.9%), and C (graphite, 99.99%) under argon, followed by cold pressing in a hardened steel die at 180 

MPa.  The powders contained ~2 wt.% Al to assist with reactivity.  The pressed cylindrical samples were 

sintered under flowing argon gas by heating to 1600 °C at 10°C/min, holding for 4 hours, and returning to 

RT.  During the sintering, a small amount of Al2O3 was formed in the sample. 

The as-sintered specimens and the purchased CVD SiC were all characterized using X-ray 

diffraction (XRD) analysis (Rigaku D/max 2500, Cu Kα source with the wavelength of 0.154 nm, the step 

size of 0.02°, 1.0 sec per step, and a 2-theta range of 20-80º).  As shown in Fig. 3.2, no impurity phase 

was found in Fe2AlB2, MoAlB, Ti2AlC, or SiC, whereas a small amount of Al2O3 (<2% wt.%) was found 

in Ti3SiC2.  All specimens were polished using fine metallographic abrasive papers and Al2O3 



 

 

15 

suspensions, cleaned by rinsing in ultrasonic baths of acetone and ethanol and annealed at 600 °C in a 

vacuum environment of 5 ×10-5 Pa for 1 hour to release the residual stress. 

 

 
Figure 3.2 XRD spectra of the unirradiated MoAlB, Fe2AlB2, Ti2AlC, Ti3SiC2, and SiC. 

 

 The final bulk samples of Fe2AlB2, MoAlB, Ti2AlC, Ti3SiC2 and CVD SiC bulk were irradiated 

with a 3.15 MeV carbon ion beam incident at 0° to the normal using the tandem accelerator at the Ion 

Beam Lab in the Department of Engineering Physics, University of Wisconsin-Madison.  The irradiation 

was performed at RT and 300 °C.  Here, the RT corresponds to the sample temperature of about 150 °C 

due to the heating effects of the ion implantation.  The typical irradiation flux was kept at ~7.0×1011 

ions·cm-2·s-2.  The irradiation fluence delivered to the samples was 1.5×1017 ions·cm-2 for the high dose 

case and 7.5 ×1016 ions·cm-2 for the low dose case.  The background pressure during the irradiation was 

<5×10-4 Pa.  The total damage, measured in dpa, was simulated using SRIM-2013125.  The displacement 

energies were 25 eV, 25 eV, and 28 eV, respectively for Fe, Al, and B in Fe2AlB2; 25 eV, 25 eV, and 28 

eV, respectively for Mo, Al, and B in MoAlB; 25 eV, 15 eV and 28 eV, respectively for Ti, Al, and C in 
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Ti2AlC; 25 eV, 15 eV, and 28 eV, respectively for Ti, Si, and C in Ti3SiC2; and 15 eV for both Si and C in 

SiC.  The damage levels obtained from the SRIM-2013 simulation were estimated to be 1.0 dpa at the 

surface, rising up to ~23 dpa for Fe2AlB2 and MoAlB at the depth of ~1800 nm, ~26 dpa for Ti2AlC, ~28 

dpa for Ti3SiC2 and ~30 dpa for SiC at the depth of 2200 nm (see Fig. 3.3).  The experimental ranges for 

the irradiation obtained from the TEM images were 2.2 μm for Fe2AlB2 and MoAlB, 2.4 μm for Ti3SiC2, 

and 2.6 μm for Ti2AlC and CVD SiC. 

 
Figure 3.3 Depth profiles of dpa for Fe2AlB2, MoAlB, Ti2AlC, Ti3SiC2 and SiC at the fluence of 1.5×1017 
ions·cm-2. 

  

 Scanning electron microscopy (SEM) images and samples for TEM analysis were obtained using 

standard lift-out techniques by FEI Helios PFIB G4 FIB/FESEM Focused Ion Beam (FIB) instrument in 

the Materials Science Center at the University of Wisconsin-Madison126.  To protect the sample surfaces 

from damages during the FIB preparation, a 3.0 µm Pt protective layer was deposited on the surface of 

the indented region by two steps: (i) a low-energy electron beam (2 kV) was used to deposit a 1.0 µm Pt 

layer to avoid damages from high-energy ion deposition; (ii) an ion beam (12 kV) was used for the 
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deposition of another 2.0 µm Pt layer.  The thinning process was accelerated using a high-energy ion 

beam (30 kV) at the beginning and a low-energy ion beam (2 kV) at the end to carefully remove the 

amorphous area generated in the former stage.  FEI Tecnai F30 with a field emission gun (FEG) TEM and 

a high resolution TEM were used to analyze the damage and microstructural changes before and after thee 

irradiation.  

DFT calculations were performed using the Vienna Ab-initio Simulation Package110 with the 

projector augmented wave127 and the generalized gradient approximation by Perdew, Burke and 

Ernzerhof99.  The plane-wave cutoff energy of 400 eV and Monkhorst-Pack k-point mesh of 8×2×8 were 

set with the energy tolerance of 0.7 meV/atoms128.  The calculated lattice parameters (LPs) of the two 

MAB phases were: MoAlB (𝑎 = 3.215 Å, 𝑏 = 14.035 Å, 𝑐 = 3.109 Å) and Fe2AlB2 (𝑎 = 2.913 Å, 𝑏 = 

11.007 Å, 𝑐 = 2.861 Å), both in good agreement with the experimentally determined LPs27.  The total 

energies of perfect structures as well as those containing either a vacancy or an antisite were calculated in 

2×2×2 supercells.  Interstitial calculations required larger supercells, which were determined based on 

the results of a convergence test.  The reported values were calculated in the following supercells: 4×2×4 

(MoI and AlI in MoAlB and BI in Fe2AlB2), 4×1×4 (BI in MoAlB), 6×1×6 (FeI in Fe2AlB2), and 6×2×6 

(AlI in Fe2AlB2).  Here, we use the Kröger-Vink notation to label point defects. 

The defect formation energy (Ef) was calculated using the following equation, 

𝐸R = 𝐸I%D%STUV% − 𝐸L%WD%ST + 𝑛,𝜇, (𝑖 = Mo, Fe, Al	or	B)   (3.1) 

where 𝐸I%D%STUV%, 𝐸L%WD%ST, 𝑛,, and 𝜇, represent the total energy of a defective supercell, the total energy of 

a perfect supercell, the number of defect atoms, and the chemical potential of the defect atom, 

respectively.  In addition to the formation energies, the migration energies of vacancies and interstitials 

were calculated.  Also, the reaction energies and their energy barriers were calculated to consider possible 

reactions between defects.  The migration energies and reaction energy barriers were calculated using the 

climbing image nudged elastic band method111.  The interlayer binding energies between M and A layers 

were calculated by subtracting the total energy of the perfect unit cell from the total energy of a unit cell 
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where a gap of 1 nm is inserted between a M layer and the nearest A layer and by dividing the calculated 

value by the number of surface atoms. 

 

3.3 Results and discussion 

3.3.1 Radiation performance of MoAlB and Fe2AlB2 

The damage introduced during the irradiation was analyzed using cross-sectional TEM and high-

resolution (HR) TEM images shown in Fig. 3.4.  The top and bottom rows correspond to MoAlB and 

Fe2AlB2, respectively.  In Fig. 3.4, the left, center, and right columns correspond to the irradiation of 7.5 

×1016 ions·cm-2 at RT (RT-low), 1.5×1017 ions·cm-2 at RT (RT-high), and 1.5×1017 ions·cm-2 at 300 °C 

(300 °C-high), respectively.  The images show that MoAlB irradiated at RT (both low and high dose) 

becomes entirely amorphous (Fig. 3.4(a)), as the selected area electron diffraction (SAED) pattern in Fig. 

3.4(a) shows the diffusion rings without any indication of diffraction spots anywhere in the irradiated 

region and contrast in the dark field imaging, which is a typical result of amorphous materials.  The 

amorphized structure was further confirmed by the HR TEM images as shown in Fig. 3.4(d).  The 

300 °C-high irradiation also led MoAlB to complete amorphization of the structure (Figs. 3.4(c) and (f)).  
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Figure 3.4 TEM and HR TEM images from [010] direction of MoAlB (top) and Fe2AlB2 (bottom), 
irradiated at 7.5 ×1016 ions·cm-2 at RT (left), at 1.5 ×1017 ions·cm-2 at RT (center), and at 1.5 ×1017 
ions·cm-2 at 300 °C (right).  The light-colored thin band on the top of the surface is the Pt protective layer 
deposited by the electron deposition, followed by the thicker and dark colored Pt protective layer 
deposited by the ion deposition during FIB. 
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Fe2AlB2 showed a much better resistance to radiation-induced amorphization under the same 

irradiation conditions.  Specifically, after the RT-low irradiation Fe2AlB2 remained crystalline as 

evidenced by the SAED patterns shown in the inset of Fig. 3.4(g) and the HR TEM image shown in Fig. 

3.4(j).  The irradiation produced many black spot defects (corresponding to defect clusters), and the 

density of black spot defects is relatively higher in the region exposed to a higher dose in Fig. 3.4(g).  

However, there is no evidence of amorphization in most parts of the sample except for the damage peak 

region where there is an amorphous band with the width of ~0.2 μm, corresponding to the damage level 

of ~11 dpa.  As the irradiation fluence increased up to 1.5×1017 ions·cm-2 at RT (RT-high), most parts of 

Fe2AlB2 were significantly damaged but there were still some crystalline structures, as shown in the HR 

TEM image of Fig. 3.4(k) and as indicated by the weak diffraction spots of the SAED pattern in the inset 

of Fig. 3.4(h).  There is an obvious amorphization band with the width of 0.3 μm around the damage peak 

area, corresponding to the peak damage level of ~23 dpa.  After the 300 °C-high irradiation, Fe2AlB2 

remained crystalline, as evidenced by both the HR TEM image in Fig. 3.4(l) (which shows a highly 

ordered structure with some black spot defects) and the SAED pattern in the inset of Fig. 3.4(f) (which 

shows clear diffraction spots without rings).  This result indicates that the dose to amorphization is larger 

at 300 °C than at RT.  The width of the amorphous band is ~0.2 μm and the edge of the band in the near 

surface direction corresponds to a damage level of ~10 dpa.  Combining our experimental results and the 

SRIM calculations, for 3.15 MeV carbon ions, the fluence to amorphize the flat region of Fe2AlB2 can be 

roughly estimated as 2.0 ×1017 ions·cm-2 at RT and 3.5×1017 ions·cm-2 at 300 °C.  The dose to 

amorphization for Fe2AlB2 is about 10 dpa at RT and 16 dpa at 300 ℃.  Since MoAlB became amorphous 

at all the fluences, it was difficult to obtain the accurate fluence to amorphization.  The fluence to 

amorphize the flat region of MoAlB is less than 7.5×1016 ions·cm-2. 
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Figure 3.5 SEM images of MoAlB, Fe2AlB2, Ti2AlC and Ti3SiC2 MAX phases, and CVD SiC.  From left 
to right, before the irradiation, after the irradiation of RT-low, RT-high, and 300 °C-high. 
 

The SEM images of all the irradiated MoAlB and Fe2AlB2 samples showed that the surface is free 

of cracks after the irradiation (see Fig. 3.5).  In contrast, there are many radiation-induced cracks on the 

surfaces of Ti2AlC and Ti3SiC2 irradiated at the same conditions.  The cracks were quantified by drawing 

randomly oriented lines across the surface images, following the procedure outlined in a previous 
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study116.  The number of crack intersections was counted for 10 lines, and it was divided by the total line 

length to provide a quantitative measure of the number of cracks per unit volume (Sv), using the formula 

Sv = 2N.  Here, N is the average number of cracks per unit length of the randomly drawn surface lines.  In 

our analysis we found obvious irradiation-induced cracks with the length of more than 10 μm on the 

surface of Ti2AlC, even for the RT-low irradiation.  The crack density for the RT-low irradiated Ti2AlC 

was found to be 0.21 /μm.  As the dose increased, the number of cracks observed on the surface also 

increased.  The crack density for the RT-high irradiated sample was found to be 0.35 /μm.  The cracking 

problems for the RT-high samples were significant enough to cause some bulging on the surface.  For the 

300 °C-high irradiated Ti2AlC, the crack density dropped to 0.27/μm.  In the case of Ti3SiC2, there were 

no cracks visible on the surface for the RT-low irradiation.  As the dose increased, some small cracks with 

the lengths of 5-10 μm were found in both the RT-high and 300 °C-high irradiated samples.  The length 

and the width of the cracks were much smaller than those in Ti2AlC.  The crack densities were found to 

be 0.29/µm and 0.18/μm for the RT-high and 300 °C-high irradiated Ti3SiC2 samples, respectively.  

 

 
Figure 3.6 GI XRD spectra of Fe2AlB2 measured with the incident angle of 1.0° for unirradiated, RT-low 
irradiated, RT-high irradiated, and 300 °C-high irradiated samples. 



 

 

23 

The radiation-induced cracks in Ti2AlC and Ti3SiC2 are believed to be caused by the anisotropic 

swelling, i.e., the lattice swelling along the c axis and contraction along the a axis129,130.  To determine if 

there is radiation-induced anisotropic swelling in Fe2AlB2 (MoAlB was fully amorphized after the 

irradiation, so we did not analyze it), grazing incidence (GI) XRD spectra at the incident angle of 1.0° 

were collected and shown in Fig. 3.6.  Unlike the GI XRD results of the irradiated MAX phases129, where 

a significant shift of peaks has been reported, in this work, no obvious shift of peaks’ positions was found 

in the spectra of the irradiated Fe2AlB2, indicating the changes in the LPs were very small.  The 

refinement results of the GI XRD also showed that the irradiation-induced LP change in Fe2AlB2 was 

minimal (a-LP increased by 1.2%, b-LP decreased by 0.9 %, and c-LP decreased by 0.9%) compared with 

that of the MAX phase (a-LP decreased by ~1.0%, and c-LP increased by ~4%129).  For the RT-high 

irradiated Fe2AlB2 sample, a-LP increased from 2.913 to 2.949 Å (1.2%), whereas b-LP decreased from 

11.00 to 10.90 Å (0.9%) and c-LP decreased from 2.861 Å to 2.836 Å (0.9%).  The LP changes in the 

RT-low and 300 °C-high irradiated samples were even smaller (increase in a-LP by <0.7% and decreases 

in b- and c-LPs by <0.3%).  The results show that although there are slight anisotropic changes in the LPs 

of Fe2AlB2, these changes are much smaller than those reported in Ti3SiC2 and Ti2AlC.  Moreover, for the 

MAX phases, a-LP decreased and c-LP increased after the irradiation, whereas for Fe2AlB2, a-LP 

increased, and b- and c-LPs decreased after the irradiation.  The lower swelling anisotropy as well as the 

lower overall swelling in Fe2AlB2 could be the reason for the lack of radiation-induced cracks in Fe2AlB2.  

SiC was found to be free of radiation-induced cracks for all the irradiation conditions considered in this 

chapter. 

We have not found any radiation-induced phase transformation in Fe2AlB2.  Such phase 

transformation has been reported in irradiated MAX phases119,131.   Specifically, GI XRD spectra collected 

from Fe2AlB2 (see Fig. 3.6) show that no new peak was generated after the irradiation.  Also, the SAED 

results from [010] direction show that there is no diffraction spot from other crystal structures, and the HR 

TEM results from the same direction show that the structure is the same except for the difference in the 



 

 

24 

defect densities and the level of disorder in the samples irradiated at the different conditions.  These 

results support the conclusion that there is no radiation-induced phase transformation in Fe2AlB2.  

 

3.3.2 Defect energetics: types of defects and formation energies 

The experimentally observed trends in the tolerance to radiation-induced amorphization of the 

two MAB phases can be rationalized based on first-principles calculations.  First of all, to calculate the 

defect formation energy using Eq. 3.1, I determined the chemical potentials of the constituent elements 

(Mo, Fe, Al, and B) in the two MAB phases, as shown in Fig. 3.7.  The yellow lines are the precipitation 

lines of the binary phases, and the highlighted areas indicate the chemical potential ranges where MAB 

phases can form without precipitating other phases (see Section 3.5.1 for details).  The line EF was 

chosen first to reflect the precipitated binaries Al8Mo3 and Al13Fe4, which are the predominant 

precipitates found in experiments113,132, and then the line XY was selected in order to compare the two 

MAB phases at the same reference points; the two lines share the same chemical potential of Al, 𝜇(Al). 
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Figure 3.7 Chemical potential map of (a) MoAlB and (b) Fe2AlB2 with the highlighted area indicating the 
chemical potential ranges where MAB phases can form without precipitating other phases.  

 

While each of the vacancy and antisite defects has only one possible equivalent site in MoAlB 

and Fe2AlB2, interstitials can potentially occupy several different positions.  The potential interstitial sites 

investigated in this chapter are depicted in Fig. 3.1.  The positions explored for MoAlB are Type I (center 

of a tetrahedron with four Al neighbors), Type II (center of an octahedron with five Al and one Mo 

neighbors), Type III (center of a tetrahedron with two Al and two Mo neighbors, having two cases 

depending on the orientation of the tetrahedron), and Type IV (center of a rectangle with four B 

neighbors).  These interstitial sites were tested by placing an atom (Mo, Al, or B) near the center of the 
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potential interstitial site with a slight (0.15 Å) displacement from the symmetric point133.  My calculations 

show that AlI forms on Type I only.  When an Al atom is placed on Type II or Type III positions, the 

configuration is unstable and spontaneously relaxes into Type I.  Type IV was also found to be unstable.  

Specifically, the Al atom placed as an interstitial kicked out a Mo atom from its lattice site and formed an 

antisite, AlMo.  Simultaneously, the displaced Mo atom kicked out another nearby Al atom from its lattice 

site, which finally resulted in the second Al atom taking an interstitial position of Type I.  For BI in 

MoAlB, the most stable position (lowest formation energy) is also found on Type I, followed by Type II 

(𝐸R higher than Type I by 1.29 eV), Type III-1 (𝐸R higher than Type I by 1.35 eV), and Type IV (𝐸R 

higher by 2.26 eV).  BI is not stable on Type III-2, and instead it relaxes into Type I.  Interestingly, Mo 

has no stable site for its interstitial.  Testing Type I-IV revealed that a Mo atom placed as an interstitial 

kicks out an Al atom and becomes an antisite, MoAl, making the kicked-out Al atom AlI of Type I. 

Similar types of interstitials were considered in Fe2AlB2 (see Fig. 3.1).  These were Type I (center 

of an octahedron with four Al and two Fe neighbors), Type II (center of a tetrahedron with two Al and 

two Mo neighbors, having two cases depending on the orientation of the tetrahedron), Type III (center of 

a tetrahedron with two Al and two Fe neighbors, having two cases depending on the orientation of the 

tetrahedron), and Type IV (center of a rectangle with four B neighbors).  I found that Al does not form 

any of these types of interstitial defects.  Specifically, when an Al atom is placed on Type I-III positions, 

it spontaneously relaxes into the Al layer and forms a dumbbell-like interstitial with another Al atom.  An 

Al atom placed on Type IV kicks out a Fe atom and becomes an antisite, AlFe.  The displaced Fe atom 

forms FeI of Type II-1.  For BI in Fe2AlB2, the most stable position is Type I, followed by Type III-2 (𝐸R 

higher by 1.22 eV), Type IV (𝐸R higher by 1.58 eV), and Type III-1 (𝐸R higher by 8.20 eV).  Placing a B 

atom on Type II revealed that BI is not stable on these sites, and instead it relaxes to the configuration of 

Type I.  Lastly, FeI forms only on Type II; the most stable is the Type II-1 configuration, followed by 

Type II-2 (𝐸R higher by 0.63 eV).  A Fe atom placed on the other sites relaxes into Type II-1.  
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In summary, the most stable interstitials in MoAlB and Fe2AlB2 are all located in the Al layer 

(see Section 3.5.2 for details), which has been observed in MAX phases as well35.  Note that MoI does not 

form because MoI is unstable and instead forms MoAl and AlI.  The defect configuration found in this 

study implies that most Frenkel Pairs (FPs) likely form in Al layers, which play a crucial role in 

accommodating defects, similarly to what has been reported in MAX phases.  Therefore, in this study I 

focus only on the interstitials in the Al layers along with the other point defects. 

In Table 3.1, I report the formation energies calculated using Eq. 3.1 on the line XY from Fig. 

3.7.  The formation energies of vacancies, interstitials, and antisites vary depending on the chemical 

potentials, whereas that of FPs is independent of the chemical potentials.  As mentioned earlier, MoI does 

not form in MoAlB, and instead it relaxes to MoAl and AlI, thus MoFP is labeled as “unstable.”  

Table 3.1 Formation energies of point defects in MoAlB and Fe2AlB2.  The energies are referenced to 
the chemical potentials along the XY line in Fig. 3.5. 

M = Mo, Fe 
Formation energy (eV) 

MoAlB Fe2AlB2 

VM 1.94-2.26 0.55-1.05 

VAl 1.00-1.12 2.11-2.23 

VB 0.56-0.76 0.07-0.51 

MI MoI à MoAl + AlI  4.86-5.36 

AlI 6.42-6.54 5.59-5.71 

BI 3.06-3.26 2.26-2.70 

MAl 2.13-2.57 0.85-1.47 

MB 6.97-7.49 3.47-4.41 

AlM 1.77-2.21 1.34-1.96 

AlB 2.44-2.52 2.84-3.16 

BM 3.92-4.44 2.78-3.72 

BAl 1.66-1.74 2.66-2.98 

MFP unstable 2.96 

AlFP 3.77 3.91 

BFP 1.91 1.39 
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3.3.3 Defect kinetics: migration energies and reaction energy barriers 

Table 3.2 shows the calculated migration energies.  I report only the migration energies for 

vacancies and interstitials, because the direct migration of an antisite would involve an exchange with a 

neighboring atom on the lattice, which is energetically prohibitive.  The tabulated migration energies are 

the lowest energies among the possible migration paths.  VAl in MoAlB has the lowest migration energy 

(0.46 eV) when migrating into the nearest diagonal site within an Al layer, whereas the migration along 

the a-axis and c-axis (see Fig. 3.1) have the migration energies of 3.45 eV and 2.98 eV, respectively.  VB 

migrating along the c-axis has the migration energy of 0.68 eV.  The migration of VMo is very unlikely; 

the lowest energy (5.27 eV) is obtained when VMo moves along the c-axis in the same Mo plane, whereas 

the migration along the a-axis in the same Mo plane and into another Mo plane through the B layers have 

the energies of 5.54 eV and 6.67 eV, respectively.  The migration energy of VMo can decrease when there 

are nearby MoAl that exert a repulsive force on VMo (i.e., attractive force to the migrating Mo atom).  

When MoAl is located at the nearest site to VMo, the migration energy of VMo is calculated to be 4.84 eV, 

while that of VMo with MoAl located at the 2nd nearest site is 5.03 eV. 

 

Table 3.2 Migration energies of vacancies and interstitials in MoAlB and Fe2AlB2. 

M = Mo, Fe 
Migration energy (eV) 

VM VAl VB MI AlI BI 

MoAlB 5.27 0.46 0.68 × 0.37 1.40 

Fe2AlB2 3.34 1.17 0.50 1.07 0.25 0.92 
 

In the case of interstitials, I only consider the migration of the most stable interstitial into 

equivalent positions, namely, these are migrations within the Al layer.  AlI in MoAlB has three migration 

paths: along the a-axis, the c-axis, and a diagonal line within the Al layer, with the energy barriers of 0.37 

eV, 1.25 eV, and 2.43 eV, respectively.  Next, BI in MoAlB has the same three migration paths: along the 

a-axis, the c-axis, and a diagonal line within the Al layer, with the energy barriers of 1.40 eV, 1.65 eV, 

and 2.22 eV, respectively.  
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As for the defect migration in Fe2AlB2, VAl has two migration paths: along the a-axis (1.17 eV) 

and along the c-axis (1.51 eV) in the same Al plane.  VB can migrate along the a-axis with the energy of 

0.50 eV, and VFe has three possible migration paths: along the a-axis (4.42 eV), the c-axis (5.02 eV), and 

into another Fe plane through the B layers (3.34 eV).  AlI can migrate by transitioning from one dumbbell 

position to another: along the c-axis (0.25 eV) and along the a-axis (0.36 eV).  BI has two paths of 

migration into another octahedral site: along the a-axis (1.20 eV) and along the c-axis (0.92 eV).  Lastly, 

FeI has two paths of migration into another tetrahedral site: along the a-axis and the c-axis, with the 

migration energies of 1.42 eV and 1.07 eV, respectively. 

Previous theoretical studies have rationalized the radiation tolerance of ternary MAX phases 

based on such parameters as the radiation stability of the corresponding M-X binaries (i.e., TiC for 

Ti3SiC2), M-A bonding characteristics (i.e., the weaker the bond, the better the radiation resistance), the 

ratio of the number of A and MX layers (i.e., the higher the ratio, the better the radiation resistance), and 

the formation energy of a MA-AM antisite pair (i.e., the lower the formation energy of the pair, the better 

the radiation resistance)35,117,118.  Similar analysis in the MAB phases is not possible at this point, because 

of the limited research to date on the radiation effects in MAB phases.  It is, however, still instructive to 

ask if the criteria proposed for MAX phases are consistent with our observation that Fe2AlB2 has shown a 

better resistance to radiation-induced amorphization than MoAlB.  First of all, rationalizing the radiation 

resistance of the ternary MAB phases based on radiation studies of the corresponding M-B binaries 

cannot be tested here because studies on radiation-induced amorphization of MoB or FeB have not been 

reported yet, except for Fe3B.  Fe3B irradiated at 385 K showed partial amorphization at the fluence of 

1019 ions/cm2 and full amorphization at the fluence of 2×1019 ions/cm2 134.  Although Mo2B5 was studied 

with the irradiation of 1019 ions/cm2 135, the focus of this study was on radiation-induced swelling and 

fracturing, not on radiation-induced amorphization.  Secondly, I tested the hypothesis related to the M-A 

bonding energy, calculated to be 1.67 eV and 1.12 eV, for MoAlB and Fe2AlB2 respectively.  Thus, the 

lower bonding energy of Fe2AlB2 possibly contributes to the tolerance to radiation-induced 

amorphization.  However, it is still difficult to conclude whether the M-A bonding energy is indeed 
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responsible for the observed trend in radiation resistance.  For instance, Ti3SiC2 is known to be more 

tolerant to radiation-induced amorphization than Ti2AlN, but the M-A bonding energy of the latter is 

weaker35.  Next, the density of A layers is 1/3 in MoAlB and 1/5 in Fe2AlB2, so the higher density of the 

A layers in MoAlB is consistent with the hypothesis that the fraction of A layers correlates with the 

tolerance to radiation induced amorphization.  As for the last criterion, the lower MA-AM pair formation 

energy in Fe2AlB2 (2.81 eV) compared with that in MoAlB (4.34 eV) could potentially contribute to the 

tolerance to radiation-induced amorphization, but it cannot be solely used to determine the tolerance 

trends because of counter examples.  For instance, the MA-AM pair formation energies in Ti3SiC2 and 

Cr2AlC are 3.52 eV and 2.40 eV, respectively, but the former is known to be more tolerant to radiation-

induced amorphization.  

To summarize, some of the criteria proposed for the radiation resistance of MAX phases are 

consistent with the results of our experimental studies on MAB phases (i.e., formation energies of the 

antisite pair and the bond characteristics), some are not (i.e., the ratio of the number of A and MB layers), 

and in some cases there is no data (i.e., there are no consistent studies of the corresponding binaries).  

Therefore, more extensive studies on multiple MAB phases will be needed to determine whether there 

exist simple correlations between fundamental defect properties and the radiation resistance across 

different MAB phases.  There are also some key differences between MAX and MAB phases.  For 

instance, if other MAB phases do not undergo phase transformation driven by antisites (consistently with 

what I found for Fe2AlB2), then perhaps the formation energies of antisites are not the determining factor 

in resistance to radiation-induced amorphization of these materials.  

To rationalize the observations from our experiments on the MAB phases and to understand how 

radiation-induced damages can be annealed, I have analyzed the defect energetics in more detail, 

including the defect migration and reactions. 
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Table 3.3 Reaction energies and energy barriers for reactions between point defects in MoAlB and 
Fe2AlB2.  “Diff” means a diffusion-limited reaction and the number in parenthesis is the lower of the 
migration energies of the reactant defects.  A negative reaction energy means that the reaction is 
energetically favorable, and “unstable” means that those reactions cannot occur because they involve 
MoI, which is unstable and spontaneously transforms into MoAl and AlI (see Table 3.1). 

# Reaction 
(M = Mo, Fe) 

Reaction energy (eV) Reaction energy barrier (eV) 

MoAlB Fe2AlB2 MoAlB Fe2AlB2 

1 AlB + VAl → VB + AlAl −2.89 −4.88 Diff (0.46) Diff (1.17) 

2 AlM + VAl → VM + AlAl −0.95 −3.02 0.19 Diff (1.17) 

3 BAl + VB → VAl + BB −1.30 −0.94 Diff (0.68) 0.12 

4 BM + VB → VM + BB −2.74 −2.74 Diff (0.68) 0.07 

5 MAl + VM → VAl + MM −3.39 +0.21 1.36 1.81 

6 MB + VM → VB + MM −8.67 −4.45 Diff (5.27) Diff (3.34) 

7 AlI + VAl → AlAl −6.82 −7.82 Diff (0.37) Diff (0.25) 

8 MI + VM → MM unstable −5.91 unstable   Diff (1.07) 

9 BI + VB → BB −3.82 −2.77 1.33 1.02 

10 MI + VAl → MAl unstable −6.12 unstable Diff (1.07) 

11 BI + VAl → BAl −2.52 −1.83 Diff (0.46) Diff (0.92) 

12 AlI + MAl → MI + AlAl unstable −1.71 unstable Diff (0.25) 

13 AlI + BAl → BI + AlAl −4.30 −6.00 Diff (0.37) Diff (0.25) 

14 MB + VAl → MAl + VB −5.39 −4.60 Diff (0.46) Diff (1.17) 

 

 In order to determine how different defect recovery processes can lead to the radiation resistance 

of MAB phases, ideally one would build a detailed rate theory model136–138.  However, the development of 

such a model is beyond the scope of this project.  Instead, I consider specific reactions between point 

defects to determine if the radiation resistance of the two MAB phases can be explained by the presence 

of defects that are difficult to anneal out.  Possible reactions between different point defects are listed in 

Table 3.3 with the reaction energy and the reaction energy barrier.  “Diff” denotes a diffusion-limited 

reaction, in which the reaction occurs spontaneously when the reactants are near each other.  Note that the 
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reactions involving MoI do not occur because MoI is unstable and spontaneously transforms into MoAl and 

AlI (see Table 3.1). 

On the basis of Tables 3.1-3.3, I identified defect species that are easily annealed by reactions and 

defects that cannot be removed and likely remain in the lattice at the temperature of our experiments – RT 

(150 °C) and 300 °C.  By calculating the hopping rate, I define the energy range in which the reaction can 

occur rapidly at a given temperature and therefore the defects can be removed.  

In order to determine whether a defect is able to be annealed (e.g., by reacting with other defects), 

I assume that it has to move at least 1 nm over a reasonable time period (here assumed to be 100 s).  

Taking this criterion and the pre-exponential factor to be 1013 s-1 one can estimate that defects with the 

energy barrier of 1.17 eV (82 s) can be annealed.  I assume that defects with the migration energy or 

reaction energy barrier higher than 1.33 eV (104 min) will take much longer to anneal – 76 times longer 

than reactions with the barrier of 1.17 eV.  Note, that there is no reaction whose migration or reaction 

energy barrier is in the range between 1.17 and 1.33 eV.  At the higher temperature (300 °C), the 

reactions whose migration energy or reaction energy barrier is 1.40 eV can occur within 2.82 s, while the 

migration or reaction energy barrier of 3.34 eV or higher is still too high for the reaction to occur on the 

time scales of experiments.  Note, that there is no reaction whose migration or reaction energy barrier is in 

the range between 1.40 and 3.34 eV.  Using the above criteria, I have analyzed possible reactions between 

defects, summarized in Table 3.3. 

First of all, it is known that FPs are introduced as the direct consequence of radiation, so how they 

are recovered significantly affects the tolerance to radiation-induced amorphization.  In the two MAB 

phases studied here, most vacancies and interstitials in the two MAB phases can be removed through the 

FP recombination.  VAl and AlI in MoAlB can be removed through the reaction #7 in Table 3.3 with the 

aid of the negative reaction energy, the low energy barrier (barrierless), and the low migration energy of 

AlI (0.37 eV).  VAl and AlI in Fe2AlB2 can also be removed through the reaction #7 with the aid of the 

negative reaction energy, the low energy barrier (barrierless), and the low migration energy of AlI (0.25 

eV).  As for VB and BI, they can be removed through the FP recombination (#9) in MoAlB (negative 
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reaction energy, VB migration energy of 0.68 eV, and energy barrier of 1.33 eV) and in Fe2AlB2 (negative 

reaction energy, VB migration energy of 0.50 eV, and energy barrier of 1.02 eV).  In addition, VB and BI 

can recombine through the other path, i.e., via the formation of BAl.  In MoAlB, BI can easily become BAl 

through the reaction #11 (negative reaction energy, VAl migration energy of 0.46 eV, and barrierless 

reaction), and then BAl easily reacts with VB through the reaction #3 (negative reaction energy, VB 

migration energy of 0.68 eV, and barrierless reaction).  In Fe2AlB2, BI can become BAl through the 

reaction #11 (negative reaction energy, BI migration energy of 0.92 eV, and barrierless reaction), and then 

BAl reacts with VB through the reaction #3 (negative reaction energy, VB migration energy of 0.50 eV, and 

low energy barrier of 0.12 eV).  As discussed earlier, MoI is not stable in MoAlB, and instead it forms 

MoAl, hence we do not consider the FP recombination of Mo.  Meanwhile, FeI in Fe2AlB2 can be removed 

through the reaction #8 with the negative reaction energy, FeI migration energy of 1.07 eV, and 

barrierless reaction.  

AlB in both MAB phases can be removed through the reaction #1.  In MoAlB, the reaction energy 

is negative, VAl migration energy is 0.46 eV, and the reaction is barrierless, whereas in Fe2AlB2, the 

reaction energy is negative, VAl migration energy is 1.17 eV, and the reaction is barrierless.  AlM in the 

two MAB phases can be removed through the reaction #2 in MoAlB (negative reaction energy, VAl 

migration energy of 0.46 eV and low energy barrier of 0.19 eV), and Fe2AlB2 (negative reaction energy, 

VAl migration energy of 1.17 eV and barrierless reaction).  Next, BM in both MAB phases can be removed 

through the reaction #4 with the aid of the negative reaction energies, low energy barriers (barrierless in 

MoAlB and 0.07 eV in Fe2AlB2) and/or the low migration energies of VB (0.68 eV in MoAlB and 0.50 eV 

in Fe2AlB2).  And as mentioned above, BAl can be removed through the reaction #3 while providing an 

intermediate site for the recombination of VB and BI.  

Before looking into MoAl in MoAlB, I should note that a significant number of MoAl can form due 

to the unstable MoI as well as from the direct consequence of radiation.  However, MoAl cannot be easily 

removed in MoAlB even at the high temperature (300 °C) because of the high migration energy of VMo 

(5.27 eV), which is still too high for the migration to occur.  Recall that we assume that the reactions 
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whose migration or energy barrier is higher than 3.34 eV cannot occur at 300 °C.  As discussed earlier, 

although the existence of MoAl near VMo can decrease the migration energy down to 4.84 eV, it is still too 

high for the migration to occur.  Finally, the only reaction which can remove this defect (#5) cannot 

occur.  There are other potential reactions that could anneal MoAl (e.g., BI + MoAl → BAl + MoI or MoAl + 

AlMo → AlAl + MoMo).  However, the former reaction does not occur due to the formation of an unstable 

MoI, and the latter, which is the exchange of antisites, is energetically prohibitive.  

In contrast, FeAl in Fe2AlB2 can be removed through the reaction #12 with the aid of the negative 

reaction energy, low migration energy of AlI (0.25 eV), and the barrierless reaction.  Although this 

process creates FeI, this interstitial can be removed through the reaction #8 as discussed earlier.  

Lastly, MB in both MAB phases can be removed through the reaction #14 with the aid of the 

negative reaction energies, low migration energies in MoAlB (0.46 eV) and in Fe2AlB2 (1.17 eV), and 

low reaction energy barriers (barrierless).  This reaction path creates VB with MAl antisites, whose 

behavior is distinct in the two MAB phases as discussed earlier, i.e., MoAl cannot be removed whereas 

FeAl can be removed.  Therefore, this reaction creates the defect species (MoAl) that cannot be removed in 

MoAlB, whereas it can contribute to the recovery process in Fe2AlB2.  Changing the energy criterion to 

the higher temperature (300 °C) does not change the aftermath of defect behavior in the two MAB phases.  

We assumed that at 300 °C reactions with the migration energy or reaction energy barrier that is lower or 

equal to 1.6 eV can occur within a few minutes, while the migration or reaction energy barrier of 3.34 eV 

or higher is too high for the reaction to occur.  The migration energy of VMo (5.27 eV) in the reaction #8 

for removing MoAl is still too high in this energy range, whereas all the defects in Fe2AlB2 can be 

annealed out. 

In summary, the better tolerance to radiation-induced amorphization of Fe2AlB2 as compared with 

MoAlB can be rationalized by the increased production of and the difficulty in annealing out antisites in 

MoAlB.  In MoAlB, unstable MoI (and therefore unstable Mo FP) is expected to lead to a larger 

production of MoAl, which are difficult to anneal out due to the high migration energy of VMo.  In 

addition, MoAl in MoAlB is difficult to anneal out even at 300 °C, whereas Fe2AlB2 has no such defects.  
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In Fe2AlB2, all the defects are expected to anneal out in a reasonable period of time at both RT and 

300 °C. 

  

3.3.4 Comparison with MAX phases 

Since Fe2AlB2 and MoAlB MAB phases are both layered ternary borides, which have similar 

structures to the MAX phases, it is instructive to compare the radiation resistance of MAB phases to that 

of selected MAX phases.  We specifically chose Ti3SiC2 and Ti2AlC, since Ti3SiC2 is a MAX phase with 

an unusually high resistance to radiation-induced amorphization, and Ti2AlC contains Al, just like the 

MAB phases considered here.  We also compare the MAB phases with SiC, which is considered to have 

excellent radiation resistance139 and is a promising material for cladding applications in nuclear reactors.  

Cross-sectional TEM images of SiC, Ti2AlC, and Ti3SiC2 irradiated simultaneously with the MAB phases 

are shown in Fig. 3.8.  
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Figure 3.8 TEM images of SiC (top) from [001] direction, MAX phases Ti2AlC (center) from [11-20] 
direction and Ti3SiC2 (bottom) from [0001] direction, irradiated at 7.5 ×1016 ions·cm-2 at RT (left), at 1.5 
×1017 ions·cm-2 at RT (center), and at 1.5 ×1017 ions·cm-2 at 300 °C (right).  The incident beam is 
perpendicular to the surface of the sample.  The light-colored thin band on the top of the surface is the Pt 
protective layer deposited by electron deposition followed by the thicker and dark colored Pt protective 
layer deposited by ion deposition during FIB. 
 

All the samples irradiated at RT-low remained crystalline after the irradiation as evidenced by 

clear diffraction spots in the SAED patterns shown in the insets of Fig. 3.8.  In all the samples, the 

irradiation produced many small defect clusters throughout the irradiated regions visible as black spot 

defects, but no amorphization in the flat damage region was found (see Figs. 3.8(a), (d), and (g)).  A very 
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thin (~0.1 µm) amorphous band formed in the implanted region (at the depth of 2.5-2.6 μm) in the CVD 

SiC as shown in Fig. 3.8(a).  There is no obvious amorphous band in Ti2AlC and Ti3SiC2, but there are 

many radiation-induced cracks on the surface of Ti2AlC as shown in Fig. 3.6.  The cracks are longer than 

10 μm and they extend throughout the entire irradiation range confirmed by TEM.  No obvious crack was 

found on the surface of Ti3SiC2 at this dose. 

For the RT-high irradiated samples, there was an obvious amorphous band (wider than 0.9 μm) 

which formed around the implantation peak in the CVD SiC.  According to Fig. 3.3, the damage level in 

that region is ~8 dpa at the edge of this band closer to the sample surface, rising up to 30 dpa at the peak 

region.  The region where the dose was relatively flat (approximately 1.0 to 2.1 dpa (see Fig. 3.3)) 

remained crystalline.  The density of the black spot defects appears to be very high near the amorphous 

band region.  Under the same irradiation conditions, Ti2AlC and Ti3SiC2 still exhibit crystallinity, as 

evidenced by clear diffraction spots in the SAED patterns.  Some of the diffraction spots disappeared in 

the SAED pattern of Ti2AlC (Fig. 3.8(e)), which means that the damage was significant at this dose.  

Many radiation-induced cracks concentrated in the irradiated region were found in Ti2AlC, as shown in 

Fig. 3.8(e).  An obvious void as well as a rougher surface was observed in the irradiated region of Ti2AlC, 

as shown in Fig. 3.8(e), which should correspond to the bulges on the surface from the SEM images (Fig. 

3.5).  There is no amorphous band at all, even at the peak region.  Based on the SRIM results in Fig. 3.3, 

the radiation dose in the peak region is ~26 dpa for Ti2AlC and ~29 dpa for Ti3SiC2.  More radiation-

induced cracks were found on the surface of the RT-high irradiated Ti2AlC, as shown in the SEM images 

of Fig. 3.5.  These cracks are larger than those observed in the RT-low irradiated sample and tend to 

connect with each other to form a crack network.  There are also some small cracks on the surface of 

Ti3SiC2 as shown in Fig. 3.5, but they were not observed in the deeper region from TEM results.  

For the 300 °C-high irradiated samples, the diffraction patterns from all the samples showed clear 

diffraction spots, indicating the samples were still crystalline after the irradiation.  A small amorphous 

band with the width of only ~0.1 μm was found in SiC (Fig. 3.8(c)), indicating the dose to amorphization 

increases from ~8 dpa to ~20 dpa at 300 °C, compared with the RT-high result.  For Ti2AlC, no obvious 
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radiation-induced cracks were found in the TEM image (Fig. 3.8(f)), indicating there were fewer cracks 

than the RT-high case.  However, many radiation-induced cracks can still be observed in the SEM images 

as shown in Fig. 3.5.  An obvious void with the diameter of about 1 μm can be seen in the near peak 

region.  The surface roughness is also smoother than in the RT-high case.  Even though the irradiation 

dose was relatively high, no obvious phase transformation was found in either Ti2AlC or Ti3SiC2, which 

have been observed in ion-irradiated MAX phases in earlier studies140,141.  However, partial phase 

transformation might have occurred in some areas, and it requires higher magnification TEM or HR TEM 

to detect. 

Our experiments have shown that the resistance to radiation-induced amorphization of Fe2AlB2 is 

comparable to that of SiC.  One should note that the resistance of Ti2AlC and Ti3SiC2 to radiation-induced 

amorphization is better than that of the two MAB phases, but the MAX phases show radiation-induced 

cracking whereas the MAB phases do not.  In addition, Fe2AlB2 has already shown to have a high 

decomposition temperature114 and cracking resistance120, which are beneficial for nuclear reactor 

applications.  

 

3.4 Conclusions  

TEM analysis showed that Fe2AlB2 remains fully crystalline under the irradiation of 7.5×1016 

ions·cm-2 at RT and 1.5×1017 ions·cm-2 at 300 °C, while showing partial amorphization under the 

irradiation of 1.5×1017 ions·cm-2 at RT.  In contrast, MoAlB became amorphous under the identical 

irradiation conditions.  On the basis of first-principle calculations, I rationalized our experimental results.  

In MoAlB, MoI cannot form in the lattice and instead it is expected to create many antisites, MoAl.  These 

antisites cannot be easily removed due to the high migration energy (5.27 eV) of VMo.  In contrast, all the 

defects in Fe2AlB2 are expected to anneal out at both RT and 300 °C.  We also performed radiation 

studies on CVD SiC, MAX phase Ti2AlC and Ti3SiC2 with the same irradiation conditions used in the 

MAB phases.  The MAX phases showed that they are tolerant to radiation-induced amorphization under 

all the irradiation conditions, whereas CVD SiC showed similar trends to Fe2AlB2.  Specifically, SiC got 
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amorphized under the irradiation of 1.5×1017 ions·cm-2 at RT and remained crystalline under the other 

conditions.  Our experiments also revealed that the MAX phases showed radiation-induced cracking, 

which was not found in the MAB phases.  

Our study points to MAB phases as a promising class of materials for applications in 

environments that involve radiation and potentially corrosion (as explained in the introduction of this 

chapter).  Numerous MAB phases have been predicted theoretically, and further studies are needed to 

explore the full potential of these materials for applications in harsh environments. 
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3.5 Supplementary Information 

3.5.1 Determination of chemical potentials 

 In order to MoAlB to form, its formation energy is required as below, 

𝐸F"TJ'(MoAlB) = 	 ∑𝜇,!"&'( 			(𝑖 = Mo, Al, B)     (3.S1) 

     	𝐸R(MoAlB) = 𝐸F"TJ'(MoAlB)	 − 	 ∑ 𝜇,(X'Y  	       (3.S2) 

   = ∑∆𝜇, (𝑖 = Mo, Al, B),                      (3.S3) 

where 𝐸F"TJ' is the calculated total energy, 𝐸R is the formation energy, 𝜇,!"&'( is the chemical potential of 

constituent element in MoAlB, and 𝜇,(X'Y is the chemical potential from its bulk.  The calculated 

𝐸R(MoAlB) is −1.36 eV.  Next, to prevent the formation of competing binary phases, following 

conditions are required:  

𝐸R(AlZMo[)		 > 					8∆𝜇&' + 3∆𝜇!"     (3.S4) 

𝐸R(MoB)								 > 						 ∆𝜇!" + ∆𝜇(     (3.S5) 

𝐸R(Al0[B\])		 > 			23∆𝜇&' + 50∆𝜇(.     (3.S6) 

The binaries Al8Mo3 and MoB were selected because they are found in synthesized MoAlB samples, 

while Al23B50 is chosen because that is the most stable phase (i.e., the lowest formation energy) of Al-B 

system.  The calculated formation energies of Al8Mo3, MoB, and Al23B50 are −3.59 eV,	−1.04 eV, and 

−4.27 eV, respectively.  Finally, preventing the precipitation of elemental solids from MoAlB requires 

the following equation: 

𝜇,(X'Y >  𝜇,!"&'(						(𝑖 = Mo, 	Al, 	B).     (3.S7) 

Using Eq. 3.S1-7 and the calculated formation energies, the chemical potential map of MoAlB was 

determined and shown in Fig. 3.7.  Following the same process, the chemical potential map of Fe2AlB2 

was determined, with the calculated formation energies of Fe2AlB2 (−2.00 eV) and of the binaries found 

in synthesized Fe2AlB2 (Al13Fe4: −5.67 eV, AlFe: −0.66 eV, and FeB: −0.76 eV).  The chemical 

potential set (𝜇!"/$%,	𝜇&',	𝜇() for the characteristic points (A-I, X, and Y) are tabulated in Table 3.S1.  

 



 

 

41 

Table 3.S1 Chemical potential set (𝜇!"/$%,	𝜇&',	𝜇() for the characteristic points (A-I, X, and Y) 
indicated in Fig. 3.7. 

 eV 
MoAlB Fe2AlB2 

𝜇!" 𝜇&' 𝜇( 𝜇$% 𝜇&' 𝜇( 

A –12.20 –3.75 –6.79 –9.15 –3.75 –6.79 
B –12.10 –3.94 –6.70 –9.15 –3.94 –6.70 
C –11.96 –4.08 –6.70 –9.00 –4.23 –6.70 
D –10.92 –4.08 –7.74 –8.24 –4.23 –7.47 
E –10.92 –4.20 –7.62 –8.24 –4.19 –7.49 
F –12.12 –3.75 –6.87 –9.16 –3.91 –6.70 
G –11.26 –4.06 –7.41 –8.43 –4.23 –7.27 
H N/A N/A N/A –8.90 –3.75 –7.04 
I N/A N/A N/A –8.24 –4.41 –7.37 
X –11.48 –3.99 –7.27 –8.64 –3.99 –7.18 
Y –11.80 –3.87 –7.07 –9.13 –3.87 –6.74 

 

 

3.5.2 Configuration of the most stable interstitials in MoAlB and Fe2AlB2 

 
 

Figure 3.S1 Schematics of the most stable interstitial sites in MoAlB and Fe2AlB2 with the interatomic 
distances shown: (a) AlI in MoAlB, (b) BI in MoAlB, (c) AlI in Fe2AlB2, (d) BI in Fe2AlB2, (e) FeI in 
Fe2AlB2.  Note that MoI does not exist because MoI is unstable and forms MoAl and AlI (see Table 3.1).  
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CHAPTER 4 

 

DEFECT CHEMISTRY 

 

The study in this chapter has been published as: “Defect chemistry of Cr-B binary and Cr-Al-B 

MAB phases: effects of covalently bonded B networks” Physical Review Materials 5, 113603 (2021). 

 

4.1 Introduction 

Binary transition metal borides (TMBs) have been shown to exhibit many outstanding properties 

due to the presence of covalently bonded B networks bonded to transition metals.  These properties 

include high melting point, high decomposition temperature, and high hardness and strength13,14.  

However, applications of binary TMBs have been limited because of their poor tolerance to oxidation and 

thermal shock as well as intrinsic brittleness and poor machinability142.  Recently, layered ternary TMBs 

called MAB phases (M: transition metal, A: group III-A elements, B: B) have been found to exhibit 

excellent properties such as hardness27,48, thermal and electrical conductivities53,54, magnetocaloric 

effect43, oxidation resistance39,143, and radiation tolerance144.  Moreover, MBenes, exfoliated from bulk 

MAB phases, have emerged as promising two-dimensional materials in applications such as spintronic 

devices74.  

To make use of and to control the outstanding properties of the TMBs, one has to take into 

account defects because a finite concentration of defects always exists and often governs material 

properties.  For instance, the deintercalation of Al, a proposed pathway to the exfoliation of MBenes from 

MAB phases, involves the formation of stacking faults145.  In the field of nuclear reactor applications, it 

has been recently reported that unstable MoI in MoAlB creates MoAl antisites that cannot be recovered 

easily and lead to the poor tolerance of this particular MAB phase to radiation-induced amorphization144.  

In integrated circuits, where Cr-B binaries can be used as diffusion barriers146, understanding defect 
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behavior is also critical since impurity diffusion is often vacancy mediated147.  

The goal of this chapter is to bring insights into how the stability and concentrations of defects 

depend on the atomic structure in TMBs.  In particular, I have chosen three binary Cr-B systems (CrB, 

Cr3B4, Cr2B3) and three Cr-Al-B MAB phases (Cr2AlB2, Cr3AlB4, Cr4AlB6).  These TMBs have been 

chosen for a few different reasons.  First of all, Cr-B systems have been used for high-temperature 

applications, including diffusion barriers in integrated circuits146 and wear-resistant coatings127.  Secondly, 

varying the composition while keeping the elements the same allows me to study how the defect stability 

depends on the different B networks, with the goal of extracting more general rules.  Specifically, as 

depicted in Fig. 4.1, B atoms in CrB and Cr2AlB2 form one-B-chain layers, Cr3B4 and Cr3AlB4 contain 

one-B-ring layers (two B chains bonded), whereas Cr2B3 and Cr4AlB6 have two-B-ring layers (three B 

chains bonded).  Cr2AlB2, Cr3AlB4, and Cr4AlB6 are similar to CrB, Cr3B4, and Cr2B3, respectively, 

except for the addition of the Al layers interleaving the Cr-B units.  This set of the six TMBs provides a 

testbed for understanding the effects of the type of B network (i.e., one-B-chain vs. one-B-ring vs. two-B-

ring) on the formation of defects.  In this chapter, I use density functional theory (DFT) to investigate the 

defect chemistry in the six TMBs and the effects of the atomic structure on the formation energies and 

concentrations of defects. 
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Figure 4.1 Supercell for (a) CrB, (b) Cr3B4, (c) Cr2B3, (d) Cr2AlB2, (e) Cr3AlB4, and (f) Cr4AlB6. 
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4.2 Methods 

DFT calculations were performed using the Vienna Ab-initio Simulation Package110 with the 

projector augmented wave127 and the generalized gradient approximation by Perdew, Burke, and 

Ernzerhof99.  The plane-wave cutoff energy of 400 eV and the energy tolerance of 0.5 meV/atoms were 

used.  For the six systems, different Monkhorst-Pack k-point mesh sizes were used to optimize the 

geometry128: CrB, Cr3B4, Cr2AlB2 (7×7×5) and Cr2B3, Cr3AlB4, Cr4AlB6 (9×9×3).  The total energies of 

perfect structures as well as the energies of structures containing either a vacancy or an antisite were 

calculated in 3×3×2 supercells for CrB, Cr3B4, Cr2AlB2, and Cr3AlB4 and 3×3×1 supercells for Cr2B3 

and Cr4AlB6.  Interstitial calculations required bigger supercells, which were determined based on the 

results of convergence tests.  To take into account the magnetic properties of Cr-(Al)-B systems148, 

magnetic moment was included in the DFT calculations. 

The enthalpy of formation 𝐻R for a defect is calculated as 

𝐻R = [𝐸^ + ∆𝐻^(𝑇, 𝑝])] − f𝐸_ + ∆𝐻_(𝑇, 𝑝])g − ∑ 𝑛,𝜇,, (𝑇),  (4.1) 

where the subscripts d and p denote defective and perfect crystals, respectively, and 𝐸 is the total energy 

at 0	K.  ∆𝐻 is the change in enthalpy at the standard pressure, which is approximately identical in a 

defective system and a perfect system and thus assumed to be canceled out.  In addition, the change in 

volume due to the formation of a defect is assumed to be negligible.  In Eq. (4.1), 𝑛, is the number of 

atoms removed or added when introducing a defect, and the chemical potential 𝜇, is calculated using the 

following equation: 

𝜇,(𝑇) = 𝜇,W%D + ∆𝜇, + ∆𝐻,(𝑇, 𝑝]).    (4.2)    

Here, 𝜇W%D is the reference chemical potential obtained from a bulk system at 0 K, ∆𝐻 is the change in 

enthalpy at the standard pressure obtained from the JANAF thermochemical tables149, and ∆𝜇 is the 

change in the chemical potential with respect to its reference state.  I provided ∆𝜇 values for Cr- and B-

rich conditions in Section 4.5.1 and I also fixed ∆𝜇 of Al at the Al-rich condition (∆𝜇&' = 0), based on the 
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information that MAB phases are synthesized in Al-rich conditions27.  The enthalpy of formation 𝐻R is 

used to calculate the defect concentration (𝑐) using the following equation, 

𝑐 = 𝑁^ exp k−
`'
a(b

l = 𝑁^ exp k−
c'@bd'
a(b

l,    (4.3) 

where 𝑁^ is the number of available sites for the formation of a given defect per unit volume, 𝑘e is the 

Boltzmann constant, and 𝑆R is the entropy of formation.  The entropy calculation is costly, especially for 

the large systems (e.g., Cr2B3 and Cr4AlB6) and for the calculation of interstitials, which require large 

supercell sizes based on the convergence tests.  Previous studies have shown that experimental and 

theoretical results for the entropy of formation of a point defect typically range from 0 to 10𝑘e, and 

therefore the entropy term 𝑆R has been often neglected when calculating the concentrations of point 

defects150–154.  In addition, here, I compared the Gibbs free energy of formation and the enthalpy of 

formation for selected defects and I found the difference between the Gibbs free energy and the enthalpy 

to be smaller than 0.03 eV.  In my calculation, I also found that the entropy contribution is negligible 

relative to the enthalpy difference even at elevated temperatures.  For the entropy calculations, I used 

phonopy, an open source package for phonon calculations155–157. 

  To investigate the role of the strength of chemical bonds, in this chapter I calculate the bond 

separation energy at 0 K.  This is done by subtracting the energy of a perfect unit cell from the energy of a 

unit cell where a vacuum region of 2 nm thickness is inserted between the layers and finally by dividing 

the energy difference by the number of surface atoms.  For the bond separation energy calculations, atoms 

were not relaxed.  Using a finite-displacement scheme, I also calculated dynamical matrices, from which I 

extracted interatomic force constants.  

 

4.3 Results and discussion 

4.3.1 Types of defects and formation energies 

The calculated lattice constants (𝑎, 𝑏, 𝑐) of each system are: CrB (2.90 Å, 2.89 Å, 7.72 Å), Cr3B4  

(2.88 Å, 2.92 Å, 12.88 Å), Cr2B3 (2.90 Å, 2.93 Å, 17.98 Å), Cr2AlB2 (2.91 Å, 2.90 Å, 10.86 Å), Cr3AlB4 
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(2.91 Å, 2.92 Å, 7.98 Å), and Cr4AlB6 (2.91 Å, 2.93 Å, 21.01 Å).  All of these are in good agreement with 

reported experiments27,158.  The formation enthalpy of each system was calculated to be: CrB (−1.72 

eV/f.u.), Cr3B4 (−5.67 eV/f.u.), Cr2B3 (−3.95 eV/f.u.), Cr2AlB2 (−3.95 eV/f.u.), Cr3AlB4 (−6.16 eV/f.u.), 

and Cr4AlB6 (−8.69 eV/f.u.).  These values were used to determine the change in the chemical potential 

with respect to its reference state at Cr- and B-rich conditions. 

While vacancy and antisite defects are located at lattice sites, several different off-lattice sites are 

found for stable interstitials.  Figure 4.2 shows the types of the most stable interstitials.  The interstitial 

types that are less stable are depicted in Section 4.5.2, and the defect formation energies are provided in 

Section 4.5.3.  In CrB, the only stable site for CrI was found at the center of a tetrahedron composed of 

four Cr atoms outside B-chain layers (Type 1 in Fig. 4.2).  BI in CrB forms two types of B bridges: the 

more stable type (Type 2 in Fig. 4.2) involves the interstitial connecting two different B chains and the 

other interstitial type (Type 9 in Section 4.5.2) bonds with two B atoms within a B chain.  In Cr3B4 and 

Cr2B3, as shown in Fig. 4.1, there are different inequivalent lattice sites within a unit cell where VCr and 

VB can form (Cr1, Cr2, B1, B2, and/or B3).  Both VCr and VB are found to have lower formation energies 

when forming within B-ring layers.  The most stable VCr and VB, respectively, are VCr2 and VB2 in Cr3B4 

and VCr2 and VB3 in Cr2B3.  For CrI in Cr3B4 and Cr2B3, the most stable interstitials were found within B-

ring layers.  As shown in Fig. 4.2, the most stable CrI in Cr3B4 forms a Cr dumbbell aligned along the b-

axis within B-ring layers (Type 7), and the most stable CrI in Cr2B3 forms in-between two B3 atoms 

(Type 8 in Fig. 4.2).  In Cr3B4 and Cr2B3, Type 2 was found as the most stable BI in each system, while 

Type 9 (see Section 4.5.2) was found only in Cr3B4.  BI is also found to form within B-ring layers of 

Cr3B4 and Cr2B3, but their formation energies are higher than the most stable BI in the respective system, 

at least by 0.7 eV (see Section 4.5.3). 
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Figure 4.2 Types of the most stable interstitials in binary and ternary TMBs. 
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most stable vacancies are VCr2 and VB2 in Cr3AlB4 and VCr2 and VB3 in Cr4AlB6, all of which form within 

B-ring layers.  In Cr3AlB4 and Cr4AlB6, the most stable CrI forms within Al layers at the center of a 

tetrahedron composed of two Cr atoms and two Al atoms (Type 6 in Fig. 4.2).  Although CrI is also found 

within B-ring layers in Cr3AlB4 and Cr4AlB6, their formation energies are much higher than that of Type 

6 (see Section 4.5.3).  AlI is similar – the most stable AlI was found within Al layers (Type 6 in Fig. 4.2) 

and are stable much more than the other AlI found within B-ring layers (see Section 4.5.3).  As for BI in 

Cr3AlB4 and Cr4AlB6, they are similar to BI in Cr2AlB2.  The stable BI is found in Al layers at the center 

of an octahedron as shown in Fig. 4.2: Type 3, Type 4, and Type 5.  The formation energies of BI found 

within B-ring layers are much higher than those of the three types of BI found in Al layers (see Section 

4.5.3). 

To summarize, in CrB where B atoms form B chains, VCr and VB are allowed to form only at one 

site for each species, whereas in the systems where B atoms form B rings (Cr3B4 and Cr2B3) the most 

stable VCr and VB form within the B-ring layers.  As for interstitials in the binaries, the only CrI in CrB is 

found outside the B-chain layers (Type 1 in Fig. 4.2), while the most stable CrI is found within the B-ring 

layers in Cr3B4 and Cr2B3.  In the binaries, the most stable BI is all found to form a B bridge (Type 2 in 

Fig. 4.2).  For the ternaries, in Cr2AlB2 (which has B-chain layers), VCr and VB form only at one site for 

each of the species, whereas in the systems that have B-ring layers (Cr3AlB4 and Cr4AlB6) the most stable 

VCr and VB form within the B-ring layers.  All the most stable interstitials in the ternaries are found within 

Al layers.  As such, the types of defects created are different in the six TMBs and they are associated with 

the types of B networks.  Therefore, for applications of the TMBs, it is critical to understand the 

dependence of the defect formation on the type of B networks in the binary Cr-B systems and the ternary 

Cr-Al-B MAB phases.  Here, I will investigate the question of how the defect formation energies and the 

defect concentrations change with increasing the number of B rings. 

The formation energies of the most stable point defects and Frenkel pairs (FPs) at 0 K and 300 K 

are plotted as a function of the chemical potential in Fig. 4.3.  I also provided the concentrations of the 

defects in Section 4.5.4 and 𝑁^ used to calculate the concentrations in Section 4.5.5.  For the ternary 
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systems, the defect formation energies were calculated at the Al-rich conditions because Cr-Al-B MAB 

phases are synthesized in Al-rich environments27.  For each type of defect, the defect with the lowest 

formation energy is found to be the defect with the highest concentration. 

 

4.3.2 Effects of B networks on defect formation energies  

To investigate the effects of the type of B network on the defect formation energies, I compare 

the formation energies of defects in the binaries first (CrB, Cr3B4, Cr2B3), focusing on the most stable 

vacancies, antisites, interstitials and FPs.  Figures 4.3(a)-(c) shows that the defect formation energies of 

VB (red) and VCr (blue) decrease from CrB to Cr3B4 and to Cr2B3, which is the order of increasing the 

number of B rings (i.e., from B-chain to one-B-ring, and to two-B-ring).  The defect formation energies 

plotted for VB correspond to VB2 in Cr3B4 and VB3 in Cr2B3, and the defect formation energies plotted for 

VCr correspond to VCr2 for both Cr3B4 and Cr2B3.  The decrease in defect formation energy of VB and VCr 

is attributed to the weakening of the strongest Cr-B bond from CrB to Cr3B4 and to Cr2B3.  Kádas et al. 

have previously shown that the M-B bond is the strongest bond in M2AlB2 (M = Cr, Mn, Fe, and Co) 

systems.  The authors have also found that the work of separation can be used as a reliable measure of the 

bond strength in MAB phases34.  For that reason and because of the computational efficiency of the 

approach, here I also use the work of separation to determine qualitative trends in the bond strengths in 

Cr-B and Cr-Al-B systems.  The work of separation is calculated using DFT, and the results are shown in 

Table 4.1.  The work of separation for the Cr-B bonds in CrB is 6.33 eV (Cr1-B1 in Table 4.1), in Cr3B4 it 

is 5.44 eV (Cr2-B2), and in Cr2B3 it is 5.30 eV (Cr2-B2) and 5.11 eV (Cr2-B3).  This data shows that, 

when B networks contain more B rings (from B-chain to one-B-ring, and to two-B-ring), the Cr-B bonds 

(the strongest bond in the systems) is weakened, and consequently VCr and VB are easier to form.   
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Figure 4.3 Defect formation energies at 0 K (bold) and 300 K (dashed) in (a) CrB, (b) Cr3B4, (c) Cr2B3, 
(d) Cr2AlB2, (e) Cr3AlB4, and (f) Cr4AlB6. 
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Table 4.1 Bond separation energy in the six TMBs shown in Fig. 4.1. 

 Bond separation energy (eV) 

CrB Cr3B4 Cr2B3 Cr2AlB2 Cr3AlB4 Cr4AlB6 

Cr1-Cr1† 4.38 4.21 4.14 N/A N/A N/A 

Cr1-B1† 6.33 6.03 6.19 6.24 5.86 6.10 

B1-B2† 4.82 4.99 4.96 5.05 5.19 5.14 

Cr1-Al N/A N/A N/A 3.33 3.37 3.42 
Cr2-B2 N/A 5.44 5.30 N/A 5.57 5.41 

Cr2-B3 N/A N/A 5.11 N/A N/A 5.01 

B3-B3 N/A N/A 5.25 N/A N/A 5.29 
†Cr1 for CrB and Cr2AlB2 denotes Cr, and B1 and B2 for CrB and Cr2AlB2 denote B, as depicted in 
Fig. 4.1(a) and (d). 

  

As shown in Figs. 4.3(a)-(c), the defect formation energies of CrI (sky-blue) in the binaries 

decrease with increasing the number of B rings.  In CrB, the only stable site for CrI is at the center of a 

tetrahedron composed of four Cr atoms (Type 1 in Fig. 4.2) outside the B-chain layers.  In Cr3B4, the most 

stable CrI forms a Cr dumbbell on Cr2 sites (Type 7 in Fig. 4.2), and in Cr2B3, the most stable CrI forms 

in-between two B3 atoms (Type 8 in Fig. 4.2).  Note that CrI in Cr3B4 and Cr2B3 is found within B-ring 

layers.  The decrease in the defect formation energy of CrI in Figs. 4.3(a)-(c) is due to the softness of the 

bonds associated with Cr2 atoms positioned within the B-ring layers, which helps accommodate 

interstitials more easily.  To show this, I plotted the force constants of Cr1 and Cr2 in each system.  The 

force constant in the in-plane direction is defined as the average of the force constants along the 𝑏- and 𝑐-

axes, and the out-of-plane direction constant is defined as the constant along the c-axis (the axes are 

indicated in Fig. 4.1).  The force constants for Cr2 are much lower than those for Cr1 in the binary TMBs.  

This trend indicates that Cr2 atoms relax easier than Cr1 atoms do, which allows the systems having Cr2 

atoms (and hence, having B-ring layers) to accommodate interstitials with a lower energy cost.  As for the 

BI in the binaries, the defect formation energies of BI (orange) change only little over the different 

systems, because BI shares the same type of B-bridge structure (Type 2 in Fig. 4.2), and the distances 

between the BI and the nearest B atom differ only with the standard deviation of 0.01 Å.   
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Figure 4.4 Force constants of Cr1 and Cr2 in the in-plane direction (ip) and out-of-plane direction (op). 
 

As mentioned in the introduction, Cr2AlB2 (B-chain), Cr3AlB4 (one-B-ring), and Cr4AlB6 (two-B-

ring) are similar in structure to CrB, Cr3B4, and Cr2B3, respectively, except for the addition of the Al 

layers.  Here, I compare the formation energies of defects in the ternaries and investigate the effects of the 

number of B rings.  The formation energies of defects in Cr2AlB2, Cr3AlB4, and Cr4AlB6 are plotted in 

Figs. 4.3(d)-(f).  For VCr and VB, I found the same trend as in the binary systems.  The formation energies 

of VCr (blue) and VB (red) in Figs. 4.3(d)-(f) decrease with increasing the number of B rings (from 

Cr2AlB2 to Cr3AlB4 and to Cr4AlB6), and this trend can be attributed to the weakening of the Cr-B bonds.  

This weakening is evidenced by the calculated bond separation energy: the Cr-B bond separation energy 

relevant to the formation of VCr and VB in Cr2AlB2 is 6.24 eV (Cr1-B1), whereas in Cr3AlB4 it is 5.57 eV 

(Cr2-B2) and in Cr4AlB6 it is 5.41 eV (Cr2-B2) and 5.01 eV (Cr2-B3).  The defect formation energy of 

VAl (lime) was also found to decrease with increasing the number of B rings. 
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The most stable CrI, AlI, and BI in the ternaries were all found within Al layers.  This is because 

of the softness of Al layers, whose in-plane force constants (determined as the average of the 𝑎-axis and 

the 𝑏-axis constants) range from 115 to 118 N/m over the three ternaries.  These force constants are even 

lower than those of Cr2 atoms in B-ring layers (See Fig. 4.4), which is why the most stable interstitials 

form within the Al layers in the ternaries rather than in the B-ring layers.  The defect formation energies 

of CrI, AlI, and BI in Cr3AlB4 and Cr4AlB6 are slightly higher than those in Cr2AlB2.  This higher 

formation energy can be explained by the differences in the thickness of the Cr-Al-Cr layers where the 

interstitials are accommodated.  Zhao et al. pointed out that a bigger interlayer spacing in MAX phase 

Ti3AlC2 provides interstitials with more stable sites, leading to a lower formation energy as compared 

with MAX phase Ti3SiC2
118.  In the case of MAB phases studied here, my DFT calculations show that in 

the relaxed undefected structures, the interlayer spacing of Cr-Al-Cr (where the interstitials would reside) 

is 3.27 Å (Cr2AlB2), 3.21 Å (Cr3AlB4), and 3.22 Å (Cr4AlB6).  The interlayer spacings of Cr3AlB4 and 

Cr4AlB6 are slightly smaller than that of Cr2AlB2, which is consistent with the higher formation energies 

of the interstitials in Cr3AlB4 and Cr4AlB6.   

To summarize, in the binaries, increasing the number of B rings in the structure leads to the lower 

formation energies (and hence the higher concentrations) of VB, VCr, and CrI, whereas the formation 

energies of BI are not significantly affected.  This trend suggests the easier formation of FPs and the 

increase in the concentrations of B FPs and Cr FPs in the binaries with B-ring layers (Figs. 4.3(a)-(c)).  In 

the ternaries, increasing the number of B rings is associated with the significant decreases in the 

formation energies (and hence increases in the concentrations) of vacancies and the slight increases in the 

interstitial formation energies (see Figs. 4.3(d)-(f)).  Therefore, the easier formation of FPs and the 

corresponding increase in the concentrations of the FPs are expected with increasing the number of B 

rings.  These trends indeed are found in my data, as shown in Figs. 4.3(d)-(f).  

 It is interesting to consider how the effects of B networks on the defect formation energy and the 

concentration could relate to applications of the TMBs.  In integrated circuit applications, for diffusion 

barriers to prevent Cu atoms from diffusing out, the barrier metals should have a high diffusion energy 
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barrier or a high vacancy formation energy (low concentration)147.  Based on my results, the vacancy 

formation energies are lower (the defect concentrations are higher) when a system has more B rings.  This 

result implies that Cr3B4, Cr2B3, Cr3AlB4, and Cr4AlB6 contain more vacancies via which Cu atoms can 

diffuse and that, at least based on the defect concentrations, CrB and Cr2AlB2 might be more effective as 

diffusion barrier materials.  For nuclear reactor applications, understanding defect behavior is critical.  

Under irradiation, a large number of FPs are created, and material’s tolerance to radiation-induced 

amorphization largely depends on how many defects are created and how many of them are removed 

through defect recovery processes144.  The radiation-induced defect recovery process involves complex 

processes, understanding of which requires formation energies as the first step.  For example, in this 

chapter, I found that the most stable BI and VB in Cr2B3 and Cr4AlB6 are separated spatially from each 

other.  That could potentially lead to a non-negligible energy barrier to recombination and could 

contribute to the accumulation of radiation-induced damage.  Kinetics of defects needs to be further 

investigated to ultimately determine their impact on the recovery process.  The defect chemistry data 

discussed in this chapter, combined with future studies of kinetics, will be important for boride 

applications including diffusion barriers and nuclear reactor applications.  

 

4.4 Conclusions 

I investigated the defect chemistry in CrB, Cr3B4, Cr2B3, Cr2AlB2, Cr3AlB4, and Cr4AlB6 by 

calculating the defect formation energies and the concentrations of point defects and FPs using DFT.  I 

discussed the effects of the B networks on the defect formation energies and the defect concentrations.  

From CrB (Cr2AlB2) to Cr3B4 (Cr3AlB4), and to Cr2B3 (Cr4AlB6), the number of B rings increases.  At the 

same time, the vacancy formation energies decrease, which can be attributed to the weakening of the Cr-B 

bonds.  With increasing the number of B rings, the defect formation energies of CrI also decrease in the 

binary systems, because Cr atoms within B-ring layers form bonds that are softer than Cr atoms outside 

the B-ring layers.  As a result, the B-ring layers can accommodate interstitials with a lower energy cost.  

The defect formation energies of BI in the binary systems showed insignificant changes, and the defect 
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formation energies of all the interstitials in the ternary systems showed a slight decrease with the number 

of B rings.  Based on my results it can be concluded that increasing the number of B rings leads to the 

lower defect formation energies and thus the higher concentrations of FPs in the binary and ternary 

systems.  This work lays a foundation and is the necessary first step toward understanding defect-related 

properties of binary borides and ternary MAB phases. 
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4.5 Supplementary Information 

4.5.1 Change in the chemical potential (∆𝜇) at the Cr- and B-rich conditions. 

 

Table 4.S1 Change in the chemical potential at the Cr- and B-rich conditions for the binaries. 

eV 
CrB Cr3B4 Cr2B3 

Cr-rich B-rich Cr-rich B-rich Cr-rich B-rich 

∆𝜇CW 0 −1.73 0 −1.90 0 −1.97 
∆𝜇( −1.73 0 −1.42 0 −1.31 0 

 

 

Table 4.S2 Change in the chemical potential at the Cr- and B-rich conditions for the ternaries (at the 
Al-rich condition, i.e., ∆𝜇&' = 0).  

eV Cr2AlB2 Cr3AlB4 Cr4AlB6 
Cr-rich B-rich Cr-rich B-rich Cr-rich B-rich 

∆𝜇CW 0 −1.98 0 −2.10 0 −2.17 
∆𝜇&' 0 0 0 0 0 0 
∆𝜇( −1.98 0 −1.54 0 −1.45 0 
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4.5.2 Structures of interstitials that are less stable than those shown in Fig. 4.2. 

 

 
 

Figure 4.S1 Types of interstitials that are less stable than those shown in Fig. 4.2. 
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4.5.3 Defect formation energies of all the defects found in this chapter. 

Table 4.S3 Defect formation energies referenced to the vacuum level (𝐸^ − 𝐸_) of all the defects found.  
The type of interstitial is indicated in parenthesis, and different types of interstitials are shown in Fig. 4.2 
and Fig. 4.S1.  “N/A” indicates that the system has no available site for the defect. 

eV CrB Cr3B4 Cr2B3 Cr2AlB2 Cr3AlB4 Cr4AlB6 

VCr1 12.71 12.17 12.14 12.87 12.11 12.09 

VCr2 N/A 11.92 11.48 N/A 12.19 11.54 

VAl N/A N/A N/A 7.78 7.25 7.05 

VB1 8.83 8.26 8.23 9.46 8.37 8.12 

VB2 N/A 7.83 7.70 N/A 8.02 7.80 

VB3 N/A N/A 7.31 N/A N/A 7.29 

CrI1 −2.35 (1) −2.60 (1) −2.76 (1) −4.97 (3) −4.44 (6) −4.56 (6) 

CrI2 N/A −2.20 (13) −2.25 (13) N/A −2.17 (13) −2.29 (13) 

CrI3 N/A −3.26 (7) −3.20 (7) N/A −3.03 (7) −3.28 (7) 

CrI4 N/A −2.80 (14) −2.70 (14) N/A −2.24 (14) −2.29 (14) 

CrI5 N/A N/A −3.95 (8) N/A N/A −3.79 (8) 

AlI1 N/A N/A N/A 2.37 (4) 2.56 (6) 2.71 (6) 

AlI2 N/A N/A N/A N/A 7.73 (14) N/A 

AlI3 N/A N/A N/A N/A N/A 7.25 (12) 

AlI4 N/A N/A N/A N/A N/A 4.61 (8) 

BI1 −3.63 (2) −3.51 (2) −3.75 (2) −4.68 (3) −4.64 (3) −4.52 (3) 

BI2 −3.50 (9) −3.29 (9) N/A −5.10 (4) −4.67 (4) −4.69 (4) 

BI3 N/A N/A N/A −4.98 (5) −4.62 (5) −4.49 (5) 

BI4 N/A −2.83 (11) −2.96 (11) N/A −2.85 (11) −2.80 (11) 

BI5 N/A −1.90 (12) −2.03 (12) N/A −2.33 (12) −2.21 (12) 

BI6 N/A N/A −2.71 (15) N/A N/A −2.55 (15) 

CrB1 1.49 1.06 1.04 1.79 1.44 1.49 

CrB2 N/A 1.91 1.58 N/A 2.76 1.79 

CrB3 N/A N/A 0.73 N/A N/A 0.85 

CrAl N/A N/A N/A −5.88 −5.32 −5.22 

AlB1 N/A N/A N/A 7.23 7.00 6.96 

AlB2 N/A N/A N/A N/A 7.51 7.47 

AlB3 N/A N/A N/A N/A N/A 7.23 

AlCr1 N/A N/A N/A −7.96 8.08 8.28 

AlCr2 N/A N/A N/A N/A 7.66 7.62 

BAl N/A N/A N/A −0.30 −0.34 −0.36 

BCr1 6.48 6.19 6.30 6.99 7.59 7.90 

BCr2 N/A 6.91 6.48 N/A 6.92 6.41 

 



 

 

60 

4.5.4 Concentrations of the most stable point defects and FPs at 300 K. 

 
 
Figure 4.S2 Concentrations of the most stable point defects and FPs at 300 K in (a) CrB, (b) Cr3B4, (c) 
Cr2B3, (d) Cr2AlB2, (e) Cr3AlB4, and (f) Cr4AlB6. 
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4.5.5 Evaluation of 𝑁^ 

 

Table 4.S4 Evaluation of available sites per unit volume for each defect (𝑁^), used to calculate the defect 
concentrations. 

 𝑁^ (#/Å[) 

CrB Cr3B4 Cr2B3 Cr2AlB2 Cr3AlB4 Cr4AlB6 

CrI 0.062 0.018 0.026 0.022 0.015 0.011 
BI 0.031 0.018 0.013 0.022 0.015 0.011 

AlI N/A N/A N/A 0.022 0.015 0.011 

VCr 0.062 0.018 0.013 0.044 0.015 0.022 

VB 0.062 0.037 0.026 0.044 0.029 0.022 

VAl N/A N/A N/A 0.022 0.015 0.011 

CrB 0.062 0.037 0.026 0.044 0.029 0.022 

BCr 0.062 0.037 0.026 0.044 0.015 0.022 

AlCr N/A N/A N/A 0.044 0.015 0.022 
CrAl N/A N/A N/A 0.022 0.015 0.011 

BAl N/A N/A N/A 0.022 0.015 0.011 

AlB N/A N/A N/A 0.044 0.029 0.022 
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CHAPTER 5 

 

DEFECT RECOVERY PROCESS 

 

The experimental part in this chapter was carried out by Dr. Hongliang Zhang. 

 

5.1 Introduction 

 Layered transition metal materials have drawn attention for many potential applications, 

including high-temperature heating elements, coatings for electrical contacts, and structural components 

in nuclear reactor applications.  One of well-known examples is MAX phases, which have shown many 

outstanding properties, including thermal shock resistance28, radiation tolerance34,116,119,159, and oxidation 

resistance115.  For instance, Ti-based MAX phases (e.g., Ti3SiC2 and Ti3AlC2) exhibit excellent resistance 

to radiation-induced amorphization, up to 25 displacements per atom (dpa) at room temperature (RT)116.  

A similar class of ternary borides are MAB phases [7,8], which have been shown to have high hardness48, 

high decomposition temperature60, good thermal and electrical conductivities53,54,160, the large 

magnetocaloric effect43, and good oxidation resistance39,143,161.  Recently, two-dimensional borides, so-

called MBenes, and MAB phases have been proposed for promising materials in future energy 

applications162 and safe biological applications75,163.  More recently, MAB phases have been proposed as 

promising materials for nuclear-related applications144.  For instance, our previous experimental results 

showed that MAB phase Fe2AlB2 is as tolerant to radiation-induced amorphization as SiC, which is 

already considered for nuclear reactor applications.  In addition, Fe2AlB2 does not undergo radiation-

induced cracking, whereas radiation-induced cracking has been seen in the MAX phases of Ti3SiC2 and 

Ti2AlC.  Also, MAB phase MoAlB has shown a high neutron shielding capacity exhibiting strong 

resistance to crack formation and tolerance to radiation-induced amorphization under high temperature144. 
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Resistance to radiation-induced amorphization depends largely on the ability of the material to 

anneal out or accommodate radiation-induced non-equilibrium defects164.  Defect behavior is highly 

dependent on the structure of the material.  For instance, in MAX phases, the A layer is known to provide 

stable sites where interstitials can be accommodated with a low-cost (i.e., low formation energy)35,165.  In 

contrast to MAX phases, studies of defect kinetics in MAB phases are rare27,144, and it is currently 

unknown how the specific structural features of MAB phases affect defect behavior.  

 In this chapter, we studied Cr-Al-B MAB phases and Cr-B binary phases, focusing on their 

resistance to radiation-induced amorphization.  A schematic view of the atomic structures of the Cr-Al-B 

and Cr-B systems is shown in Fig 5.1.  As shown in Figs. 5.1(a)-(c), the binary phases consist of B 

networks bonded with Cr layers, wherein the B networks may be one-B-chain (CrB), one-B-ring (Cr3B4), 

or two-B-ring (Cr2B3) types.  Unlike the binary phases, the ternary phases have Al layers interleaving the 

B networks, which are similar to the corresponding binary phases: one-B-chain (Cr2AlB2), one-B-ring 

(Cr3AlB4), or two-B-ring (Cr4AlB6), as shown in Figs. 5.1(d)-(f).  Like many other ultra-high temperature 

ceramics, the binary Cr-B phases have extreme hardness13, high thermal and electrical conductivities2,166, 

and high melting point167.  The ternary Cr-Al-B phases have also exhibited outstanding properties, 

including high decomposition temperatures, hardness27, electrical conductivity54, magnetic properties148, 

and oxidation tolerance115.  The six systems considered in our study were specifically selected because 

they allow us to understand the effects of the Al layer (binary vs. ternary) and the effects of the B 

networks (one-B-chain vs. one-B-ring vs. two-B-ring) on the resistance to radiation-induced 

amorphization.  To understand these effects, we performed irradiation experiments with CrB, Cr3B4, 

Cr2AlB2, Cr3AlB4, and Cr4AlB6 at 150 °C and 300 °C.  The resulting crystal structures were analyzed 

using transmission electron microscopy (TEM), X-ray diffraction (XRD) and the corresponding Rietveld 

refinement of the diffraction patterns.  The trends found in our experiments are explained based on 

density functional theory (DFT) calculations of defect migration energies and recombination barriers. 
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Figure 5.1 Atomic structure of (a) CrB, (b) Cr3B4, (c) Cr2B3, (d) Cr2AlB2, (e) Cr3AlB4, and (f) Cr4AlB6. 
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5.2 Methods 

CrB powder (<45 µm), used as a precursor material for MAB phase synthesis, was produced in-

house.  No impurities were identified in the powders by XRD analysis.  The CrB powder was mixed with 

Al powder (<45 µm, >99.7 %) and B powder (<1 µm, >95 %) in molar ratios of 2:1.7 (CrB:Al) for 

Cr2AlB2, 3:1.7:1 (CrB:Al:B) for Cr3AlB4, and 4:1.7:2 (CrB:Al:B) for Cr4AlB6.  The 10 g powder mixtures 

were high-energy ball milled for 30 min using a hardened steel milling vial and balls in a SPEX 8000 M 

mixer/mill, with a ball to powder mass ratio of 7.  The milled powders were loaded into an 18 mm 

diameter graphite die lined with BN-coated graphite foil and hot-pressed in a mullite tube under flowing 

argon.  The heating and cooling rates were both 10 °C/min, the peak temperature was 1200 °C, and the 

dwell time was 60 min.  The pressure was gradually applied during the final 30 min of the heating ramp, 

to the maximum of 50 MPa, and was removed upon the commencement of the cooling ramp.  CrB and 

Cr3B4 were synthesized by the arc melting method.  Cr and B powders were mixed in a ball mill and were 

pressed into bars and then sintered at >1600 °C.  The sintered samples were arc-melted in an argon 

atmosphere.  Each ingot was flipped and remelted more than 5 times to enhance the composition 

homogenization.  Arc-melted samples were cooled on a water-cooled copper hearth.  The as-cast samples 

were annealed at 1300 ℃ for 50 hours to form large grains (2-20 μm).  Diamond grinding discs were used 

to remove residual graphite/BN on the outside of the pellets before grinding with SiC papers.  The as-

sintered specimens were all characterized using the Rigaku D/max 2500 XRD diffractometer, which 

adopts a Cu Kα source with a wavelength of 0.154 nm.  A 2D detector, which has a 2θ resolution of 

0.005°, was used to acquire the diffraction signals.  Grazing incidence X-ray diffraction (GI XRD) was 

used for the characterization with an incident angle of 1.0°, a time of 600 sec per step, and a 2-theta range 

of 20-60º.  As shown in Fig. 5.2, no impurity phase was found in the CrB, Cr3B4, Cr2AlB2, Cr3AlB4, and 

Cr4AlB6 bulk samples.  We also attempted to synthesize Cr2B3, however, we found that this phase is 

unstable at RT.  All the specimens were polished using fine metallographic abrasive papers and Al2O3 
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suspensions, cleaned by rinsing in ultrasonic baths of acetone and ethanol, and annealed at 600 °C in a 

vacuum environment of 5 ×10-5 Pa for 1 hour to release residual stress. 

 
Figure 5.2 GI XRD of unirradiated Cr2AlB2, Cr3AlB4, Cr4AlB6, CrB, and Cr3B4 at the incident angle of 
1.0°, the dashed lines indicating the expected phase peak positions. 
 

The final Cr2AlB2, Cr3AlB4, and Cr4AlB6 bulk samples were irradiated with a 6.00 MeV silicon 

ion beam incident at 0° to the normal using the tandem accelerator at Ion Beam Lab, University of 

Michigan.  The irradiation was performed at 150 °C and at 300 °C.  The typical irradiation flux was kept 

at ~1.2×1012 ions·cm-2·s-2.  The irradiation fluence delivered to the samples was 1.3×1016 ions·cm-2 at 

150 °C (low-dose) and 2.6 ×1016 ions·cm-2 at 300 °C (high dose).  The background pressure during the 

irradiation was < 5×10-4 Pa.  The total damage, measured in dpa, was simulated using SRIM-2013125.  The 
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20 30 40 50 60

100

200

300

400

500

600

700

In
te

ns
ity

2Theta (degree)

 CrB  Cr3B4  Cr2AlB2
 Cr3AlB4  Cr4AlB6



 

 

67 

three ternary borides (Cr2AlB2, Cr3AlB4, and Cr4AlB6)125.  The threshold displacement energies are 25 eV 

and 28 eV for Cr and B, respectively in the two binary borides (CrB and Cr3B4).  For the high-dose 

irradiation (fluence of 2.6 ×1016 ions·cm-2 ), the damage level obtained from the SRIM-2013 simulation 

was estimated to be 1.0 dpa at the surface, rising to ~15 dpa for Cr2AlB2, Cr3AlB4, and Cr4AlB at the 

depth of ~2200 nm (see Fig. 5.3).  The irradiation doses for CrB and Cr3B4 are similar to those in the Cr-

Al-B MAB phases for the high-dose irradiation, and they are ~1.0 dpa at the flat region and ~20 dpa at the 

peak region.  For the low-dose irradiation, the dose is half that of the high-dose irradiation, which is ~ 0.5 

dpa at the surface for Cr2AlB2, Cr3AlB4, Cr4AlB, CrB, and Cr3B4.  The 0.5 dpa and 1.0 dpa are used to 

simplify sample naming and the actual damage is depth dependent as shown by SRIM. 

 
Figure 5.3 Irradiation dose in dpa versus depth profiles for Cr2AlB2 at a fluence of 1.3×1016 ions·cm-

2(low dose) and 2.6×1016 ions·cm-2 (high dose) under Si2+ irradiation. 
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The samples for TEM analysis were obtained using standard lift-out techniques by the FEI Helios 

PFIB G4 FIB/FESEM Focused Ion Beam (FIB) instrument in the Materials Science Center at the 

University of Wisconsin-Madison126.  To protect the sample surface from damages during the TEM 

sample preparation by FIB, a 4.0 µm Pt protective layer was deposited on the surface of the samples in 

two steps: (i) 2 kV electron beam (low-energy) was used to deposit a 1.0 µm Pt layer to avoid damages 

from high-energy ions deposition and (ii) a 12 kV ion beam was used for the deposition of another 3.0 µm 

Pt layer168.  The thinning process was accelerated using a high-energy ion beam (30 kV) at the beginning 

and a low-energy ion beam (2 kV) at the end to carefully remove the amorphous area generated during the 

former steps.  An FEI Tecnai F30 with field emission gun (FEG) TEM and high-resolution TEM were 

used to analyze the damages and microstructural changes before and after the irradiation.  

 In Chapter 4, we discussed how the parameters for the DFT calculations of the six systems were 

optimized, and we reported the different types of defects with their defect formation energies.  For the 

most stable interstitials found, the relaxed structures are shown in Fig. 4.2.  In this chapter, we calculated 

the migration energies and the reaction energy barriers of the most stable defects and selected defects 

relevant for the defect recombination processes using DFT calculations and the climbing image nudged 

elastic band method111.  We used the Vienna Ab-initio Simulation Package110 with the projector 

augmented wave and the generalized gradient approximation by Perdew, Burke, and Ernzerhof.  

Following the process in Chapter 4, we have used the following supercell sizes for the defective systems: 

3×3×2 and 3×3×1 for a vacancy in the binaries and the ternaries, respectively.  For interstitials, we also 

used the same supercell sizes as in Chapter 4, determined based on the results of convergence tests.  The 

Monkhorst-Pack k-point mesh sizes, plane-wave cutoff energy (400 eV), and the energy tolerance (0.5 

meV/atoms) were kept the same as the previous chapter.  
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5.3 Results and discussion 

5.3.1 Radiation performance of Cr-B binaries and Cr-Al-B ternaries 

The damage introduced during the irradiation was analyzed using cross-sectional bright-field 

(BF) TEM and high-resolution TEM (HR TEM), and results are shown in Fig. 5.4 for the ternary Cr-Al-B 

MAB phases and in Fig. 5.5 for the binary Cr-B phases.  In both Fig. 5.4 and Fig. 5.5, the top two rows 

correspond to the irradiation at the low dose at the low temperature (0.5 dpa, 150 °C), and the bottom two 

rows correspond to the irradiation at the high dose at the high temperature (1.0 dpa, 300 °C).  As shown in 

Fig. 5.4, after the irradiation of 0.5 dpa at 150 °C, Cr2AlB2 became entirely amorphous.  This is evidenced 

by the selected area electron diffraction (SAED) pattern, which shows diffuse rings with no indication of 

diffraction spots anywhere in the irradiated region, and a very small contrast in bright-field imaging, 

which is typical of amorphous material141.  The HR TEM image further confirms the amorphization of 

Cr2AlB2.  Cr4AlB6 became partially amorphous, as the SAED pattern shows both diffusion rings and 

some diffraction spots.  The HR TEM image shows that the microstructure of Cr4AlB6 is highly damaged.  

In contrast, Cr3AlB4 retains a good crystalline structure, as no diffraction spots were found to be missing 

and the microstructure is well ordered in the HR TEM image.  The results indicate that at this irradiation 

condition, Cr3AlB4 has the best radiation resistance among the three Cr-Al-B MAB phases, followed by 

Cr4AlB6, and then Cr2AlB2.  The TEM images and corresponding SAED patterns of CrB and Cr3B4 at the 

same irradiation conditions are also shown in Fig. 5.5.  Based on the results from TEM and SAED, CrB 

shows excellent resistance to radiation damage since the TEM image and the SAED patterns display a 

perfect crystal structure.  There is no obvious disorder of the microstructure observed in the HR TEM 

image.  Even in the peak damage region, there is no evidence of severe radiation damage, such as an 

obvious high density of black spot defects or dislocation loops.  When it comes to Cr3B4, the damage 

level caused by the same irradiated fluence is higher than that in CrB, as shown in Fig. 5.5.  This 

conclusion is made based on a much higher density of the black spot defects (based on qualitative 

interpretation), the distortion of diffraction spots, as well as the disorder level in the HR TEM images.  

The black spot defect density in the BF TEM images and the microstructure disorder level in the HR 
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TEM images in Cr3B4 are slightly higher than in Cr3AlB4 for the same irradiation condition.  Therefore, it 

can be concluded that, at 150 °C and 0.5 dpa, the order of the radiation damage resistance of these 

materials is, from high to low: CrB, Cr3AlB4, Cr3B4, Cr4AlB6, and Cr2AlB2. 

 

 
 
Figure 5.4 BF TEM and corresponding HR TEM images (viewed from (110)) of Cr2AlB2, Cr3AlB4, and 
Cr4AlB6, irradiated at 1.3 ×1016 ions·cm-2 at 150 °C (top row), at 2.6 ×1016 ions·cm-2 at 300 °C (bottom 
row). The red circle in each image indicates the region that was analyzed by SAED.  The yellow arrow in 
each image indicates the damage peak. 
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Figure 5.5 BF TEM and corresponding HR TEM images (viewed from (110)) of CrB and Cr3B4, 
irradiated at 1.3 ×1016 ions·cm-2 at 150 °C (top row) and at 2.6 ×1016 ions·cm-2 at 300 °C (bottom row).  
The red circle in each image indicates the region that was analyzed by SAED.  The yellow arrow in each 
image indicates the damage peak. 
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When the irradiation temperature increased to 300 °C and the irradiation dose increased to 1.0 

dpa, all the three Cr-Al-B MAB phases remained crystalline after the irradiation even at the peak region, 

indicating a much better radiation resistance at the high temperature.  CrB and Cr3B4 also exhibited good 

crystallinity in the flat damage region, but there is an amorphous band with the width of about 0.15 μm in 

the peak damage region of Cr3B4, corresponding to the damage dose of ~12 dpa.  It should be also noted 

that Si implantation is greatest here and may contribute to the observed feature.  Therefore, it is clear that 

at 300 °C, Cr3AlB4 is more resistant to radiation-induced amorphization than Cr3B4.  However, based on 

the results from the TEM images (see the bottom rows of Fig. 5.4 and Fig. 5.5), it is difficult to tell which 

Cr-Al-B MAB phase is most resistant to radiation-induced damage at 300 °C, and it is also difficult to tell 

if CrB is better than the Cr-Al-B ternary MAB phases at this temperature.  Therefore, the distortion of the 

SAED patterns was analyzed along with the GI XRD patterns, and the corresponding full-pattern Rietveld 

refinements were used to distinguish the level of the radiation-induced damage.  Fig. 5.6 shows the GI 

XRD patterns for CrB, Cr3B4, Cr2AlB2, Cr3AlB4, and Cr4AlB6 irradiated at 300 °C and 1.0 dpa, at the 

incident angle of 1.0°.  Unlike the GI XRD results of the irradiated MAX phases, where a significant shift 

of peaks has been reported141,169, no obvious shift of the peak positions was found in the patterns of the 

irradiated CrB and Cr3B4 phases, indicating that the change in the lattice parameter (LP) was very small.  

However, peak shifts were found in the spectra of the irradiated ternaries, Cr2AlB2, Cr3AlB4, and Cr4AlB6.  

The GI XRD data and the refinement results show that the radiation-induced LP change in Cr3AlB4 is the 

smallest of the three Cr-Al-B MAB phases at the irradiation condition of 300 °C and 1.0 dpa.  

Specifically, the a-LP increased by 0.8% in Cr3AlB4, by 1.3% in Cr4AlB6, and by 1.9% in Cr2AlB2.  The 

b-LP decreased by 0.5 % in Cr3AlB4, by 1.0 % in Cr4AlB6, and by 1.0% in Cr2AlB2.  The c-LP decreased 

by 0.8% in Cr3AlB4, by 1.1 % in Cr4AlB6, and by 1.3% in Cr2AlB2.  Note that the LP change in MAX 

phase Ti3SiC2
131 is: a-LP decreased by ~1.0% and c-LP increased by ~4%.  The radiation-induced LP 

change in CrB is a little larger (increase by 1.1% in a, b and c-LPs) than that in Cr3AlB4, but the swelling 

is uniform in all the three directions.  The decrease in the peak intensity is quite obvious for Cr3B4 but not 

obvious for CrB and all the three MAB phases.  Moreover, the GI XRD patterns of Cr3B4 after the 



 

 

73 

irradiation show disappearance of several peaks of Cr3B4 but include strong peaks of CrB, located at 

about 32°, 38°, and 45°, and another small peak of CrB2 located at ~43°, which indicates phase 

decomposition of Cr3B4 after the irradiation.  In general, by combining the GI XRD results with the TEM 

and SAED analysis, it can be concluded that, at 300 °C, Cr3AlB4 is the most radiation-resistant, followed 

by CrB, Cr3B4, Cr4AlB6, and Cr2AlB2.  

 
 

Figure 5.6 GI XRD patterns at the incident angle of 1.0° for Cr2AlB2, Cr3AlB4, Cr4AlB6, CrB and Cr3B4 
at 2.6 ×1016 ions·cm-2 (1.0 dpa) and 300 °C.  The dashed lines show the peak positions of the unirradiated 
phases. 
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 To summarize, our experiments showed the resistance to radiation-induced amorphization of Cr-

B and Cr-Al-B systems, as follows.  For the effect of B networks, in the ternaries, Cr3AlB4 (one-B-ring) is 

the best, followed by Cr4AlB6 (two-B-ring), and then Cr2AlB2 (one-B-chain), whereas in the binaries, CrB 

(one-B-chain) performs better than Cr3B4 (two-B-ring).  As for the effect of Al layers in the one-B-chain 

structures, CrB performs better than Cr2AlB2, whereas in the one-B-ring structures, Cr3AlB4 is better than 

Cr3B4. 

 

5.3.2 Migration energies and reaction energy barriers 

The structure-dependent radiation tolerance of the Cr-B binaries and Cr-Al-B MAB phases can be 

explained based on the results of my first-principles calculations.  For a material to be tolerant to 

radiation-induced amorphization, it needs to efficiently remove the radiation-induced defects, 

predominantly Frenkel pairs (FPs).  FPs can be recovered through a vacancy-interstitial recombination 

process, for which either the vacancy migration energy or the interstitial migration energy must be low 

relative to the thermal energy.  In addition, the recombination energy barrier, which can exist in 

covalently bonded materials144,170, also must be low compared with the thermal energy.  Here, we 

compare the migration energies, the recombination barriers, and the recombination process of FPs 

between the six systems to rationalize our experimental results. 

The most stable defects and other selected defects relevant for defect recombination processes 

were depicted in Fig. 4.2, and we report the lowest migration energies of the defects in Table 5.1.  The 

migration energy for CrI in CrB (0.06 eV) is significantly lower than in Cr3B4 and Cr2B3 (~1.6 eV).  This 

is because the most stable CrI in CrB is located in the Cr layers (Type 1 in Fig. 4.2), whereas the most 

stable CrI in the other two systems (Cr3B4 and Cr2B3) are found inside the B networks (Type 7 and 8 in 

Fig. 4.2).  In the ternaries, CrI are all found in the Al layers (Type 6 in Fig. 4.2), and their migration 

energies are comparable among the different systems (~1.3 eV).  As for BI in all the binaries, these 

defects form a B bridge (Type 2 in Fig. 4.2), and the migration energies are ~1.8 eV.  In contrast, in the 

ternaries, BI is found in the Al layers (Type 3-5 in Fig. 4.2), and the migration energies are in the range of 
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0.73-0.82 eV.  AlI, which exist in the ternaries only, are found in the Al layers, and the migration energies 

of AlI for all the ternaries are ~0.2 eV.  For vacancies in the binaries and ternaries, the migration energies 

of VCr and VAl are significantly higher than the corresponding interstitial migration energies (see Table 

5.1).  In CrB and Cr2AlB2, there is only one type of VB, and it migrates into an equivalent site with the 

energy of 0.93 eV and 0.76 eV, respectively, in the two systems.  In Cr3B4 and Cr3AlB4, the most stable 

VB (VB2 on a B2 site in Figs. 5.1(b) and (e)) migrates into an equivalent site with the energy of ~1.1 eV.  

The second most stable vacancy, VB1 (on a B1 site in Figs. 5.1(b) and (e)) can migrate into a B2 site with 

the energy of 0.68 eV and 0.58 eV, respectively, in Cr3B4 and Cr3AlB4.  VB is then stabilized on the B2 

site, since the opposite reaction (VB2 migrates from B2 to B1 site) has the migration energy of 1.11 eV 

and 0.93 eV, respectively in Cr3B4 and Cr3AlB4.  In Cr2B3 and Cr4AlB6, the most stable VB (VB3 on a B3 

site in Figs. 5.1(c) and (f)) migrates into an equivalent site with the energy of 0.71 eV.  The other VB (VB1 

and VB2) can also migrate into the more stable vacancy site with the following paths: VB1 migrates into a 

B2 site (~0.7 eV both in Cr2B3 and Cr4AlB6) and VB2 migrates into a B3 site (~0.8 eV both in Cr2B3 and 

Cr4AlB6).  As for the opposite direction, VB3 migrates into a B2 site with the energy of ~1.2 eV both in 

Cr2B3 and Cr4AlB6, and VB2 migrates into a B1 site with the energy of 1.24 eV and 0.97 eV, respectively 

in Cr2B3 and Cr4AlB6. 

We also calculated the energy barriers that each FP must overcome to recombine, and we 

tabulated the results in Table 5.2.  “Diff” denotes a diffusion-limited step, namely a barrierless reaction.  

The number in parentheses represents the lower migration energies of the vacancy or interstitial, which 

means that it governs the recombination process.  The recombination reactions of Cr FPs in all the borides 

considered here are barrierless and are controlled by the migration of CrI.  In the binaries, B FPs 

recombine without a barrier, and the reactions are governed by the migration of VB.  On the other hand, in 

the ternaries, B FP recombination barriers are 1.30 eV for Cr2AlB2 and ~0.9 eV for Cr3AlB4 and Cr4AlB6.  

Lastly, Al FPs in the ternaries recombine without a barrier, and the reactions are controlled by the 

diffusion of AlI. 
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Table 5.1 The lowest migration energies of the most stable defects and other selected defects relevant for 
defect recombination processes. 

eV CrB Cr3B4 Cr2B3 Cr2AlB2 Cr3AlB4 Cr4AlB6 

CrI 0.06 1.57 1.61 1.28 1.26 1.26 

BI 1.78 1.79 1.80 0.82 0.74 0.73 

AlI N/A N/A N/A 0.24 0.20 0.18 

VCr 3.28 5.80 4.56 4.74 6.02 5.01 

VB1 → VB2
† 0.93 0.68 0.71 0.76 0.58 0.65 

VB2
† → VB1 0.93 1.11 1.24 0.76 0.93 0.97 

VB2 → VB3
‡ N/A 1.10 0.78 N/A 1.09 0.75 

VB3
‡ → VB2 N/A 1.10 1.17 N/A 1.09 1.25 

VB3 → VB3 N/A N/A 0.71 N/A N/A 0.71 

VAl N/A N/A N/A 2.24 1.91 1.83 
†VB2 for CrB and Cr2AlB2 indicates VB1. 
‡VB3 for Cr3B4 and Cr3AlB4 indicates VB2. 
 

Table 5.2 FP recombination energy barriers.  “Diff” denotes a diffusion-limited step, and the number in 
parentheses is the lower of the migration energies of the FP defect. 

eV CrB Cr3B4 Cr2B3 Cr2AlB2 Cr3AlB4 Cr4AlB6 

Cr Diff 
(0.06) 

Diff 
(1.57) 

Diff 
(1.61) 

Diff 
(1.28) 

Diff 
(1.26) 

Diff 
(1.26) 

B Diff 
(0.93) 

Diff 
(0.68) 

Diff 
(0.71) 1.30 0.89 0.88 

Al N/A N/A N/A Diff 
(0.24) 

Diff 
(0.20) 

Diff 
(0.18) 

 

5.3.3 Effects of Al layers and B networks on defect recovery processes 

 Using the migration energies and the recombination energy barriers in Table 5.1 and Table 5.2, 

we explain our experimental results in terms of the structural differences and their impact on defect 

recovery processes.  First, we discuss the effects of B networks by comparing CrB (one-B-chain) vs. 

Cr3B4 (one-B-ring) and Cr2AlB2 (one-B-chain) vs. Cr3AlB4 (one-B-ring) vs. Cr4AlB6 (two-B-ring).  

Subsequently, we discuss the effects of Al layers by comparing the binaries and the ternaries (i.e., CrB vs. 

Cr2AlB2 and Cr3B4 vs. Cr3AlB4).  
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 In our experiments on the binaries, we observed that CrB showed the better performance under 

the irradiation than Cr3B4.  The different performances can be explained by the difference in the location 

of CrI and their migration energies.  In CrB, CrI is located in the Cr layers and it migrates with the 

migration energy of 0.06 eV, so the recombination of Cr FPs is expected to be very efficient.  On the 

other hand, in Cr3B4, the most stable CrI is found in the B network layer and it migrates with the 

migration energy of 1.57 eV, which is significantly higher than that of CrI in CrB (0.06 eV).  Therefore, 

compared with CrB, the rate of Cr FP recombination in Cr3B4 is low, which is consistent with the 

relatively poor radiation performance of Cr3B4 compared with CrB, as observed in the experiments.  In 

the two systems (CrB and Cr3B4), the recombination process of B FPs shows no significant difference 

(see Table 5.2).  

 In the ternaries, we observed experimentally that Cr3AlB4 performs best under the irradiation, 

followed by Cr4AlB6 and then Cr2AlB2.  First of all, the relatively poor radiation tolerance of Cr2AlB2 

(one-B chains), compared with Cr3AlB4 and Cr4AlB6 (which have one-B or two-B rings, respectively), 

can be attributed to the B FP recombination process.  In each of the ternary systems, Al FPs are expected 

to be easily annealed because the recombination is barrierless and is governed by fast AlI (migration 

energy of ~0.2 eV).  Also, Cr FPs are expected to behave similarly in all the three ternaries: the 

recombination is barrierless and is controlled by CrI (migration energy of ~1.3 eV).  For the B FP 

recombination, the migration energies of both BI and VB in all the three ternaries are low enough to be 

mobile (0.73-0.82 eV for BI, 0.58-0.97 eV for VB1).  The recombination paths are also identical in all the 

three ternaries: BI located within the Al layers moves into a B1 site to recombine with VB.  However, the 

barrier of this recombination process is 1.30 eV in Cr2AlB2 (which has one-B chains), and it is ~0.9 eV in 

Cr3AlB4 and Cr4AlB6 (which have B rings) (see Table 5.2).  Since a lower recombination barrier means 

that the defects can be recombined faster, this difference in the recombination barrier is consistent with 

the better performance of Cr3AlB4 and Cr4AlB6 than that of Cr2AlB2.  The difference in the recombination 

barriers can be explained by the difference in the bond strengths.  Specifically, the B FP recombination 

barrier in Cr-Al-B MAB phases likely depends on the strengths of the nearby Cr-B bonds.  When a BI 
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atom moves into a VB site to recombine, nearby atoms need to shift to make way for the interstitial.  The 

stronger the bond, the higher the energy cost required to move the neighboring atoms, which makes the 

recombination barrier higher.  In Chapter 4, we estimated the strengths of the different bonds in Cr-Al-B 

systems and found that the Cr-B bonds in Cr3AlB4 and Cr4AlB6 are comparable to each other and are 

significantly weaker than those in Cr2AlB2.  In summary, the better performance of Cr3AlB4 and Cr4AlB6, 

compared with Cr2AlB2, can be explained by the structural differences.  The systems with B rings 

(Cr3AlB4 and Cr4AlB6) have weaker Cr-B bonds than those with B chains (Cr2AlB2), which leads to the 

lower barriers of B FP recombination in the systems with B rings. 

Next, Cr3AlB4 was found experimentally to have a better radiation resistance than Cr4AlB6, which 

can be rationalized in terms of B FP recombination.  Although the migration energies and the reaction 

energy barriers are all comparable in the two systems (see Table 5.2) and the B FP recombination paths 

are identical, the structural difference (one-B-ring vs. two-B-ring) affects the probability for B FPs to 

recombine.  As mentioned earlier, the recombination process of B FPs in ternary MAB phases occurs by 

BI moving from the Al layers to a VB site nearby.  Thus, in Cr3AlB4 and Cr4AlB6, for a BI to recombine 

with a VB, the VB needs to be on the sites nearest to the Al layer (i.e., B1 position in Figs. 5.1(e) and (f)).  

Cr3AlB4 (one-B-ring) allows VB to occupy B1 sites and recombine with BI, whereas in Cr4AlB6 (two-B-

ring) VB has a low probability of occupying B1 sites, based on a high probability of VB moving from VB1 

to VB2 and then VB3, and the high formation energies of VB.  Specifically, in Cr3AlB4, as shown in Table 

5.1, VB1 migrates into VB2 with the migration energy of 0.58 eV, whereas VB2 can migrate to VB1 with the 

migration energy of 0.93 eV or it can migrate to an equivalent VB2 with the migration energy of 1.09 eV.  

In Cr4AlB6, VB1 migrates to VB2 with the migration energy of 0.65 eV.  VB2 migrates to VB1 with the 

migration energy of 0.97 eV, or it migrates to VB3 with the migration energy of 0.74 eV, which means that 

the latter migration would be preferable.  VB3 migrates into VB2 with the migration energy of 1.25 eV or 

migrates into an equivalent VB3 with the migration energy of 0.71 eV.  In summary, VB in Cr3AlB4 can be 

found on B1 and B2 sites, allowing BI to easily recombine with VB.  In Cr4AlB6, VB migrates 

preferentially into B2 and then B3 sites rather than the other way, which means that VB is likely trapped 
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in VB3, making it difficult to recombine with BI.  In addition, my defect chemistry study (Chapter 4) 

supports the different behavior of VB.  We reported the formation energies referenced to the vacuum level 

of VB in Cr3AlB4 and Cr4AlB6 as follows: VB1 (8.37 eV), VB2 (8.12 eV) in Cr3AlB4 and VB1 (8.12 eV), 

VB2 (7.80 eV), VB3 (7.29 eV) in Cr4AlB6.  This data shows that the difference in the formation energies 

between VB1 and VB3 makes VB easier to form on B3 sites rather than B1 and supports the conclusion that 

B FPs are more difficult to recombine in Cr4AlB6 than Cr3AlB4. 

Lastly, we discuss the effect of the Al layers on the radiation resistance.  First, our experiments 

showed that in the case of one-B-chain structures (CrB and Cr2AlB2), CrB performed better under the 

irradiation than Cr2AlB2.  We can attribute the inferior performance of Cr2AlB2 to the effects of Cr FP 

recombination.  In CrB, Cr FPs are expected to be easily removed because the recombination process is 

diffusion-limited and controlled by the fast CrI with the migration energy of 0.06 eV, as shown in Table 

5.2.  On the other hand, in Cr2AlB2, CrI migrates with the migration energy of 1.28 eV, which is 

significantly higher than that of CrB (0.06 eV), leading to slower recombination of Cr FPs in Cr2AlB2 and 

ultimately the better performance of CrB.  Note that the recombination process of B FPs in CrB is also 

faster than that of Cr2AlB2 (see Table 5.2).  Next, in our experiments for the one-B-ring structures (Cr3B4 

and Cr3AlB4), Cr3AlB4 is better than Cr3B4 at 300 °C (slightly better at 150 °C).  Our calculations showed 

that the migration energy of CrI in Cr3AlB4 (1.26 eV) is lower than that in Cr3B4 (1.57 eV), which can 

explain our experiments.  In comparison to Cr3AlB4, Cr FPs are less likely to recombine in Cr3B4 because 

of the migration energy of CrI being too high (1.57 eV).  In both systems, B FPs (and Al FPs for Cr3AlB4) 

are expected to recombine based on the energies reported in Table 5.1 and Table 5.2. 

 

5.4 Conclusions 

In summary, in terms of radiation-induced amorphization, our TEM analysis and DFT studies 

concluded: for the effects of the B networks, (1) CrB (one-B-chain) is better than Cr3B4 (one-B-ring) and 

(2) Cr3AlB4 (one-B-ring) performs the best among the ternaries, followed by Cr4AlB6 (two-B-ring) and 

Cr2AlB2 (one-B-chain).  When it comes to the effects of the Al layers, we found that (3) CrB is better than 
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Cr2AlB2, (4) Cr3AlB4 is better than Cr3B4.  The different performances were explained by the structure-

dependent defect recovery processes: the Al layers tend to prevent B FPs from recombining, and the B FP 

recombination is largely controlled by the number of B rings.  

Our joint experimental and computational study provides a new understanding of how structural 

differences in layered borides affect the defect recovery processes and the tolerance to radiation-induced 

amorphization. 
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CHAPTER 6 

 

DESIGN RULES FOR DEFECT RECOVERY PROCESS 

 

6.1 Introduction 

 Binary transition metal borides (TMBs), classified as ultra-high temperature ceramic142,171, have 

long been studied for many applications, including wear resistant coating171, aerospace thermal 

protection172, and high temperature diffusion barrier146, owing to their high hardness, high melting 

temperature142, good thermal and electrical conductivities173, and high-temperature strength174.  More 

recently, ternary TMBs, called MAB (M = transition metal; A = Al; B = B) phases27 have also been 

studied and shown to have outstanding properties, such as good oxidation resistance39,143, magnetocaloric 

effect43, and radiation tolerance144, while maintaining such benefits of binary TMBs as hardness27,48 as 

well as thermal and electrical conductivities53,54.  In addition, MBene, a new class of two-dimensional 

systems exfoliated from MAB phases, has been considered for promising materials in spintronics 

applications74 and safe biological applications75,163.  Many MAB phases have been theoretically predicted 

so far, while only a few of them have been synthesized62,162. 

Many of the aforementioned properties of TMBs depend on the presence of defects and on their 

thermokinetic behavior.  In the studies on the binary and ternary TMBs in Chapter 3-5, we reported the 

defect recovery processes in MoAlB and Fe2AlB2
144 as well as in a series of Cr-B and Cr-Al-B systems.  

These specific materials have been shown to be promising for applications that involve radiation and 

chemically aggressive environments, due to their efficient defect recovery processes.  Based on our 

findings in these specific systems, we have formulated hypotheses for how the Al layers and the type of 

transition metal elements affect the defect stability and kinetics.  These hypotheses are investigated in this 

chapter by considering a series of different transition metal elements, and we generalize our findings from 
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the specific systems (Mo-, Fe-, and Cr-based TMBs) to TMBs with different transition metal elements in 

order to provide guidance for the design of TMBs. 

Firstly, in Chapter 3, we found that the defect recovery processes in Fe2AlB2 (which has one-Al-

atomic layers) are more efficient than in MoAlB (which has two-Al-atomic layers), because of the 

presence of unstable MoI in MoAlB.  In Fe2AlB2, FeI is stable in Al layers (one-atomic) and easily 

migrates and recombines with VFe.  In contrast, in MoAlB, when a Mo atom is introduced as an interstitial 

within the Al layers, the Mo atom is relaxed into a nearby Al lattice site (i.e., becomes an antisite, MoAl), 

by kicking out the Al atom and making it an interstitial, AlI.  This behavior of unstable MoI and MoAl is 

considered detrimental for the defect recovery processes in MoAlB because MoAl is immobile and does 

not easily react with the other defects, preventing AlI from finding and recombining with VAl in MoAlB.  

Based on this study, we hypothesize that M1A1B1 (MAB phases which have two-Al-atomic layers) cannot 

accommodate MI in the Al layers.  This is in contrast to M2A1B2 (MAB phases which have one-Al-atomic 

layer), where MI is stable in the Al layers.  This hypothesis is tested in this chapter by investigating the 

stability of MI in M1A1B1 and M2A1B2 with different transition metal elements.  In this chapter, I use the 

notation M1A1B1 for the particular systems to avoid confusion with MAB phases for ternary TMBs. 

In Chapter 4 and Chapter 5, the studies on CrB, Cr3B4, Cr2B3, Cr2AlB2, Cr3AlB4, and Cr4AlB6, we 

found that the presence of Al layers in the structure plays a crucial role in the migration and 

recombination processes of defects.  For CrB and Cr2AlB2, where B networks form as B chain, the 

presence of Al layers in Cr2AlB2 significantly hinders the recombination and migration processes of Cr 

and B Frenkel Pairs (FPs).  In CrB, the most stable CrI, found in Cr layers, migrates faster than the most 

stable CrI in the ternary counterpart (Cr2AlB2), which is found in Al layers.  In addition, the presence of 

Al layers increases the recombination barriers of B FPs in Cr2AlB2, while the recombination of B FPs in 

CrB is barrierless.  Based on this observation, we formulate hypotheses that MI migrates faster in M1B1 

compared with the corresponding MAB ternaries (M2A1B2) and that the recombination barriers of B FPs 

in M1B1 are lower than that in M2A1B2.  To test the hypotheses, we study the migration energies of MI and 

the recombination barriers of B FPs in M1B1 and M2A1B2 with different transition metal elements.  As for 
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Cr3B4 and Cr3AlB4, where the B networks form as B rings, the Al layers help lower the migration energy 

of CrI, but hinder the recombination process of B FPs.  To find a general trend of the role of the Al layers, 

I study the migration energies of MI and the recombination barriers of B FPs in M3B4 and M3A1B4 with 

different transition metal elements. 

By comparing the defect recovery processes of Cr2AlB2 and Cr3AlB4, we found that the B FP 

recombination barriers in Cr-Al-B ternaries largely depend on the strengths of the nearby Cr-B bonds.  

Although Cr2AlB2 (B chains) and Cr3AlB4 (B rings) have the different types of B networks, they share the 

same local environment where B FPs recombine, and the recombination processes in the two systems are 

identical.  However, the Cr-B bonds in Cr2AlB2 are stronger than those in Cr3AlB4, resulting in the 

recombination barrier of B FP in Cr2AlB2 higher than that in Cr3AlB4.  This is because, during the B FP 

recombination, in which the nearby atoms need to shift to make room for the interstitial, the stronger 

nearby bonds require a higher energy cost to move the neighboring atoms, leading to a higher 

recombination barrier.  In addition, my comparative analysis on Fe2AlB2 (Chapter 3) and Cr2AlB 

(Chapter 4), which share the exact same structure, revealed the same trend: the Cr-B bonds in Cr2AlB2 are 

stronger than the Fe-B bonds in Fe2AlB2, and the B FP recombination barrier in Fe2AlB2 is lower than 

that in Cr2AlB2.  Based on the findings, I hypothesize that transition metal elements with weaker M-B 

bonds in MAB phases lead to a lower B FP recombination barrier.  I test the hypothesis and generalize the 

aforementioned trend with the two types of MAB phases that share the same local environment (M2A1B2 

and M3A1B4) over different transition metal elements. 

The structures of TMBs studied in this chapter are M1B1, M3B4, M2A1B2, M3A1B4, and M1A1B1, 

as shown in Fig. 6.1.  I selected these systems because many of these systems have been theoretically 

predicted and our earlier studies are based on these compositions.  First, the binaries consist of transition 

metals bonded to B networks, wherein the B networks may be B chains (M1B1 in Fig. 5.1(a)) or B rings 

(M3B4 in Fig. 5.1(b)).  Figure 5.1(c) shows M2A1B2, where the transition metals bonded to B chains are 

interleaved by the one-Al-atomic layers.  In Fig. 5.1(d), M3A1B4 consists of transition metals bonded to B 

the rings, interleaved by the one-Al-atomic layers.  In M1A1B1 shown in Fig. 5.1(e), the two-Al-atomic 
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layers interleave the transition metals bonded to the B chains.  To investigate the defect properties in these 

five structures and to test the aforementioned hypotheses, I performed density functional theory (DFT) 

calculations focusing on four topics: (i) the effects of the number of Al layers (one-Al-atomic layers vs. 

two-Al-atomic layers) on the stability of MI in M2A1B2 and M1A1B1, (ii) the effects of Al layers (the 

presence of Al layers vs. the absence of Al layers) on the migration of MI and the recombination of B FPs 

in M1B1 and M2A1B2, (iii) the effects of Al layers (the presence of Al layers vs. the absence of Al layers) 

on the migration of MI and the recombination of B FPs in M3B4 and M3A1B4, and (iv) the effects of the 

type of transition metal elements in M2A1B2 and M3A1B4 on the B FP recombination barriers.  Lastly, 

based on the calculated kinetic properties of defects (i.e., migration and recombination), I discuss the 

defect recovery processes in light of nuclear reactor applications.  

 

 
 
Figure 6.1 Atomic structures of (a) M1B1, (b) M3B4, (c) M2A1B2, (d) M3A1B4, and (e) M1A1B1. 
  

 

6.2 Methods 

The defect properties were determined based on DFT calculations using the Vienna Ab-initio 

Simulation Package110 with the projector augmented wave127 and the generalized gradient approximation 
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by Perdew, Burke, and Ernzerhof99.  We optimized the unit cells of the TMBs with the plane-wave cutoff 

energy of 450 eV and the energy tolerance of 0.1 meV/atoms.  Monkhorst-Pack k-point mesh128 of 

10×10×4 (M1B1), 11×11×5 (M3B4), 11×11×3 (M2A1B2), 11×11×4 (M3A1B4), and 10×10×2 (M1A1B1) 

were set.  The calculated lattice constants agree well with previously reported works62,175,176.  The total 

energies of the perfect structures and those containing defects were calculated in 4×4×2 supercells for all 

the systems, and the size of the supercells was determined based on the interstitial convergence tests for 

M = Cr.  For the supercell calculations, Monkhorst-Pack k-point mesh of 3×3×2 (M1B1, M3B4), 2×2×2 

(M2A1B2, M2A1B2), and 3×3×1 (M1A1B1) were set.  To calculate the migration energies and the reaction 

energy barriers of defects, I used the climbing image nudged elastic band method111.  In addition, in order 

to find a correlation between the defect kinetics properties and the strength of chemical bonds, I 

calculated the bond separation energies by subtracting the energy of a perfect unit cell from the energy of 

a unit cell where a vacuum region of 2 nm thickness is inserted between the layers and finally by dividing 

the energy difference by the number of surface atoms.  

 

6.3 Results and discussion 

6.3.1 Effects of the number of Al layers: M1A1B1 vs. M2A1B2 

 I first test the hypothesis that M1A1B1 (which has two-Al-atoimc layers) cannot accommodate MI 

in their Al layers, whereas MI can be accommodated in the Al layers of M2A1B2 (which has one-Al-

atomic layers).  This hypothesis is tested by considering a number of different M1A1B1 and M2A1B2 

systems with different transition metal elements.  We tested eight different systems (M = Cr, Ti, V, Nb, 

Mo, Hf, Ta, W) for M1A1B1 and ten different systems (M = Cr, Fe, Mn, Ni, Rh, Ru, Sc, Ti, V, W) for 

M2A1B2.  The elements were chosen because they have been predicted theoretically to be stable either in 

the M1A1B1 or in the M2A1B2 composition or in both62.  In each of the MAB phases, an M atom was 

introduced as an interstitial within an Al layer, and the system was relaxed.  As an example of interstitial 

configuration for M1A1B1 (which has two Al layers), in Fig. 6.2(a) I show the atomic structure of CrAlB 
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with a CrI (①) before the relaxation.  The Cr atom was introduced at the center of four Al atoms that 

form a tetrahedron.  During the relaxation, the CrI kicks out a nearby Al atom (②) and takes the Al site, 

as indicated by the red arrows in Fig. 6.2(a).  After the relaxation, as shown in Fig. 6.2(b), the Cr atom 

forms an antisite (CrAl) on the Al site (①), and the kicked-out Al atom forms AlI (②).  The same 

mechanism was found in all the eight M1A1B1 (which have two Al layers).  In other words, in the M1A1B1 

structure (Fig. 6.1(e)), MI cannot be accommodated within the Al layers and instead it forms an antisite 

(MA).  Consequently, it is expected that the defect recovery process in M1A1B1 is poor because of the 

formation of immobile antisites, which prevent AlI from occupying and recombining with the VAl sites, 

which has been already taken by the unstable MI.  In contrast, all the ten MAB phases that have one-Al-

atomic layers (M2A1B2) were found to have stable MI within their Al layers.  In Fig. 6.2(c), we show the 

atomic structure of Cr2AlB2 with CrI (③) before the relaxation, as an example for M2A1B2.  Before the 

relaxation, a Cr atom was introduced as an interstitial at the center of an octahedron consisting of four Al 

atoms and two Cr atoms.  After the relaxation, the MI stays at the center of the octahedron, as shown in 

Fig. 6.2(d), while the nearby Cr and Al atoms are shifted to accommodate the interstitial.  The same 

mechanism was found in all the M2A1B2 considered in this chapter, and no formation of antisite was 

observed.   

These results generalize the previous finding on MoAlB and Fe2AlB2 (Chapter 3) and supports 

the hypothesis that MAB phases that have two-Al-atomic layers (M1A1B1) cannot accommodate MI in 

their Al layers (and therefore are expected to have poor defect recovery), while MAB phases with one-Al-

atomic layers (M2A1B2) can accommodate stable interstitials.   
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Figure 6.2 (a) CrAlB with CrI before the relaxation, (b) configuration of CrI in CrAlB after the relaxation, 
(c) Cr2AlB2 with CrI before the relaxation, and (d) configuration of CrI in Cr2AlB2 after the relaxation. 
 

6.3.2 Absence of Al layers (M1B1) vs. presence of Al layers (M2A1B2) 

 In Chapter 4, I showed that the defect recovery processes are more efficient in CrB than in the 

corresponding ternary, Cr2AlB2.  In the study, we found that the absence of Al layers in CrB plays a 

crucial role in their superior defect recovery processes, specifically reducing the migration energies of MI 

and the recombination barriers of B FPs.  Here, I first test the hypothesis that MI migrates faster in M1B1 

than in M2A1B2, and secondly, test the hypothesis that the recombination barriers of B FPs in M1B1 are 

lower than those in M2A1B2.  By calculating the defect kinetics in M1B1 and M1A1B1 with different 

transition metal elements, I generalize the findings on CrB and Cr2AB2 systems to M1B1 and M2A1B2. 

I tested the hypothesis with 14 M1B1 and 14 M2A1B2 (M = Cr, Fe, Hf, Mn, Mo, Ni, Rh, Ru, Sc, 

Tc, Ti, V, W, Zr).  For each M1B1 (Fig. 6.1(a)) tested here, an M atom was located as an interstitial 

between two M layers at the center of a tetrahedron consisting of four M atoms (see Fig. 6.3(a)).  We 

calculated the migration energies of MI in M1B1 with the migration path depicted in Fig. 6.3(b).  Note that 
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the considered interstitial position and migration path were found to be the most stable interstitial 

configuration and the fastest migration path in CrB (Chapter 5).  For M2A1B2 (Fig. 6.1(c)), I considered 

the interstitial configuration discussed in Section III-I (Fig. 6.2(d)).  I calculated the migration energies of 

MI along the a- and b-axis (Fig. 6.2(d)) and plotted the lowest migration energies in Fig. 6.3(c).  I found 

that the migration energy of MI in M1B1 (blue) is lower than that of MI in the corresponding M2A1B2 

(red), except for M = Mo, Tc, and Zr.  The lower migration energies in M1B1 can be explained based on 

the differences in the migration path, as follows.  As depicted in Fig. 6.3(b), when migrating in the 

binaries, the MI moves along the a-axis into one of the nearest M lattice sites, and at the same time, it 

pushes (“kicks out”) the M atom that has occupied the lattice site into a nearest equivalent interstitial site.  

In contrast, in M2A1B2, MI, which forms within an Al layer (see Fig. 6.2(d)), migrates by hopping directly 

between symmetry equivalent sites without switching positions with lattice atoms.  Because the direct 

hopping in general requires more energy compared with the “kick-out” mechanism, it makes physical 

sense that the migration energies of MI in M2A1B2 is higher.  For the ternaries with M = Mo, Tc, and Zr 

for which the migration energies were found lower than those in the corresponding binaries, the most 

stable interstitial does not form within Al layers and thus the migration mechanism is different from the 

other ternaries.  In these systems, MI forms a M dumbbell within a M layer and migrates similarly as MI 

in M1B1: MI kicks out a nearby M atom into a nearest equivalent interstitial site and takes the lattice site 

of the kicked-out M atom.  Finally, our results support the hypothesis that MI in M1B1 migrates faster than 

MI in M2A1B2.   

It is worth mentioning that the faster migration of MI in M1B1 is a key factor contributing to the 

superior recovery processes of the binaries.  For a FP to recombine, either the vacancy or the interstitial 

has to be mobile, and the recombination barrier has to be low enough to be overcome at a given 

temperature.  We have previously found that in both Cr-B binary and Cr-Al-B ternary systems the 

migration of VCr is unlikely (migration energy: >3.1 eV for Cr-B and >4.7 eV for Cr-Al-B), and the 

recombination of Cr FPs is barrierless in both the Cr-B and the Cr-Al-B systems due to the defect pair 

positioned close enough to easily recombine.  Also, in the other systems with M = Fe, Mo, the migration 
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energies of VM are found to be 3.34 eV (Fe2AlB2) and 5.27 eV (MoAlB), while the recombination of M 

FPs in Fe2AlB2 is barrierless (in MoAlB, MI is unstable, discussed in Chapter 3)144.  Therefore, the 

migration of MI likely controls the recombination processes of M FPs, in which the absence of Al layers 

in the binaries helps lower the temperature required to recover defects. 

 

 
 

Figure 6.3 (a) configuration of MI in M1B1, (b) migration path of MI in M1B1, (c) migration energies of 
MI in M1B1 and M2A1B2. 

 

The presence/absence of Al layers can affect the recombination of B FP as well as the migration 

of MI.  In Chapter 5, I found that the recombination of B FPs in CrB is barrierless, whereas the 

recombination process has a barrier of 1.30 eV in Cr2AlB2.  This discrepancy is attributed to the absence 

of Al layers in CrB, and I hypothesized that the recombination barriers of B FPs in M1B1 are lower than 

those in M2A1B2, due to the absence of Al layers in M1B1. 

 To test this hypothesis, I calculated the recombination barriers of B FPs in M1B1 and M2A1B2 

with M = Cr, Fe, Hf, Mn, Mo, Ni, Rh, Ru, Sc, Tc, Ti, V, W, Zr and plotted the results in Fig. 6.4.  In 

M1B1, as depicted in Fig. 6.4(a), the BI considered here is a B bridge that connects two neighboring B 

chains, which is the most stable BI configuration in CrB.  For M2A1B2, I considered the BI configuration 

depicted in Fig. 6.4(b), which is the most stable BI in Cr2A1B2.  In Fig. 6.4(c), I plotted the calculated 
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recombination barriers of B FPs in M1B1 (circle, blue) and M2A1B2 (circle, red).  In all the tested systems, 

the recombination barriers of B FPs are lower in M1B1 compared with the corresponding M2A1B2 ternary, 

and in most of the binaries (except for HfB and ZrB), the B FP recombination is barrierless.  The 

barrierless or very low barrier processes in M1B1 are attributed to the fact that in M1B1 the BI and VB are 

close enough to each other (see Fig. 6.4(a)).  In contrast, in M2A1B2, the recombination barriers of B FPs 

are mostly higher than 1 eV, except for M = Ni, Rh, Sc where the barrier is around 0.5 eV.  The higher 

barriers in M2A1B2 are likely due to the fact that BI and VB are separated from each other by the M layer 

(see Fig. 6.4(b)), and also because more atoms are required to shift their positions during the 

recombination process.  This result supports our hypothesis that the recombination barriers of B FPs in 

M1B1 are lower than those in M2A1B2.  

It should be pointed out that the recombination barriers of B FPs primarily determine if the B FPs 

can recombine.  For a FP to recombine, either the vacancy or the interstitial has to be mobile, and the 

recombination barrier has to be low enough to be overcome at a given temperature.  From the studies on 

MoAlB, Fe2AlB2, three Cr-B and three Cr-Al-B systems in Chapter 3 and Chapter 5, I found that the VB 

is mobile in the studied systems with the migration energies ranging from 0.50 eV to 0.93 eV, indicating 

that the B FPs can recombine as long as the B FP recombination barrier is low enough.  Therefore, the 

absence of Al layers in M1B1 helps the recombination processes of B FPs by lowering the recombination 

barriers. 
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Figure 6.4 Configuration of B FPs (a) in M1B1 and M3B4 and (b) in M2A1B2 and M3A1B4, with the red 
arrow indicating the recombination path.  (c) Recombination barriers of B FPs in M1B1, M3B4, M2A1B2, 
and M3A1B4.   
 

6.3.3 Absence of Al layers (M3B4) vs. presence of Al layers (M3A1B4) 

In Chapter 5, I also compared Cr3B4 and Cr3AlB4, in which the B networks form B rings, and 

looked into the effects of Al layers on the defect recovery processes.  As reported in Table 5.1 and Table 

5.2, the absence of Al layers in Cr3B4 helps the B FP recombination by removing the recombination 

barrier (i.e., barrierless), whereas the barrier is 0.9 eV in Cr3AlB4.  Based on the finding I hypothesized 

that the recombination barriers of B FPs in M3B4 are lower compared with those in M3A1B4.  I tested the 

hypothesis by calculating the B FP recombination barriers in M3B4 and M3A1B4 with M = Cr, Fe, Hf, Mn, 

Mo, Sc, Ti, V, W, Zr and plotted the results in Fig. 6.4(c).  The same principle we discussed in 6.3.2 

(M1B1 vs. M2A1B2) applies here as well.  M3B4 shares with M1B1 the local environment where B FPs form 

and recombine (Fig. 6.4(a)), and M3A1B4 shares with M2A1B2 (Fig. 6.4(b)).  As shown in Fig. 6.4(c), the 

recombination barriers of B FPs in M3B4 are all barrierless (star, blue) whereas the barriers in M3A1B4 

(star, red) are mostly higher than 1 eV.  As discussed in M1B1 vs. M2A1B2, this difference is attributed to 

the fact that B FPs in the binaries are close enough to recombine each other whereas B FPs in the ternaries 

are separated from each other by the M layers.  
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 Unlike the B FP recombination processes, which are consistent in M1B1 vs. M2A1B2 and M3B4 vs. 

M3A1B4, the effects of Al layers on the migration of MI in M3B4 vs. M3A1B4 are different from M1B1 vs. 

M2A1B2.  In Chapter 5, I discussed the role of the Al layers in Cr3B4 and Cr3AlB4.  In Cr3B4, the most 

stable CrI was found within B rings (Ⓑ in Fig. 6.5(a)) with the migration energy of 1.6 eV, and the second 

stable was found in the Cr layers (Ⓐ in Fig. 6.5(a)) with the migration energy of 0.1 eV.  Their formation 

energy difference (∆𝐸R) was calculated to be 0.7 eV, which necessitates to consider the second stable CrI 

as well as the most stable one.  In Cr3AlB4, the most stable CrI was found in the Al layers (Ⓒ in Fig. 

6.5(b)) with the migration energy of 1.3 eV, and its formation energy is much lower (∆𝐸R = 1.4 eV) than 

the second stable interstitial found in B rings (Ⓓ in Fig. 6.5(b)).  This suggests that when comparing M3B4 

and M3A1B4, one needs to take into account the formation of MI within the B rings (Ⓑ and Ⓓ in Figs. 

6.5(a) and (b), respectively) as well as within the M/A layers (Ⓐ and Ⓒ in Figs. 6.5(a) and (b), 

respectively), which makes it difficult to define a general effect of the Al layers in M3B4 and M3A1B4.  

Hence, I provide the migration energies of MI in M3B4 and M3A1B4 (M = Cr, Fe, Hf, Mn, Mo, Sc, Ti, V, 

W, Zr) to show the effect of the Al layers in each system, rather than trying to find a general trend in the 

effects of the Al layers.  In Fig. 6.5(c), I plotted the migration energies of the most stable interstitials in 

M3B4 and M3A1B4, and the migration energies of the second stable interstitials only if ∆𝐸R between the 

most and second stable interstitials is smaller than 0.7 eV.  Note that in M3B4, depending on M, the most 

stable MI could form in either Ⓐ or Ⓑ in Fig. 6.5(a), whereas in M3A1B4, the most stable MI is always 

found at Ⓒ in Fig. 6.5(b).  With M = Hf, Sc, Ti, V, W, Zr, the migration energies of MI are lower in 

M3B4, i.e., the absence of Al layers help lower the migration energies of MI.  In contrast, with M = Cr, 

Fe, Mn, and Mo, the presence of Al layers helps the MI migration process by lowering the migration 

energies.  In M3B4 with M = Cr and Mo, although the second most stable MI can migrate fast in their M 

layers (Ⓐ in Fig. 6.5(a)), the migration energies of the most stable interstitial formed in their B-ring layers 

(Ⓑ in Fig. 6.5(a)) are higher than in their corresponding MAB phases.  
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Figure 6.5 Locations of the most and the second stable MI in (a) M3B4 and (b) M3A1B4.  (c) Migration 
energies of the stable MI. 
 

6.3.4 Effects of the type of transition metal elements 

 In my previous studies on Fe2AlB2 (Chapter 3) and Cr-Al-B MAB phases (Chapter 5), I found 

that in these systems, the weaker the M-B bonds the lower the B FP recombination barrier.  I hypothesize 

that this trend is general.  To test this hypothesis, I investigate the B FP recombination processes in MAB 

phases with different transition metal elements (and hence, different M-B bond strengths). 

Specifically, I calculated the bond separation energies as a measure of the bond strengths in 24 

MAB phases (M2A1B2 and M3A1B4) and then plotted the bond separation energy against the 

recombination barriers of B FPs.  The results are shown in Fig. 6.6, where we considered the bond 

separation energies of the M-B bond (Fig. 6.6(a)), M-A bond (Fig. 6.6(c)), and B-B bond (Fig. 6.6(d)) in 

M2A1B2 (closed circles) and M3A1B4 (open circles).  The best correlation of the B recombination barrier is 

found with the strength of the M-B bond.  In Fig. 6.6(b), I explain this correlation with the B FP 

recombination processes in M2A1B2 and M3A1B4.  When BI is moving toward a VB site to recombine, 

nearby atoms need to move aside to make room for the interstitial.  During this process, the stronger (or 

stiffer) the bond, the higher the energy cost required to move the neighboring atoms, which makes the 
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recombination barrier higher.  Therefore, it can be expected that MAB phases with weaker M-B bonds 

will likely have a lower recombination barrier of B FPs, as we found (e.g., Ni2AlB2 in Fig. 6.6(a)). 

 

 
 

Figure 6.6 (a) B FP recombination barriers (ER) versus M-B bond separation energies (EB), (b) schematic 
picture of B FP recombination process in M2A1B2 and M3A1B4, (c) ER versus M-A bond separation 
energies, and (d) ER versus B-B bond separation energies. 
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6.3.5 TMBs in nuclear reactor applications 

I have so far discussed the hypotheses regarding the defect recovery processes in binary TMBs 

(M1B1, M3B4) and ternary TMBs (M1A1B1, M2A1B2, M3A1B4).  It is interesting to consider how the defect 

recovery processes could be related to applications of the TMBs.  In nuclear reactor applications, where 

defects are induced by radiation, the defects have to be recovered in order to maintain the crystalline 

structure and the properties of materials that depend on defect densities.  Here, based on the kinetic data, I 

consider possibility of M1B1, M3B4, M2A1B2 and M3A1B4 as materials for nuclear reactor applications.  I 

exclude M1A1B1 because of the clear impact (i.e., unstable MI) of the two-Al-atomic layers in M1A1B1 

discussed in 6.3.1.  In Fig. 6.7, I plotted the defect kinetics data discussed in this Chapter: the migration 

energies of MI and the recombination barriers of B FPs.  Note that the migration energy of MI and the 

recombination barrier of B FPs are likely the key factors controlling the defect recovery processes, as 

discussed in 6.3.2 and 6.3.3. 

 

 
 
Figure 6.7 Summary of the defect kinetics values that control the recovery processes of radiation-induced 
defects in the TMBs: M1B1 (green), M3B4 (magenta), M2A1B2 (red), and M3A1B4 (blue). 
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Based on Fig. 6.7, in Table 6.1 I tabulated the systems where the FPs are expected to recover at 

typical temperatures of nuclear reactors (e.g., supercritical water-cooled reactor, light water reactor) in 

operation.  In order to determine whether a defect is able to be recovered at a given temperature, I 

calculated the hopping rate with the pre-exponential factor of 1013 s-1 assuming that it has to move at least 

1 nm over a reasonable time period (here assumed to be 60 s), and I indicate the temperatures next to the 

corresponding energies in Fig. 6.7.  For instance, at 423 K, FPs in CrB are likely recombined, since Cr 

FPs can be removed by the fast CrI migration and B FPs are allowed to recombine due to the low B 

recombination barrier.  On the other hand, in Cr2AlB2, CrI is immobile at 423 K and the B FP 

recombination barrier is too high to be overcome at the temperature.  Although many of the binary TMBs 

and some of ternary TMBs are found promising in terms of their defect recovery processes, as shown in 

Table 6.1, one should consider not only the radiation-induced defect recovery processes but the oxidation 

resistance of materials for nuclear reactor applications.  It is generally known that binary TMBs exhibit 

poor oxidation resistance, especially at high temperature compared with ternary MAB phases143,161.  

Therefore, I rather focus more on the ternaries in Table 6.1 where FPs are expected to easily recombine, 

which are Cr2AlB2, Cr3AlB4, Fe2AlB2, Fe3AlB4, Ni2AlB2, Rh2AlB2, Sc2AlB2, and Tc2AlB2.  Considering 

the cost of the metals, Cr2AlB2, Cr3AlB4, Fe2AlB2, Fe3AlB4 and Ni2AlB2 would be most promising.  In 

fact, in Chapter 3 and Chapter 5, Fe2AlB2 and Cr3AlB4 have been already experimentally found to have a 

good resistance to radiation-induced amorphization144. 
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Table 6.1 Binary and ternary TMBs where FPs are expected to easily recombine at each temperature. 
M 423 K 600 K 
Cr M1B1 M1B1, M2A1B2, M3A1B4 
Fe M1B1, M2A1B2, M3A1B4 M1B1, M3B4, M2A1B2, M3A1B4 
Hf M1B1, M3B4 M1B1, M3B4 
Mn M1B1 M1B1 
Mo M1B1, M3B4 M1B1, M3B4 
Ni M1B1, M2A1B2 M1B1, M2A1B2 
Rh M1B1, M2A1B2 M1B1, M2A1B2 
Ru M1B1 M1B1 
Sc M1B1, M3B4 M1B1, M3B4, M2A1B2 
Tc M1B1 M1B1, M2A1B2 
Ti M1B1, M3B4 M1B1, M3B4 
V M1B1, M3B4 M1B1, M3B4 
W M1B1, M3B4 M1B1, M3B4 
Zr M1B1, M3B4 M1B1, M3B4 

 

6.4 Conclusions 

I investigated the defect recovery processes in binary and ternary TMBs considering the four 

topics: (1) the effects of the number of Al layers on the stability of MI, the effects of Al layers on the 

migration energies of MI and the recombination processes of B FPs (2) in M1B1 vs. M2A1B2 and (3) in 

M3B4 vs. M3A1B4, and (4) the effects of the type of M on the recombination barriers of B FPs.  My DFT 

calculations showed that MAB phases with two-Al-atomic layers (i.e., M1A1B1) cannot accommodate MI, 

which immediately transform to an antisite (MA), whereas MAB phases with one-Al-atomic layers (e.g., 

M2A1B2) can accommodate MI in the Al layers.  I also found that MI migrate slower and the 

recombination barriers of B FPs are higher in M2A1B2 than in the corresponding binary (M1B1).  In M3B4 

and M3A1B4, the impact of Al layers on the migration energies of MI varies depending on the type of M, 

while the recombination barriers of B FPs in M3B4 are always lower than those in M3A1B4.  Based on the 

correlation between the M-B bond and the recombination barrier of B FP in M2A1B2 and M3A1B4, I found 

that having weaker M-B bonds is beneficial for the recombination processes of B FPs in the MAB phases.  

Finally, I analyzed the defect kinetics data to find TMBs promising for nuclear reactor applications in 

terms of defect recovery processes.  Based on this analysis, MAB phases will have defect recovery 
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processes efficient enough to be considered for nuclear reactor applications.  Combined with their good 

oxidation resistance, MAB phases will be promising for nuclear reactor applications.  My study on the 

impacts of the transition metal and the structures on the defect recovery processes will be helpful in 

designing TMBs for applications where defect recovery processes are important. 
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CHAPTER 7 

 

CHARGE-STATE TRANSITION LEVELS OF DEFECTS 

 

The experimental part in this chapter was carried out by Dr. Łukasz Gelczuk and Daria 

Hlushchenko. 

 

7.1 Introduction 

 Transition metal dichalcogenides (TMDs) have been extensively studied for semiconductor 

device applications, due to the direct bandgaps of two-dimensional (2D) TMDs with the general formula 

of MX2 (M = Mo or W; X = S, Se, or Te).  Specifically, 2D TMDs are considered to be promising for a 

variety of electronic, photonic, energy and sensing device applications that are more efficient than cutting 

edge silicon-based devices76,79,83,177.  In addition, depending on their chemical compositions and structural 

configuration, TMDs can cover a wide range of bandgaps through the proper selection of metal and 

chalcogen species.  Also, TMDs are easily combined with other 2D materials such as hexagonal boron 

nitride or graphene to form van der Waals (vdW) heterostructures, revealing unique properties such as 

large in-plane stability and enabling novel applications such as flexible electronics178–181.  

To critically assess TMDs for device applications, it is necessary to consider defects in these 

materials because a finite number of defects is always present and influences material properties and the 

performances of devices.  For instance, Liu et al. reported an enhanced mobility of MoS2-based field 

effect transistors when MoS2 is annealed in sulfur84, and it was expected that the improved device 

performance results from the removal of VS
85.  In addition, when present in high concentration, defects 

significantly affect the electrical properties of materials in that free charge carriers trapped at defect levels 

cause Fermi level pinning at the contacts and affect the type of doping182–184.  Also, Qiu et al. reported that 

the charge transport mechanism of MoS2 in the low carrier density regime is caused by nearest-neighbor 
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hopping through VS-induced localized gap states185.  Therefore, to properly design TMD-based 

applications, it is critical to accurately determine the properties of defects in TMDs, including charge-

state transition levels (CTLs).  

The CLTs of defects in TMDs have been studied experimentally85,186–196 and computationally86–

88,182,183,197, mostly focusing on MoS2.  Among various defects, VS has been found to be the most stable 

intrinsic defect85–87 in both bulk and 2D MoS2, and computational studies have focused on the CTLs of 

VS
86–88.  For example, in a density functional theory (DFT) based study, Komsa et al.87 reported the defect 

chemistry and the CTLs of point defects in bulk and 2D MoS2, and they found that the CTLs of VS are 

similar in bulk and 2D MoS2.  More recently, Tan et al.88 calculated the CTLs of VS in bulk and 2D MoS2, 

utilizing the electrostatic correction for 2D systems developed by Freysoldt and Neugebauer198,199, which 

is considered as the most accurate electrostatic correction to date.  However, none of the previous studies 

has used a method that accurately describes the bandgap to determine the CTLs, leading to difficulty in 

comparing with experimental CTLs, because experimental methods such as deep level transient 

spectroscopy (DLTS) provide information on CTLs referenced to the conduction band minimum (CBM).  

Moreover, considering the importance of the vdW interactions between the layers of bulk TMDs, it is 

critical to carefully choose an approach that is capable of well describing the vdW interactions within 

DFT.  Especially, since the structural parameters, largely influenced by the vdW interactions, play a key 

role in determining the electronic structure and CTLs, use of the most accurate approach is expected to 

yield the best results.  Recently, Tran et al.104 found that rev-vdW-DF2 functional is highly accurate for 

weakly bound solids including TMDs.  Overall, although theoretical CTLs have been reported, as we will 

show later, there have been discrepancies in the reported values and in many cases the predictions have 

not been validated experimentally.  There is thus still room for improving the accuracy and reliability by 

combining state-of-the-art computational methods: selection of an optimized functional, electrostatic 

correction, and use of the correct bandgap87.  

Experimentally, the characterization of defects in TMDs has focused mostly on the intrinsic 

structural properties of MoS2 at the atomic scale using high-resolution transition electron microscopy (HR 
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TEM)85,86,185 or scanning tunneling microscopy (STM)85,186–188.  Experimental investigations on the 

structures are often supported by first-principles calculations, which can help identify the nature of the 

defects.  Indeed, systematic joint experimental-theoretical investigations have provided distinct evidences 

that VS exists in MoS2 and introduces CTLs inside the bandgap85,86,185.  While STM is capable of studying 

both the structural and electronic properties of various types of defects on the surface of TMDs, TEM can 

only visualize the defect structure without providing direct access to the electronic properties of 

individual defects188, such as their activation energy (i.e., CTL) or capture cross-section.  There is also 

distinct inconsistency on the defect types revealed from STM and TEM experiments85,86,185.  These 

problems arise mostly from the unclear differentiation of the STM contrast between the metal and 

chalcogen sublattices and the complicated convolution of electronic and geometric structures188, as well 

as very limited capability in detecting defects beneath the surface196.  Meanwhile, optical spectroscopic 

techniques, e.g., Raman or photoluminescence (PL) spectroscopy are also widely used to characterize 

defects in 2D layered materials, such as graphene or TMDs189–193.  Because the change of Raman features 

with increase in the defect density is less sensitive in TMDs than in graphene, PL spectroscopy appears to 

be a more reliable and sensitive way to examine CTLs in TMDs.  For example, Tongay et al. found a sub-

bandgap emission peak in low-temperature PL spectra of 2D MoS2 after α-particle irradiation, which the 

authors attributed to the emission from the CTLs of VS
190.  Defect-related PL emissions were also 

observed in 2D WSe2
191 and WS2

192,193, attributed by the authors to the recombination of excitons bound 

to different types of native defects, mostly the chalcogen vacancies.  Electrical characterization of defects 

has been limited as well, mainly due to the difficulties in getting good quality electrical contacts to 2D 

TMDs with reduced contact resistance182,183,200.  Recently, significant progress has been made in creating 

high-quality electrical contacts, including use of metallic 2D materials as electrical contacts to 

semiconducting TMDs200.  For example, in MoS2/graphene heterojunction transistors, Kwak et al. found a 

deep donor level using the I-V measurement and related its origin to intrinsic or extrinsic donor sources 

such as VS
194.  
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Despite many previous efforts, CTLs in 2D TMDs are still experimentally unknown or there are 

significant discrepancies between reports.  Moreover, the reported experimental studies are mostly 

devoted to VS in MoS2, and the issue of other native defects (e.g., interstitials, antisites, and/or impurities) 

in other TMDs is generally neglected.  To increase the usability of TMDs in device applications, the 

nature and the energy levels of defects should be well documented for better understanding, as it has been 

done for conventional semiconductors.  Much better compatibility between theoretically predicted and 

experimentally determined CTLs of defects can be obtained from a direct measurement such as DLTS.  It 

is technically challenging to apply DLTS to either bulk or 2D TMDs, owing to many known issues, such 

as requirement of good quality metal-semiconductor junction, high leakage currents, low series resistance, 

and a sufficient width of the depletion region182–184,195,196.  We have recently reported a successful usage of 

DLTS for the direct probing of deep-level defects in bulk MoS2 vdW crystal195.  Standard DLTS 

temperature spectra revealed a single deep-level trap with the energy position inside the bandgap (~0.35 

eV below from the CBM, very close to the values previously reported for VS
86,190,193).  More recently, Ci 

et al. have also reported the results of DLTS and current transient spectroscopic (CTS) studies of deep 

levels in exfoliated multilayer MoS2, WS2 and their alloys, such as Mo1-xWxS2
196.  For MoS2 the authors 

found two DLTS peaks of majority carrier traps at ~0.3 eV and ~0.4 eV.  By combining the DLTS/CTS 

results with DFT calculations and STEM imaging or photoconductivity measurements, the authors 

identified one trap as VS and another as a metastable DX center196.  

In this chapter, we study the CTLs of native point defects in 2H-MX2 (M = Mo or W; X = S, Se, 

or Te) experimentally and computationally in a consistent fashion.  By combining state-of-the-art 

computational methods (which include optimized functional, electrostatic correction, and band 

alignment), we establish an accurate method to predict the CTLs of native point defects in the bulk MX2.  

Simultaneously, we experimentally measure the defect levels using DLTS, which is a high-frequency 

capacitance transient technique, considered as a direct and accurate way to measure the CTLs of defects 

in semiconductors201.  Finally, with the use of the computational methods validated by the DLTS 
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experiments in the bulk TMDs, we predict the CTLs of native point defects in the 2D TMDs and compare 

the results with the calculated CTLs in the bulk systems. 

  

7.2 Methods 

The bulk TMDs used in this chapter were commercially available vdW crystals (supplied by HQ 

Graphene), except for MoS2 (obtained from 2D Semiconductors).  Multilayer (~ 200µm thick) MoS2, 

MoSe2, MoTe2, WS2, and WSe2 have a typical lateral size of about 5 mm, parallel to the hexagonal lattice 

plane.  For DLTS and other temperature-dependent electrical measurements, the samples were mounted 

on a high quality (~0.8mm thick) printed circuit board holder with copper tracks, designed specifically for 

our cryostats.  Au and Ni circular contacts (~0.1 mm2 area), deposited on the top of each sample through a 

shadow mask in vacuum by electrolithography, were used as a Schottky barrier contact, and a large area 

(10-12 mm2) Au bottom electrode was used as an ohmic contact.  The ohmic contact was additionally 

annealed at 350 °C in Ar atmosphere to ensure nonrectifying electrical conductivity through the metal-

semiconductor junction (i.e., ohmic-like behavior). 

We used a hand-made Laplace DLTS system, designed to measure electrical characteristics (i.e., 

LDLTS, DLTS, I-V, and C-V curves) of semiconductors in a wide temperature range.  The samples were 

mounted in a liquid-nitrogen-cooled Janis VPF-475 cryostat, where the temperature is precisely tuned by 

Lakeshore 331 temperature controller within the range of 80K to 480K.  High-frequency capacitance 

transients were measured by means of Boonton 7200 capacitance bridge, operating at the frequency of 1 

MHz and the AC voltage with the amplitude of ~30mV superimposed onto the DC reverse bias.  In turn, 

the current-voltage characteristics were measured by 2601 A Keithley source measure unit instrument. 

For consistency, the DLTS measurements were performed at the same bias conditions (i.e., the 

steady-state small reverse bias VR = −1 V and the filling pulse voltage (VP)), which reduces the reverse 

bias to 0V and allows the traps to be filled with free electrons.  Next, the capacitance transients related to 

the emission of majority carriers from the deep-level traps in the depletion region were recorded.  The 

width of the filling pulse (tP) was set to 1 ms and the emission rate window (RW) was equal to 50 sec-1.  
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For such measurement conditions, the capacitance difference within the specified RW (i.e., DLTS signal) 

reaches the maximum at a specific temperature.  In our DLTS system, a positive signal indicates that all 

the visible peaks correspond to the majority carrier traps with the energy levels measured from the CBM. 

The energy position (ET) of a CTL in relation to the CBM (EC), called activation energy 

(Ea = EC − ET), and the apparent capture cross-section (𝜎n) can be determined on the basis of the detailed 

balance equation201,202: 

𝑒9 = 𝜎9𝑉+f𝑁Gexp k
g)@g*
a(b

l,                                                        (7.1) 

where en stands for the thermal emission rate of electrons from a deep-level into the conduction band at 

temperature T, vth is the thermal velocity of the electrons, NC is the effective density of states in the 

conduction band, and kB is the Boltzmann’s constant.  Considering vth ∝ T1/2 and NC ∝ T3/2 and assuming 

the temperature independence of the capture cross section, Eq. 7.1 becomes a linear equation in the 

coordinate of ln(en,p/T2) vs. 1/T: 

ln k.+
b!
l = kg)@g*

a(
l 5
b
+ ln(𝐾𝜎9),                                                     (7.2) 

where K is a known constant dependent on the electron effective mass.  In the standard approach, this 

type of Arrhenius equation can be plotted by measuring a shift in the DLTS temperature peak position as 

a function of a thermal emission rate.  Therefore, to construct the Arrhenius plots and to calculate the 

parameters of deep-level defects, the DLTS temperature spectra were measured in different rate windows 

with the range of 5 sec-1 to 2000 sec-1 under the same bias conditions.  Ultimately, according to Eq. 7.2 

and from the slope of the Arrhenius plots, one can obtain the activation energy of a deep-level defect, 

while its capture cross section is obtained from the intercept with the ordinate axis. 

We performed DFT calculations using the Vienna Ab-initio Simulation Package110 with the 

projector augmented wave method127.  To optimize the geometry of the six TMDs (MoS2, MoSe2, MoTe2, 

WS2, WSe2, WTe2), different functionals were tested to find the one that most accurately describes the 

experimental lattice constants of the six TMDs.  The tested functionals were PBE+D3102, 

SCAN+rVV10203, rev-vdW-DF2106, PBE+rVV10L204, PBEsol+rVV10s205, optB88-vdW206, and vdW-DF-
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cx207.  We set the plane-wave cutoff energy of 500 eV and Γ-centered Monkhorst-Pack k-point mesh of 

10×10×2 with the energy tolerance of 1 meV/atom128.  From the test of the different functionals, rev-

vdW-DF2 was shown to exhibit the smallest error as compared with the experimentally determined values 

and, therefore, was selected as the functional of choice for the geometry optimization and the total energy 

calculations.  Due to the well-known bandgap underestimation problem, for the band structures, we also 

performed hybrid functional calculations using Heyd, Scuseria, and Ernzerhof (HSE)99 with the fraction 

of exact exchange adjusted such that the calculated bandgap agreed with the experimental bandgap.  The 

total energies of pure systems and defective systems were calculated in 5×5×1 supercells with the k-point 

mesh size of 2×2×2.  Spin orbit coupling was included for all the calculations in this chapter.  For 2D 

calculations, all the computational methods were kept the same as in the bulk calculations in order to 

achieve results consistent with the bulk calculations, only with the k-point mesh reduced to 1 point in the 

direction perpendicular to the layer.  The layers were separated by 25 Å of vacuum to prevent interactions 

between their periodic images.  

The formation energy, 𝐸R[𝑋h](𝐸$), of a point defect X with the charge q was calculated as a 

function of Fermi energy 𝐸$ using the following equation, 

𝐸R[𝑋h](𝐸$) = 𝐸T"T[𝑋h] − 𝐸T"T[pure] − ∑𝑛,𝜇, + 𝑞(𝐸i(![pure] + 𝐸$) + 𝐸PC     (7.3) 

where 𝐸T"T and 𝐸i(! are the total energy and the valence band maximum (VBM) from the DFT 

calculation, respectively, 𝑛, is the number of atoms added or removed as a defect, 𝜇, is the chemical 

potential of the defect element, and 𝐸PC is the electrostatic correction term for the interaction of the defect 

with the periodic images, for which we used the scheme developed by Freysoldt et al.198,199.  

 After calculating the formation energies, a modified band alignment method208,209 was applied to 

correctly locate the CTLs using the following equation, along with the rev-vdW-DF2 calculated energies 

and the HSE calculated band structure, 

𝐸!(&^ = 𝐸^ + 𝐸jkUDT + 𝛽9𝐸l − 𝐸^:     (7.4) 
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where 𝐸!(&^  is the corrected CTL, 𝐸^ is the CTL obtained from Eq. 7.3, 𝐸jkUDT is the VBM difference 

between the rev-vdW-DF2 and HSE calculations, 𝐸l is the HSE bandgap, and 𝛽 is –0.14 as determined 

by Polak et al.209.  

 

7.3 Results and discussion 

7.3.1 CTLs in bulk TMDs 

Our successful prediction of the CTLs is attributed to the combination of state-of-the-art 

computational methods: (1) the selection of the optimized functional, (2) the electrostatic correction, and 

(3) the band alignment.  In order to find a functional that best describes the six TMD systems, we tested 

the different functionals.  Since vdW interactions play a key role in establishing the interplanar separation 

in bulk TMDs, it is expected that functionals that can describe those interactions correctly would perform 

best.  The lattice constants of the six TMDs calculated with rev-vdW-DF2 agree best with the previously 

reported experimental lattice constants104,210–215 and are tabulated along with the dielectric constants and 

the bandgaps in Table 7.1.  Although SCAN+rVV10 has yielded accurate results as well104 and has been 

used to study the CTLs of defects in MoS2
88, when it comes to the six TMDs studied here, we found that 

rev-vdW-DF2 (mean absolute error (MAE): 0.49 %) is slightly better than SCAN+rVV10 (MAE: 

0.64 %).  The lattice constants calculated using the other functionals are provided in 7.5.1.  Note that, as 

expected, the rev-vdW-DF2 calculations underestimated the bandgaps.  The HSE functional was used to 

calculate the bandgaps, as it is regarded as the most suitable for calculating bandgaps.  To allow the most 

accurate comparison with our experimental measurements, the fraction of exact exchange used in HSE 

was adjusted to precisely reproduce the experimentally observed values of the bandgaps: 0.16 (MoS2), 

0.13 (MoSe2), 0.25 (MoTe2), 0.187 (WS2), 0.18 (WSe2), and 0.18 (WTe2).  For WTe2, we used the 

average of the five other systems, since the experimental bandgap of 2H-WTe2 is not known.  
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Table 7.1 Lattice constants (a and c), dielectric constants (𝜀m and 𝜀∥), bandgaps (Eg) calculated using rev-
vdW-DF2; bandgaps obtained from the HSE calculations; and previously reported experimental bandgaps 
(Exp).  The bulk lattice and dielectric constants were used for 2D calculations as well. 

a, c in Å 
Eg in eV MoS2 MoSe2 MoTe2 WS2 WSe2 WTe2 

a 
c 

3.17 
12.4 

3.30 
13.0 

3.54 
14.1 

3.17 
12.4 

3.30 
13.1 

3.54 
14.1 

𝜀m 
𝜀∥ 

6.56 
15.3 

7.92 
16.9 

10.7 
20.2 

6.10 
13.9 

7.46 
15.4 

9.80 
18.9 

Eg,bulk (rev-vdW-DF2) 
Eg,bulk (HSE) 

Eg,bulk (Exp)216,217 

0.86 
1.23 
1.23 

0.82 
1.09 
1.09 

0.69 
1.00 
1.00 

0.98 
1.35 
1.35 

0.93 
1.20 
1.20 

0.65 
0.97 

- 
Eg,2D (rev-vdW-DF2) 

Eg,2D(HSE) 
Eg,2D (Exp) 

1.65 
1.90 

1.87-1.92 

1.38 
1.57 

1.52-1.58 

0.97 
1.10 
1.10 

1.61 
2.01 

1.98-2.05 

1.28 
1.63 

1.62-1.66 

0.77 
1.15 
1.15 

 

The electrostatic interaction of the defect with its periodic images was corrected using the 

correction scheme developed by Freysoldt et al.198,199, which has been considered the best to date218.  

Recently, the scheme developed by Freysoldt et al. has been extended to the electrostatic interactions in 

2D systems, and it has been applied to 2D MoS2
88.  Because of the documented performance of this 

scheme and the fact that it allows the correction of the electrostatic interaction consistently both in bulk 

and 2D TMDs, we adopted this scheme to study the CTLs of defects.  

  Next, the underestimation of the bandgaps caused by the use of rev-vdW-DF2 was remedied by 

applying a modified band alignment method209, which is modification of the conventional band alignment 

method208.  In this approach, the positions of CTLs as well as the VBM and CBM are shifted based on the 

relative positions of band edges calculated with rev-vdW-DF2 and hybrid functionals (HSE here), with an 

additional bandgap-dependent correction.  The computationally determined CTLs aligned with the 

different band alignment methods are tabulated in 7.5.2 for all the levels experimentally found in this 

study.  Overall, the modified band alignment provides the best matches to the CTLs found in our 

experiments.  

The formation energies of intrinsic point defects in the six bulk TMDs calculated at the 

chalcogen-rich condition are shown in Fig. 7.1.  It has been reported that the most stable defect in MoS2 is 

VS
87.  The same qualitative trend is found in our results not only of MoS2 but also for the other systems, 
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where the chalcogen vacancy is the defect with the lowest formation energy.  In Fig. 7.1 we also show the 

CTLs of intrinsic point defects in the six bulk TMDs, and in Table 7.2, we tabulate the values of the CTLs 

referenced to the CBM, since these are the quantities that are directly comparable to the values measured 

by DLTS.  For VS, only the 0/−1 transitions were found to be inside the bandgap in the bulk systems.  

Note that all the 0/−1 transitions were found close to the CBM.  In addition, we found that the location of 

the 0/−1 transition with respect to the CBM is virtually unaffected by the selection of the metal (M = Mo, 

W): MS2 (0.34-0.36 eV below the CBM), MSe2 (0.12-0.13 eV below the CBM), and MTe2 (0.22 eV 

below the CBM).  The metal vacancy, found to be the second most stable over the broad range of Fermi 

energy in each of the six systems, has three CTLs inside the bandgap: 0/−1, −1/−2, and −2/−3 in all the 

systems.  None of the CTLs of chalcogen interstitial were found inside the bandgap in MoS2, MoSe2, and 

WSe2.  
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Figure 7.1 Defect formation energies and CTLs calculated at the chalcogen-rich condition as a function 
of Fermi energy in bulk (a) MoS2, (b) MoSe2, (c) MoTe2, (d) WS2, (e) WSe2, and (f) WTe2. 
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Table 7.2 CTLs of defects identified in Fig. 7.1 (M = Mo, W; X = S, Se, Te).  The levels are referenced 
to the CBM.  

Defect MoS2 MoSe2 MoTe2 WS2 WSe2 WTe2 

VM 
1.16 (0/−1) 

0.69 (−1/−2) 
0.24 (−2/−3) 

0.8 (0/−1) 
0.44 (−1/−2) 
0.08 (−2/−3) 

0.68 (0/−1) 
0.40 (−1/−2) 
0.15 (−2/−3) 

1.05 (0/−1) 
0.59 (−1/−2) 
0.17 (−2/−3) 

0.91 (0/−1) 
0.49 (−1/−2) 
0.09 (−2/−3) 

0.78 (0/−1) 
0.50 (−1/−2) 
0.24 (−2/−3) 

VX 0.36 (0/−1) 0.13 (0/−1) 0.22 (0/−1) 0.34 (0/−1) 0.12 (0/−1) 0.22 (0/−1) 

MI 
1.0 (+2/+1) 
0.55 (+1/0) 
0.08 (0/−1) 

0.76 (+2/+1) 
0.33 (+1/0) 

0.78 (+2/+1) 
0.43 (+1/0) 
0.06 (0/−1) 

1.03 (+2/+1) 
0.59 (+1/0) 
0.21 (0/−1) 

0.83 (+2/+1) 
0.43 (+1/0) 
0.08 (0/−1) 

0.93 (+2/+1)  
0.57 (+1/0) 
0.15 (0/−1) 

XI None None 0.77 (+1/0) 
0.09 (0/−1) 0.16 (0/−1) None 0.92 (+1/0) 

0.21 (0/−1) 

MX 0.59 (0/−1) 0.91 (+1/0) 
0.33 (0/−1) 

0.93 (+2/+1) 
0.53 (+1/0) 
0.21 (0/−1) 

0.84 (+1/0) 
0.32 (0/−1) 

0.67 (+1/0) 
0.18 (0/−1) 

0.92 (+2/+1) 
0.55 (+1/0) 
0.25 (0/−1) 

XM 0.68 (0/−1) 0.59 (0/−1) 0.59 (0/−1) 
0.10 (−1/−2) 

0.86 (0/−1) 
0.29 (−1/−2) 0.65 (0/−1) 

0.94 (+1/0) 
0.78 (0/−1) 

0.60 (−1/−2) 
0.21 (−2/−3) 

 

In our experiments, high quality synthetic TMD bulk crystals (2H phases) were analyzed with 

DLTS.  Only WTe2 was not considered for further electrical measurements, because the crystal exhibited 

native semi-metallic properties with the typical charge carrier density of ~1020cm-3 215,219.  All the other 

samples were n-type semiconductors, and their Schottky barrier devices were fabricated in order to 

perform DLTS experiments.  The quality of the Schottky diodes has been initially checked by 

temperature-dependent current-voltage (I-V) and capacitance-voltage (C-V) characteristics (provided in 

7.5.3).   
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Figure 7.2 I-V characteristics for the investigated TMDs bulk crystals recorded at 300 K.  
 

Representative examples of the I-V curves of the five TMD-based devices recorded at 300 K are 

shown in Fig. 7.2.  The measurements were performed in the voltage ranging from –3V to +2V with the 

current limit of 10 mA.  The results confirm the presence of Schottky-ohmic contacts with n-type 

conductivity in MoS2, WS2, MoSe2, and Wse2.  Only MoTe2 exhibited high current flow in both 

directions, indicating ohmic-ohmic behavior, which is due to the very high carrier concentration in the 

material, far above 1017 cm-3 (provided in 7.5.3).  At the end, after the rejection of MoTe2 (ohmic 

properties) and WTe2 (semi-metallic), the remaining four TMDs showed reasonable rectifying properties, 

which makes them fully amenable to further studies of deep-level defects by means of a space charge 

technique (i.e., DLTS here).  As the studied samples are n-type, the detected defects are deep donors. 

Figures 7.3(a)-(d) show the standard DLTS temperature spectra of MoS2, WS2, MoSe2, and WSe2.  

As shown in Fig. 7.3, single positive peaks dominate the DLTS spectra of MoS2 and WS2.  These peaks 
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are labelled as A1 and B1, respectively.  Their activation energies are very close to each other, indicating 

the same origin of both traps.  On the other hand, at least three overlapping peaks, labelled as C1-C3 and 

D1-D3, were revealed in MoSe2 and WSe2.  In order to clearly determine the accurate number of peaks 

composing the DLTS signal, we used a standard curve fitting procedure of multiple peaks with a 

Gaussian function (marked with colored solid lines in Fig. 7.3).  

 

 
 
Figure 7.3 Standard DLTS spectra of (a) MoS2, (b) WS2, (c) MoSe2, and (d) WSe2.  The solid lines 
represent the individual peak contribution obtained by the Gaussian fitting, and the numbers indicate the 
obtained energy positions of the CTLs referenced to the CBM. 
 

There have been a number of previously reported theoretical studies on the CTLs in TMDs85–

88,182–185,197.  The CTLs of VS (0/−1) in bulk MoS2 referenced to vacuum obtained from the previous 

studies are approximately −4.75 eV and −4.77 eV87 and −4.6 eV88.  The same values referenced to the 
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CBM, as is most convenient for comparison with the DLTS results, are 0.31 eV and 0.77 eV87 and 0.28-

0.38 eV88.  The authors of Reference87 note that they arrive at two very different values due to the use of 

two different calculation methods.  These two values curiously coincide with experimental studies where 

a deep donor level was found at about 0.27 eV below the CBM in MoS2/graphene heterojunction 

transistors obtained by using the temperature-dependent I-V measurement194, whereas the combination of 

STM and STS methods have revealed a donor level in bulk MoS2 at 0.7 eV below the CBM 186.  This 

suggests that a certain level of ambiguity is still present in both theoretical and experimental literatures.  

Our result of −4.53 eV and 0.36 for VS (0/−1) (referenced to vacuum and the CBM, respectively) 

generally agrees with the values from Reference88 and one of the approaches used in Reference87, 

although here we paid particular attention to account for the experimental bandgaps as well, and therefore 

expect higher reliability of the obtained values than from the other methods.  A more convincing 

argument for the accuracy of our calculations is presented further as follows, where we compare the 

computational results with our DLTS experiments and find a very good agreement. 

 Only a few of the previously calculated defects were confirmed experimentally190–196.  Because of 

its popularity, most of the experimental evidences has focused on the native point defects in MoS2
190,194–

196 and much less has been devoted to defects in other TMDs, such as WSe2
191 and WS2

192,193.  Moreover, 

in most cases the reported CTLs of defects were obtained from indirect measurements, such as PL190–193, 

I-V194 or STS186, with two exceptions of direct studies performed by DLTS195,196.  Especially, PL has been 

extensively used190–193, but the PL estimated CTLs are very diversified and it is difficult to unambiguously 

assign the detected signal to specific defect states.  

Finally, DLTS and CTS techniques were successfully used for direct probing of deep-level 

defects in TMDs.  By analyzing standard DLTS temperature spectra we found a single deep level at 0.36 

eV in bulk MoS2 crystal (~200 µm), which was attributed to VS
195.  Another work, performed by Ci et 

al.196, also revealed a single deep energy level below the CBM in the range of 0.25-0.31 eV in 

mechanically exfoliated multilayer (~50 nm) flakes of Mo1-xWxS2 (x = 0, 0.4, 0.7, 1).  The energy 

positions of the deep level measured by DLTS and CTS in different samples agree well with the previous 
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DFT calculated VS levels86–88.  The authors found also another deep-level defect at about 0.4-0.47 eV in a 

few of the studied samples, which exhibited DX center196.  

As explained above, most of the previous studies considered only chalcogen vacancies when 

establishing the origin of the defect-related properties.  Moreover, most of the experimental values given 

in the previous studies were obtained with methods that do not directly measure the CTLs of defects and 

therefore there is still lack of reliable data to directly validate the computational results.  Therefore, direct 

and accurate experimental determination of the position of CTLs, performed consistently across the entire 

family of TMDs, would be of great value.  Here, our computational predictions of CTLs agree very well 

with our DLTS results, which validates our computational approach and provides understanding of the 

origin of the DLTS results. 

Comparison of data in Table 7.2 and Fig. 7.3 reveals that our calculations predict the DLTS 

results very well.  Specifically, in MoS2, the DLTS signal labeled as A1 found at 0.35 eV below the CBM 

(Fig. 7.3(a)) clearly corresponds to the CTL of VS (0/−1), computationally found at 0.36 eV below the 

CBM.  Also, this result agrees well with a previous DFT study87.  In WS2, a single DLTS peak B1 was 

found with the activation energy of 0.33 eV (Fig. 7.3(b)), which again agrees well with the CTL of VS 

(0/−1) found in our calculations at 0.34 eV below the CBM.  For MoSe2 and WSe2, three deep levels 

were found experimentally.  As shown in Fig. 7.3(c), the DLTS signals C1 (0.15 eV), C2 (0.40 eV), and 

C3 (0.57 eV) found in MoSe2 likely originate from VSe (0/−1), VMo (−1/−2), and SeMo (0/−1) with the 

levels of 0.13 eV, 0.44 eV, and 0.59 eV, respectively.  Similarly, for WSe2 the DLTS spectra revealed 

three peaks, labeled D1 (0.14 eV), D2 (0.52 eV), and D3 (0.59 eV) as shown in Fig. 7.3(d).  These peaks 

correspond, respectively, to the computationally found CTLs of VSe (0/−1), VW (−1/−2), and SeW (0/−1), 

positioned at 0.12 eV, 0.49 eV, and 0.65 eV below the CBM. 

It is worth noting that some of the native defects are not observed in DLTS measurements but in 

general such defects are expected in TMD samples.  The activation energies of these defects obtained in 

the DFT calculations should be very reliable considering the agreement between the experiments and the 
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calculations for those that were observed experimentally.  Such defects can be observed in TMDs 

obtained under different growth conditions or samples bombarded with alpha particles.  

 

Table 7.3 Comparison between the theoretically predicted and the experimentally measured CTLs of 
native point defects in bulk MoS2, MoSe2, WS2, and WSe2, with the corresponding defect natures 
identified by the DFT calculations.  The energy values are referenced to the CBM. 

eV CTLs (DFT) CTLs (DLTS) Defect origin 

MoS2 0.36 0.35 VS (0/−1) 

MoSe2 
0.13 
0.44 
0.59 

0.15 
0.40 
0.57 

VSe (0/−1) 
VMo (−1/−2) 
SeMo (0/−1) 

WS2 0.34 0.33 VS (0/−1) 

WSe2 
0.12 
0.49 
0.65 

0.14 
0.52 
0.59 

VSe (0/−1) 
VW (−1/−2) 
SeW (0/−1) 

 

 The summary of our experimental and computational results is shown in Table 7.3.  In our DLTS 

experiments, we measured the CTLs of defects in MX2 (M = Mo or W; X = S or Se), which agree well 

with our DFT calculations.  The good agreement between our computational prediction and the results 

obtained from DLTS, a direct and accurate experimental method for determining CTLs, suggests high 

reliability of our computational approach. 

 

7.3.2 CTLs in 2D TMDs 

 We now use the same computational method validated on the bulk TMDs to predict defect 

properties in 2D TMDs, which cannot be measured by DLTS.  In Fig. 7.4, we plotted the formation 

energies of vacancies (metal and chalcogen) in the six 2D MX2 (solid) and bulk MX2 (dashed) calculated 

using the DLTS-validated method at the chalcogen-rich condition.  In Table 7.4, we tabulated the CTLs 

of vacancies in the six 2D MX2 identified from Fig. 7.4.  For the metal and chalcogen vacancies, the only 

type of transition found inside the bandgaps is 0/−1 in MoS2, MoSe2, WS2, and WSe2, whereas in MoTe2 

and WTe2 the only transition found inside the bandgaps is +1/0.  For MoS2, our results are in good 
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agreement with earlier computational studies.  Specifically, Tan et al.88 reported the CTLs of VS in bulk 

and 2D MoS2, which are approximately −4.6 eV and −4.5 eV referenced to vacuum, respectively (read 

off the plot in the study88).  The aforementioned values agree well with our results, which are −4.53 eV 

and −4.52 eV for VS in bulk and 2D MoS2, respectively.  

 
 

Figure 7.4 Defect formation energies and CTLs of metal and chalcogen vacancies calculated at the 
chalcogen-rich condition as a function of Fermi energy in 2D (solid) and bulk (dashed) (a) MoS2, (b) 
MoSe2, (c) MoTe2, (d) WS2, (e) WSe2, and (f) WTe2. 
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Table 7.4 Identified CTLs of defects from Fig. 7.4 (M = Mo, W; X = S, Se, Te).  The levels are 
referenced to the CBM.  

Defect MoS2 MoSe2 MoTe2 WS2 WSe2 WTe2 

VM 1.16 (0/−1) 1.20 (0/−1) 0.66 (+1/0) 1.51 (0/−1) 1.56 (0/−1) 0.44 (+1/0) 

VX 0.43 (0/−1) 0.64 (0/−1) 0.96 (+1/0) 0.69 (0/−1) 0.79 (0/−1) 0.66 (+1/0) 

 

It is very instructive to compare the calculated CTLs of defects in the bulk and 2D TMDs, given 

the effects of the reduction in dimensionality on the bandgaps (i.e., indirect bandgaps of bulk transitioned 

to direct bandgaps of 2D in the TMDs).  First of all, we found that, unlike the bulk systems where the 

metal vacancies have many CTLs inside their bandgaps, in the 2D systems the metal vacancies create 

only a single CTL inside the bandgap.  Secondly, previous computational studies by Komsa et al.87 and 

Tan et al.88 reported that the CTL of VS (0/−1) is similar in bulk and 2D MoS2, but the study was carried 

out only for MoS2.  Our calculations agree with their results (the CTL of VS (0/−1) in both bulk and 2D 

MoS2 is around −4.5 eV, referenced to vacuum), and we also found the same trend from VS in WS2 

(−4.20 eV for the bulk and −4.24 eV for the 2D).  However, we found that this conclusion is not general 

as the agreement between bulk and 2D CTLs is not found in the other TMDs (see Fig. 7.4).  

Data shown in Fig. 7.4 and Table 7.4 clearly demonstrates that the reduction in the dimensionality 

of TMDs from bulk to 2D has a significant impact on both the formation energies and the CTLs of native 

defects in relation to vacuum as well as in relation to the CBM.  The significant differences in formation 

energies and CTLs of the same type of defects in bulk and 2D TMDs may explain why epitaxially grown 

samples (i.e., grown as 2D material) and samples exfoliated from bulk crystals (i.e., 2D material obtained 

from a sample grown as bulk) exhibit different optical properties, with the former usually exhibiting 

worse optical and electrical properties193,220,221.  

 

7.4 Conclusions 

 In this chapter, we reported the CTLs of native point defects in TMDs, MX2 (M = Mo or W; X = 

S, Se, or Te) using state-of-the-art computational methods, including DFT calculations with the optimized 
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functional, electrostatic correction, and band alignment.  We also measured the CTLs directly by means 

of DLTS experiments, which agreed well with the computational predictions.  We found that the 

chalcogen vacancy, the most stable defect in each of the six bulk TMDs, creates the 0/−1 charge 

transition inside the bandgap and that the selection of transition metal has only little effect on the position 

of the 0/−1 charge transition.  The very good agreement of experimental and computational results 

validated the computational approach and allowed the identification of the origin of the experientially 

found defect levels.  The same computational approach was then used to calculate the CTLs of defects in 

2D TMDs.  Our computational results shed light on the defect properties in 2D TMDs, which is 

experimentally not feasible.  In addition, by comparing the bulk and 2D TMDs data, we found the 

significant differences in the trends of the CTLs of defects in the bulk and 2D TMDs.  This joint 

computational and experimental work provides the validated and consistent data regarding the CTLs of 

defects in bulk and 2D TMDs and their chemical trends, and it also suggests a relatively inexpensive 

computational strategy for accurately determining the CTLs of defects in TMDs.  This work may aid in 

properly designing and fabricating TMD-based applications. 
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7.5 Supplementary Information 

7.5.1 Optimized lattice parameters calculated using different functionals  

 

Table 7.S1 Lattice parameters (Å) calculated using the different functionals and the experimental lattice 
parameters from references 104,210–215.  The average error of the calculated lattice constants compared with 
the experiments is in parenthesis.  z indicates the vertical distance between M and X within a MX2 layer. 
  MoS2 MoSe2 MoTe2 WS2 WSe2 WTe2 

Experiments 
a 3.15 3.29 3.52 3.15 3.28 3.60 
c 12.30 12.93 13.96 12.32 12.96 14.18 
z 1.57 1.67 1.80 1.57 1.67  

optB88-vdW 
(MAE: 1.80 %) 

a 3.19 3.33 3.57 3.19 3.33 3.61 
c 12.44 13.17 14.25 12.52 13.23 14.60 
z 1.57 1.68 1.81 1.58 1.53 1.82 

PBE+D3 
(MAE: 1.01 %) 

a 3.14 3.27 3.49 3.15 3.28 3.50 
c 12.08 12.72 13.66 12.11 12.78 13.76 
z 1.57 1.68 1.82 1.58 1.69 1.83 

PBE+rVV10L 
(MAE: 1.75 %) 

a 3.12 3.24 3.46 3.12 3.25 3.46 
c 11.87 12.58 13.57 11.97 12.64 13.64 
z 1.57 1.69 1.83 1.59 1.70 1.84 

PBEsol+rVV10s 
(MAE: 3.02 %) 

a 3.08 3.20 3.40 3.08 3.20 3.40 
c 11.56 12.24 13.28 11.62 12.34 13.33 
z 1.57 1.68 1.83 1.58 1.70 1.84 

rev-vdW-DF2 
(MAE: 0.49 %) 

a 3.16 3.30 3.54 3.17 3.30 3.54 
c 12.35 13.04 14.05 12.42 13.06 14.11 
z 1.57 1.67 1.81 1.57 1.68 1.82 

SCAN+rVV10 
(MAE: 0.64 %) 

a 3.16 3.29 3.50 3.16 3.28 3.49 
c 12.22 13.02 14.06 12.20 13.05 14.10 
z 1.55 1.68 1.81 1.58 1.69 1.82 

vdW-DF-cx 
(MAE: 2.34 %) 

a 3.22 3.36 3.61 3.21 3.36 3.61 
c 12.85 13.45 14.58 12.77 13.50 14.64 
z 1.57 1.68 1.81 1.58 1.69 1.82 

HSE 
(MAE: 3.52 %) 

a 3.15 3.28 3.51 3.15 3.28 3.51 
c 13.44 14.03 15.14 13.83 14.39 14.89 
z 1.55 1.65 1.79 1.56 1.66 1.80 
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7.5.2 Adjustment of the CTLs using the band alignment methods 

Table 7.S2 CTLs (in eV, below the CBM) with respect to the different band alignment methods for the 
experimentally found levels, along with the DLTS result for comparison.  

 
 

Band alignment 

MoS2 WS2 MoSe2 WSe2 
VS 

(0/−1) 
VS 

(0/−1) 
VSe 

(0/−1) 
VMo 

(−1/−2) 
SeMo 

(0/−1) 
VSe 

(0/−1) 
VW 

(−1/−2) 
SeW 

(0/−1) 

Not aligned 0.45 0.45 0.21 0.48 0.62 0.25 0.57 0.71 

Conventional 0.30 0.27 0.10 0.37 0.51 0.09 0.41 0.55 

Modified 0.36 0.34 0.13 0.44 0.59 0.12 0.49 0.65 

DLTS 0.35 0.33 0.15 0.40 0.57 0.14 0.52 0.59 

 

7.5.3 Temperature-dependent I-V characteristics 

 
 
Figure 7.S1 I-V characteristics of MoS2, WS2, MoSe2, and WSe2 recorded at the temperature ranging 
from 100K to 450K. 
 

-3 -2 -1 0 1 2
10-11

10-10

10-9

10-8

10-7

10-6

10-5

10-4

10-3

10-2

10-1

MoSe2

 

 

C
ur

re
nt

 (A
)

Voltage (V)

Temperature:
 100K
 150K
 200K
 250K
 300K
 350K
 400K
 450K

-3 -2 -1 0 1 2
10-11

10-10

10-9

10-8

10-7

10-6

10-5

10-4

10-3

10-2

10-1

WSe2

 

 

C
ur

re
nt

 (A
)

Voltage (V)

Temperature:
 100K
 150K
 200K
 250K
 300K
 350K
 400K
 450K

-3 -2 -1 0 1 2
10-12

10-11

10-10

10-9

10-8

10-7

10-6

10-5

10-4

10-3

10-2

Temperature:
 100K
 150K
 200K
 250K
 300K
 350K
 400K
 450K

 

 

C
ur

re
nt

 (A
)

Voltage (V)

WS2
-3 -2 -1 0 1 2

10-11

10-10

10-9

10-8

10-7

10-6

10-5

10-4

10-3

10-2

Temperature:
 100K
 150K
 200K
 250K
 300K
 350K
 400K
 450K

 

 

C
ur

re
nt

 (A
)

Voltage (V)

MoS2



 

 

121 

Table 7.S3 Main electrical parameters obtained from the I-V-T characteristics at selected temperatures. 
 Temperature (K) MoS2 MoSe2 WS2 WSe2 

Ideality factor 
n (a.u.) 

100 6.55 4.25 2.23 3.46 
200 3.90 2.59 3.45 2.94 
300 2.03 2.15 4.07 2.79 
400 1.56 1.96 4.24 2.14 

 
Series resistance 

Rs (Ω) 

100 98.1k 642 569.5k 310.3k 
200 13.1k 106.5 30.1k 27.8k 
300 2.4k 57.5 2.1k 5.5k 
400 822.2 40.7 466.7 173.9 

Schottky barrier height 
SBH (eV) 

100 0.26 0.19 0.30 0.26 
200 0.43 0.38 0.49 0.45 
300 0.61 0.53 0.66 0.60 
400 0.77 0.65 0.80 0.69 
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CHAPTER 8 

 

SUMMARY AND FUTURE WORKS 

 

8.1 Transition metal borides 

 I discussed the defect behavior in transition metal borides (TMBs), focusing on the key energies 

that control the defect recovery processes, based on the results of density functional theory (DFT) 

calculations.  In Chapter 3, Fe2AlB2 was experimentally found to be more tolerant to radiation-induced 

amorphization than MoAlB.  I rationalized the experimental results based on the defect stability and its 

impact on the defect recovery processes.  In MoAlB, which has two-Al-atomic layers, Mo interstitials are 

not stable in the Al layers and immediately transform to antisites that are not mobile and do not easily 

react with other defects, which are detrimental for the defect recovery processes.  In Fe2AlB2, which has 

one-Al-atomic layers, Fe interstitials are stable and mobile in the Al layers and easily recombine with Fe 

vacancies, contributing to the efficient defect recovery processes.  In Chapter 4, I introduced the Cr-based 

binary TMBs (CrB, Cr3B4, Cr2B3) and the ternary MAB phases (Cr2AlB2, Cr3AlB4, Cr4AlB6), wherein the 

type of B networks and the presence/absence of the Al layers play a key role in the defect recovery 

processes.  I found that increasing the number of B rings in the B networks leads to lower formation 

energies and higher concentrations of Frenkel pairs (FPs).  The result is attributed to the weakening of Cr-

B bonds with increasing the number of B rings, leading to the reduction in the formation energies of Cr 

and B vacancies.  I also discussed the tolerance to radiation-induced amorphization of the Cr-based TMBs 

in Chapter 5.  In our experiments, the order of the tolerance to radiation-induced amorphization was, from 

high to low, CrB, Cr3AlB4, Cr3B4, Cr4AlB6, and Cr2AlB2 at 150 °C and 0.5 dpa, and Cr3AlB4, CrB, Cr3B4, 

Cr4AlB6, and Cr2AlB2 at 300 °C and 1.0 dpa.  I explained the experimental results based on the structure-

dependent defect recovery processes.  I found that in MAB phases, B FP recombination is largely 

dependent on the type of B networks, with the most efficient recombination found in the one-B-ring 
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structure.  I also found that the Al layers in MAB phases prevent B FPs from recombining, whereas the 

effect of the Al layers on the Cr FP recombination differs by the type of the B networks.  In Chapter 6, I 

generalized the findings from the studies on MoAlB, Fe2AlB2, Cr-B and Cr-Al-B systems and developed 

the design rules by testing the different types of TMBs with different metal elements.  In M1A1B1, which 

has two-Al-atomic layers, M interstitials are unstable and form antisites that are detrimental for the defect 

recovery processes, whereas in M2A1B2, which has one-Al-atomic layers, M interstitials are stable in the 

Al layers.  The absence of Al layers in the binary TMBs (i.e., M1B1, M3B4) helps the recombination of B 

FPs by lowering the recombination energy barriers.  As for the effects on the recombination of M FPs, the 

absence of Al layers helps lower the migration energies of M interstitials when TMBs have one-B-chain 

layers (i.e., M1B1 and M2A1B2), whereas the effects of the Al layers depend on the type of transition 

metals when TMBs have B-ring layers.  I also found the correlation that the weaker the M-B bonds, the 

lower the B FP recombination barriers in M2A1B2 and M3A1B4.  My studies suggest that MAB phases will 

be promising in applications that involve radiation, while providing the design rules for TMBs with 

efficient defect recovery processes. 

Based on the set of the studies on the TMBs, I propose future studies on the design of TMBs for 

extreme environment applications (e.g., radiation, high temperature, and/or oxidation).  The general 

trends found in the TMBs can be applied to the design of high entropy borides (HEBs).  HEBs are a type 

of layered ultra-high temperature ceramics and consist of several mixing transition metal elements bonded 

to the B networks.  Among the types of HEBs discovered222,223, hexagonal layered HEBs with the general 

formula of MB2 (M indicates mixing transition metal elements here; B = B) are of particular interest in 

that their hardness and oxidation resistance are found to be generally higher or better than the average 

performance of the individual metal diborides223.  The key design strategy I propose here is the selection 

of different transition metal elements, each of which possesses its own outstanding properties and 

collectively contribute to the overall properties of the designed HEB.  For instance, considering desirable 

properties of materials for nuclear reactor applications, HEBs may be designed with a set of transition 

metal elements that collectively exhibit stability at high temperature, efficient defect recovery processes, 
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and good oxidation resistance.  The stability at high temperature would be likely achieved by including 

transition metal elements expected to form strong M-B bonds (e.g., Ti, Zr, Hf).  Including transition metal 

elements expected to form weak M-B bonds (e.g., Ni) would likely contribute to efficient defect recovery 

processes of the HEBs.  In addition, adding elements known for outstanding oxidation resistance (e.g., 

Ta) would be beneficial for the oxidation resistance of the designed HEBs.  

 

8.2 Transition metal dichalcogenides 

I discussed the defect properties in transition metal dichalcogenides (TMDs), focusing on the 

formation energies and the charge-state transition levels (CTLs) of native point defects in MX2 (M = Mo, 

W; X = S, Se, or Te).  I applied a joint experimental and computational strategy to accurately determine 

the CTLs in two-dimensional (2D) MX2 using deep level transient spectroscopy (DLTS) and DFT 

calculations with the optimized functional, electrostatic correction, and band alignment.  I calculated the 

CTLs and the formation energies of defects in bulk MX2 and compared them with the results of DLTS 

experiments.  The very good agreement between the experimental and computational results validated the 

computational approach and allowed the identification of the nature of the experimentally found CTLs.  

The validated computational approach was then used to determine the CTLs in 2D MX2, for which DTLS 

is very challenging.  By comparing the bulk and 2D MX2 data, I found the considerable effects of the 

reduction in the dimensionality (i.e., bulk to 2D) on the CTLs in MX2.  My study provides the validated 

and consistent data regarding the CTLs of native point defects in bulk and 2D MX2 and their chemical 

trends, and it also suggests a reliable computational strategy for accurately determining the CTLs in 2D 

MX2.  This work may aid in properly designing and fabricating TMD-based applications. 
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