First Principles-based Thermokinetic Modeling of

Steels and Ni Alloys for Nuclear Applications

By

Leland Barnard

A dissertation submitted in partial fulfillment of the

requirements for the degree of

Doctor of Philosophy

(Materials Science)

at the
UNIVERSITY OF WISCONSIN-MADISON

2013

Date of final oral examination: 12/06/2013

The dissertation is approved by the following members of the Final Oral Committee
Dane Morgan, Associate Professor, Materials Science and Engineering
J. R. Schmidt, Assistant Professor, Chemistry
Kumar Sridharan, Distinguished Research Professor, Engineering Physics
Izabela Szlufarska, Associate Professor, Materials Science and Engineering
Xudong Wang, Assistant Professor, Materials Science and Engineering
George Young, Advisory Scientist, Knolls Atomic Power Laboratory



Abstract

The objective of this dissertation was to develop multiscale modeling frameworks for
describing modes of thermal and radiation-induced degradation in steels and Ni alloys for
nuclear applications. The development of these models was performed according to the
following general method: first, electronic structure calculations were performed to obtain key
atomistic energies and insights. These calculations then formed a foundation for atomistic
simulations and continuum level models used to describe microstructural processes of interest.
The results of these models were compared to experimental measurements, and used to identify
the fundamental mechanisms underlying the observed material phenomena.

This approach was applied to three distinct topics. The first is the theory and prediction
of radiation induced segregation in the Ni-Cr and Fe-Cr systems. In this subproject, the
modeling effort yielded an important new understanding of the role of interstitial diffusion in
radiation induced segregation. The effects of defect annihilation kinetics at grain boundaries
were also examined. The second topic was the kinetics of the disorder-order phase
transformation in Ni-Cr alloys. This project resulted in a physics-based model for describing the
phase transformation that shows good agreement with both atomistic simulations and
experimental measurements. The predictions of this model indicate that this phase
transformation may be of serious concern in Ni-Cr alloys near the Ni,Cr stoichiometry during
very long service lifetimes. Finally, the third topic was the evolution of oxide nanoprecipitates
in nanostructured ferritic alloys. The key results of this effort were a better understanding of
nanoprecipitate coarsening mechanisms and the effects of alloy composition on nanoprecipitate

size distribution. The predictions of this model also indicate that the nanoprecipitates in



nanostructured ferritic alloys should be thermally stable for as long as 80 years at proposed
operating temperatures. In all three projects the first principles-based foundation provided by the
electronic structure calculations allowed the resulting models to go beyond empirical fitting, and

to provide understanding of the mechanisms underlying the microstructural processes of interest.
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Chapter 1: Introduction

1.1 Project summary

The material integrity of the structural components of a nuclear reactor is among the most
significant issues facing advancements in nuclear power technology, and is often the limiting
factor for plant construction and operating costs, safety, and reactor operational lifetimes.
Replacement of some components is costly, often requiring a shutdown of the reactor, and
certain components such as the reactor pressure vessel are non-recoverable. A more complete
understanding of the microstructural changes that occur in the reactor structural materials during
service could allow for the extension of component lifetimes. Furthermore, it might open
possibilities for the design of new, safer materials that could reduce operational and construction
costs even further.

The discipline of computational materials science offers many tools that can be of vital
assistance toward gaining this fundamental understanding. Material degradation in a nuclear
reactor involves many complex atomic level phenomena, and first principles-based
computational methods such as density functional theory (DFT) can offer key data and
information about these phenomena that are not available by any other means. This information
can then be used as a basis for atomistic simulation techniques such as Monte Carlo or molecular
dynamics to explore kinetic processes that occur on the atomic scale. Finally, the results of these
atomistic techniques form the foundation for higher level models that can be used to predict
material structure and property changes over long time scales and wide ranges of operating
conditions. Such predictions can help guide material selection during reactor design as well as

choices regarding component lifetimes and possible lifetime extensions.



The goal of the research described in this document was to utilize these computational
techniques to explore key modes of material degradation faced during service in nuclear power
applications by Ni-Cr alloys and Fe-Cr nanostructured ferritic alloys (NFA), two of the most
important structural material classes for current and future reactor designs. Specifically, the
focus of this research was the study of the effects of irradiation damage on local alloy chemistry
and microstructural stability at elevated temperature during very long service lifetimes. While
the specific research topics were somewhat disparate in nature, the research methodology for all
topics was conducted broadly using the following ground-up approach:

1. Density functional theory calculations: DFT was employed to calculate key atomic
interactions and migration barriers for irradiation-produced defects in fcc Ni-Cr and bce

Fe-Cr. The data obtained from these calculations as then used to develop models and

simulation tools to predict the effects of irradiation on local chemistry in these alloy

systems. DFT was used to examine the clustering tendencies of metal-oxygen particles in

NFAs. Insights gained from these calculations guided further development of higher

level models for predicting the long time thermal stability of these particles. Finally,

DFT calculations formed the basis of a model for understanding and predicting the order-

disorder phase transformation in Ni-Cr alloys, which may dramatically impact the

mechanical properties of Ni-Cr alloys during very long service lifetimes.

2. Atomistic simulations: Monte Carlo and molecular dynamics simulation techniques
were utilized to explore the dynamics of diffusion and phase transformations on the
atomic scale. These simulations provided crucial mechanistic data and insights into the

processes that dominate thermal and irradiation stability.



3. Continuum level model development: The results of the DFT calculations and
atomistic simulations formed the foundation for higher level model development. These
models were used to better understand and predict the evolution of local alloy chemistry
under irradiation in Ni-Cr and Fe-Cr alloys, and the long term thermal stability of Ni-Cr
alloys and NFAs.

The culmination of this multiscale modeling approach has lead to a significantly improved
understanding of key material degradation phenomena in Ni-Cr alloys and NFAs during service
in nuclear applications.

The body of this document is organized as follows: The remainder of Chapter 1 provides
additional motivation and background information regarding the specific alloys and modes of
degradation that were the focus of this research, as well as a summary of key results. The
following three chapters will focus on the specific technical projects conducted during the
course of this research: Chapter 2 describes on the development of simulation and modeling
tools for understanding and predicting radiation-induced segregation in Ni-Cr and Fe-Cr alloys.
Chapter 3 describes the multi-scale modeling effort toward understanding and predicting the
disorder to order phase transformation in Ni-Cr alloys. Chapter 4 presents the results of DFT
calculations of clustering energetics in NFAs, and details the development of a model
framework for describing the thermodynamic and kinetic aspects of oxide precipitation in said
alloys. Finally, Chapter 5 presents concluding remarks, as well as ruminations on possible

future research efforts.



1.2 Motivation and Background

Structural components in nuclear power systems face operating conditions that are among
the most demanding of any engineering application, as the combination of high temperatures,
corrosive surroundings, and exposure to large doses of radiation creates an environment that is
unique in its potential to damage materials. The development and operation of safer and more
efficient nuclear power systems hinges upon proper selection of materials that can withstand
these harsh conditions. Two prominent material classes for these applications are Ni-Cr alloys
and Fe-Cr ferritic and martensitic steels, in particular nanostructured ferritic alloys (NFAS).
Alloys based on the Ni-Cr binary system demonstrate good strength and toughness at elevated
temperatures, as well as excellent corrosion resistance in aqueous environments. These alloys
are used extensively in light water reactors (LWR) in particular for coolant water piping. Ferritic
and martensitic steels are attractive for nuclear applications due to their high strength and
resistance to swelling, however creep resistance and high temperature strength are often issues of
concern for these materials. A subclass of ferritic steels designed to alleviate these concerns are
NFAs, which are similar to conventional high chromium ferritic and ferritic-martensitic steels
except that they also contain a high density of nanometer-scale oxide particles, typically Y or Y-
Ti oxides. These oxide precipitates impart remarkable creep resistance and high temperature
strength [1]. Additionally, the oxide precipitates provide enhanced resistance to swelling under
irradiation by suppressing the buildup of radiation-produced point defects [2]. This combination
of attractive mechanical properties and irradiation damage resistance has made NFAs an

attractive candidate material class for structural components for proposed fusion applications and



future advanced fission reactor designs, in particular for reactor blanket and fuel cladding
applications in proposed fast reactor concepts [1].

In spite of their many advantages, both these material classes may suffer irradiation-
induced degradation of mechanical properties during operation. Both alloy types utilize large
amounts of Cr, partially to enhance corrosion resistance. However, radiation is known to cause
significant changes to alloy composition near microstructural features such as grain boundaries,
voids, and other interfaces through a phenomenon known as radiation-induced segregation (RIS)
[3]. Significant alteration of alloy chemistry in particular near grain boundaries could impact the
local corrosion resistance and ultimately lead to risk of irradiation assisted stress corrosion
cracking (IASCC) in these alloys [4, 5]. RIS may additionally lead to local phase instabilities
where unexpected secondary phases may appear due to compositional changes, such as the
precipitation of Cr-rich a” phase in NFAs [6]. Understanding and predicting RIS in these alloys
is therefore crucial for determining safe operating conditions and lifetimes.

Even without the special considerations of irradiation conditions, both of these alloys
may exhibit thermally-induced microstructural instabilities on the decades-long time scales of
nuclear reactor lifetimes. The Ni-Cr alloy system exhibits an ordered phase at the stoichiometry
Ni,Cr, however in all engineering alloy grades the fcc matrix phase is a single phase solid
solution. Alloys near this composition may therefore undergo a disorder to order phase
transformation, which can have unexpected and dramatic effects on mechanical properties.
NFAs do not typically exhibit a similar phase transformation, however they are still subject to
risk of thermally activated microstructural degradation. Both the mechanical properties and

irradiation damage resistance of NFAs rely upon the high density dispersion of nanometerscale



oxide particles. During very long service at high temperature these particles may begin to
coarsen, increasing in their mean size and decreasing in number density. Excessive coarsening
of these precipitates would lead to a dramatic loss of creep resistance and high temperature
strength [7, 8]. These thermal degradation effects are readily observable at very high
temperatures, but at nuclear reactor operating temperatures, these phenomena might take decades
to manifest. It is therefore not practical or even feasible to fully explore these processes through
direct experimental measurements. Some kind of model will be necessary to make predictions
about material property changes on the timescale of nuclear reactor lifetimes. The development
of such models was the primary objective of this research, and was accomplished during the
course of three distinct research projects. These projects are specified in the following
subsection.
1.3 Descriptions and key results of research projects
The research described in this document was pursued as three distinct but related
research projects. A brief description and key results of these projects are provided below:
1. Theory and prediction of radiation induced segregation in Ni-Cr and Fe-Cr alloys:
In this project, DFT calculations, molecular dynamics simulations, and diffusion theory
were combined to produce a fully ab initio model of RIS for the first time. Key results
include the identification of underlying RIS mechanisms in Ni-Cr and Fe-Cr alloys,
related in particular to the diffusion of self-interstitial defects.
2. Atomistic modeling of the order-disorder phase transformation in Ni-Cr alloys: The
goal of this project was to develop a model for estimating the timescale of the disorder to

order phase transformation in Ni-Cr alloys, based upon Monte Carlo simulation



techniques. This effort yielded a simple, novel model that accurately describes ordering
kinetics in the Monte Carlo simulations and can closely reproduce experimental data,
with reasonable physical parameters. The predictions of this model indicate that the
disorder-order phase transformation may be of concern under LWR operating conditions,
particularly on the timescales of proposed reactor life extensions.

3. Thermodynamic and kinetic modeling of oxide precipitation in nanostructured
ferritic alloys: This project focused on combining DFT calculations and available
thermodynamic and kinetic data to examine oxide nucleation and growth phenomena in
NFAs. Important results of this project include new insights into oxide nanoprecipitate
nucleation, coarsening mechanisms, and alloy composition optimization.

The subsequent three chapters will describe the background, technical approaches, and results of

these three projects in detail.

Chapter 2: Theory and prediction of radiation induced segregation in Ni-Cr

and Fe-Cr alloys

2.1 Introduction and background

Radiation induced segregation is a microstructural process that occurs under radiation
whereby an initially homogenous alloy will become strongly segregated near microstructural
features such as grain boundaries, voids, or second-phase particles [3, 9]. The root cause of this
phenomenon is the diffusion of radiation-produced atomic defects to these features, which act as
defect sinks. One result of this flux of defects toward defect sinks is the depletion of some alloy
components and enrichment of others in the neighborhood of those sinks, with respect to their

initial pre-irradiation concentrations. A typical example of RIS behavior is illustrated in Fig. 2.1,



which depicts the measured concentration profiles near a grain boundary in an Fe-20Cr-25Ni

alloy irradiated via neutrons [3]. Significant alloy segregation is observed near the grain

boundary.
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Figure 2.1: RIS profiles in an Fe-20Cr-25Ni alloy irradiated to 1.4 dpa at 348 °C (left) and
4.7 dpa at 471 °C (right) via neutrons. From [3].

RIS is of particular concern in Cr containing alloys such as the Ni-Cr based alloys or high

Cr NFAs, both of which are used in modern light water reactors or are candidate materials for

future reactor designs [9, 10]. Cr is added to these alloys in part to provide corrosion resistance

and in Ni-Cr alloys, experimental results indicate that RIS causes Cr to be depleted near grain

boundaries and surface [11], regions where metals are most susceptible to corrosive attack.

Corrosion of metallic components in a nuclear power system can lead to failure by a mechanism



known as irradiation assisted stress corrosion cracking (IASCC) [9, 12], and it is believed that
RIS plays an important role in the susceptibility of Ni alloys to IASCC [9, 13, 14]. In contrast,
RIS appears to cause Cr enrichment in Fe-Cr ferritic steels like NFAs [15, 16]. While corrosion
is not therefore the primary concern with respect to RIS in this system, enrichment of Cr could
lead to local phase separation of the Cr-rich phase o’, causing embrittlement. A simulation tool
that can accurately predict RIS would therefore be valuable for material and reactor design, and
potentially for preventative maintenance in existing reactors as well. An additional motivation
for studying RIS is that it gives fundamental insights into the nature of point defect mobility,
which are at the foundation many aspects of alloy microstructural evolution in nuclear materials.
Many models have been developed to simulate Cr RIS in steels, and most are based on a
rate theory approach pioneered by Wiedersich et al. [17] that numerically solves the coupled
diffusion equations of radiation produced defects and alloy components. An early influential
model was developed by Perks et al [18] that presumes that RIS occurs due to preferential
vacancy migration with one alloy component relative to the others. In this model, as radiation
produced vacancies migrate toward a defect sink, they cause a corresponding net flux of this
alloy component away from the defect sink, resulting in depletion of this component in the
neighborhood of the sink. This process is the vacancy driven component of the inverse
Kirkendall effect. The Perks model also assumes that there is no preferential interstitial
migration, thus as radiation produced interstitials migrate toward a defect sink, they carry no net
flux of any one alloy component and do not alter the alloy composition near the sink. The most
important input parameters for the Perks model are therefore the vacancy diffusivities and

compositions for each of the species in the alloy, as these are the parameters that determine
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which components are enriched or depleted near defect sinks due to RIS. When properly
parameterized, such a model can predict RIS with reasonable accuracy at low and intermediate
temperatures; however it is less successful at higher temperatures. An important modification
was introduced to this model by Grandjean et al [19] and developed in detail for the Fe-Ni-Cr
alloy system by Allen et al [20], resulting in the modified inverse Kirkendall model (MIK). This
model refines the Perks model by including the effects of local composition on the diffusivities
of the alloy species. Compared to the Perks model, the MIK model provides greater fidelity with
experimental results, particularly at elevated temperatures and over a much wider range of alloy
base compositions. The model parameters used in the MIK model are obtained via fitting to
experimental energies and diffusion data, as well as RIS data.

Both the Perks and MIK models were developed and parameterized for fcc based Fe-Ni-
Cr alloys, and similar models have been developed to include other species with success [21].
The success of these models demonstrates the robustness and adaptability of this rate theory
approach, given suitable input parameters. However, obtaining input parameters from
experimental fitting limits the applicability of such models to cases where adequate data is
available. Furthermore, the assumption that RIS is determined by only the vacancy diffusivities
of the alloy species potentially distorts the physics of the true system, as the interstitial
diffusivities of components in an alloy could be very different and potentially play an important
role in RIS [22]. Nastar et al [23] developed a model for RIS in Fe-Ni-Cr alloys that contains
additional mechanisms and different parameterizations than the MIK model. First, unlike the
MIK model, all the parameters for vacancy diffusion were fit to thermodynamic and diffusion

data, and not directly to any RIS data. Contrary to the MIK model, Nastar et al then found it was



11
necessary to include the contribution of interstitial diffusion to RIS to reproduce experimentally
measured segregation. Due to the lack of experimental interstitial diffusion data in Fe-Ni-Cr
alloys, the interstitial diffusion parameters in the model of Nastar et al are obtained via fitting to
RIS data. Nastar et al’s model appears to perform approximately as well as the MIK model in
matching RIS data for Fe-Ni-Cr alloys. The MIK model and the model of Nastar et al thus
demonstrate that multiple interpretations of the underlying physics of RIS can result in different
models that are equally capable of predicting RIS. Because both models rely to some extent on
fitting to RIS data, their capability of accurately modeling RIS data is in itself not sufficient to
demonstrate that either model captures the true parameter values or even dominant physical
mechanisms of RIS. In this work we explore how ab initio density functional theory (DFT)
approaches can help clarify the parameter values and mechanisms relevant for RIS in steels.

DFT is a tool that may be used to determine many parameters needed for modeling both
vacancy and interstitial diffusion with excellent precision [22, 24]. It is possible to develop a
RIS model based upon DFT calculations that includes the effects of both interstitial and vacancy
diffusion without obtaining parameters from experiments. Such a model may therefore provide
new insights or independent corroboration of earlier RIS models that are based on fitting to
experimental data. In this study, a versatile model is developed for simulating RIS that is
adaptable to general thermodynamic and kinetic frameworks. This model is parameterized
exclusively using the DFT-based diffusion parameters of Tucker et al [22] for the Ni-Cr system
and Choudhury et al. for the Fe-Cr system [24]. Through the use of ab initio parameterization

we can avoid a priori assumptions regarding the mechanism of RIS. The resulting model is then
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used to assess the current physical descriptions of RIS, in particular with respect to current
assumptions regarding the role of interstitials.

2.2 Rate theory model for simulating RIS
The rate theory RIS model is based on solving the following set of coupled equations to
obtain 1-dimensional concentration profiles for each of the species in the irradiated binary A-B

alloy system: A atoms, B atoms, single vacancies, and single interstitials [9, 17, 25].

dc, i,
dt dx
(2.1)
dCd = 61<O - RivCVacCInt _CU_d
dt dx

In the above, m refers to metallic species A or B, and d refers to defect species vacancies or
interstitials. C; is the site fraction of species i, J; is the flux of species i, Rj, is the rate coefficient

for recombination of vacancies and interstitials, K, is the radiation dose rate in dpa and ¢ is the

damage efficiency. Throughout this study, we will assume an efficiency of 20%, consistent with
3.2 MeV protons [9]. The radius of recombination is taken to be equal to the first nn distance.
The fluxes J; are evaluated using the following equations [26]

3. Z Z Ld d/und

d=IntVacn=A,B

Vac d/unVac
Vac - Z Z L (2.2)

m=A,B n=A,B

| — Z Z Llnt d:unlnt
nt

m=A,B n=A,B




13

where L is the phenomenological coefficient relating the flux of species m to a driving force
acting on species n through diffusion mediated by defect species d. The driving forces for
diffusion are written here as the gradient in diffusion potentials [26, 27], defined as

Hivae = Hm — Hyac

- (2.3)
/umlnt = :um + ;ulnt

where g; is the chemical potential of species i.

We apply the above set of equations to a physical system that consists of a one
dimensional, semi-infinite metal crystal with an ideal free surface on one side, which acts as a
sink for the radiation induced vacancies and interstitials, emulating a grain boundary. To treat
this system numerically, we discretize the system into lattice planes and evaluate the site fraction
of each species in each lattice plane. The gradients of fluxes and diffusion potentials in Eqns. 2.1

and 2.2 then become finite difference equations, as follows:

ﬂ__ Jin+1_Jin
dx AX

~n ~n ~n- 24
d/umd _ Hypg — /umd1 ( )
dx AX

where g is the diffusion potential of species i in plane n, Jis the flux of species i between

plane n-1 and n, and Ax is the interplanar distance between adjacent close packed planes in the
crystal.
We solve the resulting set of finite difference equations subject to the following set of

boundary conditions [17]. Plane 1 of the system is the first lattice plane and is modeled as an
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ideal flat surface that cannot exchange atoms with the adjacent vacuum, which places the

following constraint on the metallic species in the first plane:
1
3L =0 (2.5)
The surface is modeled as an ideal defect sink, which maintains the concentration of vacancies

and interstitials in plane 1 at their thermodynamic equilibrium values. This imparts the

following condition on defect species in the first plane:

dc?
=0 2.6

The last plane in the system is considered to be in the center of the symmetric system, far enough

from the surface that concentration gradients are zero, and is treated with a mirror boundary

condition:
Jm =0 2.7)

For the initial condition of the system, we set the concentration of the vacancies and
interstitials in all planes equal to their bulk thermal equilibrium concentrations as determined by
DFT calculations [24, 28], and we set the Ni and Cr concentrations equal to their nominal alloy
compositions. We then evolve the system in time using a modified implicit multistep Newton
method, implemented using the DLSODE solver package [29].

The thermodynamic components of the model equations are contained within the
chemical potential terms ;. Following the derivation of Lupis [30] it is possible to derive a set
of chemical potentials for each species in the system from an arbitrary expression of the Gibbs
free energy, provided that it is a function only of the composition of the system. For the system

of A, B, vacancies, and interstitials, the resulting expressions are
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i=B,Int Vac
(2.8)

’ui ‘i:B,Int,Vac i

j=B,IntVac

where G,, is the partial molar Gibbs free energy of the system and &, is the Kronecker delta.

]

For this study, we will utilize the following expression for the free energy:

Gm = CCrCVacWCrVac + C CInt\NCrInt + C:Vac EVac + Clnt EInt + kaZCI In Ci (2.9)

where C; is the mole fraction of species i, E; is the formation energy of defect species i, Wj; is the
1* nn interaction parameter of species i and j. E; and W;; are calculated by DFT [22, 24, 31].
This thermodynamic model is consistent with the calculation of the dilute alloy tracer diffusion
coefficients as determined by Tucker [22] and Choudhury [24], which include the effects of Cr-
vacancy and Cr-interstitial binding.

The diffusion kinetics of the model system are contained in the phenomenological

coefficients LY . To determine values of L¢ from the DFT-based tracer diffusion coefficients

calculated by Tucker and Choudhury, we utilize a method for approximating the
phenomenological coefficients as a function of composition provided by the Manning random
alloy theory [32]. This approach was derived for systems which may be approximated as
random solid solutions, and should be appropriate for Ni-Cr and Fe-Cr alloys in the temperature
range of interest to RIS. Based on the Manning model the concentration dependent
phenomenological coefficients can be expressed in terms of the tracer diffusion coefficients

(assumed constant with composition) as:
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L :[Cidi j 1+ (1_ fo) Cd;

k,T f, D, Cnd,

. e 2.10
Lo - (L-f,)[ CCydid, (210
v f, kaZmCmd;

where C; is the concentration of species i, fo is a correlation factor for diffusion, and d;” is the

tracer diffusion coefficient of species i as calculated by the DFT-based methods detailed in [22]
and [24]. Although Eqgns. 2.10 were derived for vacancy diffusion, a very similar derivation for
interstitial diffusion is provided in [33]. The resulting expressions are identical to Eqgns. 2.10,
except that the interstitial tracer diffusivities from and the interstitial correlation factor are used
instead of the vacancy counterparts.

The use of composition-independent diffusion coefficients places this model at a similar
level of approximation as the Perks model. While the MIK model showed a clear improvement
in accuracy through the inclusion of compositional dependence in the diffusion coefficients,
Perks et al demonstrated that a model based on diffusion coefficients that are constant with
respect to composition could qualitatively capture RIS phenomena in many austenitic alloys
reasonable well. The MIK model demonstrated that composition-dependent diffusion
coefficients are essential for accurately simulating RIS in austenitic alloys across varying base
alloy compositions with a single set of parameters. Neglecting these compositional effects by

using compositionally-independent d. values in Eqgns. 2.10 will therefore limit the applicability

of this DFT-based model with respect to the MIK model or other composition dependent models,

e.g., the model of Nastar et al [23].
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To simulate RIS, we use the chemical potentials provided by Eqns. 2.8 and the
phenomenological coefficients provided by Eqns. 2.10 to parameterize the flux equations 2.2.
We then use these flux equations to solve the rate equations 2.1 according to the finite difference
method and boundary conditions provided in Eqns. 2.4-2.7.
2.3 Qualitative RIS predictions based upon tracer diffusivities

While the numerical solution of Eqns. 2.1 is necessary to make quantitative RIS
predictions, qualitative RIS predictions such as the sign of the segregation for a given species in
a binary alloy may be determined by analysis of the interstitial and vacancy tracer diffusivities of
the alloy species. In conventional Weidersich-type models [17], qualitative RIS behavior is
controlled by the ratios of the interstitial and vacancy diffusivities of the alloy species according

to the following proportionality:

Gia A

AC, oc
A diB de

(2.11)

where AC, is the difference in concentration of species A at the grain boundary relative to the

nominal alloy concentration, and dys is the diffusivity of species s via defect type k. Fig. 2.2

depicts the diffusivity ratios in the Fe-Cr and Ni-Cr alloy system, as calculated by DFT [22, 24].
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Figure 2.2: Interstitial and vacancy diffusivity ratios in Fe-Cr (left) and Ni-Cr (right), as
determined via DFT calculations [22, 24].

From Fig. 2.2 and Eqn. 2.11, it is evident that the DFT-based tracer diffusivities predict that RIS
will tend to cause Cr enrichment in both Fe-Cr and Ni-Cr, driven by faster interstitial diffusion of
Cr with respect to the solute species (Fe or Ni). Furthermore, based on the large differences
between the diffusivity ratios, the effect is likely to be stronger in Ni-Cr leading to more
dramatic segregation. This qualitative prediction contradicts the conventional RIS description,
which typically neglects the effects of interstitial diffusion as unimportant.
2.4 DFT-based RIS model predictions in the Fe-Cr alloy system

In order to validate the model for RIS in Fe-Cr, RIS was examined in an Fe-9Cr model
alloy, irradiated with protons at 400 and 500 °C. Experimental data was collected by Field et al.
[15]. Inthe irradiated materials examined by Field et al., it was observed that the RIS profiles at
grain boundaries were highly sensitive to the misorientation angle of the boundary. Based upon
this observation, the boundary condition of the basic DFT-based RIS model was altered
according to the model of Duh et al. [34] to capture this dependence. This alteration will be

described in the following subsection.
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2.4.1 Modification of the basic model to capture grain boundary angle dependence of RIS
The key difference between the basic model described in Sec. 2.2 and the one

implemented here is the treatment of the sink boundary condition. In the basic model, and in
most other RIS models of this type, the sink is treated as an ideal sink, which allows vacancies
and interstitials to be instantly annihilated when they arrive at the sink. This maintains a defect
concentration near the sink that is equal to the thermodynamic equilibrium concentration in the
bulk. With the modification discussed in this section, an alternative boundary condition
developed by Duh et al [34], which treats the boundary as a grain boundary with a sink
efficiency that is function of grain boundary misorientation angle, was utilized. The boundary
condition alters the sink efficiency where a higher general misorientation angle leads to a higher
sink strength, while low angles and misorientations near high angle coincident site lattice (CSL)
boundaries have a lower sink efficiency. The flux of defects from the first crystal plane into the
grain boundary is modeled explicitly and consequently the concentration of defects near the sink
is not constrained to be equal to the thermodynamic equilibrium value. While the model of Duh
et al. was formulated to treat RIS in FCC Fe-Ni-Cr alloys, with the appropriate selection of
parameters it has been adapted to the BCC Fe-Cr system. Values all necessary physical

constants for simulating RIS in the Fe-9Cr model alloy are provided in Table 1.



Table 2.1: Physical parameters used in the Fe-Cr RIS model. Diffusion parameters
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obtained from an Arrhenius fit to the values calculated by Choudhury et al. [24] from first

principles.

Basic RIS model parameters

Parameter | Notation | Value | Ref.
Pre-exponential factor for Fe interstitial diffusivity d(;f‘Fte 6.59 X107 m?/sec  [24]
Pre-exponential factor for Cr interstitial diffusivity dge, 6.85 x10" m?/sec  [24]
Pre-exponential factor for Fe vacancy diffusivity — dg e 5.92 x10°m?/sec  [24]
Pre-exponential factor for Cr vacancy diffusivity — dyey 5.46 x10° m%/sec  [24]
Activation energy for Fe interstitial diffusivity EF®  036ev [24]
Activation energy for Cr interstitial diffusivity EC 0.27 eV [24]
Activation energy for Fe vacancy diffusivity E;SY  0.77eV [24]
Activation energy for Cr vacancy diffusivity EJS™  0.68eV [24]
Dislocation density Py 5 x10" m* [15]
Grain boundary model parameters

Grain boundary attempt frequency Vo 5.00 x10"% sec®  [24]
Burgers vector b 2.48 x10%m [15]
Shear strength H 86.0 GPa [35]
Poisson’s ratio 1% 0.3 [35]
Grain boundary correlation factor £, £ 05 [34]

Under this modified boundary condition, the rate of annihilation of defects at the sink boundary

is proportional to the flux of defects into the grain boundary and the density of defect

annihilation sites on the boundary. The flux of defects into the grain boundary is determined by

an approximate defect grain boundary diffusion coefficient defined by the following expression

(where d = vacancy or interstitial):

kd a2
de = gdaZZfdgbvozCk exp{_ M]
k

K, T

(2.12)
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where g, is a dimensionless constant which we take to be equal to 1, a is the lattice parameter,
Z is the bee coordination number, 2 is the correlation factor for defect type d in the grain
boundary, v, is the attempt frequency, and y is the specific grain boundary energy. In a
multicomponent system C, is the fraction of component k near the boundary and EX is the
migration activation energy of component k for defect type d. For the parameters g, and f2°

we use approximate values of 1 and 0.5. respectively, as their impact on the model results is very
minor.

From Egn. 2.12 it is evident that as grain boundary energy increases, the grain boundary
diffusion coefficient increases exponentially. Therefore, for very high energy grain boundaries
the flux of defects into the grain boundary is sufficiently fast that the boundary condition
approaches ideal sink behavior. In order to study RIS behavior as a function of grain boundary
angle, it is necessary to cast the grain boundary energy term in Egn. 2.12 in terms of grain
boundary angle. This is accomplished by the grain boundary theory of Read and Shockley [36].
Details and final expressions for grain boundary energy of low angle grain boundaries, high
angle grain boundaries, and special CSL boundaries can be found in [15].

2.4.2 Comparison of model results to experimental measurements

Fig. 2.3 depicts the grain boundary Cr concentration in the Fe-9Cr model alloy irradiated
at 400 °C to 3 dpa with protons as a function of grain boundary angle. The dashed line
corresponds to the DFT-based RIS model prediction, and the solid symbols are the experimental

measurements [15].
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Figure 2.3: Grain boundary Cr concentration in the irradiated Fe-9Cr model alloy, as a
function of grain boundary angle. The DFT-based RIS model predictions are represented
by the dashed line, and the solid symbols represent experimental measurements. From
[15].

While some quantitative discrepancies exist between the model predictions and the experimental
measurements, the qualitative trends of Cr segregation with boundary angle are well captured. In

Fig. 2.4, Cr profiles are depicted for two boundaries for which the predicted and measured Cr

concentration were in good agreement.
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Figure 2.4: Cr concentration profiles near low and high angle boundaries after irradiation
at 400 °C to 2 dpa. Dashed red lines illustrate the Cr concentration profiles predicted by
the DFT-based RIS model, and the solid symbols represent experimental measurements.

From [15].

The shapes of the concentration profiles for the low and high angle boundaries in Fig. 2.4 show
excellent agreement. A limited exploration of the temperature dependence of RIS in Fe-9Cr was
performed by Field et al. as well [15]. Fig. 2.5 presents the predicted and measured Cr
concentration profiles for low angle grain boundaries in the Fe-9Cr alloy irradiated at 400 and

500 °C.
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Figure 2.5: Cr concentration profiles on a 1.9° + 0.5° boundary in the Fe-9Cr alloy
irradiated at 400 and 500 °C to 3 dpa. Model predictions are illustrated by the dashed
lines, while symbol represent experimental measurements. From [15].

From both the model predictions and the experimental measurements in Fig. 2.5, RIS appears to
be slightly reduced at 500 °C with respect to 400 °C. In the model, this is due to an increase in
the thermal equilibrium vacancy concentration at 500 °C compared to 400 °C: at high
temperatures, the equilibrium vacancy concentration begins to overtake the radiation-induced
vacancy concentration, at which point the vacancy concentration gradient near the grain
boundaries starts to disappear. Without this defect gradient, any large local fluctuations in alloy
composition are quickly dispersed and RIS begins to disappear.

According to all model predictions and experimental measurements, RIS appears to cause
Cr enrichment in the Fe-9Cr model alloy. This is in general agreement with most previous RIS

studies in this material system [6, 16]. Based on Fig. 2.2, this Cr enrichment in the model is
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driven by fast Cr interstitial diffusion with respect to Fe. This is substantial evidence that
interstitial diffusion plays an important role in RIS in Fe-Cr, and calls into question the
assumption, made without basis, that interstitial diffusion plays no important role in RIS in Ni-Cr
and Fe-Ni-Cr alloys [20, 37].

The Cr enrichment predicted by the model and observed in experiment is rather modest,
never exceeding about 3 wt%. However, the phase boundary for a-a” decomposition in RIS has
been located at around 10 wt% Cr at 400 °C [38]. Therefore, even if it is not very severe, a local
enrichment of 3 wt% Cr due to RIS could drive this phase transformation in alloys near the Fe-
9Cr composition.

2.5 DFT-based RIS model predictions in the Ni-Cr alloy system

This section examines the results of applying the DFT-based RIS model to the Ni-Cr
alloy system. Model results are compared to experimental measurements of RIS in the Ni-18Cr
model alloy.

2.5.1 Basic RIS model predictions in the Ni-18Cr model alloy

Fig. 2.6 depicts the simulated RIS concentration profiles for a Ni-18Cr model alloy

irradiated to 0.5 dpa at temperatures in the range of 473 — 773 K.  The model predicts Cr

enrichment at all temperatures, contrary to experimental results for this alloy [11].
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Figure 2.6: Cr concentration profiles near a grain boundary predicted by the DFT-based
RIS model in an irradiated Ni-18Cr alloy.

Fig. 2.7 depicts Cr segregation as a function of dose and temperature, as well as experimental
results [11]. For these and all other figures, Cr segregation is defined as the difference between
the concentration at the sink and the nominal alloy concentration, where a positive value
indicates enrichment and a negative value indicates depletion. The Cr sink concentration is
defined as the average Cr concentration in a 2 nm region about the sink. This value differs from
the Cr concentration in the sink plane by 1-2% and is intended to provide an approximation of
the finite measurement width effects that occur in experimental RIS measurements by STEM or

AES [39].
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Figure 2.7: RIS model predictions and experimental measurements [11] of Cr segregation
in a Ni-18Cr alloy. The left figure depicts Cr segregation as a function of dose at 673 K,
while the figure on the right depicts Cr segregation as a function of irradiation temperature
at after a dose of 0.5 dpa.

With this RIS model certain features of the RIS phenomenon are accurately captured, such as
steady state dose and maximum RIS temperature, however the sign of the predicted segregation
does not agree with experimental measurement.

In the Ni-18Cr alloy, the RIS model erroneously predicts Cr enrichment. According to
Fig. 2.2, this result is due to the dominance of fast Cr interstitial diffusion in the model. The
relative contributions of vacancies and interstitials may be clarified by investigating the effects
of interstitial and vacancy diffusion on RIS in the Ni-18Cr alloy separately. The effect of one
type of defect may be isolated by setting the Ni and Cr diffusivities of the other type of defect

equal to one another. For example, to isolate the effect of interstitial diffusion on RIS, we set
do e equal tod* (or equivalently, d2 /d . =1). An analogous operation is performed to
isolate the effect of vacancy diffusion. Fig. 2.8 depicts the Cr concentration profiles at 673 K

and 0.5 dpa produced by the isolated mechanisms of interstitial and vacancy diffusion, as well as

the profile produced by their aggregate effects.
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Figure 2.8: Model predicted Cr profiles at 0.5 dpa and 673 K for the isolated effects of
interstitial and vacancy diffusion, as well as their combined effect.

Vacancy diffusion clearly leads to Cr depletion, while interstitial diffusion causes Cr
enrichment. When their effects are combined, interstitial diffusion dominates and results in
overall Cr enrichment in this set of model calculations.

Fast Cr diffusion by vacancies is often cited as the dominating effect that causes Cr

depletion during RIS in fcc Ni and Fe alloys [18, 20], and adjusting the ratio d2™ /d ™ to be

cr
equal to 1 produces the RIS profile that results from vacancy diffusion alone. However, it is
evident from Fig. 2.8 that invoking the vacancy effect alone in the DFT-based model results in
complete Cr depletion at the sink, whereas much milder Cr depletion is observed experimentally
[11].

The DFT-based RIS model presented here produces qualitatively inaccurate RIS

predictions, and we have considered possible sources of this significant discrepancy. First, we
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investigated the potential role of errors in the DFT calculations used to determine the Cr vacancy
and interstitial diffusivities used in the model (the diffusion energetics for Ni seem to agree well

with experiments [22] so we focus on possible errors associated with Cr). In the multifrequency

approach used in [22], both d_™ and d_./*° are functions of several distinct migration barriers.

To determine whether errors in the determination of these migration barriers can fully account
for the discrepancy between model prediction and experimental measurement, we selected four
of the vacancy migration frequencies (following the conventions of [22] denoted wy, Wy, W3, W)
and four of the interstitial migration frequencies (wg, w;, Wz, W, ") and treated their associated
migration barriers as adjustable parameters. These barriers were selected because they were
found to have the most significant impact on the Cr vacancy and interstitial diffusivities. We
then fit these barriers through a least-squares optimization of the difference between the model
results and the experimental Cr segregation measurements at 473 K, 573 K, 673 K, and 773 K
[11], using the original DFT values from[22] as the initial guesses for these parameters. As we
are fitting eight parameters with only four data points, the resulting fit will likely not be unique.
However, by using the DFT values as initial guesses, we can determine how much these barriers
would need to change to bring the model into agreement with experiment, and whether this
change is within the expected error of the DFT calculations from [22].

Fig. 2.9 depicts experimentally measured Cr segregation as a function of temperature as

well as the results of the best-fit model.
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Figure 2.9: Cr segregation at 0.5 dpa from experimental measurement, from the best fit
model, and the best fit model including the effect of reduced GB enthalpy of formation.

While the agreement with experiment at low temperatures is much better after fitting, the
turnaround in RIS behavior at higher temperature is not captured by the basic model. The MIK
model invokes a locally reduced vacancy formation enthalpy at the sink, which helps
significantly in capturing this effect. Including this effect and using the sink vacancy formation
enthalpy of 1.4 eV as recommended in [11] results in improved model agreement with
experimental measurement. The DFT calculated values of the eight adjustable migration barriers

and their values in the best fit model of Fig. 2.9 are summarized in Table 2.2.
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Table 2.2: Values of the eight migration barriers used as adjustable parameters in the best
fit model as calculated in [10] by DFT, values used in the best fit model of fig. 5, and the
absolute difference between the two values.

Vacancy DFT Fitted Absolute | Interstitial DFT Fitted Absolute
Barrier Value Value Difference | Barrier Value Value Difference
(eV) (eV) (eV) (eV) (eV) (eV)
W1 0.980 0.943 0.037 WR 0.750 0.735 0.015
W5 0.828 0.821 0.007 W) 0.310 0.345 0.035
W3 1.018 0.988 0.030 W3 0.260 0.285 0.025
Wy 1.054 1.061 0.007 Wy’ 0.000 0.016 0.016

The largest difference between the DFT calculated values and the best fit values is 0.037 eV,
while the error in the DFT values associated with convergence alone was estimated in [22] to be
0.035eV. Thus, it is possible to bring the model predictions into agreement with experimental
measurement by adjusting some of the input parameters by an amount commensurate with the
expected error in the DFT parameters. This result serves to illustrate how sensitive the DFT-
based RIS model is to the input parameters, however it does not necessarily demonstrate that
DFT errors are the source of the discrepancy between the model predictions and experimental
measurements. Other sources of error associated with physical mechanisms neglected in the

basic formulation of the model will be explored in subsequent sections.
Fig. 2.10 depicts the ratios do*°/d* and do™/d ™ as a function of temperature for

both the best fitted model and as determined by DFT in [22].
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Figure 2.10: Cr and Ni tracer diffusivity ratios as calculated by DFT in [10] and as
calculated using the best fit model parameters in table 1.

It is important to note that even after adjusting the model input parameters to reproduce
experimental data, the tracer diffusivity ratios for vacancy and interstitials still reflect the
primary conclusions reached in [22]; namely, that Cr diffuses much faster by both vacancies and
interstitials, and the final RIS behavior is the result of the competition between these effects.
Consequently, there is some evidence from this model that interstitials play a significant role in
RIS. However contrary to the model of Nastar et al [23] the effect of interstitials in this model
leads to Cr enrichment, rather than Ni enrichment. Furthermore, the DFT-based RIS model
suggests that the disparity between the Cr and Ni vacancy diffusivities is much larger than has
been proposed in all previous RIS models of which we are aware. Therefore, rather than
corroborating one or more of the previously established Ni-Cr RIS models, the model developed

here represents a significantly different physical description of the mechanisms underlying RIS.
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In the next section, we will consider two additional physical phenomena absent from the
basic DFT-based RIS model that may also contribute to the discrepancy between model
predictions and experimental measurements: Cr-Cr interstitial trapping and biased defect sinks.
2.5.2 RIS model predictions with Cr-Cr interstitial trapping and biased defect sinks

Independent of the ratios d* /d*® and d.™/d ™, the RIS model predictions can be

altered by reducing the flux of one type of defect with respect to the other. In this section we
will consider two phenomena that may reduce the interstitial flux, thereby inhibiting the effect of
interstitials on RIS and strengthening the effect of vacancies. The first phenomenon is Cr-Cr
interstitial trapping. Interstitials are known to bind strongly to Cr solutes in Ni-based fcc alloys
[23, 28]. The strong binding between a single Cr and an interstitial (in a local environment of
pure Ni) is already accounted for in the calculation of the diffusivities [22] and the formulation
of the system free energy (Sec. 2.2). However, Cr-Cr interactions are not included in the dilute
model of Ref. [22] and have been shown to be significant [23], and it was suggested by Tucker et
al [22] that the loss of mobile interstitials as they become trapped as strongly bound Cr-Cr
interstitial dumbbells could have a significant impact on RIS. The second phenomenon we will
consider is the effect of biased microstructural defect sinks, such as dislocations, which
preferentially capture interstitials [9, 40]. We will note here that a third phenomenon which may
alter the balance of vacancies and interstitials is defect production bias [9]. During irradiation
damage cascades both interstitials and vacancies can form immobile defect clusters, and there is
evidence from experiment [41] and simulations [42] that more interstitials are lost to these
clusters than vacancies, resulting in an unbalanced effective production rate of mobile defects.

The possibility of such a production bias playing a role in RIS has been mentioned in both Refs.
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[22] and [24]. However, production bias is a phenomenon that occurs only when defects are
produced in cascades, and does not occur when defects are produced as single Frenkel pairs,
such as under electron irradiation. If production bias has a substantial effect on RIS, one would
therefore expect RIS behavior to depend strongly on irradiation type. Such a dependence is not
observed experimentally, as similar alloys irradiated with electrons [43] and protons [11] exhibit
very similar segregation. These results suggest that production bias does not play a significant
role in RIS and we will therefore not consider it further here.

In reality, some fraction of the excess vacancies that result from the loss of interstitials to
biased sinks cluster together to form voids rather than diffusing to a grain boundary. For
example, the interstitial dislocation bias is often linked to radiation-induced swelling in fcc
metals [9, 40] associated with void formation. However, in our models we will assume that all
excess vacancies diffuse to the sink plane, thereby providing an approximation for the maximum
impact of the effects being considered on RIS. In the model any process that suppresses the
interstitials and leaves excess vacancies results in a flux of excess vacancies to the sink plane

with respect to interstitials, and there is a corresponding small net loss of mass in the sink plane:

<
£+dq“ <0=K.
dt dt ;

(2.13)

In a physical system, we hypothesize that these excess vacancies would diffuse along the grain
boundary and ultimately coalesce into grain boundary voids or be annihilated at surface sinks.
Mass balance in the first lattice plane is then restored by the flux of atoms corresponding to this
diffusion of vacancies along the grain boundary to other sinks. To simulate this atom flux, we

add the following terms to the concentration evolution of atomic species in the first lattice plane:
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+ KCr
(2.14)

where the restoration rates K¢ and Ky; are defined such that they balance the total loss rate Kjgss:

Ko +Ky =Ko (2.15)
If the restoration of mass occurs via grain boundary diffusion, then it is reasonable to suppose
that these rates are proportional to the nearby grain boundary concentrations of Cr and Ni. This

constraint combined with the fact that C'c; + C'y; =1 and Eqn. 2.13 yields

= _Cér K

loss
2.16
- -CLK (2.16)

KCr
KNi loss

We now consider the necessary alterations to the basic DFT-based RIS model to
implement the effect of Cr-Cr interstitial trapping. This approach follows that given in Ref.[44].
The traps in the RIS model are selected to be pairs of Cr atoms sitting on a lattice as nearest-
neighbors. In dilute Ni-Cr alloys Cr-Cr dumbbells are extremely stable and may therefore serve
as a temporary trap for interstitials. 1f the alloy is dilute, a Cr-Cr dumbbell will very likely have
to dissociate the two Cr to form a Ni-Cr dumbbell to hop. The energy landscape of dissociation
is such that minimum energy to completely dissociate a Cr-Cr dumbbell is the binding enthalpy,
0.92 eV [23].This trapping mechanism is implemented by introducing two new defect species
into our rate model: trapped Cr-Cr interstitials and unoccupied Cr interstitial traps, defined as

any Cr with at least one Cr in a nearest neighbor position. The equations that describe the time

evolution of these new species are
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where C| . is the concentration of trapped interstitials and C' is the concentration of unoccupied

traps. R, . and K, are the recombination and trapping coefficients, respectively given by

Aty

Rl =

Int —

D

Vac

(2.18)
KT _ 4'7Z‘r|T D

Int — Int

where I, is the recombination radius for a vacancy and a trapped interstitial, given by the
normal vacancy-interstitial recombination radius, and r; is the trapping radius, equal to the 3"
nearest neighbor distance. The dissociation coefficient z,,, determines how strongly interstitials

are bound to traps, and is given by

Ty = 1‘? em{_k?”d} (2.19)
where E;, is the binding enthalpy of the trap. Note that only one of the two equations in Eqn.
2.17 needs to be solved, as the two new trapping species are trivially related by

C' =G -G, (2.20)

Here C/ is the initial concentration of unoccupied traps, approximated by the number of

Cr-Cr nearest neighbor pairs assuming a random distribution on an fcc lattice. A probability

calculation yields the expression

G =C.(1-C) (2:21)
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Ccr and Cy; are the nominal alloy concentrations of Cr and Ni, and the power z = 12 is the
number of nearest-neighbors in the fcc lattice.
The introduction of the trapping species requires the following alterations to the

continuity equations for vacancies and (unbound) interstitials:

dQ/ac G R C C RT CTC d‘l/ac

I nt~Vac Int~Int~Vac dx

(2.22)

dJ
+T|nCT I nt

dC'”‘GRCC Tc’c i
X

Int VaC Int
dt

I nt

The new terms are the recombination rate of vacancies with trapped interstitials R’ C' G, , the
loss rate of free interstitials to traps K, ,C'C, ., and the release rate of trapped interstitials
TlntCIT’nt

In Fig. 2.11, the bulk concentration evolution of freely migrating interstitials is plotted

both with and without the effects of interstitial binding.
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Figure 2.11: Model predicted bulk interstitial concentration at 673 K with and without
trapping as a function of dose.

Evidently the primary effect of Cr interstitial trapping is to temporarily suppress the buildup of
mobile radiation-induced interstitials in the bulk. Eventually, however, the rate of interstitial loss
to trapping becomes equal to the rate at which trapped interstitials manage to escape, at which
time build up of interstitials proceeds rapidly. The final steady state interstitial concentration is
only slightly reduced with respect to the system with no interstitial trapping.

To implement the effect of biased defect sinks, the following alterations to concentration

evolution equations for interstitials and vacancies (Eqns 2.1) are necessary:

0C, s

i =G- R|VC|ntC\/ac - RVDCVaC -

dgt deX -
ﬁ:G_RlvclntCVac ~RisCin = d;(nt
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The new terms associated with loss to dislocations are RypCvac and RipCint, Which describe the
rate of vacancy and interstitial loss to dislocations, respectively. The rate coefficient Rjp is

determined by the following equation [9]:
Ry =24, 2od. (2.24)
ip = oMo T o :

where rjp is the radius of capture for defect species j, rp is the dislocation density, J is the
interplanar distance, and dj is the diffusivity of defect species j. The biased defect loss is
captured by the bias factor Zjp, where Zjp > 1 results in biased loss of defect species j.

RIS was simulated in the Ni-18Cr model alloy using a constant dislocation density of
10" m/m?, a reasonable value for an annealed fcc metal [35]. The self-interstitial dislocation
bias in Ni has been estimated by Wolfer to be as high as approximately 1.3 [40]. While this
value is higher than more generally accepted values in the range of 1.1-1.2 [9], we will utilize it
in this analysis to provide an upper bound for the effect of sink bias.

Fig. 2.12 depicts the DFT-based model predicted Cr segregation at 0.5 dpa as a function
of temperature for four different scenarios: first, using only the basic model, second, including
the effects of interstitial trapping, third, including biased sinks, and finally, including both

trapping and biased sinks.
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Figure 2.12: Cr segregation at 0.5 dpa as a function of temperature for 4 scenarios: The
basic model, the model with trapping, the model with biased sinks, and the model with both
trapping and biased sinks.

While both trapping and biased sinks result in reduced Cr enrichment relative to the basic model,
their effects, even when combined, are insufficient to bring the model prediction into agreement
with experiment.

In contrast with the result in the Fe-Cr system, the basic DFT-based RIS model has failed
to capture the basic RIS tendencies in the Ni-Cr system. This discrepancy is due to the fast Cr
interstitial diffusion effect predicted by the DFT-based diffusion theory of Tucker et al. [22],
which results in significant Cr enrichment in the RIS model. Two effects which may reduce this
effect, Cr-Cr trapping and biased defect sinks, were found to be insufficient to account for this
discrepancy. A third possible source of the discrepancy is the lack of concentration dependence
in the tracer diffusivities used in the RIS model. The basic formulation of the RIS model uses

vacancy and interstitial diffusivities determined via DFT in the limit of Cr in dilution in Ni.
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Experimental measurements indicate that the ratio d_>*/d . is approximately constant with

respect to composition in the range of 0-30 at% Cr [45], therefore using the dilute limit values
for the vacancy diffusivities is a reasonable approximation and introducing concentration
dependence into these diffusivities would not significantly alter the RIS model predictions.
However, there is presently no available information regarding interstitial diffusivities in the
concentrated Ni-Cr alloys. Furthermore, DFT calculations have indicated that Cr atoms interact
strongly with self-interstitial defects in Ni-Cr alloys [28], in contrast with the Fe-Cr system

where a relatively weak interaction is observed [46]. Therefore, the missing concentration

*Int

dependence in the interstitial tracer diffusivities d.* and d" is a likely source of the

discrepancy between the basic DFT-based RIS model predictions and experimental
measurements of RIS in Ni-Cr alloys. The use of first principles-based molecular dynamics
simulations to determine interstitial diffusivities in the concentrated Ni-Cr system and their
impact on RIS predictions is the subject of the next section.
2.6 Ab initio molecular dynamics simulation of interstitial diffusion in Ni-Cr alloys and
implications for radiation induced segregation

Under most conditions, diffusion in metals is dominated by the concentration and
mobility of vacancy defects. While interstitial defects are typically far more mobile than
vacancies, their high formation energy results in very small thermal equilibrium concentrations
under most conditions and their contribution to atomic mobility is often negligible. An
important exception is presented by metals exposed to radiation, in which both vacancies and
interstitials are produced in approximately equal proportions and far in excess of their thermal

equilibrium concentrations. Under such circumstances interstitial diffusion is not negligible and
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has significant consequences for diffusion-related microstructural processes. Consequently, a
detailed understanding of interstitial diffusion is fundamental for the prediction of long-term
microstructural evolution of metals under irradiation.

One microstructural effect of radiation in which the role of interstitials is not yet fully
understood is RIS. As discussed in Sec 2.1, models for understanding and predicting RIS of Ni
and Cr have for the most part neglected the effect of interstitial diffusion, due to a lack of
information regarding the species-dependent interstitial diffusivities, particularly as a function of
concentration [18, 20, 21, 47, 48]. Some attempts have been made to incorporate the impact of
the interstitial flux on RIS of Cr and Ni in Ni-Cr-Fe alloys by assuming that Ni interacts
preferentially with interstitial dumbbells, with limited success [23, 37, 49, 50]. Because of the
dearth of experimental information regarding interstitial dumbbell diffusion, such models rely
heavily on fitting to segregation data and assumptions that are difficult to validate. For instance,
it is most often assumed that Cr will interact repulsively with the interstitial dumbbells because it
is oversized with respect to Ni. Under such an assumption, the interstitial flux will have a
tendency to cause some enrichment of Ni and depletion of Cr near grain boundaries. Recent
density functional theory (DFT)-based modeling of interstitial diffusion coefficients in dilute Ni-
Cr alloys by Tucker et al. [22] has demonstrated that the opposite is true; Cr in fact exhibits a
very strong binding interaction with interstitial dumbbells. The results of this model have
indicated that interstitial diffusion exhibits strong species dependence in Ni-Cr alloys, and that
the interstitial flux should lead to Cr enrichment at grain boundaries. The model of Tucker et al.
is however strictly limited to the dilute alloy regime, and using it to predict RIS in concentrated

Ni-Cr alloys produces erroneous results [51]. An accurate description of RIS in Ni-Cr alloys
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therefore requires detailed, quantitative knowledge of Ni and Cr interstitial diffusion in the
concentrated alloy regime. The goal of the research presented in this section was to utilize
molecular dynamics simulations of interstitial diffusion in the fcc Ni-Cr crystal to determine
interstitial mediated diffusivities for Ni and Cr in the Ni-18 Cr model alloy, and to assess the
impact of interstitial diffusion on RIS in this material.

Because interstitial dumbbell defects have a very low migration barrier in most metals
(on the order of 100 meV in pure Ni), interstitial diffusion occurs on a time scale that is easily
accessible to molecular dynamics simulations. Composition-dependent interstitial diffusion
coefficients may therefore be determined directly from such simulations. This approach has
been used extensively to study interstitial diffusion in Fe-Cr alloys and bcc metals [52-58].
However, such simulations often rely upon empirical potentials to describe atomic interactions.
As there is almost no experimental interstitial diffusion data available to aide in benchmarking or
fitting, the accuracy of such empirical methods is difficult to assess. As an alternative to
empirical potentials, density functional theory (DFT) can be used to determine atomic
interactions ab initio. This approach is significantly more computationally intensive than
conventional empirical potential molecular dynamics, and is consequently limited to much
smaller simulated systems and shorter simulation times. Despite these limitations, it has been
used successfully to study interstitial He diffusion in alpha Fe [59] and Si self-interstitial
diffusion [60], as well as ionic conductivity in superionic a-Cul [61].

In the research presented in this section, we utilize ab initio molecular dynamics (AIMD)
simulations to investigate interstitial diffusion in Ni-Cr alloys. Our results provide quantitative,

first principles-based information regarding the species-dependent dumbbell interstitial diffusion
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in a concentrated Ni-Cr alloy for the first time. Furthermore, our results indicate that interstitials
do play an important role in RIS in Ni-Cr alloys, specifically in moderating the strong tendency
for Cr to be depleted by vacancy diffusion. Finally, these results show that diffusion of metal
interstitial dumbbells can be studied by direct AIMD.

2.6.1 Molecular Dynamics Simulations of Interstitial Diffusion

Interstitial diffusion was simulated in this study by ab initio molecular dynamics, wherein
the atomic interactions are determined via density functional theory (DFT). All simulations were
performed using the Vienna Ab Initio Simulations Package (VASP) [62-65] in the generalized
gradient approximation using the Perdew-Burke-Ernzerhof [66] exchange-correlation functional,
and using the projector-augmented wave method [67]. A 2x2x2 k-point mesh and an energy
cutoff of 350 eV were used, and all calculations were spin polarized. Simulation cells consisted
of a 2x2x2 cubic supercell of the fcc conventation cell, with a single [100] interstitial dumbbell
placed randomly on one of the lattice sites. All other lattice sites were occupied by a single Ni or
Cr atom, for a total of 33 atoms in the system. Simulations were performed in the NVT
ensemble using a Nosé-Hoover [68] thermostat, with a Nosé mass parameter of 1.5 a.m.u. which
corresponds to a Nosé frequency of approximately 3x10* Hz. This frequency is on the same
order of magnitude as the phonon spectrum in pure Ni [69]. The cell size was given by the pure
Ni lattice parameter of 3.53 A. Pure Ni interstitial diffusion coefficients were collected from a
schedule of simulations spanning temperatures from 800 to 1400 K. Ni and Cr interstitial
diffusion coefficients were also determined in a Ni-18Cr alloy, for temperatures from 1200 to
1800 K. This composition was chosen to match the model alloy studied in the RIS

measurements of Allen et al. [11], in which the basic RIS model predictions showed significant
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discrepancies with experimental measurements (see Sec. 2.5.1). A higher temperature range was
used for the Ni-18Cr alloy than for the pure Ni alloy due to Cr-interstitial binding effects, which
reduce interstitial mobility and are challenging to resolve at lower temperatures. At each
temperature and composition, 5 simulations were performed of 20 ps in length, with a time step
of 1.5 fs and an initial equilibration period of 5 ps. Position data for each atom was collected
after each time step, and this position data was subsequently used to determine the interstitial
diffusion coefficients for Ni and Cr atoms in the simulation.

In order to estimate possible errors due to convergence, a number of static calculations
were performed using identical settings to those used in our AIMD simulations for system size,
k-point density, and cutoff energy (32-33 atoms, 2x2x2 k-point mesh, 350 eV cutoff), and these
calculations were then compared to well-converged literature values for Cr-interstitial interaction
energies and interstitial migration energies. Where no comparison value could be found, a value
was calculated using the methodology of Tucker et al. [22] (108 lattice sites, 3x3x%3 k-point

mesh, 279 eV cutoff). The results of these calculations are presented in Table 2.3.
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Table 2.3: Comparison of binding and migration energies calculated with the DFT
parameters used in the AIMD simulations of this study to the better- converged
calculations of Tucker et al. [22, 28].

Binding Energy Comparison Value
Cr-Interstitial arrangements (eV) [28] (eV)
NiNi-Cr -0.20 -0.18
NiCr-Ni -0.50 -0.50
NiCr-Cr -0.72 -0.76
CrCr-Ni -0.88 -0.92
[110] to [010] migration in Migration Energy Comparison Value
Ni (eV) (eV)
NiNi-Ni to NiNi-Ni 0.14 0.14 [22]
NiCr-Ni to NiCr-Ni 0.06 0.08 [22]
NiNi-Ni to NiNi-Cr 0.10 0.15 [28]
CrNi-Ni to NiNi-Cr 0.30 0.32 [28]
CrCr-Ni to NiCr-Cr 0.14 0.14 [28]
CrCr-Cr to CrCr-Cr 0.08 0.13
CrNi-Cr to CrNi-Cr 0.12 0.14

The notation AB-C specifies an interstitial dumbbell composed of atoms of type A and B, with a
nearest neighbor atom type C on a site that is eligible for dumbbell migration forming a CB-A
dumbbell without an onsite rotation. Binding energies are defined relative to a Ni-Ni dumbbell
in pure Ni and single, solute Cr atoms in Ni. The errors in binding energies relative to the
comparison values are 40 meV or below. The migration barriers calculated using 32 lattice site
cells are on average 23 meV lower than the comparison values, with a standard deviation in the
errors of 21 meV. While this is not an insignificant convergence error, it is small relative to the
interstitial binding energies and the measured effective activation energy for the interstitial
diffusivities. At 1000 K a 23 meV average reduction in migration energies would correspond to
a change of just 23% in the measured diffusion coefficients, if it appeared directly in the total
effective migration energy (see Sec. 2.6.4). We therefore argue that the migration barriers are

sufficiently captured to simulate realistic interstitial diffusion, although robust quantitative
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convergence is not achieved to the normal standards of DFT studies of defect migration
energetics, due to the high computational cost of AIMD relative to static calculations.

Two of the most significant approximations utilized in the simulation methodology of
this study are the use of a constant lattice parameter for all simulations and the assumption that a
32 atom unit cell is sufficiently large to meaningfully capture measured interstitial diffusion. In
order to assess the validity of the use of a fixed lattice parameter, a large set of AIMD
simulations of interstitial diffusion were performed in pure Ni at 1000 K over a range of lattice
parameter values between 3.49 and 3.64 A. From experimental measurements, the lattice
parameter might be expected to increase to 3.59 A at 1000 K in pure Ni [70] and 3.62 A in the
Ni-18Cr alloy [71], which lie within the ranged tested here. Fig. 2.13a depicts the resulting
measured interstitial diffusivity normalized by lattice parameter squared as a function of lattice
parameter used in the simulation, where interstitial diffusivity has been determined according to

the method detailed in Sec. 2.6.2.
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Figure 2.13a (left): Interstitial tracer diffusivity of pure Ni at 1000 K measured from AIMD
simulations using a range of lattice parameter values. Diffusivity measured in each
simulation has been normalized by the lattice parameter squared. b (right): Interstitial
tracer diffusivity in pure Ni as measured from AIMD simulations in 108 lattice site cells
and the Arrhenius fit to the results of the 32 lattice site simulations
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Normalizing the diffusivity in this way removes the geometric dependence of the diffusivity
coefficient on the lattice parameter, and should isolate only the dependence of the migration
barrier and attempt frequency on the simulated system size. The normalized diffusion
coefficients are nearly flat over a wide range of lattice parameter values, increasing only slightly
between 3.49 A and 3.64 A. This result indicates that the measured diffusion coefficient is only
weakly affected by the choice of system volume. We therefore conclude that the choice of
lattice parameter, within a reasonable range of the pure Ni value, appears to have little impact on
the measured diffusivity coefficient.

A large number of static calculations were performed to assess possible convergence
errors with respect to supercell size, as described above. In addition, a small set of AIMD
simulations of interstitial diffusion in pure Ni were performed using a 3x3x3 fcc supercell
containing 108 lattice sites. In Fig. 2.13b, the pure Ni diffusivities measured from these
simulations are compared to the Arrhenius fit obtained from the larger set of simulations using
32 lattice sites (details of these results may be found in Sec. 2.6.3). The measured diffusivities
are very close to the Arrhenius fit. Combined with the results of the static calculations, these
results suggest that the simulations using the 32 site system size should be well enough
converged to draw meaningful conclusions.

2.6.2 Determination of interstitial diffusion coefficients

During the course of a simulation, the Ni and Cr atoms migrate away from their initial
lattice positions due to the sequential hops of the dumbbell interstitial defect. A measurement of
this displacement as a function of time is used to determine the diffusion coefficients of Ni and

Cr according to a finite time approximation of the Einstein relation [72]:
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D pu—
= at (2.25)

Here D; is the diffusion coefficient of species s, d is the dimensionality of the motion, and t is

time. The quantity <r52 (t)> is the average of the square displacement of species s, computed as

follows:
(0= S 2o, t)rlo, ) =

The outer summation is over N; time origins and the inner summation is over Ns atoms of species

s. The quantity (o, +t)—r,(0;) is the net displacement of atom i over the time span between

time origin oj and o; + t. A simulation consisting of N time steps will have a total of N possible

time origins over which to perform the above summation. However, when taking every time

step as a possible time origin, evaluations of <rs2 (t)> at times near the maximum simulation time
will have only a few time origins contributing to them, resulting in poor statistical averaging. To
ensure that an equal number of time origins are used in the evaluation of <r52 (t)> at all times t, we
take the number of time origins N; to be half the total number of time steps, N/2, and we

evaluate <rs2 (t)> for all times between 0 and & N/2, where & is the time step [73]. Once the
values of (r?(t)) have been gathered for Ni and Cr from a given simulation, the diffusion

coefficients Ds may be obtained from a linear fit to a plot of <rs2 (t)> vs t. Only times after 3 ps

were used in the fitting to avoid the transient non-diffusive motion which occurs at the start of

the simulation [73]. The resulting diffusion coefficient is dependent upon the artificial interstitial
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site fraction C,; of 1/32 used in the simulations; to remove this dependence we recast the

diffusion coefficient as diffusivity ds using the following relationship:

D

d, =— 2.27
Clnt ( )

Eqgns. 2.25 and 2.26 yield the tracer diffusion coefficient, which is distinct from the jump
diffusion coefficient. The latter is computed from the mean squared displacement of the center
of mass of the diffusing particles, rather than from the displacement of the individual particles
themselves. The values of these two diffusion coefficients are similar but are not in general
equivalent [74]. In this case, it has been found that the tracer diffusion coefficients are 30-40%
smaller than the corresponding jump diffusion coefficients. The tracer diffusion coefficient was
the focus of this study as it is the tracer diffusion coefficients specifically that are used in the
random alloy approximations of Manning [32] and Bocquet [33, 75] to compute
phenomenological coefficients Lij, (Eqns 2.10), as discussed in Sec. 2.2.

The full matrix of coefficients Lij can in principle be measured from the simulation
results using the following expression [27, 76]:

(S W, 1)

L. =
” 20N Ok, T (2.28)

where ri“(t) is the vector describing the position of atom a of species i at time t relative to its

initial position and Q is the atomic volume. In practice, the off-diagonal term (i #j) appears to

be particularly is slow to converge and would require significantly longer simulations than we

can practically use to adequately capture with acceptable statistical precision. Fig. 2.14 depicts

the values of the reduced phenomenological coefficient ENiCr (where I:Nicr =K TLyic,)
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measured directly from the AIMD simulations in the Ni-18Cr alloy between 1200 and 1800 K, as

well as values computed using the random alloy theory of Bocquet.
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Figure 2.14: Off-diagonal reduced phenomenological coefficient I:NiCr as measured from

AIMD simulation and as computed using the random alloy theory of Bocquet [33, 75],
based upon the measured Ni and Cr tracer diffusivities. The error bars represent the
standard error in the mean of 5 measurements at each temperature

The generally acceptable agreement shows that both approaches can be used to estimate I:Nicr.

However, the error bars on the AIMD determined values are quite large, and therefore it is
difficult to use this approach to yield a robust value. We will therefore assume that the values of
these off-diagonal terms are reasonably well captured by the random alloy theory of Bocquet,
and with better statistical precision than is feasible via direct simulation.

To assess the role of concentration dependent interstitial diffusion in RIS, the rate theory

model approach formulated in Sec. 2.2 was used to simulate RIS in a Ni-18Cr model alloy. The

basic formulation of the model used the dilute alloy values of d_." and d " determined by
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Tucker et al. [22], whereas in this section the concentrated alloy values determined from AIMD
simulation are used.
2.6.3 Comparison of diffusion theory and simulation results in pure Ni

While no experimental values of Ni and Cr interstitial diffusion coefficients are available,
the AIMD simulation results can be benchmarked by comparing to the values determined for
pure Ni from diffusion theory. For pure Ni, the interstitial tracer diffusivity can be calculated
using the following expression [22].

—AH m,Ni j|

T (2.29)
B

dy = %az FoVmni eXp{

where a is the Ni lattice parameter, fo is the correlation factor for interstitial self-diffusion, v, ;
is atomic migration attempt frequency, and AH _ ; is the enthalpy of atomic migration by

interstitial dumbbell. Rigorously, the correlation factor f; is a temperature-dependent term that is
determined by the relative frequencies of the [100] dumbbell migrating hop and rotating hop. In
the limit where the rotating hop has a much higher frequency than the migrating hop the
correlation factor approaches 1, while in the opposite limit where the rotating hop has a much
lower frequency than the migrating hop the correlation factor approaches the lower bound value
of 5/11 [22]. First principles calculations reveal that the latter limit is observed in pure Ni at all
temperatures below melting [22]; we will therefore take f, to be a constant equal to 5/11 in Eqgn.
2.29. The dumbbell migration enthalpy has been measured experimentally via resistivity
recovery [77] and determined from first principles using DFT [22], with both approaches

yielding a value of 0.14 eV. The migration attempt frequency is generally taken to be
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approximately equal to the atomic vibrational frequency, and estimates vary between 1x10* and
5x10% Hz [19-22, 48].

Fig. 2.15 depicts the interstitial diffusivity of pure Ni as determined analytically from

Eqn. 2.29 and as measured from AIMD simulations.
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Figure 2.15: Interstitial tracer diffusivity in pure Ni as a function of reciprocal
temperature, as determined analytically and as measured from AIMD simulations.
Temperatures range from 800 K to 1400 K.

The error bars on the analytical values represent the spread in reported values for the attempt
frequency, and the error bars on the simulation results are equal to the standard error in the mean

calculated from 5 simulations at each temperature. Taking fo=5/11, a = 3.53 A, and fitting

AH_, \; and v, to the AIMD data yields AH , ; =0.14+0.03 eV and v, ; = 1.1'3%} x10** Hz.

These uncertainties arise from the standard errors in the slope and the intercept of a linear fit of
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log(d,;) vs 1/T for all AIMD simulation results for pure Ni. This value of the activation energy

is in excellent agreement with experiment and previous first principles calculations [22, 77, 78].
The migration attempt frequency is near the low end of typical estimates, though within the
expected range of 1x10' - 5x10' Hz. The low value of the migration attempt frequency is
consistent with the lower part of the analytical data range and the upper end of the simulation
data range just overlapping.
2.6.4 Interstitial diffusivities in Ni-18Cr

In order to assess the species-dependent Ni and Cr interstitial diffusivities in the Ni-18Cr
alloy, interstitial diffusion was simulated in a Ni-18Cr alloy at temperatures between 1200 K and
1800 K. Fig. 2.16 presents the ensemble averaged mean squared displacement for Ni and Cr in

the simulated Ni-18Cr alloy as a function of time for four temperatures.
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Figure 2.16: Mean squared displacement for Ni and Cr in the Ni-18Cr alloy for
temperatures between 1200 and 1800 K, measured from AIMD simulations.
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The error bars represent the standard error in the mean of 5 independent simulations. The
regions beyond 3 ps for each curve were fit to linear regressions, with an R? value greater than
0.99 in all cases. The slopes of these lines are then used to determine diffusion coefficients
according to Eqn. 2.25. The resulting Ni and Cr interstitial diffusivities are depicted as a

function of the reciprocal temperature in Fig. 2.17.
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Figure 2.17: Interstitial tracer diffusivity of Ni and Cr in the Ni-18Cr alloy as a function of

reciprocal temperature, as determined from mean squared displacements measured from
AIMD simulations

The logarithms of both the Ni and Cr diffusivities show linear behavior vs reciprocal temperature
and may be fit with an Arrhenius functional form. The preexponential factors and activation

energies for the Arrhenius fits are provided in Table 2.4.
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Table 2.4: Arrhenius fit parameters for Ni and Cr interstitial diffusivity in the Ni-18Cr
alloy. The uncertainties arise from the standard errors in the slope and intercepts of
Arrhenius fits to the dicr and di; data collected from AIMD simulations.

Species  dg (m%/sec) Ea (eV)
Ni 504777 x10° 031005

Cr 32%9x107 0.37£0.03

The uncertainties on these Arrhenius parameters are incurred from the standard errors in the
slope and intercepts of an Arrhenius fit to the dicr and diy; data collected from AIMD simulations.

The activation energies for both the Ni and Cr interstitial diffusivities in Table 2.4 are 2-4
times higher than the dilute alloy values for interstitial migration (0.14 and 0.08 eV,
respectively). The simulation results therefore indicate that interstitial diffusion is much slower
in the concentrated Ni-18Cr alloy than in the dilute regime, in qualitative agreement with the
results of resistivity recovery measurements in concentrated Fe-Ni-Cr alloys [78]. From these
measurements Dimitrov et al. estimated an effective activation energy of around 0.4 eV for
interstitial dumbbell migration in Ni-16Cr, in reasonably good agreement with the activation
energies in Table 2.4.

DFT calculations have revealed strong binding interactions between interstitial dumbbells
and solute Cr atoms in Ni-Cr alloys [28], which may be the cause of the reduced interstitial
diffusion in the Ni-18Cr alloy with respect to pure Ni. A CrCr dumbbell configuration exhibits a
dramatic binding energy of -0.9 eV with respect to a NiNi dumbbell and isolated Cr atoms.
Tucker [28] hypothesized that this CrCr dumbbell configuration would act as a trap for
interstitial diffusion in dilute Ni-Cr alloys, according to the following argument: if the

environment around the CrCr dumbbell is pure Ni, then the dumbbell defect must undergo the



57
following sequence of changes in configuration in order to execute long range diffusion, with a

total increase in binding energy of 0.9 eV:

+0.26eV +0.3eV +0.2eV

CrCr—Ni wl—‘t)ev NiCr—Cr — NiIiCr —Ni — NiNi—Cr — NiNi—Ni...
Here, the interstitial configuration notation is the same as used in Sec. 2.6.1. This binding effect
could conceivably be less severe in more concentrated Ni-Cr alloys. If the lattice in the vicinity
of the CrCr dumbbell is sufficiently decorated with Cr atoms, then the escape of the dumbbell

from the CrCr trap could be accomplished with the following series of changes in configuration:

+0.14eV +0.21eV +0eVvV

CrCr—Ni — NiCr—-Cr — CrNi—Cr — CrNi—Cr...
where the total increase in binding energy is only 0.36 eV. The hop sequences for these two

scenarios are illustrated schematically in Fig. 2.18.

Figure 2.18: (top) Sequence of jumps required to dissociate an interstitial dumbbell from a
CrCr trapping configuration in a dilute Ni-Cr alloy. (bottom) Sequence of jJumps necessary
to dissociate an interstitial dumbbell from a CrCr trapping configuration in a more
concentrated Ni-Cr alloy.
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In the second scenario, after escaping from the CrCr trap, long-range diffusion is accomplished
by a sequence of alternating Ni and Cr interstitial hops that maintain the CrNi-Cr configuration
after each hop. This sequence of jumps would be possible if there is an interconnected pathway
of lattice sites that have at least one Cr nearest neighbor in a site accessible to the interstitial

dumbbell. Assuming a random distribution of Cr atoms, the fraction of sites with at least one Cr
neighbor is given by 1—C,,'?, where Cy; is the site fraction of Ni atoms. For a Ni-18Cr alloy,

this yields a site fraction of 0.91, far greater than the site percolation threshold on an fcc lattice,
which is approximately 0.2 [79]. Therefore, the CrCr interstitial trapping effect is a plausible
cause of the reduced interstitial diffusion in the Ni-18Cr alloy, especially given that the
untrapping energy of 0.36 eV in the scenario posited above is reasonably commensurate with
both the fitted activation energies in Table 2.4 and the activation energy of interstitial migration
in a Ni-16 Cr alloy, determined to be about 0.4 eV via resistivity recovery [78].
2.6.5 Implications for radiation-induced segregation

In the foregoing section, the results of AIMD simulations were used to determine
interstitial diffusivities for both Ni and Cr in the Ni-18Cr model alloy. In this section, these
diffusivities will be utilized in conjunction with the rate theory RIS model formulated in Sec. 2.2
to assess the role of interstitial diffusion in RIS in Ni-Cr alloys. In conventional Weidersich-type
models [17] like the model developed in this study, qualitative RIS behavior is controlled by the
ratios of the interstitial and vacancy diffusivities of the alloy species according to Eqn 2.11. Fig.
2.19 depicts interstitial and vacancy diffusivity ratios in Ni-Cr from multiple sources as a

function of temperature, in a temperature range relevant to RIS.
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Figure 2.19: Interstitial and vacancy tracer diffusivity ratios in Ni-Cr determined from
multiple sources (references in text).

The vacancy diffusivity ratios are depicted with solid lines, and the interstitial diffusivity ratios
with dashed lines. The ratio of vacancy diffusivities from experimental measurements was
determined from an Arrhenius fit to the average of available experimental data for Ni and Cr
tracer diffusion in Ni [80, 81]. Ruzickova et al. [81] have demonstrated that the vacancy
diffusivity ratio in Ni-Cr is independent of concentration up to 30 at% Cr; values determined in
the dilute Ni-Cr regime are therefore a good approximation for all alloys within this composition
range. The interstitial and vacancy diffusivity ratios from dilute alloy theory are taken from the
work of Tucker et al. [22]. The interstitial diffusivity ratio in the Ni-18Cr alloy was obtained
from the Arrhenius fit to simulation results of the present work, as described in Sec. 2.6.4.
Finally, the modified Inverse Kirkendall (MIK) values for the diffusivity ratios were taken from

the MIK model for RIS in Ni-18Cr [20].
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For the vacancy diffusivities, in all cases the ratio is greater than one, indicating a
tendency for vacancy diffusion to cause Cr depletion near defect sinks under irradiation. This
tendency is predicted to be strongest by the dilute alloy theory results of Tucker et al. and
weakest in the MIK model. There is no consensus regarding the role of interstitial diffusion in
RIS in Ni-Cr alloys. In the MIK model, the interstitial diffusivity ratio is equal to 1 at all
temperatures. This reflects a core assumption of the MIK model: that the interstitial flux shows
no bias for either Cr or Ni and hence plays no role in RIS. Consequently, according to Eqgn. 2.11,
in the MIK model RIS is determined entirely by the vacancy diffusivity ratio. The interstitial
diffusivity ratio from the dilute alloy theory result is greater than 1 at all temperatures, and is also
greater than any value of the vacancy diffusivity ratio. According to Egn. 211 and as
demonstrated in Sec. 2.5, the dilute alloy theory diffusivity ratios would result in a prediction of
significant Cr enrichment by RIS, in qualitative opposition to experimental measurements. The
interstitial diffusivity ratio from the AIMD results is also greater than 1 at all temperatures,
indicating a tendency for interstitial diffusion to cause Cr enrichment near defect sinks. This is
in qualitative agreement with the dilute alloy theory, however the tendency is predicted to be
much weaker from the AIMD results.

From Fig. 2.19, the AIMD results of this work combined with experimental
measurements of tracer diffusion in Ni-Cr suggest the following physical description of RIS in
Ni-Cr alloys: the interstitial flux exhibits a small bias for Cr transport, resulting in a tendency for
Cr to be enriched near defect sinks. This bias is slightly weaker than the bias of the vacancy flux
for Cr transport, which results in a counterbalancing tendency for Cr to be depleted near defect

sinks. The net effect is moderate Cr depletion, driven by vacancy-mediated diffusion, in general
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agreement with previous models for RIS [18, 20, 21, 23, 37, 48]. However, contrary to previous
models for RIS in Ni-Cr, the AIMD results indicate that interstitial diffusion does in fact play an
important role in RIS; namely, to moderate the Cr-depleting effect of vacancy diffusion and to
reduce the observed Cr depletion.

In order to validate this physical description of RIS against experimental observations,
RIS has been simulated using the rate theory RIS model formulated in Sec. 2.2. Fig. 2.20 depicts
Cr depletion at 0.5 dpa as a function of temperature in a Ni-18Cr alloy, with experimental data

from Allen et al. [11] and model predictions for three different model cases.
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Figure 2.20: Cr segregation in a Ni-18Cr alloy after 0.5 dpa, as measured experimentally
[11] and as predicted for 3 different model cases.

The first model case is the vacancy-only MIK model, in which the interstitial diffusivity ratio is
equal to 1 at all temperatures, and the Ni and Cr vacancy diffusivities are determined via the
MIK framework [20]. The second model case is also a vacancy-only description, however in

this case the vacancy diffusivities are those determined from available experimental
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measurements of Ni and Cr tracer diffusion [80, 81]. In the third model case, the experimental
values for vacancy diffusivities are again used, however in this case the interstitial diffusivities
are given by the Arrhenius fit to the AIMD simulations performed in this study. The uncertainty
in the AIMD-based model predictions was determined as follows. The variances in dicr and dini

were first determined according to

1 L(E,) 2 E
o2(Ind, ) =c?(Ind,,) +T—202[ kak]+?az(ln Ao k—kj (2.30)
b b

. . . E .
where o*(Ind, ) is the variance in Ind, , o(Ind,, ) and a[k;“} are the standard errors in the

b

intercept and slope, respectively, of an Arrhenius fit to values of di measured between 1200 and

. E. . . .
1800 K via AIMD, and az(ln doy k;ikJ is the covariance between the intercept and the slope.
b

These variances were then propagated to the variance in the ratio d,., /d,,, Via the following

expression:
2| Gier 2l 2(I
o nd =o(Indi;,)+o (ndiNi) (2.31)
iNi

The error bars in Fig. 2.20 reflect the extremes in RIS predictions that result from this variance in
the ratio d,., /d,; -

From Fig. 2.20, it is clear that the MIK model provides the most accurate prediction of
RIS as a function of temperature in the Ni-18Cr alloy. However, it is apparent from Fig. 2.19
that the Ni and Cr vacancy diffusivities used in the MIK model are not identical to the averages

of the available experimental values for d,cr and dyni, though they are within the experimental
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uncertainty of these measurements. When the experimental values are used in a similar vacancy-
only model, the result is a dramatic overprediction of Cr depletion. Including the interstitial
diffusivities determined from AIMD simulations significantly reduces the predicted Cr depletion,
resulting in reasonably accurate RIS predictions at high temperatures. At low temperatures, the
AIMD-based model also overpredicts the Cr depletion, though not as drastically as the
experimental vacancy-only model.

The experimental RIS measurements in Fig. 2.20 show a maximum in Cr segregation at
400 °C, with less severe Cr segregation at temperatures above and below. In the MIK

framework, the ratio d,., /d,,; approaches 1 at low temperatures, and as a result the MIK model

captures this qualitative behavior quite well. This trend in the ratios is not observed in the
AIMD-based model or the experimental vacancy-only model. Consequently, a significant
qualitative discrepancy is observed between model cases two and three and experimental
measurements: at temperatures below 400 °C, RIS measurements show gradually decreasing Cr
segregation with decreasing temperature, while the AIMD-based model and the experimental
vacancy-only model predict increasing Cr segregation as temperature decreases. One plausible
explanation for this discrepancy is the treatment of the defect sink boundary condition in the RIS
model cases presented in Fig. 2.20. For all three model cases, it has been assumed that the sink
boundary is a grain boundary or free surface that behaves as a perfect defect sink, maintaining
equilibrium defect concentrations in the vicinity of the sink. During the simulation, this means
that every point defect that arrives at the sink boundary is instantaneously annihilated. As
discussed in Sec. 2.4.1, Duh et al. [34] have derived an alternative boundary condition that

includes the kinetics of this defect annihilation explicitly. In the model of Duh et al., the grain
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boundary is described as an array of dislocations, and the efficiency of the defect annihilation is
controlled by the flux of defects to the cores of these dislocations. At moderate and high
temperatures and for large angle grain boundaries, this flux is very rapid relative to normal bulk
diffusion and the sink approaches ideal sink behavior. However, for low temperatures or small
angle grain boundaries, this flux is slower and the resulting RIS is suppressed with respect to the
perfect sink case.

In order to assess whether this boundary condition effect can account for the qualitative
discrepancy between the AIMD-based model and experimental measurements below 400 °C, the
boundary condition formulation of Duh et al. has been applied to model cases 2 and 3. Fig. 2.21
depicts the model predictions of the AIMD-based model and the experimental vacancy-only
model, respectively, utilizing the grain boundary condition derived by Duh et al. as well as the

perfect sink boundary condition.
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Figure 2.21: RIS model predictions using the ideal sink boundary condition and the grain
boundary approximation boundary condition of Duh et al. [34]. The later boundary
condition evaluates the defect flux into the grain boundary explicitly, while the former
assumes that this flux is instantaneous. The boundary condition of Duh et al. yields much
better agreement between model predictions and experimental measurements at low
temperatures.

The model of Duh et al. was originally constructed to treat RIS in austenitic stainless steels and
used grain boundary energies appropriate for that system. In this study, we instead use a grain
boundary of 1 J/m?, corresponding to the energy of a 30° tilt angle boundary in pure Ni,
determined by Rittner and Seidman via EAM potentials [82]. A 30° boundary was chosen
because it is a high energy boundary for which the model results should be most comparable to
experimental measurements, in which general high angle grain boundaries are targeted for RIS
measurement [34]. The high temperature model predictions are only very slightly affected by
the change of the boundary condition, however at lower temperatures the Cr segregation is

substantially reduced, in better qualitative agreement with experimental RIS measurements. The
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AIMD-based model again predicts less severe Cr depletion and shows better overall agreement
with RIS measurements than the experimental vacancy-only model.

We note that this modeling exercise suggests a very specific origin for the maximum in
the magnitude of the RIS as a function of temperature and we reiterate the possible explanations
here. At elevated temperatures, the vacancy concentration gradient near the grain boundary
begins to disappear. Consequently, any non-equilibrium segregation near the grain boundary is
counterbalanced by thermal vacancy diffusion and RIS is diminished. All models seem to
reproduce this effect well. Then the RIS is expected to increase as temperature is lowered and
the vacancy gradient grows. However, the observation that the magnitude of the RIS then
decreases again at lower temperatures, leading to a maximum at intermediate temperature values
(around 400 °C in Ni-Cr), has not been clearly explained. One possible explanation for this
decrease in RIS at lower temperatures is that the diffusivity biases approach zero at low
temperature, as was found for the MIK model. However, this explanation supposes essentially
identical activation energies for the species responsible for RIS, which is unlikely in general and
not consistent with DFT predictions in Ni-Cr. It is also possible that the reduced mobility of
vacancy defects at lower temperatures simply shuts down the flux of vacancies to the boundary,
thereby reducing RIS. However, while this flux is reduced at low temperatures, it is still
significant enough to lead to measurable RIS from vacancy diffusion, as shown in Fig. 2.20.
Vacancies must therefore not be entirely immobile at this temperature. What is proposed here is
a new explanation, which is that the efficiency of the grain boundary as a defect sink is reduced
at low temperatures, so that it can no longer be treated as an ideal sink. The defect gradients near

the grain boundary are therefore less severe, and the resulting RIS is reduced. Model results
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based upon this explanation are far more consistent with experimental measurements than when
the ideal sink boundary condition is used.

The very large span of the error bars on the AIMD-based model predictions in Figs. 2.20
and 2.21 illustrates the highly sensitive nature of the Weidersich-type rate theory RIS model to
the interstitial and vacancy diffusivities used as model parameters. Although the uncertainties on
the parameters in Table 2.4 are not particularly large, small changes within the ranges of those
uncertainties lead to dramatic changes in model predictions. It is evident from these error bars
that the precision of the interstitial diffusivities determined in Sec. 2.6.4 is insufficient to produce
a truly quantitative RIS model. Furthermore, additional uncertainty is introduced by the
extrapolation of the Arrhenius function from high temperature simulation data to the temperature
range relevant to RIS. At such low temperatures, non-Arrhenius contributions to the diffusion
coefficient can become significant [22]. Furthermore, because the value of kgT at the chosen
simulation temperatures is commensurate with some of the interstitial migration energies,
correlation effects that may play a strong role at low temperatures may not be well represented
by the Arrhenius extrapolation. The uncertainty introduced by this extrapolation is not captured
by the error bars in Figs. 2.20 and 2.21, which reflect only the uncertainty in the Arrhenius
parameters. Additional errors inherent to the DFT method will also contribute to errors in the
RIS predictions and are not included in the shown error bars.

Despite these significant quantitative uncertainties, the AIMD-based RIS model shows
substantially better agreement with experimental RIS measurements than the experimental

vacancy-only model, providing compelling evidence for the mediating role of interstitial
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diffusion in RIS. We therefore conclude that the AIMD-based RIS model represents the most
plausible qualitative physical description of RIS in Ni-Cr alloys to date.

2.7 Key Results and Conclusions

This chapter discussed the development of a model for simulating RIS and the
application of this model to the Fe-Cr and Ni-Cr alloy systems, with parameters drawn from first
principles calculations. The basic formulation of the model used an ideal sink boundary
conditions and dilute alloy values for all tracer diffusivities. In the Fe-9Cr model alloy, this
model predicted moderate Cr enrichment due to RIS, in good agreement with experimental
measurements. In the model this enrichment was driven by fast Cr interstitial diffusion,
providing evidence that interstitial defects play an important role in RIS in Fe-Cr and should not
be neglected out of hand.

In the Ni-18Cr model alloy, the model predicted more severe Cr enrichment due to the
same mechanism; however this was in contradiction of experimental measurements, in which
moderate Cr depletion near grain boundaries was observed. In an effort to reconcile the model
predictions with experimental observations, Cr-Cr interstitial trapping and interstitial-biased
defect sinks were added to the model. While these had the effect of reducing the predicted Cr
enrichment by a small amount, it was insufficient to bring the model into agreement with
experiment. The lack of Cr-concentration dependence on the interstitial diffusivities in the Ni-Cr
system was identified as a likely source of the errant model predictions, and AIMD simulations
were utilized to determine concentrated alloy values of these parameters. When these parameters
were used in lieu of the dilute alloy values, the RIS model predicted moderate Cr depletion in the

Ni-18Cr model alloy, in reasonably good agreement with experiment. This modeling exercise
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suggested the following mechanism for RIS in Ni-Cr alloys: vacancy diffusion tends to drive
strong Cr depletion near grain boundaries, while interstitial diffusion drives a slightly weaker
counterbalancing Cr enrichment, resulting in moderate Cr depletion overall. This description of
RIS as a balance between vacancy and interstitial effects is novel and is the most physically
plausible description of RIS in Ni-Cr alloys to date.

In both the Fe-Cr and Ni-Cr alloy systems, it was found that agreement with experimental
measurements could be improved with a modified boundary condition that treated the defect sink
as a true grain boundary, rather than as a perfect sink. In the Fe-9Cr alloy, this modification
allowed the model to adequately capture the grain boundary angle effect on RIS, where high
angle grain boundaries exhibited the strongest segregation, while low angle and CSL boundaries
showed a weaker RIS effect. In the Ni-18Cr alloy, this modified boundary condition was
necessary to reproduce the observed maximum in RIS magnitude occurring at intermediate
temperatures. This modeling result suggests that the reduction in RIS magnitude at low
temperatures is likely due to reduced sink strength in the grain boundary, a novel explanation for
this phenomenon. When combined with the results of the Fe-Cr simulations, this result indicates
that the defect sink kinetics should be treated explicitly in RIS modeling efforts, even if the grain

boundaries of interest are high angle or high energy boundaries.

Chapter 3: Atomistic modeling of the order-disorder phase transformation in

Ni-Cr alloys

3.1 Introduction and background
Alloys based on the Ni-Cr binary system are an important class of structural materials

due to their strength, toughness, and excellent corrosion resistance. Alloys such as alloy 690 and
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its weld metals are used extensively for structural components (e.g. piping) in nuclear power
systems, where they can face service lifetimes exceeding 60 years. The long-term thermal
stability of these alloys is therefore of critical importance. The Ni-Cr system exhibits an ordered
phase at low temperatures (below about 570 °C) at the stoichiometry Ni,Cr, and the evolution of
this phase is one mode of thermal degradation that may be cause for concern. Ordering in this
system can lead to hardening and embrittlement [83], as well as an increased susceptibility to
environmentally assisted cracking [84, 85]. Furthermore, the molar volume of the ordered phase
is smaller than the disordered alloy phase, and the lattice contraction associated with the phase
transformation can lead to elevated stresses or the loss of dimensional tolerances [71, 86].

In addition to the binary Ni-Cr system, both short and long range ordering associated
with the Ni,Cr phase have been detected in Ni-Cr-Fe model alloys [87], and commercial grades
(e.g., alloy 690) have shown evidence of Ni,Cr-like short range ordering when aged above
typical operating temperatures to accelerate their kinetics [86, 88-90]. The Ni,Cr ordering
transformation and the resulting impact on material properties is therefore of potential concern in
commercial Ni-Cr alloys. However, due to the considerable breadth of components and
compositions spanned by this class of alloys, the Ni-Cr model system alone, upon which many
commercial grades are based, has been the focus of the present study . While the Ni-33Cr model
alloy is itself not an alloy of interest for engineering applications, it may provide a lower bound
for the timescale of the formation of Ni,Cr-like long-range order. If it can be demonstrated that
ordering is of no concern in Ni-33Cr, then ordering can most likely be dismissed for more
complex commercial alloys in which the kinetics are generally slower at temperatures relevant to

PWR operation [87, 88, 91].
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The kinetics of the disorder-order phase transformation are relatively slow. In
stoichiometric binary alloy Ni-33Cr, the ordering reaction takes on the order of 1,000 hours to
proceed to completion at 450 °C [71, 86], while in more complex alloys aging times of tens of
thousands of hours may be required before there is any evidence of Ni,Cr associated long range
ordering [90]. At typical pressurized water reactor (PWR) operating temperatures near 325 °C,
the kinetics are much slower and the ordering process may take decades or more. It is therefore
quite difficult from an experimental standpoint to study ordering kinetics at operating
temperatures directly to determine whether it will be of concern on the timescale of the
operational lifetime of a nuclear power system. Instead, the strategy has been to collect data at
higher temperatures where the kinetics are significantly faster, and then use this data to fit
empirical models to predict the timescale of the ordering transformation at the lower
temperatures of interest [89, 90].

The ordering kinetics in such models typically depend upon an exponential term with an
effective activation energy, and model predictions are highly sensitive to this parameter: values
for Ni,Cr ordering models are typically on the order of 100-200 kJ/mol (about 1-2 eVV/atom), and
a variation of only 10 kJ/mol (0.10 eV/atom) can result in a factor of 5-10 difference in predicted
ordering times between 325 and 450 °C if all other model parameters are fixed [90]. Even near
450 °C, well above typical operating temperatures of interest, the ordering reaction may take
many months or years depending upon alloy composition [88, 90]. It is therefore difficult to
generate enough data to sufficiently constrain the model parameters, even for relatively simple
empirical models. In a study of the ordering kinetics in alloy 690 (Ni-30Cr-10Fe), Delabrouille

et al. [90] found that it was possible obtain a similar quality of fit to ordering data at 420 °C and
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360 °C with activation energy values ranging from 78.5 to 124 kJ/mol, depending on the value of
the athermal preexponential term. However, at 325 °C, this same range in model parameters
results in predicted ordering times spanning approximately 30 to 110 years. As the lifespan of a
typical PWR is 40 to 80 years, the need for a more rigorous prediction is clear.

The research discussed in this chapter was undertaken to provide a more robust model as
well as to gain a better physical understanding of the kinetics of the ordering process in Ni-Cr
alloys. The goal of this study is to utilize density functional theory (DFT) calculations combined
with Monte Carlo simulations to develop a simple model for ordering in the Ni-33Cr alloy that is
based upon first principles. This computational approach allows for the generation of a large
body of simulated ordering data that covers a wide range of temperatures and has resulted in a
well-constrained model that shows good quantitative agreement with data available in the
literature as well as experimental data generated as a part of this study. Furthermore, insights
gained from the atomic-level resolution of the simulations lend physical significance to the
resulting model parameters and provide guidance for future model development.

The remainder of this chapter is organized as follows: in Sec. 3.2, the ordering model is
described, and the details of the computational and experimental methods are recounted. Sec.
3.3 presents the significant thermodynamic and kinetic results derived from the Monte Carlo
simulations. These simulation results are then used to construct the full first principles-based
ordering model, and model predictions are compared with experimental measurements. Finally,
concluding remarks are presented in Sec. 3.4 regarding the success and limitations of the model,

and the implications for component lifetimes in PWR systems.
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3.2 Theory, computation, and experimental method

The model framework developed in this project combined first principles-based Monte
Carlo simulations with phase transformation theory to describe the kinetics of the disorder to
order phase transformation in the Ni-33Cr model alloy. The steps involved in assembling this
framework are detailed in this section. Experimental measurement of ordering kinetics is also
discussed.
3.2.1 Kolmogorov-Johnson-Mehl-Avrami model for ordering kinetics in Ni-33Cr

The model used in this study to describe ordering in the Ni-33Cr alloy has the form of a
Kolmogorov-Johnson-Mehl-Avrami (KIMA) equation [92-96]. This expression is used to
describe a variety of phase transformations and related phenomena, and has the following

general form:
S(t.T) =1-exp|- (k(T)1)"] (3.)
where S(t,T) is a progress variable that varies continuously from 0 to 1 as the transformation

proceeds from start to completion. The term k(T) is a kinetic coefficient which is typically

described by an Arrhenius form [93]

k(T) =k, exp{%} (3.2)

Here, k, is the preexponential factor and Q is the effective activation energy for the ordering
transformation. The time exponent n is known as the Avrami exponent, and typically relates to
the nucleation and growth mechanism and the geometry of the newly growing phase. This

parameter often assumes an integer value, though this is not always the case [97]. The ordering

model thus has three adjustable parameters (k,,Q, and n).
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In principal the KIMA equation can be used to compute the extent of the disorder-order
phase transformation at any time and temperature. Therefore, predicting the transformation
kinetics during very long service lifetimes is straightforward once the KIMA equation has been

parameterized. However, for these predictions to be accurate the parameters k,, Q, and n must

be determined by fitting Egn. 3.1 to measurements of the ordered phase fraction that span a large
breadth of temperatures and aging durations. At present, experimental measurements of the
transformation kinetics below 450 °C are not available. We will therefore utilize atomistic
simulations to generate a large set of measurements of the ordered phase fraction across several

temperatures. Values of k,, Q, and n are then obtained from fitting to these simulation results.

This process is described in greater detail in section 3.3.

A complete description of the ordering process requires consideration of both the
thermodynamic and kinetic aspects of the phase transformation. In this study, these aspects are
addressed separately by distinct but related simulation techniques: the thermodynamics are
treated using grand canonical Monte Carlo (GCMC) [98], while the Kinetics are treated using
kinetic Monte Carlo (KMC) [99]. Both simulation techniques were performed using the Cluster
Assisted Statistical Mechanics (CASM) software package [100-102]. CASM is an integrated
tool suite that is used to assemble a Hamiltonian in the cluster expansion formalism [103-105]
and then use this Hamiltonian to implement lattice-based GCMC and KMC simulations. The
requisite steps for implementing these tools are described in the following subsections.

3.2.2 Construction of the Ni-Cr-Vacancy cluster expansion
The GCMC and the KMC simulations, as implemented here, are fixed lattice methods in

which the simulated system consists of atoms and vacancies occupying sites on a perfect, rigid
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lattice. However, they are capable of representing any systems which are topologically
equivalent to the fcc lattice, which includes the disordered Ni-Cr and Ni,Cr ordered alloy.
Because the ordering transformation occurs via vacancy-mediated atomic migration, vacant sites
on the fcc lattice must also be included in the model. Thus, the simulated system consists of Ni
atoms, Cr atoms, and dilute monovacancies distributed on an fcc lattice. The GCMC and the
KMC simulations require a method to rapidly calculate the energy of any arbitrary arrangement
of these occupants, and the means to do this is provided by the cluster expansion Hamiltonian.

In order to generate the cluster expansion Hamiltonian, it is first necessary to determine
the energies of a finite representative set of Ni-Cr structures. This was done via density
functional theory (DFT) calculations using the Vienna Ab Initio Simulations Package (VASP)
[62-65]. All calculations were performed in the generalized gradient approximation (GGA) with
the Perdew-Burke-Ernzerhof exchange-correlation functional [66] and the projector-augmented
wave method [67]. An energy cutoff of 479 eV and k-point meshes of between 5000 and 7000
k-points per reciprocal atom in the Monkhorst Pack scheme were used, and all calculations were
spin polarized. By this method, formation energies (from reference states of pure fcc Ni and
pure fcc Cr) of 111 structures ranging in size from 1 to 108 atoms and spanning compositions
from 0 to 50 % Cr were calculated. These formation energies were then used to fit the Ni-Cr
cluster expansion in the occupation basis using CASM. The resulting cluster expansion
Hamiltonian consists of 8 effective cluster interactions (ECIs), and has a cross validation (CV)
score and root mean square (RMS) error of 0.039 and 0.023 eV per atom, respectively. The
former value captures the ability of the cluster expansion to predict energies of structures not

included in the fitting, while the latter is a measure of the error between predicted and calculated
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energies when all structures are included in the fitting. Both the CV score and RMS error are on
the order of 10-20% of the formation energy of the Ni,Cr ordered structure. Fig. 3.1 depicts the
formation energies of all Ni-Cr structures as predicted by the cluster expansion and as calculated

via DFT as a function of alloy composition.
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Figure 3.1: Comparison of cluster expansion predictions and DFT calculations of formation
energies for all structures included in the Ni-Cr cluster expansion, as a function of at % Cr.
The dashed lines represent the convex hulls of energies for the DFT values and the cluster
expansion predictions.

In most cases the predictions of the cluster expansion and the DFT values are reasonably close,
especially for structures near the convex hull. Both the DFT calculations and the cluster
expansion Hamiltonian correctly predict the ground state at Ni-33Cr.

To capture interactions involving a vacancy, a separate cluster expansion was assembled
to describe the vacancy formation energy following an approach similar to that used by Van der
Ven et al. [106]. The vacancy formation energy is defined as the formation energy difference

between a given Ni-Cr structure with a single vacancy and the same structure where the vacancy
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has been replaced by a Ni atom, where again the structure formation energies are taken with
respect to pure Ni and pure Cr reference states. Because the energy of the defected structure is
taken with respect to a non-defected structure containing the same atomic interactions, the
resulting cluster expansion captures only the atom-vacancy interactions. The vacancy formation
energies of 15 structures were calculated and used to fit the vacancy cluster expansion in the
occupation basis. The resulting cluster expansion Hamiltonian consists of 4 additional ECIs not
already contained within the Ni-Cr cluster expansion, and has a CV score and RMS error of
0.0037 and 0.0003 eV, respectively. The CV score is on the order of 10 % of the Cr-vacancy
interaction energies, which are around 50 meV in magnitude or smaller. The complete Ni-Cr-
vacancy cluster expansion Hamiltonian thus contains 12 ECIs. These are presented in Table 2.1.
Table 3.1: ECIs in the Ni-Cr-Vacancy cluster expansion Hamiltonian for formation

energies referenced to pure fcc phases. The Ni-Cr cluster expansion is in the spin basis, the
Cr-Vac cluster expansion is in an occupation basis.

Max o

Composition CNO:J];?;::E;?:S L(nggth Multiplicity (Eg\l/) ECI/r(nnl]Jét\'/p)“C'ty
Empty 0 0 1 -3 -3
Vac 1 0 1 0 0
Cr 1 0 1 -141 -141
Cr-Vac 2 2.51 12 643 54
Cr-Cr 2 2.51 6 304 51
Cr-Vac 2 3.55 6 136 23
Cr-Cr 2 3.55 3 -266 -89
Cr-Cr 2 4.35 12 -847 -71
Cr-Cr-Vac 3 2.51 24 -907 -38
Cr-Cr-Cr 3 4.35 24 938 39
Cr-Cr-Cr 3 4.35 24 806 34
Cr-Cr-Cr-Cr 4 3.55 12 -789 -66
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3.2.3 Grand canonical Monte Carlo simulations

Once a suitable cluster expansion has been generated, it can be used to perform GCMC
simulations in the CASM suite. Simulations were performed using a supercell consisting of
12x12x12 primitive fcc cells, for a total of 1,728 lattice sites. This supercell was initialized with
all lattice sites occupied by Ni, and 10,000 passes were set aside for equilibration. During each
pass, each lattice site is visited, on average, once to consider changing lattice occupancy based
on the Metropolis algorithm for determining the correct probability for accepting or rejecting the
occupancy change. After equilibration, an additional 80,000 passes were performed to compute
thermodynamic averages.

The remaining input parameters for the GCMC simulations are the temperature and the

reference state chemical potentials for each species in the system ( g, £, » and g4, ), which

altogether define the coordinates in thermodynamic space of a given simulation. The reference
state chemical potentials are used to determine the internal energy of a given configuration of the
simulation cell, defined as the difference between energy of the configuration given by the
cluster expansion and the sum of the energies of the constituents at their reference state chemical
potentials. Because the number of lattice sites is fixed, the numbers of Ni, Cr, and vacancies are
not independent variables. Consequently the three reference state chemical potentials for these
species do not constitute three degrees of freedom. Therefore, one chemical potential is generally
kept constant. In this study, we have chosen to consider Ni as the solvent species, and Cr and
vacancies as solutes. The chemical potential of Ni is therefore fixed, and the remaining degrees

of freedom are the chemical potential differences zi., = e, — iy AN L. = Lyae — My -
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The difference g, largely determines the equilibrium alloy composition of the simulated

system: as it is increased, the equilibrium composition will become more Cr-rich. In general, for

a fixed value of ., the equilibrium alloy composition of the disordered phase will vary as a

function of temperature, however in this case this variation was quite small: using a constant
value chosen to yield a composition of Ni-33Cr at just above the order-disorder transformation
temperature, the equilibrium simulated alloy composition remained within +1 at% of Ni-33Cr
between 600 and 1400 K (i. e., from well below the critical transformation temperature to well
above it).

For a fixed value of ., , the chemical potential difference s, determines the vacancy

concentration in the simulated alloy. In real alloys at equilibrium, vacancies are not a conserved
species, they may be emitted or absorbed freely by internal vacancy sources and sinks such as
dislocations. Consequently, the equilibrium vacancy chemical potential is equal to zero and in

principle the value 1, of should be selected such that this condition for equilibrium is satisfied

[27, 107]. However, equilibrium vacancy concentrations in real alloys are generally very dilute
and computationally challenging to resolve via GCMC simulations. In this study, we have

instead chosen z,,. such that there are many times the equilibrium concentration from real

alloys but still, on average, fewer than one vacancy in the GCMC simulation cell at all
temperatures. This is to avoid any vacany-vacancy interactions, which are not fit in the cluster
expansion, and enable the approximations used below. The following additional manipulations
were then used to estimate the vacancy concentration in the real Ni-33Cr alloy based upon the

GCMC simulation results.
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Van der Ven et al. [107] have derived the following expression for the vacancy fraction
in GCMC simulations where the vacancies are sufficiently dilute that lattice configurations with

more than one vacancy can be neglected:

1

C,.=——(AD, (P
Vac MkBT < Vac(p)> (3.3)

where the quantity A®, () is referred to by Van der Ven et al. [107] as the coarse-grained

vacancy free energy. This quantity is defined by
~ AQ(G(p
A(DVac(p): _kBT EXp |:_ M} (3.4)
dq(p)p

Here, p specifies a binary Ni-Cr lattice configuration, G(r)) specifies a configuration where a
single vacancy has been inserted into configuration p, and Q(q(f))) is the grand canonical
energy of configuration q(p). The grand canonical energy is determined from the cluster

expansion Hamiltonian, and is defined as

~

Q(§): E(§)— NCr(g)ﬁCr — Nyge (§) ac (3.5)
where N, (5) and Ny, (5) are the numbers of Cr atoms and vacancies in configuration §
respectively, and E(§) is the cluster expansion energy of configuration S. The change in grand
canonical energy AQ(q(fJ)) is the energy associated with introducing a vacancy into
configuration p, and is defined as

A(d(p))=E(a(P))—Ne. (A(P)) e, — favee —X(P) (36)
In Egn. 3.6, we have implicitly assumed that the number of vacancies in all configurations q(f))

is equal to 1. Combining Egns. 3.3-3.6, we may now write the vacancy fraction as
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0,

(Cc, ) be the vacancy fraction determined via GCMC simulation in an alloy of

M kBT (P)2p kBT

C,. :iexp{@Kz exp{_ E((p))- Ne, (P

Let Cy,.
Cr composition C.,, for an arbitrary value of . chosen to yield a sufficiently dilute vacancy

fraction. Further, let R*(C,, ) be the ratio C.._(Cq, )/Cy..(0) evaluated for a fixed value of z,,, .
From Eqn. 3.7 it is evident that the value of R*(C,, ) will be independent of the chosen value of

.. due to cancelation. The vacancy fraction corresponding to any value of z,,. can be

expressed as

* L ac C r) 1L ac 0
CVac(CCr): R (CCr)CVac(O)exp|:luv ( Ck)TIUV ( ):| (3.8)
B

where i,,.(Cc, ) is the value of z, that results in the vacancy fraction C,(C,, ).

Because the equilibrium vacancy chemical potential is equal to zero, the chemical

potential difference 1, at equilibrium is equal to — z,;. By inserting this substitution into Eqn.

3.8, the equilibrium vacancy concentration in the Ni-33Cr alloy can be expressed as

Crac(3)=R"(2)Cysc (0)exp {M} (39)

KeT
The value of R*(%) may be determined from GCMC simulations of pure Ni and the Ni-33Cr

alloy, using a fixed value of z,,. that results in a sufficiently dilute vacancy fraction, and C,.(0)

can be drawn from experimental measurements of the vacancy concentration in pure Ni. The

quantity Az, (3)= 2 () — 22, (0) is the difference between the chemical potential of Ni in pure
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Ni and in the Ni-33Cr alloy. Because the GCMC simulations are performed at fixed values of

U, and . the value of g, is not a controlled parameter. It can however be determined from

GCMC simulation results in the Ni-Cr binary system (i. e., without vacancies) via
thermodynamic integration according to the following method [108].
In a Ni-Cr alloy consisting of a fixed number of lattice sites, the chemical potentials of Ni

and Cr can be expressed as follows [27]:

og(C
:uNi(CCr): g(CCr)_CCr %Ccrr)

oal(cC (3.10)
:uCri (CCr ) = g(CCr )+ (1_ CCr )%
Cr

where g(CCr) is the free energy per lattice site of the alloy. This free energy can be determined

by the following integration:

ce 9(CL) . -,
0(C)=9(0)+ [~ Uil -
Cr

Inspection of Eqn. 3.10 reveals that the partial derivative m is equal to the chemical
Cr

potential difference s, = u, — i » Which is fixed for any given GCMC simulation. Therefore,

in practice the free energy can be evaluated by first performing a large number of GCMC

simulations on a grid of ., values in order to populate a table of 4., vs. C., up to the alloy
composition of interest, fitting a polynomial function i, (CCr) to this data set, and computing
the integral in Egn. 3.11. Once the free energy g(CC,) has been determined, Eqgn. 3.10 can be

used to evaluate the chemical potential «,(C., ). By following this procedure, the chemical
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potential difference Aﬂm(%) can be calculated and subsequently used in Egn. 3.9 to determine

the equilibrium vacancy fraction in the real Ni-33Cr alloy.

In addition to the vacancy concentration, the GCMC simulations provide two other pieces
of information that we make use of in this study. The first is the average grand canonical energy
of the simulated Ni-Cr alloy as a function of temperature. While not of interest in itself, it is
possible to identify the order-disorder transition temperature by observing the discontinuity in
the average grand canonical energy of the simulated Ni-33Cr alloy, which is associated with the
phase transformation. The second set of useful outputs are sample lattice arrangements of the
equilibrated system, which can be used to calculate an ordering parameter and quantify the actual
ordering of the simulated alloy. We define an ordering parameter as follows. In the ordered
phase, all Ni atoms have 7 Ni neighbors and 5 Cr neighbors, while all Cr atoms have 10 Ni
neighbors and 2 Cr neighbors. In this study, we consider the atoms in the system that have the
“correct” neighbors to be “ordered atoms,” and the extent of ordering is quantified by the

fraction X of ordered atoms in the system. This leads to the following definition of the KIMA

progress variable in Egn. 3.1:

Xt T)-X
- 1-X

O,min

S(t.T) (3.12)

O,min

where X is the fraction of ordered atoms in the disordered phase just above the Ni,Cr order-

O, min
disorder critical temperature, and X, (t,T) is the ordered fraction in the system at time ¢ and
temperature T. While time is not a meaningful parameter in the GCMC simulations, it is

included here for clarity, as this same definition of the progress variable will be used for

analyzing the results of the KMC simulations. Note that this variable changes from 0, for the
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equilibrium state of the disordered phase at just above the critical temperature, to 1, for the
perfect ordered phase.

3.2.4 Kinetic Monte Carlo simulation

The KMC functionality of the CASM software package was used to study the kinetic
aspects of the ordering transformation in Ni-33Cr. The KMC method as implemented in CASM
simulates the time evolution of the system that occurs due to the migration of a single vacancy,
thus the vacancy concentration in the simulation is implicitly determined by the selection of the
system size. In the present study, the KMC simulation supercell consisted of 27x27x27 primitive
fcc cells, for a total of 19,683 lattice sites. Unlike in the GCMC simulations, for KMC
simulations the atomic composition of the simulated system is entered by the user explicitly; for
all simulations, a composition of Ni-33Cr was used in a random initial lattice arrangement.

The frequencies of atomic migration events are determined by the KMC algorithm using

the familiar expression from standard transition state theory [109]:

Ei—)'

_ j

@;_, | —VeXp{_ KT } (3.13)
where @, is the hopping frequency for a given atom from configuration i to configuration j, v

is the attempt frequency, and E, ,. is the migration energy for the hop. Most estimates for

j
attempt frequencies in metals range from 10'2-10*3 Hz. In this study we have used an

approximate value of 10'* Hz for all events. The migration barrier E. ..

; Is approximated

dynamically by the kinetically resolved activation barrier (KRA) method [74, 110]:

E,, = EO—%(Ei -E,) (3.14)
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where E, is the baseline migration barrier, and E; and E; are the energies of the initial and final

state configurations as determined by the cluster expansion Hamiltonian. The determination of

the KRA barrier is depicted geometrically in Fig. 3.2.

Energy

Distance

Figure 3.2: Geometric depiction of the kinetically resolved activation barrier.
E, values of 1.04 eV and 0.83 eV were used for Ni and Cr, respectively. The former is the
experimentally determined value for pure Ni self-diffusion [111], and the latter is the migration
barrier for Cr in pure Ni determined via DFT [22]. While this neglects any potential effect of the
local chemical environment on the baseline migration barrier, we assume that the majority of the
effect of the local environment will be captured by the KRA treatment. This approach has been

demonstrated to be a reasonable approximation in other systems [112].

Simulations were run of lengths varying from 1 to 100 passes, in increments of 5 passes,
where a pass is defined as one vacancy hop for every lattice site in the system. At the end of

each simulation, the final simulation time was collected and the final configuration of the lattice

was used to compute the value of the progress variable S(t,T). Thus, each point in S-time-
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temperature space represents a separate, independent simulation. Simulations were performed at
327 °C, 375 °C, 423 °C, and 471 °C, with 5 sets of simulations at each temperature, for a total of

105 simulations. The resulting values of S(t,T) as a function of time and temperature were used
to fit the values of the parameters k,,Q, and n in Eqn. 3.1.

3.2.5 Experimental measurement of the ordering kinetics in Ni-33Cr

In order to provide a benchmark for the model results, a set of experimental data on the
ordering kinetics of Ni-33Cr was gathered between 333 °C and 470 °C for aging times up to
10,000 hours. While sufficient experimental data exists for temperatures above 450 °C [71, 88]
the present study will provide critical lower temperature data points, so that model predictions
can be validated across a wider temperature range. Because ordering is an atomic scale
phenomenon, it can be difficult to characterize by direct observation technigques such x-ray
diffraction due to the close scattering properties of Ni and Cr. It is therefore most often
characterized indirectly by measuring some other property of the material that changes in
response to the ordering process, such as hardness, fracture properties, or electrical resistivity
[86]. In this study, the change in the lattice parameter is used to quantify the ordering process.

The model alloy was fabricated by arc melting 300 g buttons at the nominal composition
Ni-33Cr. After melting, the buttons were annealed for 24 hours at 1093 °C and hot rolled
between 982-1093 °C from approximately 10 mm to 5 mm in thickness in three passes, with the
rolling direction of the second pass aligned perpendicular to the first and third passes. Following
rolling, the buttons were annealed at 1093 °C for one hour and then quenched.

Once the specimens were fabricated, 1.25 cm square samples were machined and

grouped for isothermal aging at 4 temperatures: 333 °C, 373 °C, 418 °C, and 470 °C. The cubic
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lattice parameters of select samples were measured prior to aging, and all samples were
measured after aging increments of 10, 30, 100, 300, 1,000, 3,000, and 10,000 hours. Lattice
parameters were determined via X-ray diffraction, performed with a PANalytical X’Pert Pro
Theta-Theta diffractometer and Cu Ka radiation. Parallel beam optics and high angle diffraction
peaks (the (3,3,1) and (4,2,0) planes at ~140° and ~150° 20, respectively) were used to minimize
instrumental errors. In addition, an Alloy 690 external standard was tested periodically to check
for instrumental errors.

3.3 Results and discussion
3.3.1 Determination of the critical temperature and the fraction of ordered atoms from GCMC
simulations

One immediate assessment of accuracy of the cluster expansion Hamiltonian is the

predicted critical temperature T. for the order-disorder transition. Fig. 3.3 depicts the grand

canonical energy of the simulated Ni-33Cr alloy as a function of temperature, as determined via

GCMC simulations.
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Figure 3.3: Grand canonical energy and ordered fraction as functions of temperature,
determined via GCMC for the simulated Ni-33Cr alloy

Temperatures were sampled with both heating and cooling scans in order to place upper and
lower bounds on the simulated critical temperature. The sharp discontinuities at 677 °C for the
cooling scan and 877 °C for the heating scan indicate phase transformations during the
simulations. On the secondary vertical axis in Fig. 3.3 the fraction of ordered atoms in the
system is plotted as a function of simulation temperature during the cooling scan. The sharp
increase from 0.28 to near 1 as the system is cooled through approximately 677 °C verifies that
this phase transformation is the transition between the disordered alloy phase and the ordered
Ni,Cr phase. The predicted value for T, is thus between 677 and 877 °C. This is higher than
the experimental values of 570-590 °C [71, 88, 113]. This discrepancy may be due to errors in

the ab initio energies, the cluster expansion, or vibrational and magnetic contributions to the free

energy that are neglected in the computation of the grand canonical potential. In light of these
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approximations the predicted value of T. is reasonable, and indicates that the cluster expansion

Hamiltonian adequately describes the phase transformation.
In a truly random Ni-33Cr alloy, the average fraction of atoms having the “correct”
numbers of Ni and Cr neighbors by happenstance is about 0.17. It is noteworthy that the ordered

fraction just above the critical temperature X in Fig. 3.3 is about 0.28, which is somewhat

O,min
higher than the random alloy value. This reflects the persistence of some degree of short-range
order above the critical temperature.
3.3.2 Determination of the KIMA parameters from KMC simulations

In order to construct the first principles-based KIMA model, we first introduce a slightly

altered form of the kinetic coefficient k(T):

Qmi
K(T ) =koCuac X0 {— kBTg } (3.15)

where C,,. is the vacancy concentration in the simulated Ni-33Cr alloy. We assume that the

order-disorder phase transformation proceeds via discrete atom-vacancy exchanges [114], so we
assume here that the kinetic coefficient is proportional to the vacancy concentration. The

activation energy Q_.. is then the portion of the activation energy associated with these atom-

mig
vacancy exchanges. In a real alloy, the vacancy concentration will have a strong temperature
dependence that will be reflected in the total effective activation energy Q in Eqn. 3.2, however

in the KMC simulations the vacancy concentration is determined implicitly by the selection of

the system size, as discussed in Sec. 3.2.4.
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The first principles-based KIMA model was constructed by performing a least squares fit

of Eqn. 3.1 to values of the order parameter S(t,T) determined from KMC simulations, using

pre-exponential factor k,, the activation energy Q.. , and the Avrami exponent n as fitting

mig !

parameters. Values of the order parameter as a function of time are plotted in Fig. 3.4 for four

different temperatures.

0.001 0.01 0.1 1 10 100
Time (sec)

Figure 3.4: KMC simulations results for order parameter S(t, T) as a function of time, at 4
different temperatures. Solid lines are the best-fit KIMA model to the simulation data.

The data points represent values measured from KMC simulations, while the solid lines are
values from the best-fit KIMA model. The best fit model in Fig. 3.4 produces the following

values for the KIMA parameters: k, = 2.04x10" Hz, Q .. = 0.9 eV, and n = 1. Because these

mig
parameters are independent of the system size, the results of this model may be compared
directly to experimental measurements of the ordering kinetics by inserting the vacancy

concentration of the real Ni-33Cr alloy into Eqn. 3.15. A precise value of this vacancy
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concentration is unavailable for the Ni-33Cr alloy, however GCMC simulations can be utilized
to estimate how much this value might differ from the vacancy concentration in pure Ni, which
has been determined experimentally. This estimation approach will be demonstrated in section
3.3.4.

3.3.3 Physical interpretation of the KIMA model

The value of the Avrami exponent n is often interpreted in terms of the nucleation and
growth mechanism of the growing phase. For instance, for site saturated nucleation and diffusion
controlled growth, n is equal to 1, 2, or 3 and reflects the dimensionality of the growth [94-96].
In this section, we posit a simple model for the kinetics of the ordering transformation to provide
a physical interpretation of the KIMA model assembled in Sec. 3.3.2.

In keeping with the original derivation of the KIMA equation [92], we first define a

fictitious extended fraction of ordered atoms, X ., as the fraction of ordered atoms that would

ext 1
result if the growing domains of the ordered phase never impinged upon one another. We
assume that the ordering transformation proceeds by a series of atom-vacancy exchanges that
rearrange the disordered atomic structure to the ordered structure at some constant, effective rate.
Furthermore we assume that, to a first approximation, vacancies remain for the most part in the
disordered phase, and do not spend significant time in diffusing through ordered material.
Consequently, the volume growth rate of the ordered phase domains is independent of the
domain size. This is in contrast with the volume growth rate under diffusion controlled growth
conditions, where the growth rate is proportional to a flow of material across the interface of the
domain of the newly growing phase. This flow is proportional to the interfacial area of the

domain; as the domain grows, the growth rate increases according to some power law of time,
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depending on the dimensionality of the growth. A disorder-order transformation rate that is
constant with respect to time was also proposed by Dienes [115] for a place-exchange
mechanism and Vineyard [114] for a vacancy mechanism, with greater theoretical rigor than the
simple model proposed here.

Subject to these assumptions, the differential change of the extended ordered fraction can

be expressed as
dXext = CVackorddt (3.16)
where k,,, is the average rate at which a one atom is transformed from a disordered atom to an

ordered atom by a series of atom-vacancy exchanges. The differential extended ordered fraction

is related to the differential real ordered fraction X, by

dX, =(1- X, )dX,, (3.17)
After combining Eqgns. 3.16 and 3.17 and integrating, and recalling that X ,(0)= Xomin W
arrive at the following expression for the ordered fraction as a function of time:

Xo (t)=1- e[~ Cackorat Jl— X o i) (3.8)

Combining Eqgns. 3.18 and 3.12, we recover the original functional form of the KIMA equation:

S(t):]'_exp [_ CVackordt] (3.19)

The value of 1 for the Avrami exponent that resulted from the least squares fitting in Sec. 3.3.2 is
evidently a consequence of the physical growth mechanism reflected in Eqgn. 3.16; namely, that
the volume of the extended ordered phase fraction grows at a constant rate. It is therefore not
related to the dimensionality of the growing domains, as is conventionally assumed for diffusion-

controlled phase transformations described by the KIMA equation.
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3.3.4 Estimation of the vacancy concentration in the Ni-33Cr alloy
Before the results of the KIMA model obtained in Sec. 3.3.2 can be used to predict the
ordering transformation kinetics in a real Ni-33Cr model alloy, a value of the vacancy

concentration in the alloy must be determined. The method described in Sec. 3.2.3 was used to

determine the parameters R* (%) and Az, () on the temperature range between 950 and 1200 K.

The results of these calculations are presented in Fig. 3.5.
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Figure 3.5: (left) Ratio R*(%) determined from GCMC simulations. b (right): chemical
potential difference AﬂNi(%) determined from thermodynamic integration of GCMC
simulations in the Ni-Cr binary system.

The values of the ratio R*(%) are consistent with the Arrhenius expression

* b3 E
R*({)=R; exp {— ﬁ} (3.20)
B

where R; =0.57 and E, =0.15eV. The values of A, (1) follow the form
Apy;(2)= A+BT (3.21)
with parameter values A = -0.024 eV and B = -2.68x10” eV/K. We have used these functional

forms to extrapolate the value of the vacancy fraction to the temperature range where the

disorder to order phase transformation occurs. This extrapolation from higher temperature was
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performed because the kinetics of the phase transformation are likely governed by the vacancy
concentration in the solid solution phase, while direct evaluation by GCMC at low temperature

would yield information only about the vacancy concentration in the ordered phase.

1
The ratio C,,,,()/C,,,.(0) is equal to the product R*(%)exp{— A/:L_'I_(S)} and from Eqgns.

’ B

3.20 and 3.21this ratio has a value between about 0.15 and 0.23 over the temperature range 950
to 1200 K. The vacancy concentration in the Ni-33Cr alloy is therefore predicted to be lower
than in pure Ni. This result is in qualitative agreement with experimental diffusion
measurements, which show that Ni and Cr diffusion coefficients decrease with increasing Cr
concentration, down to a minimum near 30 at% Cr [45].

In order to complete the evaluation of the vacancy concentration in the Ni-33Cr alloy, the
vacancy concentration in pure Ni must be established. We assume that this vacancy
concentration can be described by the general form

Cuac (0) =exp {L‘“(O)} exp {SVL(O)} (3.22)

kT K
where H,,.(0) and S,,.(0) are the vacancy formation enthalpy and entropy in pure Ni.

Suggested values of these parameters range from 1.55-1.8 eV [22, 111, 116-121] and from 1 -5
ks [22, 116, 119, 121], including both experimental measurements and theoretical calculations.
Values of 1.6 eV and 1.1 kg from within this range were chosen to yield the best model

agreement with experimental measurements of ordering kinetics.
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3.3.5 Determination of the lattice parameters of the ordered and disordered phases

In order to relate the model predictions to experimental measurements of the change in

lattice parameter as a function of aging time and temperature, the order parameter S(t,T) must
be related to a change in lattice parameter Aa(t,T). As a first approximation, we assume that the

lattice parameter changes linearly as the order parameter progresses from 0 to 1. In order to
complete the model, lattice parameters of the disordered and ordered phases must be therefore
determined. This information cannot be obtained from the GCMC or KMC simulations,
however the lattice parameters can be calculated directly via DFT. To best capture the lattice
parameter of the disordered phase, the structure produced by the GCMC simulations at 1000 °C
was utilized. Because the GCMC simulation cell itself is far too large for a DFT calculation,
several small cubic samples of this structure were carved out, each consisting of a 3x3x3 cubic
fcc supercell and containing 108 atoms. The lattice parameters of these cubic sample cells were
averaged to obtain the lattice parameter of the disordered phase. A supercell with the Ni,Cr
lattice arrangement of the same size and dimensions was used to determine the lattice parameter
of the ordered phase. The cubic lattice parameters were calculated by first relaxing each of these
supercells internally, then relaxing the volumes of the supercells without allowing the shape to
change. By this method, the change in lattice parameter due to complete phase transformation
from the disordered to the ordered structure was determined to be -0.26+0.02 %.
3.3.6 Comparison of model predictions to experimental measurement

The complete first principles-based model can now be constructed, and the results
compared directly to experimental measurements of the change in lattice parameter, a, as a

function of time and aging temperature. The complete model may be expressed as follows:
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Aa(t,T)=Aay o 1-exp |- (k(T X))

k(T | Qeff (3.23)
( ) e |: :|
ff | BT

where Q., and k,, are the effective preexponential factor and activation energy of the ordering

reaction, defined as follows:
Qeff = HVac(0)+ ER + A+ Qmig

* ac 0)-B .
Keir = KoRy X0 {—SV (k ) } (3.24

B

The descriptions and values of the parameters in Eqns. 3.23 and 3.24 are summarized in Table

3.2.
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Table 3.2: Parameter definitions and values for the complete first principles-based model

Symbol Description Value Source
JAY: P Maximum lattice change -0.26 % DFT + GCMC
. Fit of Eqn. 3.15to
n Avrami exponent 1 KMC data
k(T) KJIMA kinetic coefficient Eqn. 3.23
: — 2.62eV
Qer Effective activation energy Eqn. 3.24
Ker Effective preexponential factor 4.3x10™" Hz Eqn 3.24
H (O) Pure Ni vacancy formation 166V Best fit within range
vac enthalpy ' of experiments
£ Activation energy from 0.15 eV Fit of Eqn. 3.20 to
R Arrhenius fitto R*(%) GCMC results
A Intercept from linear fit to -0.024 eV Fit of Egn. 3.21 to
Apy (%) GCMC results
Q. Atomic migration component of 0.9 eV Fit of Egn. 3.15to
me the ordering activation energy ' KMC data
s, (0) Pure Ni vacancy formation 11k Best fit within range
vac entropy e of experiments
. 1 Fit of Egn. 3.15to
Ko KJMA preexponential factor 2.04x10"" Hz KMC data
R’ Preexponential factor from 0.57 Fit of Eqn. 3.20 to
0 Arrhenius fitto R*(%) ' GCMC results
-5
B Slope from linear fit to Az, (%) -2.68x107eVIK

3

Fit of Egn. 3.21 to

GCMC results

Fig. 3.6 presents experimental measurements and model calculations of the change in

lattice parameter in a Ni-33Cr alloy as a function of time during aging at temperatures between

333 °C and 470 °C (measurements of Marucco [88] taken at 475 °C).
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Figure 3.6: Change in lattice parameter of a Ni-33Cr model alloy as a function of time as

measured experimentally, and corresponding predictions of the first-principles based
model.

The data points represent experimental measurements generated in this study as well as data
available from the literature [71, 88], while the solid lines depict the results of the model. The
error bars in on the experimental data generated in this study represent a range of one standard
deviation on the individual measurements, computed using a pooled variance estimate across
replicate as-fabricated specimens from the various buttons.

Reasonable agreement between the model and experiment is observed for temperatures
above 373 °C, and for aging times longer than 100 hours. For shorter aging times, there is some
experimental evidence of a small lattice contraction that is not captured by the model. This
initial decrease in lattice parameter may be due to the population of excess vacancies present in
the alloy after quenching from the annealing temperature. These vacancies would temporarily

accelerate the transformation until they have been annealed out. Notably, the smallest early
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decrease in lattice parameter is observed in the data of Marucco [88], who heat treated specimens
at 700 °C before quenching. Presumably, this would result in a much smaller population of
excess vacancies compared to the present study and the study of Karmazin, in which heat
treatments were performed at 1000 °C or above [71].

At 333 and 373 °C, the model predicts that there should be no significant change in the
lattice parameter before 3,000 hours, in broad qualitative agreement with experimental
measurements at these temperatures. While there is some measured change in lattice parameter
at these temperatures, it is minor and does not follow a discernible consistent trend of increasing
lattice contraction with longer aging. At 373 °C, the model predicts that a modest degree of
lattice contraction will occur by 10,000 hours, in qualitative agreement with the experimental
data, though the predicted lattice contraction is less than the measured amount. The model
predicts that no significant lattice contraction will occur by 10,000 hours at 333 °C, although a
very small contraction is measured for this aging condition. This measured lattice contraction is
not significantly different from measurements taken after shorter aging times at 333 °C, and
therefore does not appear to indicate that a significant degree of ordering transformation has yet
occurred.

A notable discrepancy exists between the model predictions and many experimental
measurements for lattice contractions larger in magnitude than about 0.2 %. This discrepancy
may be attributed to the difference between the predicted value for the maximum change in
lattice parameter and experimental measurement: the DFT calculations predict a change of -
0.26+0.02 %, while in most cases the observed lattice contraction does not exceed about -0.24 %

[71, 88]. Aside from DFT error in the lattice parameters, one other possible reason for this
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discrepancy is that complete ordering is typically not achieved experimentally. In a real alloy, as
ordered domains grow they interact with nearby domains elastically due to misfit strains at the
order-disorder interface, and this interaction impedes further growth. Consequently some small
phase fraction of disordered material remains [87] and the change in lattice parameter saturates at
a value smaller in magnitude than the maximum theoretical value. These elastic effects are not
included in the present modeling framework, and thus there is no such impediment to full
ordering in the simulated alloy.

From Fig. 3.6 we conclude that the model developed here presents a qualitatively
accurate description of the ordering transformation between 420 - 470 °C, however at lower
temperatures the transformation may occur faster than predicted. Additional aging data is
necessary to fully assess the model accuracy at the lower temperatures. At temperatures relevant
to PWR conditions (about 330 °C), the model predictions in Fig. 3.6 indicate that while
extensive ordering should not occur on the timescale of service lifetimes (40-80 years), the
initiation of the ordering transformation will occur during this window.

3.3.7 Limitations of the first principles-based KJIMA model

The model developed here has four main limitations. First, the effects of misfit strain
between the ordered and disordered phases are not included. Any impact that this might have on
the size or morphology of ordered domains in the real alloy will therefore not be manifested in
the simulated alloy. This may contribute to the small overestimation of the maximum predicted
change in lattice parameter with respect to most changes measured experimentally. Second, the
KJMA model contains only a single kinetic term describing the ordering rate due to atomic

migration. It is therefore only valid for conditions of sufficient undercooling that nucleation of
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the ordered phase is homogeneous and transformation is rate-limited by atomic migration, and
not nucleation rate, i.e., below the “nose” of the transformation diagram TEM characterization
reveals that nucleation is homogenous at temperatures below 500 °C [71, 87]; above this
temperature the assumptions of this model are not valid. Third, the model predictions are
strongly dependent upon assumptions regarding the vacancy concentration. In this study we
have estimated a value for this concentration based on GCMC simulations and the
experimentally measured value of the vacancy concentration in pure Ni, and the uncertainty in
the measured values in pure Ni alone amounts to more than 200 meV. This uncertainty
corresponds to factors of 10 differences in the predicted ordering time. Furthermore, the model
neglects the possible effects of excess vacancies that arise from water quenching or cold
working. Finally, the simulation crystal is highly idealized with respect to the real material, and
it contains no grain boundaries, dislocations, or other material defects. While these features can
sometimes alter atomic migration mechanisms or provide nucleation sites for ordered domains,
the experimental evidence of homogeneous nucleation suggests that the ideal, defect free crystal
is a reasonable approximation of the real system, at least below 500 °C.

3.4 Key results and conclusions

In the study reviewed in this chapter, a first principles-based atomistic modeling
framework has been developed for studying the disorder-order phase transformation in the Ni-
33Cr model alloy. The alloy energetics are obtained via density functional theory calculations,
which are used to construct a cluster expansion Hamiltonian. This Hamiltonian is then leveraged
by grand canonical and kinetic Monte Carlo methods to simulate both the thermodynamic and

kinetic aspects of the phase transformation. Based upon the results of these simulations, a
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Kolmogorov-Johnson-Mehl-Avrami model was assembled that allows a direct comparison to
experimental measurements of the change in lattice parameter in a Ni-33Cr model alloy arising
from the disorder-order phase transformation. The model exhibits reasonable agreement with
experimental data available in the literature below 500 °C, as well as new data generated in this
study at 418 and 470 °C. Additional long-time, low-temperature data are desirable to assess the
accuracy of the model at lower temperatures.

The predictions of the model developed in this study indicate that while complete
transformation should not occur in the Ni-33Cr model alloy at operating temperatures during 40-
80 year service lifetimes of PWRs, the early stages of the ordering transformation will occur on
this timescale. There is some experimental evidence that even a small degree of ordering may
have a significant impact on susceptibility to hydrogen embrittlement [85], and that the
maximum embrittlement may occur well before the ordering transformation has completed [84].
Furthermore, experimental measurements at 373 °C indicate that the ordering transformation
may occur even faster at low temperatures than predicted by the model developed here.
Therefore, this result suggests that ordering cannot be readily dismissed as a long-term concern
in near-stoichiometric Ni-Cr alloys in PWRs. However, many engineering alloys of interest are
far from the Ni,Cr stoichiometry and contain other alloying constituents such as Fe, which
appears to delay the ordering transformation or prohibit it altogether [87, 88, 90]. Further study
is therefore warranted on the effects of alloy composition on the order-disorder transformation
kinetics, particularly near PWR operating temperatures where there is no experimental data

available.
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Chapter 4: Thermodynamic and kinetic modeling of oxide precipitation in

nanostructured ferritic alloys

4.1 Introduction and background

The next generation of advanced nuclear energy systems are expected to place demands
on structural materials that are beyond the capabilities of materials used in current designs. In
particular, structural materials in proposed fusion and advanced fission reactor designs will be
subject to significantly higher operating temperatures and larger radiation doses than in current
generation light water reactors. To meet these demands, new classes of materials are required
that can withstand radiation doses reaching hundreds of displacements per atom and operate at
high temperatures for decades without losing mechanical integrity. Nanostructured ferritic alloys
(NFAs), also referred to as oxide dispersion strengthened (ODS) steels, are one promising
candidate for a class of materials that are able to meet these demanding requirements [1, 2, 122,
123].

NFAs are broadly similar in composition to other ferritic stainless steels, typically
containing 12-16 wt% Cr and up to 0.5 wt% Mo or 3 wt% W [124], however they are
differentiated by the additions of small amounts of Ti, Y, and O, which coalesce during
processing to form a high density of nanometer scale T-Y-O nanoparticles throughout the ferrite
matrix. The Y and nominally the O are most often introduced in the form of Y,03; powder,
which is mechanically alloyed with the ferritic steel powder via high energy ball milling [125].
The mechanically alloyed powder is then consolidated by hot isostatic pressing or extrusion to

produce the NFA stock material.
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The oxygen-rich nanoparticles confer a number of attractive properties to NFAs. Most
significantly, they are highly effective in pinning dislocations [8], which grants these alloys high
tensile strength at elevated temperatures [126] as well as excellent creep resistance [127, 128].
Furthermore, these nanoparticles constitute a high density of defect sinks, which inhibit the
accumulation of radiation-produced point defects and suppress many types of long-term
radiation damage [1]. There is also evidence that these nanoparticles are effective at trapping
transmutant helium, thereby mitigating the helium-assisted void swelling and grain boundary
embrittlement that can occur under irradiation, especially in fusion environments [2].

Because both the attractive mechanical properties and innate radiation damage resistance
of NFAs are derived from the Y-Ti-O nanoparticles, the stability of these nanoparticles during
component service is a critically important issue facing the adoption and implementation of
NFAs for nuclear power applications. More specifically, a decline in the nanoparticle density
caused by thermally-activated nanoparticle coarsening would have a dramatic impact on NFA
mechanical properties [8, 124, 129]. Therefore, detailed knowledge of the kinetics of this
coarsening process is crucial for establishing the time and temperature envelope within which
NFAs are practically applicable. However, at proposed operating temperatures for NFAs
measurable coarsening may take years or even decades to occur. It is therefore very challenging
to assess the possible impact of nanoparticle coarsening kinetics from direct experimental
measurement alone; some model-assisted extrapolation is critical.

A primary motivation for the research presented in this chapter is the need for such a
model that can provide qualitative and quantitative insight into the rates and key mechanisms of

nanoparticle coarsening that will limit NFA operating times and temperatures. Previous efforts
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toward this goal have focused on empirical models fit to high temperature coarsening data [124,
129, 130]. This work has yielded crucial information, such as revealing the importance of
dislocation or pipe diffusion in nanoprecipitate coarsening [124]. However, due to the empirical
nature of these models, many physical properties and phenomena are combined into a small
number of fitting parameters, which makes it difficult to tease out the important physical
quantities that dominate the precipitation process in NFAs. The goal of the work described in
this chapter was to develop a more physically-based model that incorporates known
thermodynamic and kinetic material properties and one in which each fitting parameter is
assigned to a single, well-defined quantity. Such a model is valuable for fundamental
understanding of active mechanisms during NFA precipitate evolution, practical prediction of
how Y-Ti-O composition and thermal history determine precipitate phases, sizes, and number
density, and establishing a foundation for modeling other NFA alloy compositions and effects of
irradiation. The construction of this model based upon DFT calculations, thermodynamic
assessments, and rate theory-based precipitation modeling is the subject of this chapter.

This chapter is separated into two broad sections. The first section focuses on an ab
initio study of the clustering energetics of Y, Ti, and O in Fe, with a goal of gaining fundamental
insights into the nature of the smallest nanoprecipitates in NFAs. Building upon this
fundamental guidance, the second section details the assembly of a model framework for
describing the thermodynamic and kinetic aspects of oxide precipitation in NFAs.

4.2 First principles-based study of Y-Ti-O nanocluster energetics in NFAs
The overall goal of the work presented in this chapter was to develop a modeling

framework for describing oxide precipitation in NFAs, however before such a model can be
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assembled, the nature of these nanoprecipitates must be better understood. Due to the very small
size of the Y-Ti-O nanoparticles in NFAs, some uncertainty remains regarding their typical
structures and compositions. Many high resolution TEM images suggest that these nanoparticles
are crystalline in nature with structures that are consistent with equilibrium Y, Ti and Y-Ti
oxides [131-135], specifically Y,03, TiOy, Y,Ti»O7, and Y,TiOs. Small angle neutron and x-ray
scattering [124, 131, 136] and x-ray diffraction measurements [137, 138] are also consistent with
this conclusion. Detailed atom probe tomography (APT) measurements have repeatedly
indicated that the smallest Y-Ti-O nanoparticles in NFAs do not appear to be bulk-like oxide
precipitates, and have compositions far from any known stoichiometric oxide phase [122, 131,
139-145]. However, it is likely that these atom probe measurements are affected by artifacts
associated with the process of reconstructing the sample structure and may be misleading when it
comes to determining precipitate stoichiometry [124].

Atomistic simulations based on DFT provide a powerful tool for investigation of the
identity of the smallest nanoprecipitates in NFAs. DFT can be used to model small clusters of Ti,
Y, and O of any configuration in a host Fe matrix and determine their formation energies,
thereby revealing which types of small clusters are most stable and thus the most likely to
initially form. Here we use the term clusters to describe the computational unit representing the
initial stage of nanoprecipitate nucleation and growth. This approach has been utilized in several
recent studies of solute clustering in NFAs: Fu et al [146] considered the effect of vacancies on
the Fe lattice on the energetics of Ti, Y, and O clustering in bcc Fe, concluding that strong O-
vacancy binding could play a crucial role in stabilizing Ti-Y-O nanoprecipitates with respect to

oxide phases such as FeO and TiO,. Jiang et al [147] demonstrated that stable Ti-Y-O clusters
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could be formed in bcc Fe without appealing to vacancies, while recognizing the an O-O
dumbbell structure sharing a lattice site is one key building block around which stable vacancy
free clusters can be assembled. In a study focused on clustering behavior of Y and O in fcc Fe,
Gopejenko et al [148] found that Y-Y interactions were uniformly repulsive, and both O atoms
and vacancies were required to form stable on-lattice clusters. Murali et al [149] examined the
possible effects of Cr on the clustering behavior of Ti, Y, and O in bcc Fe, as well as the
potential for creating more stable clusters by replacing Ti with Zr. As the authors of Refs. [146,
148] reported, Murali et al [149] found that, if present, vacancies are an important component for
creating stable clusters at very small sizes, and that Y-vacancy binding is particularly strong as is
O-vacancy binding.

While DFT calculations are generally computationally limited to clusters that are far
smaller than the nanoprecipitates found in NFAs, it is evident that they can nevertheless lend
valuable information about the energetics and clustering tendencies of Ti, Y, and O in Fe during
the earliest stage of precipitation in NFAs. However, as the number of different clusters of Ti,
Y, and O that can be assembled is combinatorial, one is faced with the question of which clusters
to investigate. In the aforementioned studies, clusters were assembled using a so-called “on-
lattice” method, which means that solute metal atoms are placed exclusively on Fe substitutional
sites and O atoms on Fe octahedral interstitial sites. This is an intuitive method for searching for
stable nanoclusters: as isolated species, the solute M and O atoms exist as substitutional or
octahedral interstitial impurities, respectively, so it is not unreasonable to expect that they
occupy these sites during the earliest stages of clustering. Furthermore, on-lattice clusters are

fully coherent with the Fe matrix, which should tend to minimize interfacial energy when
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compared to incoherent clusters. For very small clusters, the interface can contribute a large
portion of the total energy, and its minimization can therefore play a dominant role in particle
structure, composition, and morphology. Finally, as mentioned previously, some interpretations
of APT results suggest that the smallest nanoprecipitates in NFAs are clusters enriched in the
solutes Ti, Y, and O that may be coherent with the Fe lattice [1, 2]. Notably, however, recent
TEM studies are not consistent with this conclusion [150].

In this study, we have assembled a large suite of Ti, Y, and O clusters and we calculate
their formation energies via DFT. In addition to the on-lattice cluster assembly method utilized
in the studies described above, we employ a new cluster assembly method by which clusters are
matched to bulk oxide structures of Ti and Y, and then embedded in Fe in a manner that
minimizes strain in the Fe and oxide. We will refer to this approach for identifying clusters as
the “structure matching” method. Furthermore in this study we investigate a much wider range
of cluster sizes than have been investigated previously, in order to identify trends of cluster
morphology and stability with size. Because of the large number of possible arrangements of the
atoms in nanoclusters containing Ti, Y, and O, a full exploration of the Ti-Y-O compositional
space is currently not feasible using the methods presented in this paper. We therefore focus
primarily on the Ti-O and Y-O clusters, and perform a smaller set of calculations on Ti-Y-O
clusters at a fixed Y:Ti ratio of 1:1. This ratio was chosen to match that of the complex Y-Ti
oxide Y,Ti,O;. While other complex oxides such as Y,TiOs have been observed in NFAS as
well, the smallest nanoprecipitates observed by TEM are predominantly Y,Ti,O; [150]. Itis
important to emphasize that the DFT calculations are meant to illustrate trends and what are

perhaps qualitative differences between potential decomposition paths. Due various limitations
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of this, and essentially all other similar practical approaches, the quantitative results should be
viewed with caution.

4.2.1 Cluster assembly and computational method

In this section, we first describe our methods for constructing Ti-O and Y-O clusters
using specific examples to illustrate the details of the methodology. We then describe our
formalism for calculating cluster formation energies and we provide details of the computational
techniques.

In order to study nanoprecipitate stability in NFAs, we must first decide which clusters to
test. To this end, we have employed two distinct methods for assembling Ti-O and Y-O clusters
in bce Fe. The first method, which we refer to as the “on-lattice” method, is the same as used in
all previous DFT studies of nanocluster formation [146-149]. In this approach, clusters are
assembled by placing Ti or Y atoms on the Fe substitutional sites and O atoms on the Fe

octahedral interstitial sites, as depicted schematically in Fig. 4.1.
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Figure 4.1: bec scell illustrating the on-lattice cluster method. Red circles represent an
interstitial lattice of sites available for O atoms, white circles represent bcc lattice sites
available for Fe, Ti, or Y atoms.

These clusters are perfectly coherent with the host Fe lattice. The second method, which is
referred to as the “structure matching” method, involves creating clusters of Ti-O and Y-O that
mimic the structure of Ti and Y oxides, and then embedding them in the Fe matrix with as little
distortion to the Fe or the oxide structure as possible. In this construction the Ti or Y atoms do
not have to occupy the Fe lattice sites and any Fe atoms that impinge too closely upon the cluster
are removed. This approach results in strained clusters that are volume matched with a strained
host ferrite matrix. Since the oxides are less densely packed than the on-lattice clusters, volume
matching with minimum strains also requires the removal of some net number of Fe atoms. For
illustrative purposes, this process is depicted schematically for an arbitrary two-dimensional

metal oxide in Fig. 4.2.
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Figure 4.2: A two dimensional depiction of the structure matching method of cluster
assembly.

The specific structure-matched clusters for the Ti-O and Y-O systems are discussed in
subsequent paragraphs.

For the Ti-O system, we chose to match clusters to rutile TiO,. While Ti forms a large
number of stable oxides, rutile TiO; is the equilibrium phase in O-rich environments and is thus
a reasonable selection [151-153]. In this structure, the Ti atoms occupy a bct structure with
lattice parameters a = 0.459 nm and ¢ = 0.296 nm [154], and each Ti atom is coordinated by 6 O
atoms. In creating a Ti-O cluster in bce Fe that matches this structure, it is simplest to imagine
laying the (100) plane of the TiO; structure on top of the (110) plane of the bcc Fe crystal, such
that the [010] and [001] directions of the TiO, structure are oriented along the [110] and [001]
directions of the Fe crystal, respectively. This is sufficient to fully define the orientation
relationship of the oxide and Fe lattices. To construct a structure-matched Ti-O cluster
containing 6 Ti atoms, the 4 Fe atoms at the corners of the rectangle described by this plane are
replaced by Ti atoms, and 2 additional Ti atoms are placed at the edge centers at positions

(0,0,1/2) and (1,1,1/2) in the bcc Fe cell. The O atoms are then placed in appropriate positions
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with respect to the Ti atoms, according to the rutile TiO, structure. The cluster constructed this

way is depicted schematically in Fig. 4.3.
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Figure 4.3: Structure-matched Ti-O cluster comprised of 6 Ti atoms and 6 O atoms
arranged on a single bcc Fe unit cell

In Fig. 4.4, a structure-matched Ti-O cluster containing 6 Ti atoms and 6 O atoms after full

relaxation is depicted along with the corresponding structure in bulk rutile TiO..
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Figure 4.4: A 6Ti-60 stucture matched cluster as it appears in rutile TiO; (left) and
embedded in Fe after full ionic relaxation (right). The Ti and O atoms in the cluster are
highlighted for emphasis




113

For the Y-O system, we use the bixbyite phase of Y,03 to generate structure-matched
clusters. This structure may be described as a defected fluorite structure with ordered vacancies
on the O sublattice. To account for the ordering of the O sublattice vacancies, the complete unit
cell is quite large, with a lattice parameter 1.06 nm [155] and consisting of a 2x2x2 supercell of
the Y fcc sublattice. For the purposes of generating structure-matched clusters, we build one
eighth of the full bixbyite unit cell, which consists of a single fcc Y cell of length 0.53 nm and
which contains 6 O atoms. When creating a Y-O cluster in bcc Fe that matches this structure, it is
simplest to imagine that this fcc Y cell corresponds to a 2x2x2 bcc supercell of Fe with an edge
length of twice the lattice parameter of Fe, or about 0.56 nm. If the Fe atoms residing on the
corners and face centers of this supercell are replaced with Y atoms, and the Fe atoms on the
edge centers and in the interior of the supercell are removed, the result is an fcc Y cell similar in
size and shape to the fcc Y sublattice in bixbyite Y,03. Thus, the lattice vectors of the cubic bcc
Fe crystal and the cubic Y,03 oxide crystal are parallel. To generate a structure-matched Y-O
cluster consisting of 6 and 60, we replace the face centers of the aforementioned 2x2x2 bcc Fe
supercell with Y atoms, resulting in a Y octahedron. The Fe atoms interior to this octahedron are
removed, and O atoms inserted in appropriate positions with respect to the Y atoms. The cluster

constructed this way is depicted schematically in Fig. 4.5.
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Figure 4.5: 6Y-60 structure-matched cluster configured on a 2x2x2 bcc Fe supercell

In Figure 4.6, this cluster is depicted after a full relaxation, along with the corresponding

structure in bixbyite Y,0s.
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Figure 4.6: A 6Y-60 structure-matched cluster as it appears in bixbyite Y,0; (left) and

embedded in Fe after full ionic relaxation (right). The Y in the cluster are highlighted for
emphasis.

Using the cluster assembly methods described above, we prepared a large set of Ti-O and
Y-O clusters ranging in size from 3 to 30 atoms. We then categorized the clusters based upon
the total number of Ti or Y atoms that they contain, with the intention of addressing the

following question: given a fixed number of Ti or Y atoms, but allowing any number of O
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atoms, what type of cluster configuration is most stable? Our focus on a system of fixed number
of metal atoms but variable oxygen is motivated by the relative diffusivities of Ti, Y, and O in
Fe, listed in Table 4.1 [156, 157].

Table 4.1: Diffusion coefficients of Fe, Y, Ti, and O in Fe at 1150 °C.

Species Diffusion Coefficient
(m?/sec)
Fe 1.1x10%
Y 1.5x10%
Ti 1.7x10%
o) 1.0x 10"

Because O is able to diffuse many orders of magnitude faster than either Ti or Y, we make use of
the standard assumption of local equilibrium, since compared to the time that it takes for
individual Ti or Y atoms to come together and form a cluster, equilibration with the local O
environment will be nearly instantaneous, and O-equilibrium is continuous as the precipitate
grows. In other words, as a cluster grows one Ti or Y atom at a time, it has access to all the O
atoms it requires to form its most stable configuration at any given moment.

The structure-matched clusters were further categorized based on their O content.
Because the structure-matched clusters are constrained to the structure of a bulk oxide, the only
way such a cluster can exhibit an overall O fraction that differs from the oxide stoichiometry is
through the effect of surface termination: clusters that are O terminated will tend to be O-rich,
or hyper-stoichiometric, while clusters that are Ti or Y terminated will tend to be O-poor, or
hypo-stoichiometric. Thus, O content for the structure-matched clusters is determined by the
choice of cluster surface termination. To obtain a reasonable sample of this range of O content,
for each given cluster size category we constructed three different structure-matched clusters.

All three have the same number of Ti or Y atoms in the same configuration, and differ only in O
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content: one cluster is Ti or Y terminated (hypo-stoichiometric), one is of mixed termination
(stoichiometric), and one is fully O terminated (hyper-stoichiometric).

Both the hypo-stoichiometric and hyper-stoichiometric conditions generally define a
unique structure. The hypo-stoichiometric clusters contain only the O atoms that are closest to
the interior of the cluster. Examples of this structure are shown in Figs. 4.4 and 4.6, which
depict hypo-stoichiometric structure-matched clusters of 6 Ti and 6 Y atoms, respectively. Each
cluster contains 6 O atoms that lie on the shell that is closest to the center of the cluster, and
adding any additional O atoms would require placing them much further from the center of the
cluster. In the hyper-stoichiometric clusters, each metal atom has the same O coordination that it
would have in the bulk oxide phase, both in terms of the number of O nearest neighbors and their
geometrical arrangement. This constraint defines both the number and positions of all the O
atoms in the cluster. In contrast, the stoichiometric condition generally does not define a unique
structure and there are many potential sites for the outer most O atoms in the cluster. When
constructing the stoichiometric clusters, we first fill the inner most O shell as in the hypo-
stoichiometric case and then place additional O atoms in the next available shell in such a way
that they are as far apart as possible.

To calculate the formation energy of a given cluster, we use the following expression:
AE; = E(Ng My Mo )= (N i + Ny 4y +No ) (4.1)
where E(n.,,n,,,n, ) is the energy of a supercell containing n., Fe atoms and a cluster

containing n,, M atoms (where M =Tior Y) and n, O atoms and g; is the energy per atom of

species i in its reference state. The reference state of Fe is pure Fe, the reference states for Ti and
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Y are isolated substitutional Ti or Y atoms in otherwise pure Fe, and the reference state for O is
an isolated octahedral interstitial O atom in otherwise pure Fe.
All DFT calculations were performed using VASP [62-65]. Computation details and
parameters were selected based upon the methods developed by Jiang et al in a similar study
[147]. These parameters are summarized in Table 4.2.

Table 4.2: Pertinent computational settings and details.

Supercell Size 4x4x4 bee Fe supercell
Plane-wave cutoff energy 400 eV
k-point mesh 2x2x2 Monkhorst-Pack scheme
Pseudopotentials PAW-GGA

While the results in Ref. [147] indicate that these settings (e.g., the supercell consisting of 128 Fe
atoms) are sufficient for a small number of solute atoms, some of the clusters considered in this
study are significantly larger than those in Ref. [147] and therefore our calculations may suffer
from finite size effects. To estimate the magnitude of these effects, we recalculated the
formation energy of a structure-matched Y-O cluster from the largest cluster size category
containing 6 Y and 9 O atoms using a supercell nominally containing 250 Fe atoms (instead of
128 Fe atoms). The formation energy difference when using a nominal 250 Fe atom supercell
compared to a 128 atom supercell was negative 0.346 eV per metal atom in the cluster. This
compares with nominal values of between negative 0.66 and 1.33 eV per metal atom. Thus, the
qualitative conclusions are likely to be independent of their system size.
4.2.2 Identity of the Most Stable Ti-O and Y-O Nanoclusters in Fe

In order to investigate the stability of Ti-O and Y-O nanoclusters in Fe, we have
assembled large sets of clusters according to the two construction methods described in Sec.

4.2.1 and we calculated their formation energies. The nanoclusters considered here range in size
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from 3 to 30 atoms, and the largest clusters have a diameter of about 0.6 nm. In Fig. 4.7 we plot

formation energy of the Ti-O and Y-O clusters as a function of the cluster size.
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Figure 4.7: Cluster formation energies as a function of cluster size for Ti-O clusters (left)
and Y-O clusters (right).

Across all cluster sizes, for both the Ti-O and Y-O systems, it is evident that the structure-
matched clusters are more stable than the on-lattice clusters. This trend becomes significantly
stronger as the cluster size increases, which suggests that for clusters larger than those studied
here, the difference in formation energies between on-lattice type clusters and lattice matched
clusters will be even greater. We thus conclude that clusters of Ti or Y with O that resemble
bulk oxide structures are significantly more stable than on-lattice type clusters that are fully
coherent with the Fe lattice. We note that the formation energy difference between the largest
structure-matched clusters and on-lattice clusters is on the scale of several eV, which is
considerably larger than our estimate for errors due to finite supercell size, and therefore the
presented conclusions are qualitatively robust.

Among the structure-matched clusters represented in Fig. 4.7, those that are hyper-
stoichiometric are most stable while those that are hypo-stoichiometric are the least stable,

irrespectively of the cluster size. As discussed in Sec. 4.2.1, the apparent off-stoichiometry of
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these clusters is due to surface termination, which has a significant impact on the stoichiometry
of very small clusters, and is not an indication that the most stable structures are M-O clusters of
different stoichiometry than known oxide phases, as has been suggested in previous studies [1,
131].

4.2.3 Stability of Ti-Y-O clusters with Y:Ti ratio of 1:1

In Sec. 4.2.2 we focused on the binary Ti-O and Y-O clusters, which calculations
provided a foundation for understanding of the Ti-Y-O nanocluster system. In this section, we
extend the approach described in Sec. 4.2.1 to clusters containing Y, Ti, and O. For the
structure-matched clusters we match to the structure of Y,Ti,O7 pyrochlore that is observed at
the smallest nanoprecipitate sizes [150]. The structure of this oxide is very similar to the
structure of bixbyite Y,05 in that they may both be considered defected fluorite structures with
ordered vacancies on the O sublattice [158]. The structure-matched Ti-Y-O clusters are
therefore very similar to the structure-matched Y-O clusters, as discussed in Sec 4.2.2. A fully
relaxed structure-matched Ti-Y-O cluster and the corresponding structure in bulk Y, Ti,O;

pyrochlore are depicted in Fig. 4.8.
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Figure 4.8: A 3Y-3Ti-60 structure-matched cluster as it appears in pyrochlore Y;,Ti,O;
(left) and embedded in Fe after full ionic relaxation (right). The Y, Ti, and O in the cluster
are highlighted for emphasis

As with the Ti-O and Y-O cluster sets of Sec. 4.2.2, we assembled three structure-matched
clusters for the 4 and 6 M atom cluster size categories, differing in their O terminations. The
“stoichiometric” structure-matched Ti-Y-O cluster of 6 atoms is slightly sub-stoichiometric, as it
is not possible to create a cluster containing 3 Ti and 3 Y atoms with the stoichiometry of
Y,Ti,O;. To be consistent with the composition of the structure-matched clusters, we constrain
the Y:Ti ratio to 1:1 for all Ti-Y-O on-lattice clusters. A more full exploration of the Y-Ti
compositional space is desirable but is beyond the scope of the present work.

In Fig. 4.9, cluster formation energies are plotted as a function of cluster size.
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Figure 4.9: Cluster formation energies as a function of cluster size for Ti-Y-O clusters

The series “Ti-O + Y-O Cluster Ensemble” depicts the formation energies per metal atom for
ensembles of Ti-O and Y-O structure-matched clusters of a given cluster size, where the overall
Ti:Y ratio for the ensemble is 1:1. For both the 4 and 6 metal atom clusters, the Ti-Y-O
structure-matched cluster series is lower in energy per M atom than the corresponding Ti-O/Y-O
cluster ensemble, indicating that even for these very small cluster sizes there is a strong driving

force for the reaction 2TiO, +Y,0, =Y,Ti,0,.

Formation energies of two on-lattice clusters reported in earlier calculations [147, 149]
are also included in Fig 4.9 for comparison. Clusters from Refs. [147, 149] show a greater
stability than the on-lattice clusters investigated in the present study. In the case of Ref [149]
this may be due to inclusion of locally stabilizing vacancies. The lowest energy cluster
assembled in Ref [147] is stabilized by the inclusion of a [100] O-O interstitial dumbbell
configuration that was found to be highly stable with respect to the single O octahedral
interstitial. As this configuration requires that the O be permitted to reside on the Fe

substitutional lattice, it is not permitted according to the on-lattice cluster assembly method
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utilized in the present study. Nevertheless, the Ti-Y-O nanoprecipitates that are matched to the
bulk oxide structure are far more stable than the on-lattice clusters assembled in this study and
those from Refs [147, 149]. Evidently, the structure matching method results in clusters that are
more stable than those assembled by any of the previously reported on-lattice methods. We
therefore argue that the energetically most favorable nanoprecipitate nuclei formed in Ti-Y-O
NFAs are fully consistent with stoichiometric oxide particles that are a partially relaxed
precursor to a semicoherent structure orientation relationship with the Fe lattice, as opposed to
clusters of Ti, Y, and O that are fully coherent with the Fe lattice. This result does not
necessarily contradict the conclusion that structural vacancies will further increase the stability of
equilibrium Ti-Y-O nanoclusters [146, 148, 149]. However, when the cluster is not restricted to
the Fe lattice, vacancies in the cluster become difficult to define as a discrete species.
Consequently it seems more accurate to conclude that some amount of vacant space in the Fe
lattice is necessary to form the most stable Ti-Y-O nanoclusters, and that this space is provided
by a corresponding aggregation of Fe vacancies.

4.2.4 Primary results and implications for Y-Ti-O nanocluster behavior

In the study presented in this section, we performed DFT calculations to identify possible
candidate structures for the smallest nanoprecipitates in Ti-Y-O NFAs. In our search for
potential structures, we utilized two cluster assembly methods: one which restricted the Ti or Y
atoms to the Fe substitutional lattice sites and O to Fe octahedral interstitial sites, and one which
matches the Y, Ti, and O to the structure of a known stable oxide phase. For the Ti-O and Y-O
subsystems, we assembled large sets of clusters ranging in size from 3 to 30 atoms. It was

determined that at all sizes, the clusters that match bulk oxide phases are more stable than the
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clusters that are fully coherent with the Fe lattice. Based upon these findings, we assembled a
smaller set clusters containing Ti, Y, and O to determine whether this trend also holds in the full
Ti-Y-O system. Our results indicate that clusters which are matched to the structure of
pyrochlore Y,Ti,O; are more stable than clusters that are restricted to the Fe lattice. This result
is consistent with TEM observations of Y;Ti,O7 oxides down the sizes of 1 nm [134, 150, 159].
This results is true not only among the set of clusters tested here, but among the broader set of
M-O clusters of similar size tested in previous DFT studies of nanocluster formation in NFAs
[147, 149]. We therefore believe that the most energetically favorable nanocluster nuclei in Ti-
Y-O NFAs are likely to resemble complex Ti-Y oxides that are at least partially incoherent with
the Fe lattice.
4.3 Thermodynamic and kinetic modeling framework for studying oxide precipitation in NFAs

The primary objective of the model described in this section was to understand and
predict coarsening behavior of nanoprecipitates in NFAs during very long service lifetimes at
temperatures relevant to nuclear reactor operating conditions. Additionally, the model was used
to further elucidate the coarsening mechanisms identified by previous empirical modeling [124,
129, 130]. Finally, the possible effect of Y and Ti alloy content on precipitate size distribution
was examined, in order to provide guidance for alloy design.

Based upon the DFT calculations reviewed in Sec. 4.2, and upon numerous experimental
observations [124, 131, 135-137], the model developed in this section is based upon the
assumption that the nanoprecipitates are known equilibrium Y-Ti oxide phases during their entire
evolution. While this approximation will not capture potentially important details such as the

precise nucleation pathway through compositional space or the appearance of metastable phases,



124
it is a well-defined limit that can be used as a platform to begin to understand the complex
multicomponent precipitation process in NFAs.

This section is organized as follows: Sections 4.3.1-6 first detail the thermodynamic
model used to evaluate the necessary driving forces for modeling nanoparticle precipitation in
NFAs. The kinetic model for simulating the nanoparticle precipitation is then described in detail.
Sections 4.3.7-10 present the predictions of the thermodynamic model and the results of fitting
the kinetic model to experimental measurements of nanoparticle size as a function of time during
aging. The predictions of the best-fit model regarding coarsening kinetics and alloy composition
effects on nanoparticle size are then presented. Finally, Sec. 4.4 provides concluding remarks
and commentary on pathways toward more advanced models.

4.3.1 Thermodynamic Model

The model developed in this study describes nanoparticle precipitation in NFAs
fundamentally as the phase separation of Y and Ti oxide phases from a bcc Fe-Cr-Y-Ti solid
solution. The thermodynamic model used to describe the driving forces for this phase separation
includes the following phases: bixbyite Y,0s, rutile TiO,, pyrochlore Y,Ti,O;, orthorhombic
Y,TiOs, and ferrite Fe-Cr-Y-Ti solid solution. The oxide phases are the equilibrium phases that
appear on the Y,03 — TiO, pseudobinary phase diagram [160] over the temperature range of
interest (900 K — 1573 K), while ferrite is the predominant matrix phase in most NFAs [1, 125].

Within this thermodynamic model, the equilibrium phase separated state of a given NFA
can be determined by first computing the free energies of the phases listed above and then
minimizing the free energy of the total system with respect to the fractions of each phase.

Numerous thermodynamic assessments in the CALPHAD formalism were used to describe the
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free energies of these phases. The necessary parameters for these descriptions are summarized in

Table 4.3.

Table 4.3: CALPHAD parameters used in the thermodynamic and kinetic models. All
parameters have units J/mol.

Model Expression Source
V.0 G2 =_-1976462 + 731.6512T —121.881T InT —0.00506T 2 +
28 B L, 3 [161]
(bixbyite) 1090000T * —13000000T —Eegjscr, Po,)
Tio G"? = —976986.6 + 484.74037T —77.76175T InT +
152 [151]
(rutile) 1683920T * —67156800T * —G*(T,P, )
Y Ti,07 227 _ 203 012
(pyrochlore) G#" =G**®+2G"2 -65569.9 —37.19T [160]
YTiOs 215 203 , ~012
% °GY = -1297.798 +134.528352T — 27.3038477T InT — [162]
(o) 0.541758x10 T ? —0.305012x 10 °T?
Ti °G& =6667.385+105.366379T —22.3771T InT + [162]
(o) 1.21707 x10°T 2 —0.84534x10°T® — 2002750T *
0 oo L, —6568.763+12.659879T —16.8138T InT —
( ai ) 2 % 7 [162]
. 0.595797 x10°T? +0.006781x10°T * + 4383200T ** + RT In P,
@2, =100000
@2 =300000
@12, =230000
Solid Solution O . =-69241.924 + 25.246T +0.0001T * +120000T * [163-
(o) @2 . =5018.986 —4.992T 166]

@2 . =23023.241-13.110T
OLe . =-2247.87 +9.14144T
@z . =198.73

The total free energy to be minimized may be written as

Gtot — faGa + f203G203+ f227G227 + f215G215+ f012G012 (42)
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where f'G' is the product of the mole fraction of phase i and the molar free energy of phase i.

The superscripts 203, 227, 215, and 012 refer to the oxide phases Y03, Y,Ti,O7, Y,TiOs, and
TiO, respectively. The free energy of the solid solution phase is computed using the following

equation:

G” =) x°G{ +RT > x Inx+G* (4.3)

where x; is the mole fraction of component i in the ferrite phase a (i =Y or Ti), and °G?” is the
molar free energy of pure component i in the structure of a. The term ®*G* is the excess free
energy of mixing, described by the Redlich-Kister polynomial

eXGa = 'xmxn é‘ (‘xm - ‘xn )j ((j)L(:m) (4.4)

J

where m = Fe, Crand n =Y, Ti. The parameters ’L“ are defined in Table 4.3. Because the

mole fractions of Ti and Y in NFAs are generally dilute (typically less than 1 at%), Y-Y, Y-Ti,
and Ti-Ti interactions in the solid solution phase are also neglected. Furthermore, because the
mole fractions of Fe and Cr in solution do not change during the precipitation of the Y and Ti
oxide phases, the contributions to the total free energy of the free energies of pure Fe and Cr, the
Fe and Cr entropies of mixing, and the Fe-Cr interactions in the excess free energy of mixing are
approximately the same before and after the phase separation. They are therefore neglected
when minimizing the free energy with respect to the mole fractions of the oxide phases. Finally,
interactions involving O in the solid solution phase are neglected because it is assumed that O
exists in the alloy at a constant chemical potential throughout the phase separation. This

assumption is further discussed below.
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When determining the equilibrium oxide phase separation in a given NFA, Eqn. 4.2 is
minimized under the constraints of constant mole numbers of Fe, Cr, Y, and Ti, and constant
chemical potential of O. These constraints are equivalent to assuming that the system is closed
with respect to Fe, Cr, Y, and Ti but open with respect to O. The assumption of openness with
respect to O is based upon two general observations. First, the O content typically measured in
NFAs generally far exceed the amount of O nominally added to the alloy in the form of the Y,03
powder [124, 137, 140, 167-170]. In fact, Auger et al. [170] compared Fe-14Cr model alloys
manufactured both with and without the additions of Y,03 powder and found that both variants
contained similar O content, with the Y,03 addition imparting only a relatively small amount of
additional O. This suggests the majority of the O in the alloy enters the system during
processing, presumably during the milling and subsequent heat treatment. Second, Cr and Fe
oxides are often observed on the surface of NFAs [124, 140, 171] or the bulk [145, 168, 170],
suggesting an equilibrium of the NFA precipitates with these oxides may be occurring.
Furthermore, the internal oxidation of Y has been shown to reduce the amount of surface oxide
growth in Fe [172], Ni-Cr alloys [173], as well as NFAs [171], indicating that the formation of
surface oxides and the internal precipitation of Y oxide particles are coupled processes. Because
the diffusion coefficient of O in the ferrite phase is many orders of magnitude higher than the
diffusion coefficients of any of the metal species in the alloy [174-176], we assume that the O in
the matrix can diffuse sufficiently fast that it can equilibrate with the plentiful Cr and Fe oxide
phases on the surface or within the material on the timescale of the Y-Ti oxide nanoparticle
precipitation. With these observations and assumptions, it is reasonable to assume that the

surface oxide acts as a reservoir for O that maintains an O concentration in the matrix at a fixed
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chemical potential. The exact value of this chemical potential is unknown, however in this study
the chemical potentials corresponding to equilibrium with known Fe and Cr oxides have been
used to provide a plausible range for this parameter.

4.3.2 Kinetic model: basic formalism and equations

The model used in this study to describe the kinetics of Y-Ti oxide precipitation is based
upon Slezov’s general theory of the kinetics of first order phase transformations. The main
resulting expressions of this theory will be will be discussed in subsection 2.2.1; a thorough
derivation of these expressions may be found in [177] and in chapter 2 of [178].

In the kinetic theory of Slezov, the ensemble of precipitates of a given phase in the
system is described by the size distribution function f ?(n,t), which specifies the concentration

of precipitates or clusters of phase ¢ containing n constituent structural units at time t. In the

present model we assume that the O atoms diffuse at a much higher rate than the metal atoms,
and consequently the growth of the oxide precipitates is controlled kinetically by the aggregation
of Y and Ti monomers. Therefore, for the purposes of describing the growth Kinetics, the
constituent structural units are taken to be integer numbers of Y and Ti atoms in proportions that

match the Y:Ti ratios of the four oxide phases considered for precipitation. Specifically, these

are
n203 — 1Y
n?*" =1y +1Ti
N2t = 2Y +1Ti (4.5)
n°2 = 1Ti
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O is not included as a part of the constituent structural units because it is assumed that O arrives
at the cluster nearly instantaneously on the timescale of Y and Ti diffusion, so the kinetics of O
diffusion is not included explicitly in the model equations. The expressions for the volume and
the free energy per structural unit of the oxide phases are defined assuming O joins the oxide
precipitates in the correct stoichiometric proportions instantaneously from the background
reservoir of O.

The evolution of the function f?(n,t) for each oxide phase ¢ is described by the

following partial differential equation:

of ?(n, 1) :_8J¢(n,t)

ot on (4.6)
where J?(n,t) is the flux in cluster size space. Because f?(n,t) is discrete in cluster size n, in

practice Eqn. 4.6 may be recast as n ordinary differential equations:

de® _ e g

dt n-1 n (47)

where f?(t) is the concentration of clusters of phase ¢ and size nand J/ is the flux of clusters

of phase ¢ between sizes nand n + 1. These fluxes are expressed as

(4.8)

3t =wil E) - fnﬁl(t)exp{AG”””)‘AG””’}

RT

The term w? is the rate at which a cluster of size n incorporates a constituent structural

unit from the matrix phase and grows to size n + 1. Under the assumptions that the clusters are
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spherical and grow via three dimensional monomer diffusion from the matrix phase to the

surface of the cluster, the rates w? can be written as
4 a’ 4 13
W, = 4r e Deffn (4.9)

where a’ is the characteristic length of a constituent structural unit in phase ¢ (« here
designates the ferrite matrix phase). This parameter equal to the radius of a sphere with volume

equal to the volume per structural unit of phase @’ :

) 30)¢ 1/3
a —
e (4.10)

D? represents an effective diffusion coefficient that controls the precipitate growth kinetics of

phase ¢. This parameter is defined according to
@ .
Des Ay

withi =Y, Ti. x, and D, are the mole fraction and diffusion coefficient of species i in the
matrix phase, respectively. Under the assumption that the Y:Ti ratio of precipitates of a given
phase is constant for all precipitate sizes, the parameter v/ is equal to the number of atoms of
species i per constituent structural unit of precipitate phase ¢, as summarized in Eqgn. 4.5.

The term AG?(n) is the change in free energy corresponding to the formation of a cluster
of phase ¢ containing n structural units from the constituent atoms in solution in the matrix

phase. This parameter is defined as
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AG’(n) = ”(gﬁ _Zvi¢ﬂij+6¢(n). (4.12)

Here, gﬁ is the free energy per structural unit of the precipitate phase, z; is the chemical

potential of species i in the matrix phase, and o’ (n) is the interfacial energy of a cluster of

phase ¢ and size n. To evaluate o (n), we assume the clusters are spherical and have a

constant specific interfacial energy. Because the Y and Ti contents in NFAs are fairly dilute

(typically 1 at% or less), the chemical potentials can be expressed to good approximation as

0
= 4 (T) +RT In(x;) (4.13)
In terms of the thermodynamic parameters used to describe the solid solution phase, the term

4 (T) is computed by the following expressions:
0 _0 (1) j ) i
Hi (T)_ Gia + XFeZ Liei Xpe T XCrZ I—griXCr (4.14)
i i

- ¢ - - - -
The free energy per structural unit g7 is defined as the molar free energy of the precipitate phase

as computed in Table 4.3 normalized by the moles of structural units per mole of oxide.
When numerically integrating the set of ordinary differential equations defined by Eqn.

4.7, the following set of initial and boundary conditions are applied:
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f2(0) T 0
@ =[1x"
Xi (O) = XiO
- (4.15)
X; (1) = x,(0) - Z v/ Z nf!(t)
¢ n=1

af’ @)

dt -

N2

where x’ is the initial alloy concentration of species i, and npax is the maximum cluster size

considered. In this study, nmax Was set to 10,000 structural units, which corresponds to
precipitates of about 10 nm in diameter.
4.3.3 Formal considerations for the dislocation pipe diffusion mechanism

In order to incorporate precipitate growth and coarsening via dislocation diffusion into
this model, some modifications to the basic equations are necessary. Qualitatively, this model
assumes that each oxide precipitate or cluster is intersected by some number of dislocations, and

that these dislocations act as pipes through which monomers diffuse to join or leave the clusters.

Therefore, the coefficients w?/ must be rederived assuming a pipe diffusion mechanism, rather

than normal three dimensional bulk diffusion. In performing this derivation, we follow the

approach of Clouet et al. [179]. We assume that diffusion to the surface of a given cluster of size

n with radius r, occurs through N° dislocation pipes of cross sectional area A®, each

intersecting the cluster normal to the surface. By the approach of Clouet et al., the concentration

profile within each pipe is described by
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—r
»

T
X (r)=x (4.16)

where x” is the average concentration of species i far from the cluster surface and r is the radial
distance from the center of the cluster along the axis of the pipe. The rate W{’fn for species i is

then computed by integrating the flux through the particle surface. For a dislocation diffusion

mechanism, this yields

NP°APx*DP

a
@’

W.¢D =

1,Nn

(4.17)

where D is the dislocation diffusion coefficient of species i. In this study, we assume N° is

equal to 2 (corresponding to one dislocation completely intersecting each precipitate) and A is
equal to the area of a circle with radius given by the lattice parameter of a-Fe. We note that this
result is equivalent to that of Ardell et al. [180] in the limit of zero emission from the cluster.

In the present model, it is assumed that clusters of each phase can nucleate and grow through
both normal bulk diffusion and through dislocation diffusion simultaneously. In practice, this is
implemented by distinguishing between clusters of the oxide phases residing in the undefected
matrix phase, designated ¢, and those residing on dislocations, designated ¢, . The Kinetics of
the former are described using Eqn. 4.7, while the later are described using the following
equation:

df > (t)

dt [Jr?'—Jl + Ir@l]_ [‘]fD + Ir?D] (4.18)
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where the terms J% and 1% are the fluxes of clusters of species ¢, through normal bulk

diffusion and dislocation diffusion, respectively. The dislocation diffusion fluxes are defined by

(4.19)

¢ _ ¢
I = wee ffo(t)—fnia(t)exp{AG () 225 ‘”)}

When evaluating the dislocation diffusion fluxes, it is assumed that only the Y atoms
interact strongly with the dislocations. This assumption is based on the following observations:
First, APT measurements indicate that Y segregation to dislocations is much stronger in NFAs
than Ti segregation [139]. Second, Y is much less soluble in Fe than Ti [163, 164]. Therefore,
the growth and coarsening rates of Y-Ti oxide precipitates in NFAs is most likely rate-limited by

Y solubility and diffusion [124], and the mechanism of Ti diffusion will not have a large impact

on the aggregate Kinetics. Under this assumption, the effective coefficients of aggregation w/

for the dislocation diffusion fluxes are expressed by

2
1) )
s T
Wn WTi,n WY,n
¢
a
6 1/3
WTl n Ar XTI DTI n—-,
(4.20)
DaAD,D D
Y,n a D
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where Dy is the diffusion coefficient of Y in the dislocation pipe and x; is the mole fraction of
Y atoms on dislocation sites. The term x_, is the total fraction of dislocation sites in the system,

which is assumed to be equal to the volume fraction of dislocation pipes, defined by

X = p° AP (4.21)
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where p° is the dislocation density. The free energy differences AG* (n) are defined using

Eqgn. 4.12, except that the chemical potential of Y is now evaluated for a Y atom in the

dislocation core, defined approximately as:
XD
— 0 D Y
= ,LIY (I') + AEY + RT In D (4.22)
tot
where AE, is the energy of a Y atom in a dislocation core relative to the energy of a Y atom in
bulk, undefected Fe.
Throughout the evolution of the functions f?(t) and f (t), the monomer
concentrations X, X, ,and x; must be tracked explicitly. This is accomplished with the

following set of equations:

Wy df ¢ (t) ey dlf ¢ (t)
Z LN Z D
A+ ZV\?%n[ _‘]¢]+ZV n‘]r?Dl ‘]¢D] _KYD (4.23)
@ n=! _1 .
=—ZVYDnMZa‘j 152 — 1% ]+ K,
%o n=1

The term K, is the net rate at which Y atoms enter dislocation pipes. This rate may be cast in

the formalism of Slezov as flux in the form of Eqn. 4.8, describing the reaction of Y atoms on the

lattice with dislocation sites to form Y bound to dislocations. The resulting expression is

(24

a AE,
Kyo :47ZDYE xY(xtEft Xy ) Xy exp{ = } (4.24)
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where a“ and «»* are the atomic radius and volume of Fe, respectively. The conditions defined
in Eqgn. 4.15 still apply, with the following modifications for the monomer concentrations:

Xy (O) - X\? (1 - thgt)

X\P (O) = X\(() XtE))t

(4.25)

4.3.4 Summary of model parameters
A number of parameters and physical quantities are necessary for evaluating this model,
which may be generally categorized into kinetic quantities, thermodynamic quantities, and

geometric quantities. These quantities are summarized in Table 4.4.
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Table 4.4: Physical quantities and parameters used in the Kinetic precipitation model.

Parameter Description Value Source
Y,03: 3.9x107
Volume per structural Y,Ti,07: 6.6x10%
@’ unit of the precipitate Y,TiOs: 1.1x10728 [154, 155,
phase ¢ (m°) TiO,: 3.1x10°% 158]
Fe: 1.2x10™
Pre-exponential factor .
foF; diffusion T 0'21_
b/ coefficient of species i v: 8.0x10° [175, 176]
;O Species Y (dislocation): 8.0x10°’
(m*/sec)
Activation energy for Ti: 293.2
Q diffusion coefficient Y:218.1 [1155511875?
of species i (kJ/mol) Y (dislocation): 109.0
Intercept of specific
o interfacial energy Pipe diffusion model: 1.70 Best model
0 expression Eqn. 4.27 Standard model: 2.57 fits
(J/m?)
Slope of specific :
inteFr)faciaI F()energy Interpolation
A . -1.2 of data from
expression Eqn. 4.27 [186, 187]
(J/m?) ’
p chzamﬁtgioiqgn(t)ial Pipe diffusion model: -415.1 Best model
° P Standard model: -474.4 fits
(kJ/mol)
. L DFT
AE) Y-Dislocation binding -241.2 calculation in
energy (kJ/mol) this work
P Dislocatio_rzm density 10 'A:/F;F;sz;:gfge
(m) [124]

The kinetic quantities are the diffusion coefficients of the Y and Ti monomers. For

normal bulk diffusion, D;, has been taken from experimental measurement [175], and D, has

been taken from first principles-based diffusion theory [176]. While no experimental value of

D, is available, segregation measurements have been found to be reasonably consistent with the

first principles-based value [124]. Arrhenius parameters for these diffusion coefficients are
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provided in Table 4.4. No value of the dislocation diffusion coefficient D, has yet been

determined, however in many metals it has been found that using the value of the bulk diffusion

coefficient with a reduction of 40-60% in the activation energy is a reasonable approximation of
this parameter [181-185]. Therefore, we will assume that D, is equal to D, evaluated using
one-half the activation energy. In addition to the thermodynamic parameters listed in Table 1,

the thermodynamic quantities required by this model include the specific interfacial energies o¢

and the dislocation binding energy AE," . The former is treated as an adjustable parameter, as

described in Sec. 4.3.6, while the latter is calculated in this study via DFT (see Sec. 4.3.8).
Finally, the geometric quantities include principally molar volumes of the various phases in the
system. These are summarized in Table 4.4. Once all of the necessary quantities were
determined, the model differential equations were numerically integrated using the CVODE
module of the SUNDIALS package [188].
4.3.5 Calculation of the Y-dislocation binding energy via DFT

In order to incorporate the effects of dislocation pipe diffusion into the kinetic model, the
binding energy of a Y atom to a dislocation must be determined. The subject of solute
interactions with dislocations in Fe has been well-studied, however in most cases the solutes of
interest are interstitial solutes such as C or N. The interaction energy of Y with dislocations in
Fe is currently unknown. In this study, DFT calculations have been employed to compute a first
approximation for the Y-dislocation binding energy in Fe. To demonstrate that this approach can
produce reasonably accurate results, the binding energies of C, O, and N with a dislocation in Fe
were calculated as well and compared with available values from the literature and from

elasticity theory.



139

The dislocation model chosen for these calculations is the [100](010) edge dislocation.
This dislocation type was chosen for its structural simplicity, and while they are not involved in
the predominant slip mechanisms in Fe [189], dislocations of this type are present in Fe and
appear to play an important role in crack nucleation [190]. Fig. 4.10a illustrates the atomistic
model of this dislocation structure, viewed along the [001] direction (i .e., along the core of the
dislocation). Periodic boundary conditions are employed when calculating the energy of the
dislocation structure via DFT, and a supercell was constructed with an array of four dislocations
arranged such that their displacement fields are mutually compensated between periodic images.

Fig. 4.10b depicts a schematic illustration of the simulation supercell used in these calculations.

Figure 4.10a (left): Atomistic model of [100](010) dislocation. The colors denote different
atomic planes parallel to the [001] direction. For binding energy calculations, Y is inserted
into substitutional sites 1-4, and C/N/O is inserted into interstitial site 5. b (right):
Schematic illustration of the 4 dislocation array in the simulation supercell used to
calculate dislocation binding energies when viewed along the [001] direction. The solid and
dashed lines correspond to the planes composed of the light and dark atoms in the
atomistic model of Fig. 1a, respectively.
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The solid and dashed lines in Fig. 4.10b correspond to the planes composed of the light and dark
atoms in the atomic model of Fig. 4.10a, respectively. In the [001] direction, the supercell was
three bce cubic unit cells in height.

Dislocation binding energies were determined using the following expression:

AEP = (EP., +E)—(E2 + E™) (4.26)

i+Fe

where EP

i+Fe

is the DFT-calculated energy of the dislocation structure containing a solute atom of

bulk
i+Fe

species i, EZ is the energy of the solute-free dislocation structure, EP4¥ is the energy of bulk,

undefected Fe with a single solute of species i, and E2'™ is the energy of pure, undefected Fe.

When calculating E°_. , the solute Y atom was placed on sites 1-4 in Fig. 4.10a, while the C, N,

i+Fe
or O atom was placed on site 5. For the bulk Fe calculations, a 3x3x3 cubic bcc supercell was
used, with a single solute atom. In the case of Y, the solute atom was placed on a substitutional
site, and in the case of C, N, or O the solute atom was placed on an octahedral interstitial site.

All calculations were performed using the Vienna Ab Initio Simulations package (VASP)
[62-65] in the generalized gradient approximation using the Perdew-Burke-Ernzerhof [66]
exchange-correlation functional, and using the projector-augmented wave method [67]. For all
calculations, a 3x3x3 k-point mesh and a 400 eV energy cutoff were used, and all calculations
were spin polarized. Cell shape and ionic relaxations were permitted in both the bulk and
dislocation structure calculations.

To estimate possible errors in Y-dislocation binding energy with supercell size, multiple
dislocation cells of different sizes were tested. The basic supercell depicted schematically in Fig.

4.10b consists nominally of 6 cubic bcc unit cells in the [100] and [010] directions and 3 unit
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cells in the [001] direction. Three additional supercell sizes were tested with sizes 8x6x3,
6x8x%3, and 6x6x4, respectively. The first tests convergence with respect to distance between
dislocations in the [100] direction, the second with respect to distance between dislocation cores
in the [010] direction, and the third with respect to distance between solute atoms along the
dislocation line in the [001] direction.

4.3.6 Physical quantities used as adjustable parameters

There are two additional quantities used in the present modeling framework that are not

precisely known; these are the specific oxide-matrix interfacial energies o¢ and the background
O chemical potential x,. These quantities would be quite difficult to accurately determine and

are therefore used as adjustable parameters in the kinetic model, and used to fit the model results
to experimental measurements of the change in mean precipitate size as a function of aging time.

The constraints and strategy for performing this fitting is the subject of this section.

In principle, the specific interfacial energies o represent eight independent parameters;

one for each of the oxide phases, in both bulk and dislocation configurations. If all eight
quantities are used as fitting parameters, then the model would likely have too many degrees of
freedom to allow for a unique model fit. Therefore, two approximations were employed to
reduce these quantities to a single adjustable parameter. First, we have assumed that the oxide
particles in the undefected matrix and those residing on dislocations have the same interfacial
energy. Second, we have assumed that the interfacial energies of the four oxide phases are
related by a simple linear relationship in the Ti fraction of metal atoms in the oxide, according to

the following expression:

ol =, + AX, (4.27)
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where x, is the fraction of metal atoms per mole of oxide phase ¢ thatare Ti. The slope A was

determined by interpolation between the bare specific surface energies of Y,03 and TiO, [187].
While this assumption has not been verified for the oxide phases used in the present model,
experimental measurements of the interfacial energy between liquid Ni and Ti-bearing YSZ
follow a linear relationship in Ti fraction like that of Eqn. 26 reasonably closely [186]. The

parameter o, from Eqn. 26 and the background O chemical potential u, defined in Table 4.3

are then the two adjustable parameters in this model. Both are assumed to be constant with
temperature.

The model was fit using experimental data and observations from the alloy MA957. This
alloy was chosen because of the abundance of data available from a uniform stock material [124,
130, 131, 135], which removes complexities associated with fitting to data from alloys with
different compositions and processing histories. The following constraints were employed when

adjusting the parameters o, and p . First, when starting with the nominal composition of

MA957, the predominant Y-containing precipitate phase predicted by the model must be a
complex Y-Ti oxide (i. e., Y2Ti,O7or Y,TiOs, and not Y,03). This constraint is based upon
extensive experimental evidence that Y precipitates in the form of Y-Ti-O nanoparticles in alloy

MAO957, and not Y,03. Effectively this constraint sets a lower limit on x, ; below a certain

threshold, a combination of Y,03 and Ti atoms in solution becomes thermodynamically more
stable than the complex oxides Y,Ti,O;or Y,TiOs. Second, the mean precipitate number
density, and volume fraction after the initial simulated heat treatment of the supersaturated solid
solution must be consistent with the values measured in the MA957 stock material via SANS

[124]. Within the range of values that kept these criteria satisfied, o, and x, were adjusted to
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best match SANS measurements of mean Y-Ti-O particle size as function of time during aging
of the MA957 stock material at temperatures in the range 1223-1573 K [124, 130]. This fitting
was done using a simple iterative routine to minimize the sum of the squared residual errors
between model calculation and experimental measurements for the last aging time at each
temperature. In an effort to isolate the dominant growth and coarsening mechanism in NFAs,
this fitting was performed independently for a kinetic model that includes only conventional
growth and coarsening through normal bulk diffusion (denoted hereafter the standard model) and
for a kinetic model that includes both bulk and pipe diffusion mechanisms (denoted the pipe
diffusion model).

4.3.7 Predictions of phases and volume fractions at equilibrium

The thermodynamic model described in Sec. 4.3.1 can be used to make certain
predictions about the asymptotic behavior of NFAs, such as the identities and fractions of the
phases present at equilibrium. Fig. 4.11 depicts a map of the predicted equilibrium precipitate

phases at 1273 K in an Fe-14Cr-x, - x;; alloy as a function of the ratio Xy, /(X, + X;; ), where the
sum X, +X;; was constrained to be equal to 1 at%, and the background O chemical potential in

terms of equivalent P, .
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Figure 4.11: Equilibrium phases predicted by the thermodynamic model as a function of O
partial pressure P, and nominal fractions of Ti and Y in the alloy Fe-14Cr- X, - x;; at 1273

K. Dotted lines correspond to the equilibrium partial pressures for the reactions
FeO—Fe+1/20,, Cr,;032Cr+3/20,, and TiO-Ti+0;

Lines corresponding to the equilibrium partial pressures for the reactions FeO«—Fe+1/20;,

Cr,032Cr+3/20,, and TiO—Ti+O; are included as well. Over the range of Po, for which Fe

or Cr oxides are stable, the predicted phases are Y,03, TiO,, Y,Ti,O7, and Y,TiOs, depending on
Y and Ti alloy composition. Most NFAs occupy the Ti-rich composition range for which the
predicted stable phases are TiO; and Y, Ti,Ov, in qualitative agreement with many experimental

observations [124, 131, 135, 136, 191]. The phase stability behavior is fairly insensitive to P, ,

with no change in phase stability above P, = 107?® atm. Below this limit, only Y,O3 appears as

a precipitate phase, and all Ti remains in solution. This value is well below the stability limit for

Cr,03, and is therefore most likely an unphysical value for NFAs under any condition.
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The volume fraction of precipitate phase is an alloy property of particular interest in
NFAs; to a first approximation, the change in strength due to the precipitates is proportional to
the square root of this volume fraction [8]. Fig. 4.12 compares the precipitate volume fraction in
a large number of NFAs with varying Ti and Y contents as measured via SANS [1, 129-131,
136, 137, 192-195] with the equilibrium volume fractions of oxide phases predicted by the

thermodynamic model for the same alloys.
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Figure 4.12: Comparison of measured precipitate volume fractions (citations in text) with
the equilibrium oxide volume fractions predicted by the thermodynamic model.

In some cases, the experimental data in Fig. 4.12 include only the nm-scale Y or Y-Ti oxide
particles and not the larger Ti oxide particles; for cases where this was explicitly stated in the
experimental methods [1, 131, 136], only the predicted volume fractions of the Y and Y-Ti
oxides were included in the corresponding model predictions in Fig. 4.12. In most cases, the
predicted volume fractions are slightly above the measured volume fractions. This could
conceivably be due to the SANS measurements missing precipitates that are outside the size
range for which the measurements have been tuned, resulting in a small but systematic under-

reporting of volume fractions. This explanation has been offered by Cunningham et al. [124] for
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the apparent drop in precipitate volume fraction observed during extended aging of the NFA
MAO957, where precipitates may have grown beyond the size range for which the SANS
measurements have been optimized. Aside from this error, Fig. 4.12 demonstrates reasonably
good agreement between the model predictions and experiment. This suggests that the model
adequately captures the trends in both the amount and identities of precipitate phases with Y and
Ti alloy content.

In the effort to optimize NFA properties with respect to alloy composition, significant
attention has been given to the effects Ti content on microstructure and mechanical properties.
Oksiuta et al. [191] examined the precipitate microstructure and the Charpy impact toughness of
an Fe-12Cr-0.2Y-xTi (at%) NFA, where x varied from 0.1 to 0.6 at%. Fig. 4.13 depicts the
equilibrium oxide volume fractions predicted by the thermodynamic model for this alloy on the
primary axis, and the measured Charpy upper shelf energy on the secondary axis, as functions of

Ti content.
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Figure 4.13: Predicted equilibrium oxide fraction (left axis) and measured Charpy upper
shelf impact energy measured by Oksiuta et al. [191] (right axis) as a function of Ti alloy
content in an Fe-12Cr-0.2Y-xTi (at%) NFA.

The thermodynamic model predicts that the Y-Ti oxide volume fraction will plateau at about 0.2
at% Ti, beyond which additional Ti only increases the volume fraction of TiO,. Thisis in
qualitative agreement with the observations of Oksiuta et al., who noted significant Ti oxide
precipitation in the alloy containing 0.6 at% Ti, but not in the 0.1 or 0.3 at% Ti alloys [191]. A
significant drop in Charpy toughness was measured between the 0.3 at% Ti and 0.6 at% Ti
alloys, a composition range that corresponds to a significant increase in the predicted volume
fraction of TiO,. Oksiuta et al. attributed this drop in Charpy toughness to the precipitation of a
large amount of Ti oxide in the 0.6 at% Ti alloy, which appeared as much larger precipitates
often on or near grain boundaries. This result suggests that Ti oxide precipitation should be

minimized in order to maximize Charpy toughness. From the predictions of the thermodynamic
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model in Figs. 4.11 and 4.13, TiO, formation can be avoided in alloys with a nominal Ti:Y ratio
equal to 1.

While the thermodynamic calculations discussed above can be used to predict the
identities and volume fractions of precipitate phases in equilibrium, the kinetic modeling
approach outlined in sections 4.3.2-4.3.6 must be used to examine the evolution of the precipitate
size distribution as a function of time, temperature, and alloy composition. This following
sections first presents the results of the DFT calculations of the Y-dislocation binding energy, the

fitting of the parameters o, and 1, and finally the predictions of the best-fit kinetic model of

the precipitate size evolution as a function of time, temperature, and alloy composition.
4.3.8 DFT calculations of solute-dislocation binding energies

The binding of the interstitial solutes such as C, N, and O to dislocations in a-Fe has been
studied extensively from both experimental [196-200] and theoretical [201-206] approaches. In
this subsection, we will first compare the results of the DFT calculations of the dislocation
binding energies of these three solutes with results from the literature, to ensure that the
simplified approach taken here can produce reasonably quantitative values.

Table 4.5 presents the dislocation binding energy values of C, N, and O resulting from
the DFT calculations described in Sec. 4.3.5, as well as values determined in previous studies

through a variety of experimental and theoretical approaches.
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Table 4.5: Solute-dislocation binding energies resulting from DFT calculations of this study
as well as other theoretical methods and experimental measurements from the literature.

Element Binding energy (eV) Method Source
-0.66-0.75, -0.70 mean  Empirical potential [201, 203, 205]
C -0.50-0.75, -0.62 mean Elasticity theory [202, 206]
-0.45-0.75, 0.57 mean Experiment [196-198]
-0.67 DFT calculation This study
N -0.40-0.80, -0.56 mean Experiment [199, 200]
-0.35 DFT calculation This study
0 -1.0 Elasticity theory [206]
-0.90 DFT calculation This study
Y Binding energy (eV) Y occupation site Supercell size
-2.62 1 6x6%3
-2.47 1 6x6%4
-2.46 1 6x8%3
Y -2.61 1 8%6x3
-2.11 2 8%6x3
-2.17 3 8%6x3
0.29 4 8%x6x3

Reasonably good agreement is observed for all three elements. Also presented in Table 4.5 are
the Y-dislocation binding energies calculated for site 1 in Fig. 4.10a using four different
supercell configurations and for sites 2-4 using a single configuration. The strongest binding
energy is calculated for site 1, where all four values fall within the range of -2.47 and -2.65 eV,
indicating that convergence errors with respect to cell size are likely to be on the order of 200
meV. While this is not an insignificant error in absolute terms, it is less than 10% of the
magnitude of the overall value and the predicted values should be accurate enough to assess the
possible impact of dislocation pipe diffusion on precipitate growth and coarsening. The binding
energies calculated for sites 2 and 3 were somewhat weaker than site 1, but still substantial. Of
the sites tested, only site 4 resulted in a repulsive interaction. In the kinetic modeling results

described below, a value of -2.54 eV was used for the Y-dislocation binding energy,
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corresponding to the average of the four values determined for site 1. These calculations predict
a very strong Y dislocation binding energy, which may help to explain the strong Y segregation
to dislocations observed in the analysis of some APT specimens [139]. We note that the non-
local elasticity theory of Wang [206] predicts a Y binding energy of -1.62 eVV. While thisisa
strong attractive interaction in qualitative agreement with the DFT calculations performed here,
it demonstrates the need for an electronic structure method such as DFT to capture the full effect.
4.3.9 Model fitting to nanoprecipitate size evolution data in MA957

As described in Sec. 4.3.6, the interfacial energy parameter o, and the background O
chemical potential ., were used as adjustable parameters in order to fit the kinetic precipitation

model to SANS measurements of mean precipitate size as a function of time and temperature in
the NFA MA957, under two different model cases: in the first case, referred to as the standard
model, it is assumed that precipitate growth and coarsening occurs only through normal three
dimensional bulk diffusion. In the second case, referred to as the pipe diffusion model,
precipitate growth and coarsening occurs through both normal bulk diffusion and dislocation
diffusion mechanisms.

The best fit values of the interfacial energies in the standard and pipe diffusion models
are depicted in Fig. 4.14a using the form of Eqn. 4.27. Also included in Fig. 4.14a are the values
of the bare surface energies of Y,03 and TiO,, as well as the liquid Fe-TiO, interfacial energies

[187].
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Figure 4.14a (left): Best fit values for the interfacial energies used in the kinetic
precipitation model, using the form of Eqn. 26. b (right): Best fit values of the O chemical
potential, in terms of equivalent P, . Curves corresponding to equilibrium values of P,

for the reactions 2Cr + 3/2 O, < Cr,03 and Ti + O, < TiO- are included for reference.
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The best-fit values for the standard model are quite high, and are near the highest range

reported even for incoherent planar interfaces [207], while the values for the pipe diffusion

model are quite reasonable and close to the surface and interfacial energies of Y,03 and TiO..

In Fig. 4.14b, the best-fit O chemical potentials for the standard and pipe diffusion models are

plotted in terms of equivalent P, as a function of temperature. Also include are the curves

corresponding to O chemical potential for which the reactions 2Cr + 3/2 O, <> Cr,O3 and Ti +

0O, «> TiO; are in equilibrium. The best fit chemical potential for the pipe diffusion model is

quite low but is just above the equilibrium curve for Cr/Cr,03, which is physically plausible.

However, the best-fit curve for the standard model is well below the Cr/Cr,O3equilibrium curve.

It is difficult to justify this value physically, because Cr,03 is often observed among the oxide

scales on NFAs.
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Fig. 4.15 depicts the volume fractions of the Y and Ti oxide phases in MA957 as
functions of time during initial heat treatment at 1338 K, as predicted by the best-fit standard and

pipe diffusion models.
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Figure 4.15: Oxide volume fractions in MA957 as predicted by the best-fit models.

In both model cases, the predominant Y oxide phase is Y,Ti,O;. However, the pipe diffusion
model also predicts the formation of a significant amount of TiO,, in qualitative agreement with
several experimental observations for this alloy [124, 131], while no TiO, formation is predicted
by the standard model. This result is a consequence of the higher interfacial energy and lower O
chemical potential in the standard model, which yield a significantly higher barrier to nucleation
of TiO; relative to the pipe diffusion model. In both model cases, the precipitation occurs over a
very short timescale, with steady state volume fractions appearing on the order of seconds.
While no data are available regarding the kinetics of precipitation in MA957 during the initial

heat treatment of which we are aware, in many other NFAs the appearance of the precipitates
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does seem to be very rapid during the initial heat treatment of the mechanically alloyed material
[137, 167].

When comparing the kinetic model results to experimental measurements, the simulated
heat treatments consisted of an initial heat treatment of the solid solution at 1338 K, to first
match the MA957 stock material condition, followed by extended aging at temperatures between
1223 K and 1523 K, to recreate the subsequent experimental aging conditions. The processing
parameters for the stock MA957 material are proprietary and hence the exact time of the initial
heat treatment is unknown, however for similar alloys the initial heat treatment step lasts
between 1 and 10 hours [125, 131]. In the present study we have taken 3 hours as a typical
value, although in practice the results are not significantly sensitive to the choice of this time.
This insensitivity arises because the precipitation kinetics in NFAs are characterized by rapid
nucleation followed by comparatively slow growth and coarsening, and in the present model the
mean precipitate size changes by less than 5% at 1338 K over the time span of 1 to 30 hours in
both the standard and pipe diffusion cases. Therefore, any initial heat treatment time selected
within this range gives a nearly identical particle size distribution. Table 4.6 compares the
values of nanoprecipitate mean radius, number density, and volume fraction for just after the
initial heat treatment, calculated by the two best-fit model cases and as measured by SANS, in
the MA957 stock material [124]. Both models show good agreement with the experimental

measurement.
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Table 4.6: Volume fraction, number density, and mean radius of nanoprecipitates in stock
MAO957 after initial heat treatment, as measured by SANS and as calculated by the best-fit
pipe diffusion and standard models (using 3 hour initial heat treatment time).

Source Volume Fraction | Number Density Mean Radius
(%) (x10%°m™) (nm)
SANS “ﬁl‘zaj]“reme“t 0.9+0.1 9.041.2 1.35+0.02
Pipe Diffusion Model 0.8 8.8 1.32
Standard Model 0.7 7.1 1.34

The change in the mean precipitate radius in MA957 as a function of aging time is
illustrated in Fig. 4.16, as calculated in the best-fit model cases and measured experimentally

[124, 130].
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Figure 4.16: Mean Y, Ti,Oy precipitate radius in alloy MA957 as a function of time during
thermal aging. Data points represent experimental measurements [124, 130] while the curves
represent the calculations of the best fit models.

The best-fit pipe diffusion model shows reasonably good agreement with the experimental data

especially for longer aging times. On the contrary, the best fit standard model fails to capture
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any significant coarsening. The failure of the best-fit standard model to reproduce the
experimental coarsening behavior is due to the constraint that the precipitates predicted by the
model must be Y-Ti oxide phases and not just Y,Os: in order to further enhance coarsening in
the standard model, a lower O chemical potential must be used. This low PO, requirement
emerges in the standard model because Y has very low solubility in the undefected ferrite matrix,
which can only be enhanced to values consistent with measured coarsening through destabilizing
the oxide through very low PO,. However, it is evident form Fig. 4.14b that the O chemical
potential used in the standard model is just above the value corresponding to Ti/TiO,
equilibrium, and as demonstrated in Fig. 4.11, below this threshold Y,03; becomes the only stable
oxide phase. Overall, for any reasonably physical fitted parameters the standard model predicts
coarsening rates well below measured values. Therefore, there does not seem to be any
combination of interfacial energies and O chemical potential values for which the standard
model can reproduce both the correct nanoprecipitate phases and coarsening behavior that match
experimental observations; these features can only be self-consistently reproduced by the pipe
diffusion model. This result is in agreement with the conclusions of Cunningham et al [124],
who observed that no physically plausible mechanism could seem to account for the
nanoprecipitate coarsening measured in MA957 that did not include the effects of dislocation
diffusion.

4.3.10 Predictions of the fitted model for long term thermal stability and alloy design
The best-fit pipe diffusion model captures many the significant features of the
nanoprecipitate size distribution evolution in the NFA MA957 during heat treatment over a wide

range of aging conditions, and can therefore be used to make predictions for conditions that have
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not been explored experimentally. This section explores the predictions of this model for
coarsening behavior over timespans relevant to nuclear power applications, as well as the effects
of Ti alloy content on nanoprecipitate phase and mean size. Fig. 4.17 illustrates the model
predicted change in mean nanoprecipitate radius in MA957 after aging for 50 and 80 years as a

function of aging temperature.
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Figure 4.17: Predictions from the best fit pipe diffusion model of the change in mean
Y, Ti,O7 precipitate radius in alloy MA957 after 50 and 80 years as a function of aging
temperature.

Very little coarsening is predicted over these timespans in the temperature range most of interest
for NFA applications (1000-1100 K). While this is an encouraging prediction, it does not
account for the role that irradiation may play on nanoprecipitate size evolution. Though studies
have thus far indicated that the nanoprecipitates in NFASs are resistant to direct irradiation-
induced dissolution [208, 209], the potential effects of irradiation on coarsening via dislocation

pipe diffusion is presently unknown and should be an emphasis of future modeling efforts.



157
It has been repeatedly demonstrated that adding Ti to Y-based NFAs appears to refine the
mean size of the nanoprecipitates, however the mechanism behind this effect is currently
unknown. In Fig. 4.18, the predicted mean Y bearing nanoprecipitate radius of an Fe-14Cr-
0.14Y-xTi (at%) alloy after 3 hours at 1338 K is plotted as a function of Ti alloy content. Also
presented are the volume fractions of the resulting Y containing nanoprecipitate phases. The
volume fraction of TiO, precipitates is not included in Fig. 4.18 because these precipitates are

much larger features than the nanometer-scale Y-Ti particles, and are not of primary interest in

this study.
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Figure 4.18: Model predictions from the best fit pipe diffusion model of the Y and Y-Ti
oxide mean precipitate radius and volume fractions after heat treatment for 3 hours at
1338 K as a function of Ti content in an Fe-14Cr-0.14Y-xTi alloy. A dashed line indicates
an alloy composition of 0.14 Ti, giving a Y:Ti ratio of 1:1.

The model predicts a reduction in mean nanoprecipitate size with increasing Ti alloy content, in
qualitative agreement with numerous experimental observations [1, 134, 210, 211]. This

reduction in size corresponds to a gradual change in the dominant oxide phase, from Y,03 to
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Y,TiOs and finally to Y;Ti,O;. Beyond 0.14 at% Ti a significant volume fraction of TiO;
appears as well, though this data is not shown.

In the present model, the promotion of the complex Y-Ti oxide phases over Y,03 results
in a smaller mean particle size due to the following two mechanisms: (i) the phases Y,TiOs and
Y, Ti,O7 have moderately stronger driving forces for precipitation than Y,0Osand (ii) the presence
of Ti monomers in addition to Y monomers provides more opportunities for nucleation of the Y-
Ti-O phases to occur. Taken together, these features result in a higher nucleation rate and
subsequently a refined mean particle size. This effect is somewhat dependent upon the treatment
of the interfacial energies in the present model, however the same qualitative behavior is
observed even if the interfacial energies of all three Y-bearing oxides are assumed to be equal.
According to the model predictions, most of the particle size refinement of Ti is achieved by
around 0.16 at% Ti, or slightly greater than a Ti:Y ratio of 1. The model developed here would
presumably yield similar effects for other alloying species that form complex oxides with Y,
such as Al, however discerning which dopant would optimize this effect would depend strongly
on the relative interfacial energies of the respective oxide phases. As this property is currently
an empirical fitting parameter, a detailed study of the interfacial energies of different Y-M
complex oxides would be necessary to speculate on the possible nanoprecipitate refining benefits
of other elements relative to Ti.

4.4 Key results and conclusions
In this study, a framework has been developed for studying the thermodynamic and kinetic
aspects of oxide precipitation in NFAs. This framework draws upon available thermodynamic

and kinetic data, DFT calculations, and a rate theory cluster-based description of precipitation
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kinetics to explore coarsening mechanisms as well as phase stability and particle size as

functions of alloy composition. The principal conclusions of this effort are the following:

DFT calculations of Y-Ti-O clustering energetics in Fe indicated that semi-coherent
clusters resembling stoichiometric Y and Ti oxides are remarkable stable in Fe, even for
very small sizes. Furthermore, the precipitate volume fractions and phase identities
predicted by the equilibrium thermodynamic model are in reasonably good agreement
with many experimental observations. These results provide additional evidence that the
nanoprecipitates in most NFAs are primarily equilibrium Y-Ti oxide phases.

DFT calculations and extensive model fitting to coarsening data in the NFA MA957
indicate that dislocation pipe diffusion is the dominant mechanism behind the coarsening
of the nanometer-scale Y-Ti oxide precipitates. This corroborates the conclusions of
Cunningham et al. [124] based upon empirical analysis of coarsening data.

The extrapolations of the best-fit model indicate that little coarsening of the
nanoprecipitates in the NFA MA957 should be expected over timespans of 50-80 years at
operating temperatures relevant to nuclear power applications. This is in agreement with
Cunningham et al. who predicted the precipitates would be thermally stable up to about
1123 K.

The particle refining benefit of small additions of Ti is predicted to be due to the
increased opportunities and driving force for nucleation of Y-Ti oxides over Y,03. The
majority of this beneficial effect is achieved for nominal alloy compositions with Ti:Y

ratio slightly greater than 1. Larger values of this ratio lead to significant TiO,
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precipitation, which correlates with only very minor reduction in precipitate size and
appears to be detrimental to certain mechanical properties [191].

While a number of approximations were adopted in assembling this framework, with
reasonable physical parameter values the resulting model adequately captures many phenomena
observed during nanoprecipitate evolution in NFAs. However, significant fitting to experimental
data was employed to evaluate two key parameters: the specific oxide-matrix interfacial energy
and the background O chemical potential. Furthermore, two other key parameters, the Y
dislocation diffusion coefficient and the Y-dislocation binding energy, were given highly
approximate treatment. This model should therefore be regarded as semi-empirical, and not fully
fundamental or quantitative. Nevertheless, the model developed in this study has provided the
following significant mechanistic insights into nanoprecipitate behavior in NFAs: The
thermodynamic component of the model yields strong driving forces for the precipitation of Y-Ti
oxides that result in very rapid nucleation, even assuming rather high interfacial energies of 1-2
JIm?. In addition to the large formation enthalpy of the oxide phases, these large driving forces
arise in part from the very low solubility of Y in the Fe-Cr matrix. This low solubility prohibits
coarsening through Ostwald ripening; consequently the nm-scale precipitates remain quite stable
after the rapid nucleation period. In fact, under standard assumptions of precipitation theory
significant coarsening of the nanoprecipitates does not seem possible at all, some additional
mechanism such as pipe diffusion must be invoked to reproduce the coarsening observed
experimentally. By the method detailed in [124] the best-fit pipe diffusion model yields an
effective activation energy for coarsening of 603 kJ/mol, comparable but slightly lower than the

value of 673 kJ/mol determined by Cunningham et al [124]. Given that the estimated activation
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energy of D; is only 109 kJ/mol, it is evident that the coarsening rate is dominated by Y
solubility.

Though this model can serve as a foundation for future modeling efforts, the current
model framework may be improved and expanded in many ways. Further study on interfacial
energetics, Y-dislocation interactions and diffusion, and nanoparticle nucleation pathways would
all lead to fruitful model refinement. Additionally, the present model deals only with thermal
effects on the nanoprecipitate distribution, and the long term impact of irradiation on the

nanoprecipitates remains a particularly significant open question.
Chapter 5: Conclusions

In the research reviewed in this document, a variety of computational materials science
tools were utilized, from the conventional methods of rate theory and CALPHAD modeling to
cutting edge atomistic techniques such ab initio molecular dynamics simulations. These tools
were applied to three distinct projects related to thermal and radiation induced degradation of
steels and Ni alloys for structural application in nuclear power systems. In this chapter, the main
results of these projects will be reviewed
5.1 Theory and prediction of radiation induced segregation in Ni-Cr and Fe-Cr alloys

Radiation induced segregation is a process that can cause significant segregation of Cr
near grain boundaries in Ni-Cr and Fe-Cr alloys. In the Ni-Cr system, this effect causes a
substantial depletion of Cr in the region near grain boundaries, and may contribute to
intergranular irradiation-assisted stress corrosion cracking. On the contrary, in Fe-Cr alloys RIS
leads to Cr enrichment near grain boundaries. Many high Cr ferritic alloys are nominally near

the o/a’ phase boundary, and this enrichment of Cr may cause local precipitation of the Cr-rich
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o’ phase, leading to embrittlement. The goal of this research project was to develop a
fundamental description of the underlying atomic-level mechanisms of RIS, so that it can be
better understood and predicted.

The results of this modeling effort have revealed the importance of the interstitial
diffusion mechanism in RIS: in Fe-Cr alloys, fast Cr diffusion by interstitial dumbbells is the
primary mechanism that drives enrichment of Cr near grain boundaries. Cr also exhibits fast
interstitial diffusion in Ni-Cr alloys, however it is counterbalanced by fast Cr diffusion via
vacancies. This results in Cr depletion overall, however it is considerably more moderate than
the Cr depletion that would result if interstitials played no role at all, as had been previously
suggested.

This work has also yielded new insight into the effect of defect annihilation Kinetics at
grain boundaries on RIS. The magnitude of Cr enrichment in Fe-Cr was found to be strongly
dependent upon the angle of the grain boundary, a phenomenon that was well captured by the
RIS model. While this grain boundary angle dependence was expected based on earlier
modeling and experimental efforts, it was previously believed that general high angle grain
boundaries were essentially perfect sinks. However, model results in the Ni-Cr alloy system
have revealed that even high angle grain boundaries must be treated as real sinks with finite
annihilation kinetics in order to accurately capture RIS behavior at moderate to low
temperatures.

5.2 Atomistic modeling of the order-disorder phase transformation in Ni-Cr alloys
Ni-Cr alloys near the composition Ni,Cr are susceptible to a phase transformation from a

disordered solid solution to the ordered MoPt, structure at temperatures below 500 °C. This
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phase transformation has dramatic and adverse effects for material properties such as toughness
and corrosion resistance. At temperatures relevant to nuclear applications, this phase
transformation is very slow, requiring decades to proceed to completion. It has therefore proven
very difficult to determine from experimental data alone the exact timescale of this phenomenon

In this project, a multiscale model was developed that combined DFT calculations, Monte
Carlo simulations, and phase transformation theory in order to provide a more accurate
prediction of the timescale of the phase transformation. This effort yielded a simple, novel
model for computing the kinetics of the disorder to order phase transformation that showed
excellent agreement with Monte Carlo simulations. When this model was parameterized with
reasonable physical values, good agreement was observed with experimental measurements as
well. The model allows for a much more precise prediction of the timescale of the
transformation than earlier empirical models.

The predictions of this model indicate that at temperatures relevant to PWR operating
conditions, the disorder to order transformation should not proceed to completion within 80
years, the longest current estimate for life extensions for PWRs. However, the model indicates
that the initial stages of this transition could occur on this timescale, and experimental evidence
suggests that even a small amount of ordered phase fraction can lead to significant
embrittlement. This phase transformation may therefore be cause for concern for in Ni-Cr alloys

near the stoichiometric composition, in components designed for very long service lifetimes.
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5.3 Thermodynamic and kinetic modeling of oxide precipitation in nanostructured ferritic
alloys

Nanostructured ferritic alloys are a promising candidate class of materials for structural
components in proposed fusion and advanced fission reactor designs. These alloys exhibit
excellent high temperature mechanical properties and high radiation damage resistance, which
are both highly attractive characteristics for nuclear applications. The desirable properties of
NFAs arise from a dense dispersion of nm-scale Y-Ti-O particles, which impede dislocation
motion and provide a high density of trapping and annihilation sites for radiation produced
defects.

Due to the very small size of these precipitates, details regarding their structures and
phase identities are still uncertain, and their kinetic evolution under long term thermal aging
conditions has not been well established. The goal of this project was to develop a modeling
framework that could be used to gain important fundamental understanding into the nature of the
nanoprecipitates, the effects of thermal aging under time and temperature conditions relevant to
proposed advanced reactor concepts, and alloy composition effects on the nanoprecipitate size
distribution. This modeling framework combined key DFT calculations of Y-Ti-O clustering
energetics, thermodynamic analyses in the CALPHAD formalism, and Kinetic precipitation
simulations in a cluster-based rate theory approach.

The results of this model have led to a number of interesting and useful conclusions.
DFT calculations of nanocluster energetics have revealed that clusters of Ti, Y, and O that are
structurally similar to ground state Y and Ti oxide phases are extraordinarily stable even for

clusters containing fewer than a dozen atoms, where high interfacial energies would destabilize
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most other incoherent structures. This result indicates that the smallest nanoparticles are likely
to be crystallites of stoichiometric oxide phases, and not coherent transition phases as had been
previously suggested. The CALPHAD-based thermodynamic assessments produce reasonably
accurate predictions of precipitate volume fractions and phase identities as functions of alloy
composition, providing further evidence that the nanoparticles in NFAs are, to a good
approximation, the equilibrium oxide phases of Y and Ti.

The kinetic precipitation model based upon these thermodynamic assessments has
provided a number of mechanistic insights into the nanoprecipitate evolution in NFAs. Due to
the very large formation energies of the oxide phases and the vanishing solubility of Y in the
ferrite matrix, the experimentally observed nanoprecipitate coarsening behavior cannot be
captured by a model assuming standard precipitation mechanisms through normal bulk diffusion;
only a model that accounts for coarsening through dislocation pipe diffusion can reproduce the
measured coarsening rates. This result indicates that pipe diffusion is likely the dominant
mechanism of coarsening in NFAs. Predicted coarsening rates from a pipe diffusion-based
model suggest that the nanoprecipitates should remain thermally stable at operating temperatures
for proposed for NFA applications for at least 80 years. Finally, the best fit kinetic model
provided a useful insight for alloy design: adding small amounts of Ti to Y-based NFAs should
produce a finer distribution of particles, however this benefit is due mostly to the promotion of
Y, Ti,Oy relative to Y,03. Therefore, Ti additions far beyond a 1:1 proportionality with the Y
content in the alloy cease to have any particle-refining effect and serve only to promote the

precipitation of TiO,, which appears to have a negative impact on mechanical properties.
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5.4 Integration and future work

During the next stage of this research project, the techniques developed above will be
integrated to study the phenomenon of radiation induced precipitation (RIP) in austenitic
stainless steels. Many researchers have observed the appearance of Ni-Si and Mn-Ni-Si
precipitates in irradiated austenitic stainless steels [212-216], most commonly in alloys with high
Ni concentration such as D9 and 316. Some of these precipitates have been identified as NisSi or
G-phase, an intermetallic phase with a nominal composition MgNisSiz, where M is often Mn.
The appearance of these phases is not generally observed under thermal aging at comparable
temperatures, and their precipitation could have significant and unexpected consequences for the
mechanical properties of the material. Understanding and predicting the precipitation of these
phases is therefore crucial in forecasting the lifetime of these alloys under LWR operating
conditions.

These precipitates are most often associated with voids, grain boundaries, and dislocation
loops. Because both Si and Ni are strongly enriched by RIS in these alloys [21, 37] it is believed
that these precipitates form due to large changes in local alloy chemistry near these features.
Thus, a model framework for understanding and predicting RIP in austenitic stainless steels
would begin with a first principles-based RIS model for Ni and Si, following the approach
outlined in Chapter 2. The predicted local composition changes under irradiation will then be
used to evaluate the thermodynamic driving forces for the precipitation of the Ni-Si rich phases.
Because the Ni3Si phase is an ordered fcc compound, the Monte Carlo techniques utilized in
Chapter 3 are ideally suited augment available thermodynamic data for this phase, particularly at

low temperatures. Finally, the modeling framework described in Chapter 4 would then be
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applied to study the thermodynamics and kinetics of the precipitation of the Ni and Si rich
phases.

5.4 Closing remarks

The research pursued here addressed a number of disparate phenomena with a wide
variety of tools, however the work was unified by a general guiding multiscale approach. This
approach began with utilizing DFT calculations to obtain important energies and to make crucial
observations of atomic-level phenomena. The information gained in from these calculations was
used to perform advanced atomistic simulations and ultimately to construct continuum level
models for describing complex microstructural processes. Because of this atom-up approach, the
models developed in this work have yielded not just reproductions of experimental data, but
fundamental insight into the atomic-level mechanisms that govern the observed material

behavior.
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