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Abstract

Understanding the process-structure-property relations is imperative when designing
materials for critical applications, especially when exposed to extreme environments. Clever
design of materials containing structural heterogeneities or features spanning multiple length
scales can provide synergistically improved properties well beyond the limits of their
homogeneous components or provide predictable and acceptable failure modes. In this work, we
investigate the process-structure-property relations and the potential for improved performance of

materials exposed to the extreme environments of high-velocity impact and irradiation.

Similar to material processing techniques such as shot peening and cold spray which induce
structural changes through high-velocity impact, we perform well-controlled single
microprojectile impact tests of silver (Ag) single crystals which allows for clear correlation of the
post-deformation microstructures to the impact-induced plasticity mechanisms. When comparing
the impacted microsamples to their pristine single crystal counterparts, we find that the high-strain
rates achieved during impact (6~108s) induce dramatic structural changes including extensive
grain refinement, dislocation density gradients, and a martensitic phase transformation, while the
quasi-statically (¢=102 s'!) compressed Ag microcubes remain single crystalline. The impacted
samples show a synergistic improvement in strength and toughness, each on average over twice
the respective properties of single crystal and bulk polycrystal Ag samples. Such synergistic
improvements result from heterogeneous deformation induced stress and strain gradients.
Progressive yielding of the gradient grain structure causes enhanced nucleation and pile-up of
dislocations in the relatively softer domains to accommaodate the elastic-plastic mismatch between

grains. The observed dislocation accumulation—which is higher in larger grains—provides ultra-



iii
high strain hardening. Additionally, enhanced toughness is achieved through intergranular
plasticity mechanisms such as nanograin rotation and grain boundary migration, leading to grain
coalescence. These complementary inter- and intragranular plasticity mechanisms elicit improved
mechanical properties. We demonstrate the ability to tune the dominant plasticity mechanisms—
and thus the resultant properties—through control over the crystal orientation and impact velocity.
Our findings provide new understandings of impact-induced nanostructural evolution and
mechanistic pathways to improve mechanical properties through heterogeneous deformation,

which can be used to improve high strain rate metal processing techniques.

The second research thrust examines the effects of structural heterogeneity on the
mechanical properties, performance, and failure of tristructural isotropic (TRISO) coated nuclear
fuel particles. We examine the irradiation-induced densification and fracture behavior of the
porous pyrocarbon buffer layer, which has pronounced effects on the overall particle’s
performance. Microstructural characterization of the initial as-fabricated buffer layer reveals a
gradient of increasing porosity in the radial direction with the porosity reaching a maximum near
the buffer-1PyC interface—which is commonly where circumferential tearing initiates in the buffer
layer. Using the as-fabricated buffer structure as a basis to investigate the irradiation-induced
structural changes, we study the influences of irradiation temperature and fluence on buffer layer
response, by characterizing multiple TRISO particles from three different irradiation condition
groups. The high temperatures, radiation damage, and mechanical stresses applied to the buffer
layer during irradiation cause irradiation condition-dependent micro and nanostructural changes:
localized densification near the kernel occurs in particles exposed to relatively lower temperatures,
whereas significant changes in the entire pore microstructure occur in particles irradiated under

high temperature and fluence. Intriguingly, a large proportion of the total buffer layer densification



is accommodated through graphitization of the pyrocarbon rather than the changes in the pore
microstructure. Significant nanostructural changes—including an increase in crystallite size,
decrease in interplanar spacing, and formation of onion-like graphitic structures—contribute to
densification and are most pronounced in the samples exposed to the highest temperature and
fluence. Our findings provide a new detailed understanding of the irradiation-induced densification
and fracture behavior of the pyrocarbon buffer layer in TRISO nuclear fuel particles, which will
enable better predictions of buffer failure, aid in improved future designs, and provide guidance

on the acceptable usage of these particles given different reactor conditions.
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Chapter 1. Introduction

1.1 Research objectives

My research focuses on understanding the process-structure-property relations of materials
exposed to the extreme environments of high-velocity impact and irradiation. Two main research
thrusts are explored: 1) Improving mechanical properties through impact-induced nanostructural
evolution of initially single crystal metals, and Il) Investigating the fracture and densification
behavior in the pyrocarbon buffer layer of TRISO nuclear fuel particles. Several objectives are
identified for each research thrust, which provide a fundamental understanding of the process-
structure-property relations. An overview of the process-structure-property relations in each

research study is presented in Figure 1-1.

111 Research Thrust I: Improving mechanical properties through impact-induced

nanostructural evolution of initially single crystal metals

In the first research thrust, single crystal silver samples are deformed through high-velocity
microprojectile impact testing. The nanostructural evolutions that occur during impact and their
subsequent effects on the mechanical properties are studied in detail. In order to achieve a
fundamental understanding of the process-structure-property relations of these materials, four

main research objectives are proposed:

I-1. Determine the rate-dependence on the plasticity of silver single crystals through
investigating the two distinct strain-rate regimes of quasi-static compression and high

velocity impact.



1.1.2

Determine the roles that the shock conditions, the free surfaces, and the
crystallographic orientations play on the impact-induced nanostructural evolution.
Investigate the effects of impact-induced nanostructural evolution on the resultant
mechanical properties.

Obtain a mechanistic understanding of heterogeneous deformation induced

strengthening.

Research Thrust I1: Investigating the fracture and densification behavior in the

pyrocarbon buffer layer of TRISO nuclear fuel particles

In the second research thrust, we study the irradiation-induced fracture and densification

behavior of the porous pyrocarbon buffer layer in TRISO nuclear fuel particles. Extensive micro

and nanostructural characterization of unirradiated and irradiated particles provides key insights

into the effects of structural heterogeneity and irradiation conditions on the fracture and

densification behavior. To gain a fundamental understanding of the process-structure-property

relations in this material, a few main objectives are proposed:

I-1.

Examine the heterogeneity in the synthesized buffer microstructure, and its potential
effects on the fracture and densification behavior.

Obtain a mechanistic understanding of the anisotropic mechanical behavior,
including the effects of structural heterogeneity within the buffer layer.

Investigate the irradiation-induced micro and nanostructural changes and their
contribution to the densification and fracture behavior.

Determine the effects of temperature and fast neutron fluence on the structural

changes.
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Figure 1-1: Investigating the process-structure-property relations of materials exposed to the extreme

environments of high-velocity impact (left) and irradiation (right)



1.2 Motivation for research

The US Department of Energy and Department of Defense have frequently reiterated the
need for research into materials that can withstand extreme environments such as high strain-rates,
extreme temperatures, and chemical extremes—among others [1]. Extreme environments such as
these can induce dramatic structural changes which affect the mechanical properties, which in turn
determine how the material can sustain continued stress. In order to design materials to withstand
such extreme conditions, we need to understand the process-structure-property relations of the

material.

With the advent of many new nanofabrication, nanostructural characterization, and
nanomechanical testing methods, we can study fundamental process-structure-property relations
governed by nanoscale plasticity mechanisms. What happens at the nanoscale can significantly
affect the macroscale material properties and mechanical response. Conversely, the micro-, meso-
, and macro-scale structures can also influence the plasticity mechanisms active on the nanoscale.
Materials incorporating different structural features on each length scale, which synergistically
improve the material’s overall mechanical performance, are prevalent in nature—one example is
the size-dependent heterogeneity of bones [2]. Recently, researchers have designed synthetic
materials inspired by naturally occurring materials which incorporate structural heterogeneities

spanning multiple length-scales [3-5].

Structural heterogeneity itself can either be an asset or a detriment to the mechanical
performance of a material. For example, a new class of metals, termed heterogeneous
nanostructured materials have shown great promise in synergistically improving mechanical

properties such as strength and toughness [6]. The presence of different structural components



elicits complementary deformation mechanisms which improve the material’s overall mechanical
performance, well beyond the limits of their homogeneous components. However, if not
incorporated carefully, localized heterogeneities or defects can result in suboptimal performance
and even catastrophic failure. The potential for dramatically improved properties, with the risk of
suboptimal performance if poorly designed, necessitates a fundamental understanding of the

process-structure-property relations.

These three themes of extreme environments, structural length scales, and structural
heterogeneity are common to the two research thrusts of this work which are presented in Chapter
3 and Chapter 4. In Chapter 3, | demonstrate the ability to tune the mechanical properties of silver
through impact-induced heterogeneous nanostructures. Structural heterogeneities formed through
extreme strain rate deformation elicit uncharacteristic plasticity mechanisms which provide
synergistic enhancements in strength and toughness. In Chapter 4, | study the fracture and
densification behavior of a porous pyrocarbon material designed to withstand extreme
temperatures, pressures, and radiation damage during nuclear fission. The influence of different
irradiation conditions on the buffer behavior are investigated through extensive micro- and
nanostructural characterization. Additional background information for each research thrust is

given in Section 3.1 and Section 4.1.
1.3 Organization and brief overview of thesis

This section outlines the remainder of this thesis with brief descriptions of the content of

each chapter.

Chapter 2 describes the materials and methods used in this research. Silver single crystals

are the primary material studied in Chapter 3, while the pyrocarbon buffer layer of TRISO nuclear



fuel particles is the material of interest in Chapter 4. Many of the same sample preparation, testing,
and characterization methods are used in the various studies. Details about the computational
methods used—molecular dynamics and statics simulations and crystal plasticity simulations—

are also discussed.

Chapter 3 presents our findings into the process-structure-property relations of impact-

restructured single crystal metals. The objectives summarized in Section 1.1.1 are addressed.

Chapter 4 presents our findings into the process-structure-property relations of the
pyrocarbon buffer layer in TRISO nuclear fuel particles. The objectives summarized in Section

1.1.2 are addressed.

Chapter 5 provides summaries of the key findings, contributions, and future work.



Chapter 2. Materials and Methods

2.1 Materials

2.1.1  Single crystal silver microcubes and substrates

We chose silver as the model material to study the fundamental process-structure-property
relations of heterogeneous nanostructured metals with enhanced properties formed through
impact-induced nanostructural evolution. To study what roles the crystallographic orientation and
free surfaces have on impact-induced nanostructural evolution, we study both the deformation of
single crystal silver microcubes impacted onto a rigid substrate and the deformation of single
crystal silver substrates impacted with spherical microprojectiles. Beginning with a pristine single
crystal structure allows for a controlled study of the nanostructural changes that occur during
impact. Besides being advantageous to our fundamental study, silver is often used in
superconductors to shield the superconducting material and to provide mechanical strength and
strain relief [7]. Thus, it is beneficial to know the mechanical properties of silver on a small scale

and the deformation responses to quasi-static and dynamic loading.

Silver is a face-centered-cubic metal (space group: Fm3m, No. 225, a=4.09 A) with high
thermal and electrical conductivities, diamagnetism, high reflectance and low emittance [7]. As a
face-centered-cubic material, dislocation-mediated plasticity occurs readily through slip on the
twelve primary slip systems—combinations of the four {111} close-packed planes and three
<110> directions. Silver also has a low stacking fault energy, with a high propensity for twinning

[8,9]. Although silver naturally has a face-centered-cubic (fcc) structure, rare hexagonal polytypes



(space group: P63/mmc, No. 194) have been found in nature [10] or synthesized [11-20]. The 4H
hexagonal polytype of silver (a=2.88 A, c=10 A) with an ABCBA stacking sequence has been
synthesized in nanorods (diameter ~10-100 nm) [13-15,20], nanoribbons [16] and bulk films [17—
19]. The 2H hexagonal polytype of silver (a=2.83 A, c=6.38 A) with ABA stacking sequence has
also been synthesized [17,19] using electrochemical deposition, though it is extremely rare due to its
highly metastable nature and as it can spontaneously transform to the fcc phase at room temperature
[18]. The 4H phase is more stable than the 2H phase, but it also undergoes electron-beam-radiation-

induced [15] and thermally-induced [18] phase transformations from 4H to 3C.

Single crystal Ag substrates were purchased from MTI corporation. Three substrates with
surface normal directions of <100>, <110>, and <111> were selected to study the dependence of
the crystallographic orientation on impact-induced recrystallization. The substrates are 99.999%
pure silver, 0.5 mm thick, have a surface roughness of <30 A, and the orientations are precise to

+/- 2 [21].



We synthesized Ag micro/nano-cubes using a bottom-up seed-growth process [22,23] that
results in a large quantity of monodispersed single-crystals (Figure 2-1). The 100 nm cubes are
initially synthesized with near-perfect cubic geometry [22], having slightly rounded or truncated
vertices (Figure 2-1(c)). These nanocubes can be grown into larger cubes by performing additional
synthesis steps [23]. The first seed growth step
produces nanocubes with ~400-500 nm sides, and an
additional seed growth step produces microcubes
(1000-2000 nm, Figure 2-1(a)). The microcubes have
much sharper edges and corners with radius of
curvature to edge length ratios (r,) of 0.023+0.003,
compared to 0.138+0.012 for the ~100 nm sized

nanocubes (Figure 2-1(b-c)). STEM analyses

structure. Selected area diffraction (SAD) reveals a (a) dispersed ~2 um cubes (b) ~2 um cube with 47

nm edge radius of curvature, (c) ~100 nm cube
perfect fcc single-crystal structure (Figure 2-1(d)). with 17 nm edge radius of curvature, (d) SAD

] . . o pattern showing single-crystal fcc structure, (e)
The high-resolution STEM images show a pristine fcc

HRTEM image showing defect-free structure.
structure, free of any dislocations—as in the
representative image shown in Figure 2-1(e). This synthesis process yields pristine single crystal

Ag microcubes which are monodispersed and not substrate bound, allowing them to be used in

microprojectile impact tests and study the resultant nanostructure and properties.
2.1.2  Tristructural Isotropic (TRISO) coated nuclear fuel particles

As part of the DOE’s Advanced Gas Reactor Fuel Development and Qualification

Program, tristructural isotropic (TRISO) coated fuel particles have been developed as a high-
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performance fuel for High Temperature Gas-cooled Reactors (HTGRs) [24]. The TRISO coating
surrounds a spherical kernel containing uranium and is designed to retain the fissile by-products
caused by irradiation. A fluidized bed chemical vapor deposition coating furnace is used to apply
the layers of the coating [25]. Surrounding the kernel is a multilayered shell consisting of a porous
pyrocarbon buffer layer, a dense inner pyrolytic carbon layer (IPyC), a silicon carbide layer (SiC),

and dense outer pyrolytic carbon (OPyC) layer.

Surrogate TRISO fuel particles, with a zirconium core replacing the uranium-bearing
kernel, are fabricated in a similar fashion to produce representative TRISO particles that can be
studied outside of the confines of the national labs and safety protocols necessary for handling
uranium containing particles. The surrogate particles have a nearly identical structure as the AGR-
2 particles with a UCO kernel (Table 2-1). Microstructural characterization and mechanical testing

were performed on surrogate particles (batch ZRX05-26T) at UW Madison.

Table 2-1: Averages and standard deviations of layers in TRISO surrogate particles compared to uranium containing
AGR-2 particles

Property ZrO- surrogate particles | AGR-2 fuel particles [26]
Kernel diameter (um) 400.5 (14.1) 426.7 (8.8)

Average buffer thickness (SD) [um] | 104.5 (6.3) 98.9 (8.4)

Average IPyC thickness (SD) [um] | 39.3 (1.9) 40.4 (2.5)

Average SiC thickness (SD) [um] 34.4 (0.9) 35.2(1.2)

Average OPyC thickness (SD) [um] | 40.4 (2.5) 43.4 (2.9)

Microstructural characterization was also performed on irradiated TRISO particles with
UCO kernels at Oak Ridge National Laboratory. These particles were irradiated for a total of 559.2
effective full power days in the Advanced Test Reactor at Idaho National Laboratory from June

2010 to October 2013 [26]. This was the second irradiation experiment carried out as part of the
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Advanced Gas Reactor Fuel Development and Qualification Program and is referred to as the
AGR-2 irradiation experiment. The TRISO layers are exposed to extreme temperatures and fast
neutron fluences resulting from nuclear fission: the time average volume average (TAVA)
temperature ranges from 1032°C — 1252 °C, the burnup ranges from 9.3% — 12.2% fissions per
initial metal atom (FIMA), and the corresponding fast-neutron fluence ranges from 2.39 — 3.35
x10?° n/m?. After completion of the experiment, the particles are deconsolidated from the graphitic

compacts and mounts are prepared for post-irradiation examination (PIE) microscopy.
2.2  Sample preparation/fabrication

2.2.1 Preparation of Ag microcubes for testing and characterization

To prepare the Ag microcubes for imaging, fabrication, or testing, the cubes are dispersed
on a substrate. A silicon substrate adhered to an SEM stub is used for quasi-static compression or
FIB-fabrication, while the samples are dispersed on the specially designed launch pad (Section
2.3.1) for high-velocity impact testing. To ensure the cubes are monodispersed, the silver cube
solution is diluted with ethanol in an approximately 1:10 ratio. The closed vial of diluted microcube
solution is placed on a vortex mixer for ~2-4 min to ensure uniform dispersion of the particles. For
the nanocubes, a sonicator is used instead for ~10 min to break up the cubes. There is also a thin
(2-5 nm) polyvinylpyrrolidone (PVP) coating on the Ag cubes which helps to prevent
agglomeration. Approximately 2-4 ul of the well-mixed solution is pipetted onto the substrate and

covered with an optical lens tissue to aid in dispersion until the ethanol evaporates.
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2.2.2  Mounting, grinding, and polishing TRISO particles

Sample preparation methods were established based on [27,28], and sample preparation
supplies purchased from Struers Inc. and Allied High Tech Products Inc. The sample preparation
procedure is as follows: i) ~7-10 surrogate TRISO particles (~1 mm in diameter, shown in Figure
2-2(a)) are arranged in a hexagonal array on a small piece of double sided tape adhered to the
bottom of a 1.25 in mounting cup, ii) Epofix epoxy is mixed according to package instructions and
poured into the mounting cup, iii) epoxy is cured at room temperature until hard (~1 day) and puck
removed from mounting cup, iv) particles are ground to approximately midplane using alcohol-
based 6 um diamond suspension on a Struers MD-Allegro pad with Struers Blue DP-Lubricant
(~400 rpm, ~30 min), v) particles are polished using alcohol-based 3 um diamond suspension on
a Struers MD-Dac pad with lubricant (~300 rpm, ~4 min), vi) particles are polished using alcohol-
based 1 um diamond suspension on a Struers MD-Plan pad with lubricant (~200 rpm, ~8 min), vii)
particles are polished using 0.05 um colloidal silica solution on a Struers MD-Chem pad (~200
rpm, ~15 min), iix) particles are polished using 0.02 um colloidal silica solution on a Struers MD-
Chem pad (~200 rpm, ~10 min), ix) puck is placed in deionized water, sonicated for ~1 min, rinsed
in isopropanol alcohol, and dried. For all separate grinding/polishing steps, a different pad is used.
The sample is rinsed between steps and progress is checked using an optical microscope. The puck
in then prepared for electron microscopy by depositing a thin layer of gold to create a conductive
pathway to the SEM stub which is attached to the bottom using copper tape. To create a better
conductive pathway for reducing charging artifacts, pieces of copper tape are also placed from the
bottom to top of the puck and around the TRISO particles (Figure 2-2(b)). See Figure 2-2(c) for

an SEM image of the particles ground and polished to midplane.
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Figure 2-2: TRISO particle sample preparation (a) individual surrogate TRISO particles, ~1 mm in diameter, (b)
TRISO particles mounted in epoxy puck and ground and polished to midplane; puck prepared for electron microscopy,

¢) SEM image of TRISO particles fixed in epoxy puck shown in (b).

2.2.3  Fabrication of pillars with a focused ion beam (FIB)

Micropillars for in situ SEM microcompression testing were fabricated using a focused ion
beam (FIB). The Zeiss Auriga FIB at the Wisconsin Centers for Nanoscale Technology along with
an integrated Nanopatterning and Visualization Engine (NPVE) software were used to set the mill

parameters.

To prepare pillars from the as-synthesized Ag microcubes which are monodispersed on a
silicon substrate, several mill operations are performed at 54° stage tilt, where the substrate surface
is perpendicular to the ion beam. Micropillars with both square and circular cross sections were
milled from the as-synthesized cubes to study the effect of external sample shape on the
mechanical response. To make a square cross-sectional pillar, rectangular mill shapes were
positioned along the edges of the cube to sequentially mill off each edge (Figure 2-3(a)). The
thickness of the mill shape was prescribed depending on the final desired size of the pillar. A 30
keV voltage, 50 pA current ion beam was typically used for about 30 seconds with two passes per
edge. To make the circular cross-sectional pillars (Figure 2-3(b)), annular mill shapes with

progressively smaller internal diameters milled with progressively smaller ion currents were used
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to form pillars with a final desired diameter, minimal taper, and low ion beam damage. Typically,
three mill operations were performed, with the first mill step (Figure 2-3(b-1)) conducted at a
relatively higher current of 300-600 pA and the current reduced for each sequential mill step down
to 50 pA for the final mill step (Figure 2-3(b-3)). The low 50 pA current for the final mill step

results in a less tapered pillar with minimal ion beam damage [29,30], since the beam is more

directed and has a minimal “skirt” to its Gaussian profile.

Figure 2-3: Micropillar fabrication process using a FIB (a) process to make pillars with square cross sections from
single crystal microcubes, (b) process to make circular pillars from single crystal microcubes, (c) process to create

circular pillars from impacted cubes.
Micropillars were also fabricated from impacted Ag microcubes (Figure 2-3(c)), using a
similar procedure as outlined above for making the circular cross-sectional pillars from the as-

synthesized microcubes. However, due to the uneven topography of the impacted cubes, an
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additional mill step is required to flatten the surface. To form micropillars of ~1 um in diameter
from the impacted cubes, the following milling operations are typically performed: i) an annular
mill shape with an outer diameter of 7 um and inner diameter of 3 um (Figure 2-3(c), green - 1) is
aligned over the impacted cube, and milled at 30 kV, 300 pA for ~2 min, ii) a second annular mill
shape with an outer diameter of 5 um and inner diameter of 2 um (Figure 2-3(c), cyan - 2) is milled
at 30 kV, 140 pA for ~2.5 min, iii) a third annular mill shape with an outer diameter of 3 um and
inner diameter of 1 um (Figure 2-3(c), magenta - 3) is milled at 30 kV, 50 pA for ~3 min. These
operations are performed while the sample is fixed to a flat stage and the stage is tilted 54° to the
coincidence point (Figure 2-3(c-1)) where top view of the sample is seen in the FIB image (milling
perpendicular to the substrate surface). After the pillar has been formed (Figure 2-3(c-2)), the top
of the pillar must be flattened so that uniform contact can be made with the flat indenter during
uniaxial compression testing. To execute this step, the sample is removed from the chamber and
fixed to a 90° pre-tilt stage. The stage is tilted to 54° again and the coincidence point set, so that
now the substrate surface is parallel to the ion beam (Figure 2-3(c-3)): with this geometry, the top
of the pillar can be milled using a 30 kV, 50 pA ion beam, just until the top surface is flat (Figure

2-3(c-4)).

Only the fabricated micropillars which pass a strict set of quality control parameters are
compressed using the in-situ SEM nanoindenter (Section 2.3.3). A taper will affect the elastic and
plastic response since the stress field is not uniform as in a perfectly straight pillar with no taper
[31]. Additionally, pillars with high aspect ratios (>5) may buckle [32]. Therefore, only pillars
with taper angles of <4° (typically ~2°) and aspect ratios (height/diameter) of 1-3 are selected for
further testing. Additionally, for accurate microcompression testing, uniform contact between the

substrate and sample and sample and indenter is desired. Since the cubes are impacted onto the
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substrate and deformed, perfect contact between the sample and substrate is unlikely. However, to
mitigate these effects as much as possible, a layer of gold is deposited on the silicon substrate and

any samples which are clearly tilted off the substrate are not tested.

2.2.4  Fabrication of electron transparent lamella with a FIB

For high-resolution nanostructural characterization techniques such as transmission
electron microscopy (Section 2.4.2) and transmission Kikuchi diffraction (Section 2.4.4), ultra-
thin electron transparent lamella must be prepared using a FIB. The typical procedure used to
create a TEM lamella is as follows: i) the sample is first coated in a thin layer of platinum using
electron beam deposition (~5-10 min) to prevent damage to the sample (Figure 2-4(a)), ii) a thick
layer of Pt is then deposited using the ion beam (~2-3 um thick), iii) with the ion beam oriented
+3° to the sample surface normal (54° tilt), trenches are milled on either side of the sample (Figure
2-4(b)), typically at 30 kV, 12 nA with a 45° slope down to 10-15 pum depth, iv) sides are milled
further at 2 nA until cross section measures ~1-2 um, v) the sample is tilted to 0° and the
micromanipulator is inserted and fixed to the side of the sample using Pt deposition, vi) cuts are
made on the sides and under the sample to free the sample from the substrate (typically done at 1
nA), vii) the sample is lifted out using the micromanipulator controls (Figure 2-4(c)), the FIB half-
grid brought into view, and the sample aligned and welded to the grid using Pt deposition (Figure
2-4(d)), 1ix) the stage is tilted to 54° +2° for thinning at 1 nA down to 300 pA until the sample is
~300-500 nm thick, ix) the stage is tilted to 54° £1° for thinning at 140 nA down to 50 pA until
the sample is ~100 nm thick, x) the stage is tilted to 54° £3° for final polishing of the sample using
a 5 kV, 100 pA beam. This procedure is not followed exactly for every sample. It has been

developed as a guide for repeatedly creating high quality lamellas, based on resources [29,33,34]
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and experience. However, each sample is unique, and this process is incredibly tedious, time

consuming, and fallible; the path to success has been trial and error and experience.

a I deposit protective cap | B <

R ——

.

Figure 2-4: TEM lamella preparation with a FIB (a) Pt protective cap deposited on sample, (b) trenches made to

prepare for lift out, (c) sample is cut free from substrate and lifted out with the micromanipulator, (d) sample is attached

to Cu FIB half grid, (e) intermediate sample thinning, (f) final lamella thinned to electron transparency.

2.3  Testing apparatus

2.3.1 High-velocity impact using a LIPIT apparatus

We use an advanced laser-induced projectile impact testing (LIPIT) apparatus [35,36] to
perform high-velocity impact tests on both single crystal Ag microcubes and substrates. The LIPIT
apparatus is composed of four main components: the laser, a launch pad, the target, and a multi-
exposure imaging system (Figure 2-5). The launch pad is made by depositing a 60 nm layer of
gold (Au) on a glass substrate and then spin coating a ~20 um crosslinked polydimethylsiloxane
(PDMS) layer at 1500 rpm. The Ag microcubes are then drop casted onto the launch pad. A single
pulse of the Nd:YAG ablation laser (A=1064 nm) ablates the Au layer, which causes the rapid

formation of a bubble in the PDMS layer. A single microcube aligned with the laser ablation site



18

is launched by the expanding bubble in the PDMS layer. The PDMS layer prevents sample heating
from the laser ablation of Au, in addition to launching the projectile. The microcube hits the target
(a silicon substrate coated with ~100 nm gold film) at high velocity. The speed of the projectile is
calculated based on the in-flight image of the projectile taken using our custom-built multi-
exposure imaging system (Figure 2-5 (b)). This system is composed of a monochromatic camera
gated by an acoustic-optic modulator and illuminated by a supercontinuum white laser with a

tuneable laser pulse interval.

glass substrate

/axpanded PDMS

m Ag microcube (in flight)

launch pad

vaporized Au

Figure 2-5: High velocity impact testing (a) schematic of LIPIT apparatus used to impact single crystal sliver
microcubes, (b) image of microprojectile in-flight: distance between subsequent projectile locations and light pulse

interval.

2.3.2 Nanoindentation

Ex-situ nanoindentation is performed using a Bruker Hysitron T1-950 Triboindenter at the
Wisconsin Centers for Nanoscale Technology. Nanoindentation can be used to measure the
hardness and elastic modulus of a material. We also perform nanoindentation testing on the buffer
layer of TRISO particles to record the mechanical properties and investigate crack propagation

mechanisms.
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The diamond indenter geometry is selected based on the experiment—typically a
Berkovich tip is used for hardness testing, and a spherical indenter is used to replicate the craters
formed by microprojectile impact testing but at quasi-static strain rates. Samples are adhered to
stiff magnetic chips which stick to the sample stage to ensure the sample does not move during
testing and the tested sample is much more compliant than anything else. Once loaded, several
calibrations are performed, including a transducer calibration and tip-to-optics calibration. Tests
are performed in either load-controlled or displacement-controlled mode, with parameters such as
the load or displacement rates during loading and unloading and the max load or displacement
defined. Specifics for each experiment are outlined in future sections. If hardness measurements
are desired, the Oliver and Pharr method [37] is used to calculate the hardness—with a calibrated
tip area function used to determine the projected area for a Berkovich indenter and the equations

in [38,39] used to calculate the projected area for a spherical indenter.

2.3.3  Quasi-static compression tests using an in-situ SEM nanoindenter

We used a Hysitron PI85 SEM Picolndenter (PI) (Figure 2-6) in a Zeiss/LEO 1530 SEM
to perform uniaxial compression tests on Ag-cubes with in-situ visualization of the deformation.
This experimental technique of placing a nanoindenter inside of an SEM was first developed by
Greer et. al with their custom-built SEMentor device [40]. With the SEM, micrometer-sized
samples can be easily identified and aligned under a flat diamond tip which is used to compress
the samples. The sample deformation can be observed while the microcompression test is being
performed and videos can be recorded to match deformation events with points of interest on the

force displacement curve.
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To prepare samples for testing, Ag

SEM chamber

cubes are dispersed onto a Si substrate by
the method discussed in Section 2.2.1 and
the substrate is adhered to an SEM stub
with carbon paint. The SEM stub can be
loaded onto the PI stage and is held by a set

screw. The diamond tip is carefully cleaned

with a cotton swab drenched in ethanol and
then screwed onto the rod extending from
the transducer (Figure 2-6(b)). The PI stage

piece is slid onto the PI base and fastened

Figure 2-6: Hysitron PI185 SEM Picoindenter (a) Pl loaded
tip (Figure 2-6(b)). The nanoindenter is slid  ypto the SEM stage, (b) PI components.

once the sample is ~1 mm away from the

into place on the SEM stage (Figure 2-6(a)), and the transducer and sample stage cables are

connected to the ports on the SEM chamber door. The SEM door is closed, and chamber pumped.

After the chamber is pumped down, the stage is tilted to 5-10° so that the samples can be
seen over the substrate edge. Then the tip and sample surface are brought into view and obtain a
good SEM image. A calibration needs to be done to ensure the tip moves smoothly. A unique load
function was prescribed for each sample depending on the sample dimensions. Samples were
loaded with a constant strain rate of 0.01 s™. The sample dimensions were recorded before testing,
including the height which was used to calculate the displacement rate equating to a 0.01 s strain
rate. The indenter was always kept out of contact with the sample surface prior to beginning the

test to prevent any pre-damage to the sample.
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Since the tests are run in displacement-controlled mode but the system is inherently load
controlled, several gains are used in the feedback loop to translate between load and displacement
given the prescribed displacement-rate. The displacement rate for each sample is determined by
measuring the height of the sample from the SEM image and then calculating the displacement
rate that equates to a 0.01/s strain rate. The gain tuning window on the Hysitron software is utilized
to find appropriate gains which ensure the actual displacement stays as close as possible to the
prescribed displacement-time function. After optimizing with several tests, the gain values in
Table 2-2 were used for all tests. Displacement-time functions were set up with a loading segment
mirrored by an unloading segment with the same magnitude of displacement-rate and change in
displacement which were both customized based on the height of the sample. For some samples,
an additional initial loading segment was added with a faster displacement rate to approach the
sample faster before testing ensued. It was always ensured that the flat punch did not hit the sample

before the test began at the desired displacement-rate.

Table 2-2: Optimized gains used for displacement-controlled tests

Gain Function Value
Proportional (P) looks at where result is in relation to the desired result | 0
Integral (I) looks at where the actual result was in relation to the | 0.8
desired result
Derivative (D) looks at where the actual result is going to be in relation | 0
to desired result
Lift Integral Gain (LIG) | controls tip when not in contact with the sample 0.07
Q-control damps oscillations in a high vacuum environment 1

The data was analyzed using a custom-MATLAB code. The actual dimensions of the
samples were calculated from the SEM image measurements based on the stage tilt angle and

orientation of the sample. Force-displacement data was converted to engineering stress-strain data
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using the original cross-sectional area and height of the sample. The yield stress for each sample
was also measured. For samples which exhibited a strain burst (see Section 3.2), the yield point
was obvious and directly picked off the graph. For samples with an indistinct yield point, a 0.5%

strain offset method was used (0.2% offset not possible because of the scatter in data points).

Since the diamond tip and silicon substrate are much stiffer than silver, their deformation
is expected to be negligible. However, a compliance correction was carried out to check this
assumption. The total measured displacement contains the pillar deformation but also any other
deformations in the system, including in the indenter and substrate. Sneddon developed the
formula for calculating the deformation in an elastic half space material from a cylindrical punch

[41]. Applied to this scenario, the total compliance of the diamond indenter and substrate is:

_ (I—V%nd) (1_V§ub) =
Csneddon = 2E ina(diop/2) + 2Esup(dpase/2) ' (2-1)

where E;,; = 1141 GPa (elastic modulus of diamond), v;,,4 = 0.07 (Poisson’s ratio of diamond),
Eg.p, = 165 GPa (elastic modulus of silicon), vg,;, = 0.22 (Poisson’s ratio of silicon), and 7,4,
and ry,,, are the radii at the base and top of the pillar, respectively. The deformation of the pillar is

then:
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Axpillar = Axmeasured - CSneddonF (2-2)

However, for pillars FIB-fabricated 4 flat punch

from samples laying on a substrate, a Kag
portion of the pillar is the substrate material Ka
u
since the ion beam mills into the substrate. K
Si
For example, the Ag microcubes are Si substrate
impacted onto a silicon substrate coated b ®% = ' ' '
= —=— compliance correction applied
H H loadi dul
with a thin layer (~100 nm) of gold. The % eok . :I’;‘s’;c'gg TR
» T
fabricated pillar then has three layers: Ag, 8 |
g 400 Eunloadmg:99‘69 GPEB
Au, and Si (Figure 2-7(a)). All three layers % '
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Axpittar = F (L + 1 + i) (2-3) shift of elastic portion to match unloading modulus (green).
piar kag  kau = ksi

Equations (2-3) and (2-1) can be substituted into equation (2-2) to find the displacement of the Ag

sample:
1 1 (1-v%.4) (1-v2,,)
Ax . = Ax — F <_ +—+ ind + su 2.4
Ag pillar measured kau = ksi  2Emna(deop/2)  2Esyup(dpase/2) ( )
E da 2 2 Ecit(d 2 2
Where kAu — Aun( bottom/ ) and kSl — S,_TL'( base/ ) .
hau hsi

The engineering stress and strain are then calculated as:
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F—-Fy €= AxAg pillar (2_5)

2
(dtop +dbottom) ' hag
T 2

g =

All dimensions are labeled in (Figure 2-7(a)) and are measured from the SEM images taken before

compression testing. Measurements are corrected for stage tilt.

The compliance corrected stress-strain curve (blue) is plotted with the original stress-strain
curve (black) in (Figure 2-7(b)). The curve is shifted left slightly, as the true displacement values
are slightly less than the measured displacement. However, as expected, the compliance in the
system is very small compared to the deformation in the sample. The elastic modulus can be
measured from the unloading portion of the compliance-corrected stress strain curve. If measured
from the initial elastic portion of the stress-strain curve, an underestimate of the elastic modulus
would be obtained. This is due to the inability to achieve perfect contact between the sample and
indenter and sample and substrate upon loading, especially since some of the impacted samples
are not perfectly flush with the substrate. To correct for this error, the elastic portion of the stress-
strain curve can be shifted to match the elastic modulus calculated from the unloading curve. The

yield point is found, and the strain values are manipulated as follows:
[
for & < &yjeiq: & = r for &> €040 € = € — AEyi1q (2-6)

The resultant stress-strain curve (Figure 2-7(b), green) is shifted farther left and the elastic modulus
matches the unloading modulus. This manipulation of the stress-strain curve is beneficial for
comparing experimental results to computational results from crystal plasticity simulations, since

experimental errors associated with loading the sample are not present in the simulations.
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2.4  Characterization methods

2.4.1  Scanning Electron Microscopy (SEM)

The scanning electron microscopes (SEM) at the Wisconsin Centers for Nanoscale
Technology are used for characterization and analysis of all samples studied. The impacted Ag
microcubes are imaged to identify the impact orientation and select samples for further testing.
During quasi-static compression testing, in-situ SEM videos of the deformation are recorded so
that interesting deformation events can later be correlated to points on the stress-strain curve. High
resolution images of the final deformed geometry are also taken for further analysis. The SEM is
also instrumental in being able to align the sample under the flat tip for uniaxial compression
testing. When performing compression tests with the in-situ SEM nanoindenter, the SEM is usually
operated at 25 kV, 8 mm working distance using the SE2 detector for the best image quality. When
imaging the impacted nanocubes at 0° tilt, the SEM is usually operated at 10 kV and 4 mm working
distance using the in-lens detector for the best image quality. Additionally, an SEM is used in
conjunction with the FIB to prepare samples for further testing and analysis (Sections 2.2.3-2.2.4)
and to perform FIB-SEM tomography characterization (Section 2.4.5). With additional detectors,
the SEM is also used to perform energy-dispersive x-ray spectroscopy (EDS) to attain chemical
information and electron backscatter diffraction (EBSD) or transmission Kikuchi diffraction

(TKD) to obtain crystallographic information (Section 2.4.4).
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2.4.2  Transmission Electron Microscopy (TEM)!

The TEM specimens were analyzed in a FEI Titan Themis® Scanning/Transmission
Electron Microscope (S/TEM) operated at 300 keV immediately after final polishing. We
performed selective area diffraction (SAD) (~200 nm diameter probing area) to investigate the

deformed nano/microstructure.
2.4.3  Raman spectroscopy

Raman spectroscopy is performed on the buffer layer of TRISO nuclear fuel particles to
extract nanostructural information about the pyrocarbon in both unirradiated and irradiated
samples. A Renishaw inVia confocal Raman microscope is used, which is located at ORNL and
approved for the study of select radiological materials. This system provides a mapping feature in
which Raman spectrum are acquired over a predetermined area at step sizes as small as ~1 pm.
This mapping feature was used to gather spatially dependent changes in the nanostructural features
of unirradiated and irradiated buffer. Maps spanning the entire buffer layer thickness (~60 — 100
pm) and 10 — 20 pum heights are obtained. A 532 nm laser is used at 10% power. Each spectrum is

attained with an acquisition time of 15 s and 3 accumulations.

Post-processing of the spectrum data is accomplished using Renishaw’s Wire 5.5 software.
First, a background correction is applied using a fourth order polynomial and a noise tolerance of
1. Deconvolution of the Raman spectrum is accomplished through curve fitting of six first order
and three second order peaks (peaks labeled in Figure 2-8). The labeled “D” peaks are disorder

induced bands and are fitted with Gaussian curves. The labeled “G” peaks correspond to bands

! TEM of impacted silver cubes was done in collaboration with Sadegh Yazdi, who is currently a professor at the
University of Colorado-Boulder. TEM of pyrocarbon was done in collaboration with Dr. J. David Arregui-Mena, at
Oak Ridge National Laboratory.
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originating from the graphitic structure and are fitted using Lorentzian curves. The remaining

peaks are fitted using mixed Gaussian-Lorentzian curves.

Counts

500 1000 1500 2000 2500 3000

Raman shift/ cm-1

Figure 2-8: Peak deconvolution of the Raman spectrum with peaks identified

2.4.4  Transmission Kikuchi Diffraction (TKD)

Transmission Kikuchi diffraction (TKD) is a structural characterization technique similar
to electron backscatter diffraction (EBSD), but capable of achieving much finer spatial resolutions
[42-44]. The same hardware and software used for EBSD can be used for TKD; the only key
difference is that electrons are transmitted through a thin (~100 nm) lamella and structural
information from the bottom of the lamella is captured with the detector in TKD, while structural
information from electrons backscattered off a bulk sample surface is collected in EBSD. While
the optimal spatial resolution for EBSD is ~50-100 nm [45,46], spatial resolutions of 2-10 nm are
achievable using TKD [42,47,48]. The finer spatial resolution is due to the smaller interaction
volume of electrons being transmitted through the specimen in TKD, rather than backscattered
from near the specimen surface as in EBSD [42,43]. Since the smallest expected grain size in the
impacted Ag microcubes is on the order of tens of nanometers [36,49], traditional EBSD is not
capable of resolving the smallest grains and TKD must be used. Additionally, highly deformed
materials often pose problems for traditional EBSD, as the Kikuchi patterns become blurred and

are difficult to index near grain boundaries and areas with high dislocation density [46]; however,
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the smaller interaction volume of TKD provides detailed information about the local changes in
the lattice orientation, providing high quality maps of ultra-fine grained and highly deformed

materials [44,50-54].

TKD is performed using the FEI Helios G4 PFIB at the Wisconsin Centers for Nanoscale
Technology (WCNT). Although the ion beam is not used, this instrument is equipped with the
fastest EBSD CCD camera available at WCNT and is configured to work well for TKD. Data
acquisition is performed using the APEX for EBSD software by EDAX. Electron transparent
lamellae are prepared from samples using the procedure in Section 2.2.4. The sample tilt, sample
thickness, accelerating voltage and current, and grain size all affect the resolution and quality of
the obtained Kikuchi patterns [47,48,53,55]. To ensure best results, lamellae are prepared with a
uniform thickness of ~100 nm and polished at 5 kV to remove ion damage and smooth the surfaces.
TKD is performed on the prepared lamellae immediately after final thinning and polishing to
ensure no chemical reactions or problems with sample storage or transference could damage the
sample. The FIB half grid with samples attached is mounted on a sample holder which allows for
the transmission of electrons through the sample. The sample is tilted to 45° and brought up to a 4
mm working distance. Parameters such as the beam voltage and current, gain, and exposure are
optimized for each sample; however, for the impacted Ag microcubes, typically a 30 kV, 3.2 nA
electron beam is used, the gain is around 450-550, and the exposure is around 40-50. A square grid
with a 10-20 nm step size and 2x2 binning is used. Depending on the settings, the camera typically
operates at ~3 frames per second, with total acquisition time ranging from ~20-60 minutes. The

crystallographic data file for fcc silver is read in for indexing.

The indexing results obtained during scanning are quite good for a highly deformed

sample: for example, the scan in Figure 2-9(b) has a 58% indexing success rate (confidence
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index>0.1), which is comparable to TKD results of severely deformed ultrafine-grained samples
(indexing success rates of 56-60%) [53]. In these highly deformed samples, the strain and grain
size gradients within the sample lead to variation in the quality of the patterns and resultant
indexing solutions. For example, in the highly deformed nanograined region (nearest the
substrate), the Kikuchi patterns are noisier (Figure 2-9(c)), leading to less reliable indexing.
Several steps are taken to improve the quality of the data throughout the sample: i) reindexing of
the raw data using the Neighbor Pattern Averaging with Re-indexing (NPAR) algorithm [56]
available in OIM v8.6 software, ii) reduce noise through data processing filters in MTEX, iii)

estimate pixel by pixel noise during dislocation density calculations.

Figure 2-9: Reindexing Kikuchi patterns (a) as-captured Kikuchi pattern from the top right of the sample, (b)
confidence index map of scan before reindexing; pixels highlighted in yellow are considered correctly indexed when
calculating the indexing success rate, (c) as-captured noisy Kikuchi pattern from the highly deformed region at the
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bottom of the sample, (d) improved Kikuchi pattern from (a) using NPAR, (e) confidence index map of scan after

reindexing, (f) improved Kikuchi pattern from (c) using NPAR.

For reindexing, all Kikuchi patterns are saved during data acquisition, and all data sets are
reindexed at a later time using the reindexing tool in OIM v8.6. Dynamic background correction
is applied to equalize the intensity gradients throughout the map, and an automatic brightness and
contrast correction is applied. NPAR is used during reindexing, which averages unindexable
patterns with its neighboring patterns. Parameters for the NPAR reindexing as well as parameters
for the Hough transform are iteratively changed and the resultant pattern quality and indexing
solutions are checked in many different regions in the sample until the indexing solutions are
consistently good for one parameter set. As seen from example patterns before reindexing (Figure
2-9(a,c)) and after reindexing (Figure 2-9(d,f)), the pattern quality significantly improves with the
NPAR algorithm. The improvement due to reindexing is also apparent through the indexing
success rate: for example, the indexing success rate of this scan was improved from 58% to 75%

through reindexing (Figure 2-9(ge)).

The reindexed patterns are then analyzed using the MATLAB toolbox MTEX [57], which
is an open source software developed for texture analysis of EBSD or pole figure data. Custom
scripts are written for each TKD data set, utilizing the functions available through MTEX and
MATLAB. After importing the data, the outline of the sample is traced, and the data cropped to
this perimeter. Only the data points that were indexed as silver and are within this perimeter are
used for further analysis. Missing and noisy data points are fixed by applying a median filter using
three nearest neighbors. For grain segmentation, a robust fast multiscale clustering algorithm [58]
is used instead of the default grain segmentation algorithm in MTEX. Typically, grain boundaries
are determined by sharp transitions in the orientation, however, since the impacted microcube’s

nanostructure consists of gradual transitions in orientation from grain to grain, pixel-to-pixel
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misorientation thresholding is not sufficient for grain boundary detection. Instead, the multiscale
clustering algorithm groups pixels into clusters of similar orientation, thus defining the grain
boundaries. Parameters for the grain segmentation algorithm are iteratively changed until an
acceptable result is obtained based on the inverse pole figure plot with grain boundaries overlaid.
Parameters typically used are a threshold angle and variance of 3°+5°, maximum iterations of 10,
and a 1.5 inflation power. After applying the grain segmentation once, very small grains of less
than 8 pixels are removed, and the grain segmentation applied again. The grain boundaries are then
smoothed, and a half quadratic filter applied to the pixels within each grain to conservatively
smooth the data and fill in any outliers. An orientation distribution function is extracted from this
data and pole figures plotted. After processing the TKD data and segmenting the grains, the grain
size distribution is quantified by calculating the average grain size per line and the distance away

from the impact plane.

To further characterize the nanostructure, the geometrically necessary dislocation (GND)
density is estimated from local misorientations calculated from the TKD data. This technique has
been widely used to estimate GND density from EBSD data [59-65], but only recently applied to
TKD data [66—70]. Foundational works in continuum dislocation plasticity theory [71,72] relate

the dislocation tensor (a, commonly called the Nye tensor) to the curvature tensor (k):

a; = Kj; — 8Ky, (2-7)

where i,j,k = 1,2,3,and §;; = 1 for i = j,8;; = 01 # j. The curvature tensor (k) is defined as:

Ky = 2 (2-8)

y dx j

where d¢; is a lattice rotation over a distance dx;. Such values can be directly obtained through

orientation data from EBSD or TKD maps. The total dislocation density can be determined by:
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p = ZiZilel (2-9)

Ib|
where b is the Burger’s vector [63]. However, since data in only two dimensions are collected
through EBSD or TKD, not all components of the Nye tensor can be resolved—a maximum of 5
out of 9 components can be obtained [60]. The Nye tensor can also be represented as the sum of

the contributions to the total dislocation density from each of the dislocation types (a;; =

N pth! ljt, where b and | are the Burger’s vector and line direction for dislocations of type t).
Several energy minimization approaches have been proposed to extract the dislocation density
contribution from each of the 18 dislocation types in fcc materials, using this equation and the

components of « available through EBSD data [60,63,65,67,73].

Although not all components of the dislocation tensor are available through EBSD or TKD
data, average local changes in the curvature represented by kernel average misorientation data
have been used to provide a good estimate of dislocation density [61,64,65,67,68,70].
Geometrically necessary dislocations accommodate gradients in the strain field, thus, according to
mechanism-based strain gradient plasticity theory, the GND density is related to the strain gradient

as follows:
_n .
Pe =1, (2-10)

where p, is the GND density, b is the Burgers vector, and 7 is the effective strain gradient [74].
Considering simple torsion of a cylinder, the strain gradient can be accommodated by the lattice
curvature imposed by a screw dislocation lying along the axis of the cylinder [74]. For simplicity,
local misorientations are assumed to consist of a series of twist sub-boundaries, accommodated by
two perpendicular arrays of screw dislocations [75]. Thus, the dislocation density can be

determined by:
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n = 2 (2-11)

where k is the curvature which can be calculated from the kernel average misorientation (@ am)
divided by the step size (u) [68,75]. The kernel average misorientation at each pixel (i,j) is

calculated using the MTEX function KAM, defined as:

1
Okam = KAM,-‘,- = lN(l.J.)|Z(k,l)eN(i,j) w(0;),04) (2'12)

where N (i, j) is the set of all neighboring pixels within order n (see inset in Figure 2-10(b) for a
schematic of the 15-6™ nearest neighbors in a square grid) and with a misorientation angle less

than a threshold angle (6), [N (i, j)| is the number of neighboring pixels within this set, w (o, j, 0k,;)

the disorientation angle between the orientation of pixel (i, j) and the neighboring pixel (k, 1).

GND density estimates using Equation (2-11) are very sensitive to the step size (u) used
for data acquisition [59,62,64,67]. Since geometrically necessary dislocations are, by definition,
those required to accommaodate gradients in the strain field ([74], Equation (2-10)), reducing the
step size will increase the GND density since all dislocations become geometrically necessary at
a small enough length scale. Therefore, at the high spatial resolutions obtainable through TKD, a
higher estimate of the GND density will be obtained. This sensitivity to step size is compounded
with errors associated with measurement noise. If not properly accounted for, measurement noise
will lead to higher misorientation values, and thus, artificially higher dislocation density estimates.
In order to combat these effects, two solutions are explored: (i) reduce noise using filters [76] as
described above, then compute the kernel average misorientations (KAM) from the first order
neighbors with a small misorientation threshold (2°, representative KAM map in Figure 2-10(a)),

(i) use the local misorientation gradient to calculate the dislocation density [61,64]:
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y = Lnan (2-13)

dOgam
du

where

is the slope of a line fitted to (u;, Oxap ;) data points for order i = 1:n (Figure

2-10(b)). The second method is superior to the first for two reasons: the effect of step size is
reduced, and local changes in measurement noise are accounted for. Local changes in measurement
noise are likely in these highly deformed heterogeneous nanostructures, especially between the
coarse and nanograined regions. If noise is reduced uniformly through filters applied to the entire
data set, as in the first method, real misorientation data in more highly deformed regions may
mistakenly be considered noise. Therefore, the gradient method is used but parameters such as the
order (n) of surrounding pixels and threshold angle (6) must be optimized for the given data sets
and TKD conditions. To select these parameters, the same data set is analyzed using both methods
with different parameters (Figure 2-10 (c — e)). The line profiles using § = 2° are too flattened
since a local gradient is already considered and increasing n only flattens the curve more. An angle
of 15° is a more appropriate choice, since it commonly considered the cutoff between low and high
angle grain boundaries. The parameters selected (n=5 and 6 =15) preserve the local fluctuations in
the data (compared to the KAM method with pre-processing, see Figure 2-10 (d)). The pre-
processing method suppresses the underlying GND density gradient; however, by accounting for
local noise, the gradient misorientation method uncovers this gradient. Since the GND density
distribution using method (i) is comparable, these GND density maps are used for visual

representation.
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Figure 2-10: Methods for estimating GND density (a) kernel average misorientation map after pre-processing the
data, (b) local misorientation gradient calculated from KAM values with a maximum of n=5 nearest neighbors
considered, (c) dislocation density map from pre-processing method; corresponding average dislocation density line
profile plotted in black in (d), (d) dislocation density distributions for different analysis methods used, (e) dislocation

density map from gradient method; corresponding average dislocation density line profile plotted in red in (d).

2.45 FIB-SEM tomography

FIB-SEM tomography is used to characterize the micropore structure within the buffer
layer of TRISO nuclear fuel particles (Sections 4.2 and 4.3). A preliminary investigation of the
pore sizes by FIB-milling a cross section of the buffer layer showed pore feature sizes in the range
of tens of nanometers to several micrometers. Considering this size range, FIB-SEM tomography

is an ideal method to characterize the pore structure since volumes with side lengths of >10 um
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and high spatial resolutions only limited by the FIB resolution are possible [77-84]. FIB-SEM
tomography is a serial sectioning and imaging method in which thin slices of material are removed
by FIB milling and an SEM image (also possible to do EDS and/or EBSD) is taken every slice.
This process results in a stack of SEM images which can be stitched together to recreate the 3D
microstructure. From this 3D reconstruction, microstructural analysis, such as porosity analysis

can be conducted (Figure 2-11(a)).

The epoxy puck with exposed TRISO particles ground to midplane (Section 2.2.2) is
attached to a standard aluminum SEM stub using carbon glue and copper tape. The copper tape is
also used to provide a conductive pathway from the base of the sample to the top near and around
the TRISO particles. An FEI Helios plasma focused ion beam (PFIB) G4 with the Auto Slice and
View 4 software is used for FIB-SEM tomography. To prepare the sample, a region of the buffer
layer is identified for analysis through SEM imaging, and trenches on three sides of the region are
milled using the FIB (Figure 2-11(b)). A voltage of 30 kV and progressively lower currents of 60
nA, 15 nA, and 1-4 nA are used to mill trenches ~15 um deep. A fiducial marker for SEM image
alignment is made on a milled face parallel to the cross-section to be imaged. The Auto Slice and
View 4 software is used to make a fiducial for FIB milling alignment. In setting up the project,
this fiducial is registered with respect to the region of interest, enabling precise milling of a
specified slice thickness. A slice thickness of 50 nm is typically used, chosen based on optimizing
scan time while preserving the fidelity of the microstructural data (see data analysis discussion
below). SEM imaging parameters were chosen to provide a resolution at least as good as the
resolution in the out-of-plane direction as set by the slice thickness. The immersion lens is used to
provide high-resolution and good contrast. Auto focus is performed every 5 slices and a digital y-

shift correction is performed to adjust the SEM image acquisition area for stage tilt.
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Figure 2-11: FIB-SEM tomography (a) workflow of creating 3D reconstructions from slice and view image stacks,
(b) sample preparation for FIB-SEM tomography: deposit Pt protective coating, mill trenches, prepare fiducial

markers.

Image processing and data analysis are performed using a combination of Avizo 9.5 and
Dragonfly 2021.1 software. The Dual Beam 3D Wizard in Avizo is used to perform pre-processing
of the image stack—including geometric corrections for the stage tilt, image alignment, and
removal of curtaining artifacts. A background detection correction and sigma filter are also applied
to reduce noise and normalize the background intensity throughout the image stack. The pre-
processed image stack is then exported as tiff files for further processing in Dragonfly. Although
Avizo has many of the same image processing and segmentation features, Dragonfly allows more

user control and offers more segmentation tools that are necessary for this project.

Image segmentation and feature separation are very important to accurately represent the
pore microstructure. Segmentation, the process by which pixels are labeled as belonging to a
particular phase or material, is typically done through various intensity thresholding and
identification techniques. For these image stacks, up to three phases were identified: pores, buffer,
and kernel/IPyC/other. Intensity thresholding and paint tools are used to conservatively identify

regions belonging to each phase. Then, a watershed transform is applied to “grow” the labeled
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regions until the edge of the feature containing the labeled pixels is reached. Several problems
with this intensity-based segmentation method became apparent in our data sets: i) because the
pyrocarbon material behind is visible within large pores, pixels inside the pores were misidentified
as the buffer or large pores became separated into smaller pores since there is a contrast gradient
within the pore, ii) contrast between pores and buffer is inadequate for intensity thresholding, iii)
the average intensity of pixels that should be labeled as “pore” or “buffer”” changes within an image

stack.

Because of these challenges with intensity-based segmentation, Dragonfly’s deep learning
segmentation module was tried as an alternative. For this method, a few slices (typically 3-4 slices,
~1-2% of total slices) are manually segmented to be used as the training data set. A deep learning
model is then built and trained using this data set and applied to the whole image stack. A
convolutional neural network (CNN) called U-Net [85] is used, which was originally developed
for biomedical image segmentation. U-Net uses data augmentation to sufficiently reduce the
amount of training data needed, while providing excellent segmentation results quickly. Our
training data is augmented three times, through horizontal and vertical flipping. The training
parameters used are typically as follows: patch size=32, stride ratio=1, epochs number=100, batch
size=32, loss function: CategoricalCrossentropy, optimization algorithm: Adadelta. The model is
trained until the loss—the error between the neural network’s prediction and reality—is
minimized. If the loss is not minimized quickly and effectively, the training parameters are
changed slightly until an acceptable result is achieved. After training, the model is applied to the

entire data set and segmentation results are outputted and verified for accuracy.

After the data set has been segmented, individual pores must be identified through a

separation process. The segmentation process produces an object or region of interest (ROI) for
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each phase—in most cases, one for the buffer and one for the pores. To separate the pores ROI
into a multi-ROI, where each pore is a separate ROI, a distance map is created from the buffer
ROI—which is a greyscale image with higher intensities corresponding to farther distances away
from the buffer. From the distance map, intensity thresholding can be used to define the center of
each pore. For consistency, the intensity threshold is set at 5% less than the upper-Otsu intensity
range. The upper-Otsu threshold can be selected directly in Dragonfly and is based on Otsu’s
algorithm which defines two intensity classes, separating pixels with high intensity and low
intensity. A threshold value of 5% less than the upper-Otsu intensity range was chosen based on
qualitative analysis of the resultant pore separations for different threshold values. Once the pore
centers are defined, a new multi-ROI is created by applying a “connected components” analysis
which separates each grouping of voxels into a ROI. Then, a watershed transform is applied with
the inverted distance map as the landscape and the pores ROI as a mask. The watershed transform
allows each pore to “grow” until the boundary of the pores ROI or another pore is reached. This
process separates the voxels defined as “pores” through the segmentation process into individual
pores. Once separated into individual pores, quantities describing the pore sizes, positions, and

shapes can be exported.

Large differences are apparent in the porosity quantification data resulting from the two
segmentation methods (Figure 2-12). Looking at the segmentation results in an example area
(Figure 2-12(c-e)), the deep learning segmentation method clearly does a better job at capturing
the entire pore area, regardless of contrast changes within the pore. These differences propagate
into the volumetric porosity data: the number and volume fraction of small pores are significantly
higher for the intensity-based segmentation (Figure 2-12(a,b)) because large pores are artificially

broken into smaller pores due to contrast gradients within the pore. The total volume fraction of
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pores is also much lower for the intensity-based segmentation (10.8%) than the deep learning
segmentation (19.3%). This is due to regions within large pores being misidentified as the buffer.
Through this analysis, we have determined that the deep learning segmentation method will be

more consistent and accurate in characterizing the porosity in our data sets.
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Figure 2-12: Image processing and data analysis (a) distribution of pore sizes resulting from intensity-based
segmentation and deep learning segmentation methods, (b) volume fractions of pore volume ranges resulting from the
two segmentation methods, (c) example of intensity-based segmentation result (pores — green, buffer — purple), (d)
unsegmented SEM image of (c) and (e), (e) example of deep learning segmentation result, (f) volume fractions of pore
volume ranges compared for various slice thicknesses and segmentation methods, (g) distribution of pore sizes for

different slice thicknesses (using deep learning segmentation).
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We also performed analysis to determine an optimal slice thickness for fast data acquisition
while maintaining high fidelity. A scan taken with 20 nm slice thickness was analyzed three ways
to simulate different slice thicknesses: i) every image included — 20 nm slice thickness, ii) every
second image included — 40 nm slice thickness, iii) every third image included — 60 nm slice
thickness. By analyzing the same data set with some images excluded, we can determine if porosity
information is lost with larger slice thicknesses. Figure 2-12(f) shows the volume fractions of pores
in each pore volume range for different slice thicknesses and segmentation methods. While
differences between 20 and 60 nm slice thicknesses are apparent for intensity-based segmentation,
minimal differences exist between data sets analyzed with deep learning segmentation over all
slice thicknesses. Therefore, the differences seen in the intensity-based segmentation data sets are
attributed to inconsistency in the segmentation method analysis. Looking at the distribution of pore
sizes (Figure 2-12(qg)) for all slice thicknesses, there are fewer small pores (<300 nm equivalent
diameter) identified in the data sets with larger slice thickness, suggesting some information is
lost. However, the volume fractions in each pore size category and the total volume fraction of
pores (19.3% +0.1%) remain quite consistent with all slice thicknesses. Therefore, a slice thickness

of 50 nm was chosen as an optimal slice thickness to reduce data acquisition time.
2.5  Molecular statics (MS) and molecular dynamics (MD) simulations?

To understand the microstructural evolution of the Ag microcubes during quasi-static
compression and high-velocity impact testing, we performed molecular statics (MS) and molecular
dynamics (MD) simulations, respectively. Due to computational limitations, the simulation cell size

is limited to a maximum of 240° fcc unit cells (62 million atoms) which corresponds to a cube with

2 MD simulations were done in collaboration with Prof. Mauricio Ponga at the University of British Columbia,
Vancouver.
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side length of ~98 nm. This cell size approaches the smallest cube size in experiments (~100 nm) and

is approximately the limit that one can
achieve with the state-of-the-art MD
techniques. The simulations can be used to
explore the plastic deformation mechanisms
that may be active in comparable
experiments. All simulations are performed
with the LAMMPS code [86,87] and the
material (Ag) is modeled with the Embedded
atom method interatomic potential developed
by Williams et al. [88]. Nanocubes are
modeled by constructing the fcc lattice with
an initial lattice constant ao= 0.409 nm. The
initial configuration is relaxed at T = 300K

by allowing the crystal to expand and/or

Lo=60 nm

Figure 2-13: Molecular statics simulation geometry (a)

<100> view of cube with rounded edges, edge radius (R) and
side length (L) labeled, (b) atomic steps forming the rounded
corner, (c) compression of a perfect cube with sharp edges and
corners, (d) compression of a cube with rounded edges and

corners.

contract independently to minimize the energy and the pressure.

2.5.1 Molecular statics (MS) simulations

MS simulations are performed to study the quasi-static compression of Ag nanocubes.

Several geometries were considered to match to experiments: nanocubes (several sizes),

nanopillars, nanocubes with rounded edges and corners, and nanocubes with porosity. The

simulation cell is made up of 1203-2402 fcc unit cells containing approximately 6 to 62 million

atoms (L, = 20 — 240 a,). The cylindrical nanopillar was generated with radius of 32 nm and a

length of around 64 nm containing 16 million atoms. To investigate the effects of edge roundness,
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rounded edges were generated with a python script that removed atoms from the perfect cube.
Geometries were generated with a range of cube lengths (7.5 < L, < 60 nm) and edge radius sizes
(0 < R <12 nm), to achieve edge roundness ratios (r, = R/L,) of 0-20%. A schematic cross-
section of the rounded particle can be seen in Figure 2-13(a), showing the rounded corners and
labeled dimensions. The corners have a spherical surface made of discrete (111) close-pack planes
of atoms as shown in Figure 2-13(b). We also studied the effects of vacancy concentration by

randomly removing individual atoms from the perfect crystal.

All geometries were generated with the [100]-crystal direction coinciding with the loading
direction. Once the geometry is generated, strain-controlled compression of the particle is
performed by applying a homogeneous deformation gradient (F) to the atoms along x-direction.

The homogeneous deformation gradient is defined as:

1+42 0 0
F=| 0 1 ol (2-14)
0 o0 1

At each indentation step, the strain is increased by equal increments controlling A. After the
homogeneous deformation gradient is applied, two thin layers (~2a,) at the bottom and top of the
particles are restricted to move in the x-direction to generate a strain-controlled compression. The
positions of the atoms are optimized to minimize the potential energy of the system using the
Polak-Ribiére non-linear conjugate gradient (NLCG) method [89]. The tolerances were set to

1071% eV and 1070 eV- A~ for energy and force convergence, respectively.

The indentation stress was monitored using the virial stress tensor, computed using the

expression:

oy = = 2N, T (= ) f, (2-15)
20 k+l
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where Q is the volume of the particle, 7} is the i-th component of the position vector of atom [,
and fj’“ is the j-th component of the force vector applied on k-th atom by the [-th atom. N is the
total number of atoms in the simulation. To visualize the yield stress, we use the von Mises
equivalent stress as defined in continuum mechanics. Dislocations were identified using the

Dislocation Analysis (DXA) [90] implemented in open visualization tool OVITO [91].
2.5.2  Molecular dynamics (MD) simulations

MD simulations are performed to study the high-velocity impact of Ag nanocubes. Nanocubes
with side lengths of ~65.5 nm are constructed (~160° fcc unit cells with lattice constant ~0.409 nm at
0 K; 16,384,000 atoms), and an initial translational velocity is applied to the atoms to generate the
impact velocity. Then, the positions of the atoms are integrated under the NVE ensemble for about
550 ps. The NVE ensemble ensures that no extra energy is added to the computational cell. The rigid
wall was generated using a command which includes an atomic interaction at specific location (x =

0). The interaction is given by a Lennard-Jones-type potential, i.e.,

%m=4ﬂ$_®v;mn (2-16)

T T

where r is the minimum distance between the particle and the wall, e = 1 eV, = 0.1 nm,and r, =

0.25 nm is a cut-off radius. Other choices of the wall generate the same results.

From the MD data we compute the average strain rate by using the change of the length of the sample

and the time required to do that:

g=foL_1(thy (2-17)

At lgAt At\ [
where [ is the final length, [, is the initial length, and At is the elapsed time at which [ and [, have

been measured. For the [100]-face impact, we estimated the strain rate to be ~2.4 x10° s, while the
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strain rate for the [110]-edge impact was ~3.7 x10° s, These average values of the strain rate are
about an order of magnitude larger than that estimated from experiments (~1.4x108 s, see Appendix

A.3 for details) and is mainly due to the size mismatch of the cube.

The strength of the simulation cell is quantified using virial stresses [87] that are computed

from,

) pépj o
Oap = _;<Zi mﬁ+2i2j7};] E’); a,f=xyz (2-18)

where o, are the components of the stress tensor, V' is the total volume of the simulation cell, pL is
the component a of the linear momentum (p, = mvi) of atom i, 7. = x%, — x2. is the component a
of the relative distance vector between atoms i and j, and fﬁ” is the component 3 of the force vector

on atom i due to atom j. Since the sample is initially traveling with a large translation speed, we
subtracted their center of mass velocity and use the components of linear momentum without the
velocity of the center of mass. We use two independent methods to quantify the amount of plastic

work generated in the simulation cell. The first quantity is the von Mises equivalent stress given by,

1

O = (%209[5’(0-0:61 - Uﬁﬁ)z +3 Za>,8 O-aﬁz)z (2'19)

The von Mises equivalent stress allows introducing the stress triaxiality factor, which is a

direct measure of the plastic deformation in the sample. The stress triaxiality factor is given by,

g=22 (2-20)

where o,,, = %(011 + 0,, + 033) is the hydrostatic stress.
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In order to provide a more comprehensive study of the impact, we calculated the spatial-
temporal evolution of stress and temperature, again using the kinetic energy of the atoms and virial
stress. The procedure was reproduced from a laser irradiation simulation where the pressure and
temperature were described as a function of the space-time [39]. In order to study the distribution
of temperature and stresses, we divided the computational cell into bins of equal size along the x-
direction (normal to the impact plane). For all simulations, we took N,;,; = 40. Then, for each bin,
we computed the components of the virial stress tensor, and the temperature using the local kinetic
energy. Then, we subtracted the temperature of the center of motion. In order to compute the virial

stress, we needed to take a reference volume. Here, we used for each bin a volume given by V;,, =

Yeube 1 compute the virial stress. These quantities were processed on the fly, and dumped to a file

Npins

every 1 ps, for further analysis into the temperature and stress distributions over time and position.

2.6  Crystal plasticity simulations®

Crystal plasticity simulations are used to investigate the structure-property relations of the
heterogeneous nanostructures formed through impact of single-crystal Ag microcubes.
Experimental results are compared with simulations of synthetic microstructures formed with
experimental input. Additionally, because of the difficultly in preparing, testing, and characterizing
samples at the microscale and of limitations in the control over the resultant nanostructure, we use
crystal plasticity simulations to explore structure-property relations of heterogeneous

nanostructures beyond what can be feasibly achieved with experiments.

3 Crystal plasticity simulations done in collaboration with Prof. Curt Bronkhorst, UW Madison
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2.6.1 Single crystal constitutive model

The single crystal constitutive model defined by Bronkhorst et al. [92] is used for the
simulations, which is based on previous foundational works in the crystal plasticity field [93-102].
The coupled thermo-mechanical elasto-viscoplastic formulation assumes thermally activated slip
is the dominant deformation mechanism, tracking the evolution of dislocation density on each slip
system and representing grain size effects through an empirical Hall-Petch term. An ABAQUS
user subroutine (UMAT) is used to implement the model with the time-integration scheme
presented in [98,103]. A brief description of the plasticity model, adapted from Bronkhorst et al.

[92], is given here:

As is typical for constitutive models representing large plastic deformations, the
deformation gradient is decomposed into the reference (undeformed material), intermediate

(plastic deformation), and current (elastic and plastic deformations) configurations:
F = F'FF (2-21)

assuming elastic invertibility and plastic incompressibility. The constitutive relation is given in the
intermediate configuration, where the second Piola-Kirchoff stress (T*) and elastic Green-

Lagrange strain (E™) are given by
T* = L(O)[E"—A(0 —6p)] and E*=-(FTF —1) (2-22)

where L(0) is the fourth order elastic stiffness tensor, 8 and 6, are the current and reference
temperatures, respectively, and A is the thermal expansion tensor. The stress in the deformed
(current) configuration (Cauchy stress, T) can be found by transforming the stress from the

intermediate configuration to the current configuration through this relation:



49
T* = F*~(det F)TF*T (2-23)

Plastic deformation is accommodated by thermally activated dislocation slip, where the
plastic velocity gradient is defined by the sum of slip rates (y%) in directions defined by the slip
system (S§):

L = FPFP-1 =y y%8¢ (2-24)

where S§ = m§ @ n§ is the Schmid tensor describing the geometry of the 12 slip systems,
composed of combinations of the 4 {111} slip planes and 3 <110> slip directions. Since rotation
of the lattice can be described through the elastic deformation gradient (F*), the slip plane normal
directions (mg) and slip directions (n§) which are originally defined in the undeformed (reference)

configuration can be converted to the deformed configuration (current) through:
m*=Fm§ and n%=F"Tn{§ (2-25)

The slip rate (y*) on each slip system () is calculated by:

PN\ 4
a R[4 el a -
4 yoexp[ g, (1 <@(sg‘+sf‘)> ) lsgn(T ) (2-26)
where the terms are constants defined in Table 2-4 or defined by the expressions shown in Table

2-3 for clarity.

The evolution of dislocation density on slip system « is given by:

p = 2( S do8p# 2007 (2-27)

whose terms are constants (Table 2-4) or defined by the expressions in Table 2-3 or other

previously defined expressions.
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Table 2-3: Expressions used to define the variables in equations (2-26) and (2-27); variables given in these

expressions are defined in Table 2-4 or in the equations above

Parameter description Expression

Resolved shear stress (%) % = (FTF*T") - §¢

_ C11(0)—C12(6)
u(0) = \/644(9) - 5

Shear modulus (u)
where CU(G):CU(OK) + m;; 0

Deformation resistance stress ST —g 4 kgr
- - oo

due to grain size and p Jdgr

dislocation structure (sg')

a(Z

B . . .
oy for self-interacting and coplanar slip systems

4 =

Dislocation multiplication

i i ap ap . .
interaction tensor (") d*F = >, for intersection non-coplanar systems

nc

k6

Capture radius for dislocation .y (l)"“l)7
A - c c0 .
annihilation (r;) Yo
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2.6.2 Parameter determination and fitting

Thirty-six material parameters define the model, whose values are known constants, fitted
to experimental data, or a grain-dependent (element set) parameter. Table 2-4 lists these parameters
and their values, according to the type. For the parameters that are known constants or from
literature: the density (p), specific heat (cp), thermal expansion coefficient (), elastic constants at
0 K (Cjj) and temperature dependencies (m11), number of slip systems (nsiip), and Burger’s vector

magnitude (b) are known constants specific to face-centered-cubic silver. The temperature

a 140 T T T T T b 450 r T T
= Cy Aldrich, fracture stress

s C, 400 Aldrich, yield stress . . 4
120 + E Carreker, fracture stress | = 112
= - C ) k,=8.05 MPa mm
C;;=13292-0.032T 44 350 | Carreker. yield stress ar g7 A |
o o

100 - _ © 300 | P

e e U O

o~
= o 5k, =125 MPamm™ |
= - w2 e ©
% C,,=98.287-0.0168 T =250 kgm0SMPamm o2 o - ]
= 80} 4 » I -
o D200 o g ky=5.4 MPa mm'? -
o = -
w P -0
60 ] 150 | a o |
= =% K,F5.45 MPamm'?
0
100 | E - .
,4‘L|'g“
aor 1 501 . &8 k,=2.16 MPa mm'? .
0 200 400 600 800 0.0 0.2 0.4 0.6 0.8 1.0
T [K] d-1/2 [“m—‘IIZ]

Figure 2-14: Data from literature used for parameter determination (a) temperature dependence on elastic
constants for silver, data reported in Simons and Wang [104], (b) grain size effect on fracture stress and yield stress,

from polycrystal silver data in [106,107].

dependencies for the elastic constants (m;;) were found by fitting a line the temperature specific
elastic constants for silver from [104] (Figure 2-14(a)). The temperature is taken as room
temperature (298 K), as in experiments. Since the simulations are performed at a quasi-static strain
rate (102 s1), the Taylor-Quinney coefficient is 0. The strain rate factor (y,), long-range resistance
(s), intrinsic lattice resistance (sf*), flow rule barrier exponents (p and q), the six dislocation
interaction quantities defining the tensor a®f (Aserfr Aaipotars Anirths Acollinears Aglissiler Aomer)

were chosen to be the same values used by Bronkhorst et al. given the assumptions and reasonings
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presented in [92]. The grain dependent parameters—the Euler angles representing the grain

orientation and grain diameter—are determined from the synthetic microstructures.

Table 2-4: Material parameters for single crystal plasticity model

Known constants or from literature

Temperature (8,) 298 K Burger’s vector magnitude (b)  2.892E-7 mm
Density (p)  10500.0 kg/m?® Number of slip systems (Nsiip) 12

Specific heat (c,)  235.01 J/kg-K Aself 0.122

Thermal expansion (a) 19.0e-6 K! Qgipolar 0.122

Taylor-Quinney (7) 0.00 Axirth 0.070

mu  -32 MPa/K Acollinear 0.625

Cu (0K) 132.92 GPa Agiissile 0.137

me2  -16.8 MPa/K ALomer 0.122

Ci2 (0K) 98.287 GPa Long-range resistance (S«) 0 MPa

Maa -18 MPa/K Capture radius (rco) 12 mm

Cu (0K) 51.551 GPa Intrinsic lattice resistance (s;*) 0 MPa

Boltzmann’s constant (kg)  0.138E-22 J/K Flow rule barrier exponent: p 0.33
Strain rate factor (y,) 107s Flow rule barrier exponent: g 1.66

Fitted Grain-dependent

Capture radius constant (A) 5E-19] Euler angle theta 6 [rad]

Nor Sopena tin s cur g o [

Coplanar dislocati(é(r;nes\;grl}%t(ilc()g 35 Euler angle omega w [rad]

Activation energy (Fo) 3.5E-18J Grain diameter dgr [mMm]
Hall-Petch slope (ky) 2.1 MPaymm
Dislocation density (p§) 3E6 mm2 Dislocation density ~ p§ [mm?]
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The remaining six parameters—the capture radius constant (A), dislocation evolution

constants (knc and k), activation energy (Fo),
Hall-Petch slope (kgr), and initial dislocation
density (p§)—are fitted using experimental
uniaxial compression data of polycrystal
silver at different temperatures, strain rates,
and grain sizes [105]. The Hall-Petch
parameter was initially set at 5.45 MPaymm
according to data from size effect studies on
silver found in literature [106,107] (Figure
2-14(b)). A polycrystal sample is represented

by a one-thousand element cube with random

300

298 K, 20um, 103
» 298 K, 20um, 10
» 423K, 20um, 103
298 K, 2um, 103
298 K, 2um, 107"
423 K, 2um, 103
1

stress [MPa]

0.0 0.1 0.2 0.3
strain

Figure 2-15: Parameter fitting to bulk polycrystal silver
stress-strain data at different temperatures, strain rates, and

average grain size

crystallographic texture and compressed quasi-statically. The stress-strain curves from simulations

with different combinations of the six fitted material parameters are compared to the experimental

stress-strain curves with different temperatures (298 K and 423 K), strain rates (102 st and 103 s

1y and grain sizes (2 um and 20 um). In general, the initial dislocation density was found to have

the greatest effect on the flow stress, with higher values increasing the flow stress. Decreasing the

capture radius constant or non-coplanar dislocation evolution constant was found to increase the

hardening rate. The coplanar dislocation evolution constant has minimal effect on the stress-strain

response within these temperatures, strain-rates, and grain sizes studied. Increasing the activation

energy was found to increase the flow stress at high strains. The Hall-Petch parameter affected the

relative difference in flow stresses achieved by the samples with different grain sizes. After
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running many simulations with different combinations of parameters, the values of the fitted
parameters shown in Table 2-4 were found to provide the best fit to the experimental data as shown
in Figure 2-15. The dislocation density is highlighted in Table 2-4 because the dislocation density
fitted through evaluation of the polycrystal model is typically not used in the simulations—instead,
experimentally defined functions are used to determine the dislocation density based on the grain

size (see Section 2.6.4).

2.6.3  Synthetic microstructure generation

As described above, the two main goals for the crystal plasticity simulations are to i)
compare results to experimental data, thus achieving a better understanding of the plastic
deformation of impact-induced heterogeneous nanostructures ii) explore how different parameters
defining the nanostructure, beyond what can be feasibly altered experimentally, affect the plastic
deformation response. To achieve these goals, the microstructure generation method developed
here has the capability of recreating synthetic microstructures from experimental data as well as
artificially manipulating the parameters defining the nanostructure to study structural influences
beyond those witnessed in experiments. As seen in Section 3.3, the nanostructures formed during
high-velocity impact have varied spatial distributions in grain size, dislocation density, and
orientation. Furthermore, testing of micropillars with different sample dimensions which are on
the same order as the internal feature dimensions introduces complexities that may affect the stress-
strain response and must be reproduced in the simulations. Therefore, the synthetic microstructure
generation method must be able to recreate a microstructure by accepting experimental inputs such
as a grain size distribution, maximum or minimum grain size, orientations, dislocation density,
sample shape, and sample dimensions. To expand our structure-property study beyond the

experimental results, we want to have full control over these parameters without experimental
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input if desired, as well as the ability to specify parameters which cannot be altered in our
experiments, such as the direction of the grain size gradient. In addition to all these specifications,

there must be a good method to mesh the generated microstructures.

Upon investigating the currently available software for synthetic microstructure
generation, it was determined that none of them could fully provide all the requirements outlined
above. Two of the most ubiquitous microstructure generation software, Dream3D [108] and Neper
[109], boast some fabulous microstructure generation features, but neither encompasses all the
features necessary for this project. A new method published recently [110] gets closer to fulfilling
the requirements of generating synthetic microstructures from experimental EBSD data while
having spatial control over localized features, but it is still being developed and cannot produce
meshes. While Dream3D possesses the capabilities of creating samples with different shapes and
dimensions, extracting statistical parameters from experimental EBSD data to inform the
microstructure generation, and create meshes, its main limitation in regard to this project is the
inability to spatially control the grain size distribution. A potential workaround [111] is to generate
multiple microstructure layers each with a different average grain size and then stitch them together
with a Potts grain growth model [112] to create a gradient in grain size. However, this procedure
is not trivial, so alternative microstructure generation methods were investigated. Another option
is Neper, which is an open-source software for polycrystal generation and meshing that can be run
on any Unix-like operating system. Neper allows for a high degree of user control but does not
have nice built-in features for extracting information from EBSD data to build the microstructure
like Dream3D does. However, while not directly built-in, there are options to control
microstructural features such as the orientations, grain sizes, and approximate positions, which can

be based upon EBSD data. In order to control the spatial distribution of grain sizes, a Laguerre-
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Voronoi tessellation method [113-115] can be used, in which a set of seed positions and weights
are defined which roughly correspond to the grains’ centroid positions and sizes (w; = r;?, where
w 1s the weight, and r is the radius of sphere with equivalent volume). A recent paper published
in 2019 [115] demonstrates the effectiveness of this method in controlling the spatial distribution
of grain sizes through generation of a 2D bimodal polycrystal structure. We take a similar approach
through writing a custom MATLAB code which generates a set of seed positions, weights, and
orientations that can be inputted in Neper to create a 3D microstructure with a spatial gradient in

grain size.

The seed generation algorithm was written in MATLAB, a summary of which is provided
in Figure 2-16. Orientation and grain size distribution data can be extracted from previously
analyzed TKD data (see Section 2.4.4) and used to inform the seed generation algorithm.
Alternatively, user specified orientations and a grain size function not based on experimental data
can be used. Additionally, either the maximum or minimum grain size, sample shape and
dimensions, and direction of gradient are defined as inputs to the seed generation algorithm. The
first step (Figure 2-16, step 1) is to define the sample geometry based on the inputted sample shape,
dimensions, and direction of gradient. Since the seeds are populated within a bounding box in a
grid-like fashion, a bounding box is defined which is large enough to contain the rotated volume,
with one dimension aligned along the gradient direction. Next, the gradient grain size function
(g'(s)) is defined (Figure 2-16, step 2), either through a user defined grain size function (g;(s)) or
through experimental grain size (g) vs position (s) data. If experimental data is provided, a
smoothing spline is fit to the data which defines a grain size function (g;(s)). The derivative of

the initial grain size function (dg;/ds) is the gradient grain size function (g'(s)). A synthetic grain
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size function (g, (s)) is then determined by integrating the gradient grain size function, with the

user defined maximum or minimum grain size (g,,) used to find the integration constant.

go(s) = fg’(s) ds, 9o(Sm) =Ggm (2-28)

This function is then discretized by packing seeds as close as possible along the gradient
direction, given the space needed (As) for a grain of size g,. This formulation allows us to study
microstructures with the same gradient grain size function but different extrema conditions or vice
versa. Next, the bounding box defined in step 1 is filled with seeds (Figure 2-16, step 3), with their
z coordinates determined by the discretized positions (s;) and their x and y coordinates populated
through a square array of points with spacing equal to the grain size (g, (s;)). Therefore, each seed
i has a specified position (x(i), y(i), z(i)) and grain size g(i). To make the distribution of seeds
more representative of a realistic microstructure, the seed positions are perturbed by random
increments (Ax, Ay, Az) between 0 and 75% of the radius of the grain (g (i)/2) (Figure 2-16, step
4). Penultimately, if the specified gradient direction is different than the z-direction ([001]), the
seeds positions are rotated by an angle around an axis defined through a rotation quaternion (Figure
2-16, step 5). Finally, for best tessellation generation results in Neper, extraneous seeds are
eliminated (Figure 2-16, step 6) if they are contained within the sample volume or if they are too
close to other seeds (>threshold% of equivalent spherical volume shared with other seeds). The

0]

2
> ) ) are outputted to text files, as well as

final seed positions (x,y, z) and weights (w(i) = (
orientation and dislocation density data for each seed.
Once the seeds have been defined through this algorithm, Neper’s tessellation module is

used to create the synthetic microstructure. The shape and dimensions of the sample are again used

as input for the tessellation module, as well as the generated seed position, weight, and orientation
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text files. Regularization options are also specified for tessellation, to remove small edges and

faces that can negatively affect mesh quality.
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Input

- max/min grain size - sample shape
- experimental grain size distribution data - sample dimensions
- experimental orientation distribution function - direction of gradient
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3. Fill bounding box with seeds

seed positions
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Output
- seed positions - orientations
- seed weights - dislocation density

Figure 2-16: Seed generation algorithm
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2.6.4  Incorporating dislocation density and grain size effects into the simulations

In addition to using the experimental TKD pattern to specify the grain size gradient,
minimum grain size, and orientations, we calculated the geometrically necessary dislocation
density (GND) from local misorientation data using the approach outlined in Section 2.4.4 and fit
a power law curve to data points of average dislocation density vs grain size (examples in Figure
2-17 (a-b)). This relationship between the dislocation density and grain size could be used as an
alternative to the empirically derived Hall-Petch parameter. The Hall-Petch effect is a general term
for describing the phenomenon of increasing strength with decreasing grain size. Experimental
data is typically used to quantify this effect, with little regard for the underlying nanomechanical
mechanisms controlling the size effect [116]. In a similar way, the Hall-Petch parameter for silver
was derived through fitting to experimental bulk polycrystalline data with different grain sizes
(Section 2.6.2). Instead, we investigate if the experimentally defined dislocation density
distribution can provide the same effect without relying on the empirically derived Hall-Petch

parameter.

Models are run using two methods to represent the grain size effects: i) the fitted Hall-
Petch parameter and constant initial dislocation density, or ii) the experimentally defined
dislocation density functions without the Hall-Petch parameter. Synthetic microstructures are
constructed based on the experimental data using the methods developed in Section 2.6.3.
Simulations based on the [100]-impacted microstructure and the [110]-impacted microstructure
are run, with the two methods to represent the grain size effects (Figure 2-17 (c-d)). In both the
[110] and [100] simulations, the results of method which uses the experimentally defined
dislocation density function more closely follows the experimental data compared to the method

using the fitted Hall-Petch parameter (Figure 2-17 (c-d)). These results also provide validation for
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the experimental methods developed to calculate the dislocation density distributions (Section

2.4.4).
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Figure 2-17: Using experimentally defined GND density distributions in the simulations (a-b) power law
functions fitted to experimental GND density data from [100]-impacted (a) and [110]-impacted (b) samples, (c-d)
stress-strain curves from crystal plasticity simulations of [100] samples (c) and [110] samples (d) using different

methods to implement the grain size effect.

We can also investigate how the deformed geometries from the simulations compare to the
experimental deformed geometry (Figure 2-18). Qualitatively, all simulations do a good job of
replicating the deformed geometry of the compressed micropillar from experiments (Figure 2-18

(a)). The most deformation occurs in the coarse-grained region at the top of the sample, whereas
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limited deformation occurs towards the bottom of the sample where a line of nanograins reside.
This abrupt change in grain size causes the top of the sample to bulge over the bottom. Looking at
the deformed geometries of the simulations, the second and third cases with the dislocation density
gradient exhibit very similar deformed geometries when viewed from all directions (Figure 2-18
(c)). An unsymmetric bulging occurs in the samples with a dislocation density gradient, while a
more symmetric bulging occurs in the sample with a constant dislocation density. For a more
quantitative analysis, measurements of the deformed pillar widths along the sample heights were
made from the SEM image of the compressed micropillar (Figure 2-18 (b)) and compressed
geometries of the first and third simulations (Hall-Petch vs dislocation density gradient) oriented
to most closely match the view from the SEM image. We see that the deformed geometry of the
simulation with the dislocation density gradient most closely matches the deformed geometry seen
in the SEM image (Figure 2-18 (b)). This is the second indicator that the dislocation density
gradient is a better representation of the grain size dependent plasticity as compared to the
empirically derived Hall-Petch parameter. Therefore, the experimentally derived dislocation

density functions are used instead of the Hall-Petch parameter in all simulations.
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Figure 2-18: Crystal plasticity simulations of [110]-impacted samples with analysis of different methods used
to represent the grain size effect (a) transparent SEM image of uncompressed pillar overlaid on SEM image of
compressed pillar, (b) 2D width vs height profiles of the deformed geometries of samples from experiments and
simulations, (c) undeformed and deformed geometries of the synthetic microstructures, viewed along the x, y, and z

directions.
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2.6.5 Building the models and running simulations

Neper’s mesh module is used to produce an Abaqus input file defining a mesh based on
the tessellation microstructure. Mesh generation parameters were altered, and the resultant meshes
tested for quality and performance using the crystal plasticity model. Ultimately, first order 4-node
tetrahedral elements were selected, as the model did not converge in a reasonable amount of time
(several weeks) using second order tetrahedral elements. The relative characteristic length of

elements is defined so that the resultant mesh contains ~1 million elements (+ ~300,000).

Models are built using meshes of the generated synthetic microstructures and additional
nanostructural information from the TKD scan including grain orientations and dislocation
density, defining the 36 material parameters for each element set/grain (see Section 2.6.2 for details
about parameter determination), and setting loading and boundary conditions. Motion in all three
directions is constrained for all nodes on the bottom face to prevent rigid body motion. The pillar
is compressed to a true strain of ~40% (or the engineering strain at which the corresponding
experiment was stopped at) at a strain rate of 0.01 s, like experiments (Section 2.3.3). The
displacement of each step, the final displacement and final time are calculated based on these
quantities and the initial height of the sample. The first time step and max and min time steps are
also defined, based on the convergence of the model. Since fully implicit time integration is used,
the time step is determined by the rate of convergence not element size—allowing these large
models to be run quite efficiently. An ABAQUS user subroutine (UMAT) is used to implement
the single crystal plasticity model described in Section 2.6.1. After each model is built, it is checked
using the preprocessor and only run if the mesh quality is good enough (~0.01% distorted

elements). Depending on how many cpus are used (~7-15), each simulation typically takes
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between ~1-4 days to complete, and upwards of 30 days for more complicated

microstructures/meshes.



66

Chapter 3. Improving mechanical properties
through impact-induced nanostructural
evolution of initially single crystal metals*

3.1 Introduction

The work presented in this chapter focuses on the process-structure-property relations of
initially single crystal metals that have been restructured through high-velocity impact.
Synthesized single crystal silver micro- and nanocubes and single crystal silver substrates are the
model materials used for this study (Section 2.1.1). The single crystals are deformed through
microprojectile impact testing (Section 2.3.1), and the resultant nanostructures and mechanical
properties are studied. By starting with a single crystal, any nanostructural features observed after

impact can be attributed to plastic deformation mechanisms activated through the impact

4 The work presented in this chapter is partially adapted from the following research papers:

1) R. Thevamaran, C. Griesbach, S. Yazdi, M. Ponga, H. Alimadadi, O. Lawal, S.J. Jeon, E.L. Thomas,
Dynamic martensitic phase transformation in single-crystal silver microcubes, Acta Materialia 182 (2020) 131-143

2) C. Griesbach, S.-J. Jeon, D.F. Rojas, M. Ponga, S. Yazdi, S. Pathak, N. Mara, E.L. Thomas, R. Thevamaran,
Origins of size effects in initially dislocation-free single-crystal silver micro- and nanocubes, Acta Materialia 214
(2021)

3) C. Griesbach, J. Cai, S.-J. Jeon, R. Thevamaran, Orientation-dependent plasticity mechanisms control
synergistic property improvement in dynamically deformed metals, International Journal of Plasticity (in review)

4) C. Griesbach, J. Cai, S.-J. Jeon, R. Thevamaran, Synergistic strength and toughness through impact-induced
nanostructural evolutions in metals, Extreme Mechanics Letters (in review)

5) C. Griesbach, J. Cai, R. Thevamaran, Crystallographic orientation supersedes reflective shock dynamics
during impact induced recrystallization (in preparation)

6) C. Griesbach, C. Bronkhorst, R. Thevamaran, Crystal plasticity simulations reveal cooperative plasticity
mechanisms leading to enhanced strength and toughness in gradient nanostructured metals (in preparation)
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conditions. The objectives defined in Section 1.1.1 are addressed through the carefully designed
experiments and simulations presented in this chapter. Before delving into the findings of this

research, this introduction provides contextual background for this work.

Before understanding the plasticity mechanisms governing impact-induced structural
transformations, we must understand how single crystal face-centered-cubic (fcc) samples deform
under quasi-static loading. Metals with an fcc structure readily deform by dislocation slip, through
movement of dislocations on the {111} close-packed atomic planes in the <110> directions. The
set of four {111} planes and three <110> directions constitute the twelve slip systems in fcc
crystals. A slip system is activated when a critical resolved shear stress is reached, which can be
determined through Schmid factor analysis (Appendix A.1). Slip in single crystals can be
witnessed experimentally through slip steps apparent on the sample surface, which are especially
apparent in quasi-statically compressed single crystal microsamples [40,117-133]. Small jumps in
the force-displacement curves of compressed single crystals correspond to the slip events.
Similarly, small jumps in the force-displacement curves obtained during nanoindentation testing
of single crystal substrates are called pop-ins and are associated with slip events [39,134-137]. In
both cases, the defect structure within the stressed volume can affect the mechanical response and
the stresses achieved. Nearly-dislocation-free microsamples exhibit massive strain bursts upon
yield, which are associated with spontaneous dislocation nucleation on multiple simultaneously
activated slip systems [119,121,122,125]. These samples exhibit remarkably high yield strengths
as the critical stress for dislocation nucleation must be achieved [123,138,139]. A sample size
effect on strength is witnessed in single crystal microsamples, where differing mechanisms have
been proposed to explain the size effect, depending on the initial defect content [118,125,126,140-

143]. This sample size effect is distinct from the grain size effect, termed the Hall-Petch effect,
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where decreasing the average grain size in a polycrystalline sample increases the strength of the
material until a critical grain size (~20 nm) is reached [144-146]. In polycrystalline
micromaterials, the intrinsic size effect from Hall-Petch strengthening and extrinsic sample size
effect are naturally coupled, which introduces a complexity that has not been adequately studied
yet [140]. Although the strengths achieved through testing of single crystal nanosamples or bulk
nanograined samples are remarkable, they typically come at the cost of dramatically reduced
toughness—often in the form of catastrophic failure. Coarse grained materials, on the other hand,

exhibit much lower strengths but higher toughness.

This tradeoff between strength and toughness is not limited to the context of size effects
but is a ubiquitous problem throughout most engineering materials. However, recent progress has
been made to overcome this barrier. Materials containing various forms of nanostructural
heterogeneities can exhibit non-homogeneous plastic deformation, providing an optimal
combination of strength and ductility [6]. Examples of heterogeneous nanostructures designed to
improve the strength and toughness include bimodal or harmonic structures [147], laminated or
multilayered nanostructures [148,149], bulk metallic glass composites [150], hierarchical
nanotwinned structures [151,152], and gradient nano-grained structures [153-161]. In the case of
laminated or multilayered nanostructures, each layer is selected based on the active deformation
mechanisms that will contribute positively to either the strength or toughness [148,149].
Hierarchical nanotwin structures provide increased strength with limited reduction in ductility,
because twin boundaries are effective blockers to dislocation motion across the boundary, but still

allow some plasticity to occur via dislocation glide parallel to the boundary [151,152].

A class of heterogeneous nanostructured materials called gradient nano-grained (GNG)

materials have been shown to improve strength while retaining ductility [153]. GNG metals are
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typically produced through severe plastic deformation processes such as surface mechanical
grinding treatment [162,163], shot peening [164,165], or surface mechanical attrition treatment
[154,160], in which surface grain refinement is induced on bulk samples. In several of these
methods, imparted shock waves cause pronounced dislocation nucleation near the surface, yielding
high dislocation densities on the order of 104-10'" m [164,166—169]. High dislocation densities
are needed to rapidly accommodate the large strains. During such high strain rate deformation,
dislocations organize into cellular networks forming subgrains. Upon further straining under high
strain rates, these subgrains can progressively rotate into recrystallized grains with high angle grain
boundaries [170]. Experimental evidence of the relationship between dislocation density and grain
size gradients formed through the shock wave progression is limited. Typically, a nanograined
surface layer is produced on bulk coarse grained samples which have an initial dislocation density
and complex grain structure; therefore, the dislocation and grain size distributions formed through

the shock loading process cannot be isolated and analyzed.

Mechanical testing of bulk GNG materials show improved strength with comparable
ductility to the coarse-grained samples [154,160,163-165,171]. These synergistic improvements
in strength and toughness are attributed to strain gradients that arise from mechanical
incompatibility between layers, causing back stresses which lead to strain hardening in the softer
region [154,160,164,165]. During mechanical loading of GNG materials, the coarse grains yield
first while the hard nanograined region remains elastic [153]. Geometrically necessary dislocations
must accommodate this elastic-plastic mismatch and pile-up at the boundary, producing back-
stresses in the soft domain [172]. A discrete dislocation dynamics study of GNG materials clearly
shows spikes in the dislocation density at interface regions, supporting this theory [173]. GND

pile-up at the boundary also produces forward stresses into the hard domain, which may make the
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hard domain softer [172]. Grain growth, a potential softening mechanism, has been reported in the
nanograined domains of GNG materials [162,165]. Grain growth can enhance the ductility of
nanograined materials when high dislocation densities promote cooperative grain boundary
migration and rotation [174,175]. A few studies hypothesize that the GNG structure mitigates these
mechanisms through stabilization of the nanograined region by the coarse grained core [162,176].
However, when yielding of the nanograined region eventually occurs, these intergranular plasticity
mechanisms are vital for increasing the ductility of nanograined regions. This understanding leads
us to wonder whether we could tune the extent to which intergranular and intragranular plasticity
mechanisms are active to produce optimal strength-toughness synergy. Through carefully
constructed experiments, we probe the full process-structure-property cycle of impact-induced
heterogeneous nanostructures and find that dramatic improvements in strength and toughness can
be achieved through tuning the active plasticity mechanisms which depend on the impact-

orientation dependent nanostructures.
3.2 Quasi-static deformation of silver single crystals

Developing a mechanistic understanding of the quasi-static deformation of silver single
crystals sets a foundation for studying the impact-induced nanostructures and resultant changes in
mechanical properties. Quasi-static compression tests are performed to measure the stress-strain
response of the single crystal samples—forming a basis for comparison to the impact-induced
nanostructures’ mechanical properties. In addition to measuring the mechanical response of the
single crystal samples, three foundational objectives motivate this work: develop a fundamental
understanding of (i) sample size effects on strength, (ii) dislocation nucleation mechanisms, and
(iii) the effects of FIB-induced defects. To meet these objectives, quasi-static compression tests

are performed on dislocation-free Ag microcubes (Section 2.1.1) and FIB-fabricated micropillars
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(Section 2.2.3) of varying sample size (effective diameter: ~100-2000 nm) using an in situ SEM
nanoindenter (Section 2.3.3). Additionally, transmission electron microscopy (Section 2.4.2) and
molecular statics simulations (Section 2.5.1) are used to provide insight on defect nucleation and

propagation during compression.

Since we study the mechanical response of micron sized samples, we must clearly
understand the origin of sample size effects. Sample size effects have been previously explained
through the dislocation starvation [121,126,141,177] and single-arm-source theories [118,140—
143]. However, neither of these mechanisms explain a size effect on yield strength in initially
dislocation free samples, since they rely on pre-existing mobile dislocations. While most
experiments of dislocation-free single-crystal samples reveal that there is a size effect on the yield
strength [119,121,123], it is still not well-understood what causes this size effect. Several studies
suggest that a truly defect-free single-crystal sample should yield at theoretical strength
[122,131,178]. Here, we study the dislocation nucleation mechanisms in initially dislocation-free
Ag microcubes to understand the origins of size effects. Furthermore, we investigate what effects
surface defects and FIB-induced defects have on the stress-strain response of single crystals and

resultant size effects.
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3.2.1 Quasi-static compression response of initially dislocation-free Ag microcubes

Figure 3-1 shows an example of the
quasi-static compression response of an Ag
microcube (effective diameter: D=2298
nm). The sample exhibits linear elastic
behavior up to a yield strength of ~550
MPa (point 2 in Figure 3-1(a)), which is
over 9x higher than the bulk yield strength
of Ag (obuik Ag~60 MPa [7]). The jump in
strain between points (2) and (4) on the
stress-strain  curve  (Figure  3-1(a))
corresponds to a spontaneous strain-burst
by almost 50% of its original height within
a 20 ms interval. This instantaneous strain
burst is caused by dislocation avalanches
that rapidly propagate through the crystal
and exit the sample surface, forming
surface slip steps as seen in the SEM image

(Figure 3-1(b)). Large strain bursts such as
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Figure 3-1: Quasi-static compression response of an Ag
microcube (a) stress-strain response with important features
labeled, b) semi-transparent SEM image of microcube before
compression overlaid on SEM image taken after strain burst:

notice multiple surface slip steps apparent in the deformed cube.

this are due to simultaneous activation of multiple slip systems. Under a perfect <100> loading

condition, Schmid factor analysis predicts slip is equally likely to occur on eight different slip

systems (see Appendix A.1l for details). Several of these slip systems may have been activated
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simultaneously in this sample to accommodate the massive strain burst. Additional details about

the massive strain bursts can be found in Appendix B.1.

Through performing TEM (Section 2.4.2) on FIB-prepared electron transparent lamella
(Section 2.2.4), we investigated the post-compression microstructure of a sample immediately
after the initial large strain-burst, before further compression (Figure 3-2 (a,c)). A high dislocation
content is visible in the bright-field TEM images (Figure 3-2 (d,e)). The dark contrast bands
intersecting in the sample’s interior (Figure 3-2 (d)) are avalanches of dislocations moving through
the crystal on the {111} planes. Similar bands are seen at the top left of the sample (Figure 3-2
(d)) but they seem to intersect at the top of the sample. There may have been a surface defect at
this point which created a preferential location to nucleate dislocations. The SAD obtained across
the cross-section (representative SAD in Figure 3-2 (b)) reveals that the structure remains single

crystal even after being compressed by over 20%, albeit with a high-density of dislocation loops.

D=1728 nm

005 010 015 020 0.25

Figure 3-2: Post-compression microstructure immediately after the massive strain-burst (a) SEM image of a
sample compressed until the massive strain-burst with semi-transparent image of the sample before compression
overlaid, (b) SAD pattern showing single-crystal structure was retained, (c) deformation response of the compressed
cube in (a), (d) bright-field TEM image of a cross sectional lamellae (<100 nm thick, viewed along the <100>
direction) of the compressed cube in (a) showing large dislocation density throughout sample, (e) magnified view of

the region identified in (d) showing dislocation avalanches on {111} planes.
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We performed quasi-static compression tests on 25 Ag cubes ranging in size from about
100 nm to 2000 nm. The smallest ~100 nm cubes yield at phenomenal strengths, up to a quarter of
the theoretical strength of silver loaded in the <100> direction. The massive strain bursts were not
witnessed in all samples (Figure 3-3); out of the 25 cubes tested, nine did not exhibit a massive
strain burst (see Appendix A.3 for SEM images and stress-strain curves for all samples tested).
Instead, these samples exhibit a strain hardening behavior immediately after the initial linear
elastic regime. Post-compression SEM images and in situ SEM images reveal the samples deform
through gradual slip on multiple planes in contrast to the strain-burst samples in which slips in
multiple slip systems occur simultaneously. The absence of a massive strain burst suggests
conditions were not adequate to induce simultaneous slip on multiple slip systems and parallel
planes. SEM images of samples before compression show key differences in the samples which
exhibited a strain burst and those that did not (Figure 3-3 (d,e), Appendix B.1). For example, a
pristine sample surface and sharp edges and corners are seen in the SEM image of a sample
(D=2174 nm) which exhibited a strain burst (Figure 3-3 (d)). In contrast, jagged edges are apparent
in the SEM image of a similarly sized sample which did not exhibit a strain burst (Figure 3-3 (g)).
The jagged edges could have formed during synthesis or resulted from inter-particle collisions
during vortex mixing. These findings suggest that surface and edge defects can significantly alter

the deformation response of the cube.
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Figure 3-3: Stochastic deformation nature (a) stress-strain curves of three representative samples showing a strain
burst, (b) stress-strain curves of three representative samples which did not exhibit a large strain burst, (c) semi-
transparent SEM image of nanocube (D = 466 nm) before compression overlaid on SEM image taken after strain
burst, (d) SEM image of cube which exhibited a strain burst (D = 2174 nm); cube has smooth edges and surfaces, (e)

SEM image of cube which did not exhibit a strain burst (D = 1628 nm); cube has jagged edges.

3.2.2  Effects of FIB-induced defects on the mechanical response of single crystals

To investigate the influence of potential FIB-induced defects, micropillars were fabricated
from pristine Ag microcubes and from a [100]-oriented commercially available Ag substrate.
Compression tests were performed on seventeen micropillars FIB-milled from Ag microcubes and
six micropillars FIB-milled from the [100]-oriented Ag substrate. Representative stress-strain
curves (Figure 3-4 (a)) reveal that FIB milling reduces the yield strength. Additionally, the FIB-
milled micropillars do not exhibit a massive strain burst upon yield like the pristine synthesized

cubes. However, there are many small strain bursts as evident in the jagged curve post-yield. These
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differences in the stress-strain curves suggest that defects were created as a result of the Ga* ion-
bombardment during FIB milling. Studies have shown that defects such as vacancies, interstitials,
and dislocations can be induced as a result of the ion-bombardment during FIB milling and even
when imaging with low ion doses [29,119,179]. Without the need to spontaneously nucleate
dislocations, samples exhibit lower yield strength, and the dramatic strain burst does not occur.
The average yield strength of micropillars milled from the cubes (o, = 105.9 MPa) is very similar
to the yield strength of micropillars milled from the substrate (o, = 100.3 MPa), but the standard
deviation is higher for the pillars from the cubes (cube pillars: SDao,, = 23.6 MPa, substrate pillars:
SDo, = 10.4 MPa) (Figure 3-4 (b)). These results confirm that the [100]-oriented substrate can
be compared to the Ag microcubes (w/ defects). Less variation in the mechanical response of the

substrate pillars is likely due to a more consistent defect structure.
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Figure 3-4: Effects of FIB milling on the mechanical response (a) stress-strain response of pristine single crystal
microcube compared to FIB-milled micropillars fabricated from a microcube and a [100] single crystal substrate, (b)

average and standard deviation of yield strength for pristine and FIB-fabricated [100]-loaded samples.
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3.2.3 Analysis of dislocation nucleation mechanisms through molecular statics

simulations

Through microcompression tests of Ag single crystals, we have seen that defects greatly
affect the mechanical response. To investigate the plasticity mechanisms that govern the stochastic
deformation response, we performed molecular statics (MS) simulations (Section 2.5.1) on models
of Ag cubes. Since the synthesized Ag microcubes are initially dislocation free (Section 2.1.1), the
observed stochasticity in the deformation responses of different cubes must be due to defects other
than dislocations. Therefore, we simulated cubes with a perfect face-centered-cubic atomic
structure, cubes with high vacancy concentrations (porosity), and cubes with rounded edges and
corners. We examine differences in the dislocation nucleation mechanisms and subsequent
dislocation evolution in all three cases (Figure 3-5). In the cube with a perfect fcc atomic structure,
dislocation nucleation occurs simultaneously at all eight vertices (Figure 3-5(a)). The nucleated
dislocations then propagate from each corner on two different {111} slip planes and intersect with
each other in the center of the crystal, forming sessile dislocations (Figure 3-5(a), step 7). An
evolved dislocation network reflecting the cubic symmetry of the perfect fcc structure is seen in
the later stages of deformation (Figure 3-5(a), step 44). The simultaneous dislocation nucleation
from each vertex confirms the conclusion drawn from experiments that simultaneous activation of
all eight slip systems (predicted by Schmid factor analysis) accommodates the massive strain
bursts. To try to replicate the stochastic deformation response seen in experiments, the dislocation
nucleation mechanisms of samples with large vacancy concentrations and rounded edges are also

examined.

The effect of vacancy concentration on dislocation nucleation can be observed in Figure

3-5 (b-d), where the dislocation emission in samples with no vacancies (Figure 3-5(b)) and a
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vacancy concentration of p = 0.5% (Figure 3-5(d)) are shown. In the case of the pristine sample,
the dislocations are initially emitted from the corners of the sample (mid-cross section shows
evolved dislocation structure like in Figure 3-5(a), step 44). On the other hand, when vacancies
were placed in the sample (Figure 3-5(d)), the dislocations are now nucleated randomly in the
cube. This emission is controlled by the distribution of the defect network, which breaks the
symmetry observed for the pristine case. This heterogeneous dislocation nucleation corresponds
to a reduction in the peak stresses achieved in samples with non-zero porosity (Figure 3-5(c)). This
is likely because stress concentrations develop at the vacancy sites, where the critical stress for

dislocation nucleation can be achieved at lower applied force.
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Figure 3-5: Dislocation nucleation mechanisms revealed through molecular statics simulations (a) dislocation
nucleation and propagation in a perfect cubic sample without internal defects, (b) midsection of perfect sample
showing symmetric dislocation structure, (c) stress-strain curves of samples with varying porosity (vacancy
conglomerations), (d) midsection of sample with 0.5% porosity showing unsymmetric dislocation structure, (e) sample
with rounded edges and corners showing elastic strain localization before first dislocation nucleation event, (f) stress-
strain curves of samples with varying edge roundness, (g) stacking faults in red, showing path of partial dislocations
nucleated from corners near rounded edges.

The effect of rounding the sample’s edges is also investigated through MS simulations

(Figure 3-5(e-g)). As evident through the stress-strain curves of samples with different edge
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roundness ratios (r, = R/L, = 0 — 20%), edge roundness has a detrimental effect on the peak
strength of the particles (Figure 3-5(f)). Again, the dislocation nucleation mechanisms are behind
the reduction in strength. Figure 3-5(e) shows a (110) section of a sample with r, = 20% at ~3%
strain. At this level of strain, the sample has not yet emitted any dislocations; however, there are
elastic strain localizations near the intersections between the rounded edges and flat surfaces of
the particles. These strain localizations coincide with the locations of the first dislocation
nucleation events. This can be seen in Figure 3-5(g) where four planes of atoms in stacking fault
structure are seen in red. The stacking fault planes indicate that several Shockley partial
dislocations have been emitted from these points. This dislocation nucleation mechanism explains
the observed trend of reduction in peak stress with increased edge roundness. The rounded edges
cause local atomic defects in the perfect cubic geometry comprised of an fcc atomic structure.
These surface defects are locations of strain and stress localizations, which are favorable sites for
dislocation nucleation. As more rounded edges are simply longer surface defects, it will make

dislocation nucleation easier, initiating plasticity at lower stresses and strains.

3.2.4  Origins of sample size effects

Clearly, external and internal defects affect the dislocation nucleation mechanisms, which
determine the material’s yield strength. This understanding provides insight into origins of sample
size effects. All samples tested exhibit a size effect on yield strength (Figure 3-6). Our
experimental data sets all have a similar degree of size effect (slope: exponent of (D/b)) and are
similar to values found in literature. The as-synthesized cubes (red and blue) have a slightly
stronger size effect than the FIB-fabricated pillars (teal and pink). The stochastic nature of the
“strain-burst” samples’ deformation (red) is indicated by the large scatter in data points. We also

see a less pronounced, but clear size effect in the MS data from the cubes with 15% rounded edges
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(orange). This size effect originates from the defects caused by removing the edge and corner
atoms. These MS simulations, in addition to the comparison of the cube and pillar data from

experiments, confirms that the external geometry influences the size effect.
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Figure 3-6: Size effect on yield strength: log-log plot of normalized shear yield strengths versus normalized sample
sizes; power law fits of our experimental data: Ag strain-burst (red), no-strain-burst (blue), FIB-fabricated circular
pillar (teal), and FIB-fabricated square pillar (pink) sample sets, and our MS simulations of samples with 15% edge
roundness (orange) compared to data from literature (modeled Ag nanoparticles [138] (black), compilation of fcc

micropillars [180] (green)).

While the size effects (slopes) of the experimental data sets are similar (Figure 3-6), the
intercept of the fitted curves vary along the y-axis—demonstrating that each sample set achieves
different strengths across sample sizes. For example, the FIB-fabricated pillars (teal and pink)
yield at strengths consistently lower than those of the as-synthesized cubic samples without FIB
exposure (both those that exhibited strain bursts and those that did not). We attribute the lower

strength to a higher initial defect content, whether that be FIB-induced dislocations or Ga*
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implantation. This is consistent with the trend that the higher the initial defects, the lower the yield
strength is: the MD simulations of Ag nanoparticles [138] and our MS simulations of Ag
nanocubes show the highest yield strengths since they are free of any internal defects. Feruz and
Mordehai explain that the size effect seen in their MD simulations is due to the faceted particle
shape, which elicits differing stress gradients depending on the particle size [138]. We were also
able to produce a size effect in our MS simulations by rounding the cube edges, which creates
atomic-level surface defects of lengths proportional to the sample size. Our Ag microcubes which
exhibited a large strain burst yield at slightly lower strength, followed by the cubes which did not
exhibit a strain burst, which had more initial surface defects. Lastly, the Ag micropillars yield at
even lower strengths since the FIB fabrication process introduces more defects from Ga* ion
bombardment. These results show that slight differences in the initial defect structure have an

immense influence on the mechanical performance of the material.

We also considered how slight differences in the initial defect structure could influence the size
effect. Particularly, because our as-synthesized cubes are initially dislocation-free but still exhibit
a size effect, we investigated what defects (other than dislocations) could be contributing to the
size effect. The samples which exhibited a strain-burst are initially dislocation free as shown in the
HRTEM image in Figure 2-1. Without any preexisting dislocations, the observed size effect on
yield strength must be due to differing dislocation nucleation mechanisms. Dislocations can be
nucleated homogeneously or heterogeneously [181]. Heterogeneous nucleation is favored as it
requires much lower levels of stress than homogeneous nucleation [122]. Dislocations are
nucleated heterogeneously at areas of high stress concentration [121,122,133,138,139,181]. If the
stress state is perfectly uniform—free of any stress concentrations—homogenous nucleation at the

theoretical stress may occur; however, this is generally not experimentally achievable. More
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commonly, heterogenous nucleation occurs, driven by factors that disrupt the perfect cubic
symmetry and elicit stress or strain concentrations. We have investigated several of these potential
factors in this work, including the external defects such as surface asperities and edge roundedness,

and internal defects such as vacancy conglomerations.

External defects such as surface asperities or rounded edges can cause stress and strain
concentrations to develop at localized regions and at the sample-indenter interface, initiating early
dislocation nucleation at these locations. Larger cubes may have a greater probability of surface
defects, which has been used to describe the size effect in terms of a weakest-link model through
Weibull statistics [119,142,143]. We have also investigated the effects of external geometry and
edge roundness on the size effect, both through MS simulations and experiments. In experiments,
the larger cubes have sharper edges and corners than the smallest 100 nm cubes (r, = 2.3% for
microcubes, r, = 13.8% for 100nm cubes). Since the smallest cubes yielded at higher strengths
than the larger cubes (defining the size effect), this may suggest that rounder edges correlate with
dislocation nucleation at higher stresses. However, MS simulations reveal that rounding the cube
edges and corners will actually have a detrimental effect on the strength, since rounded edges break
the perfect cubic symmetry at the atomic scale and create strain localizations where the rounded
edge meet the cube faces—prime locations for dislocation nucleation. With this understanding, we
can conclude that the edge roundness ratio (r, = R/L,) may not be as important as the actual edge
radius size (R), as the disruption of the perfect cubic atomic structure is what creates the local

strain concentrations, initiating dislocation nucleation at the rounded edges.

In addition to external defects, internal defects can also break the perfect cubic symmetry
and influence dislocation nucleation mechanisms. The MS simulations of cubes with varying

vacancy concentrations reveal that vacancy conglomerations have a strong detrimental effect on
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the strength since dislocations are preferentially nucleated at the stress concentrations near the
voids. Combining the effects of vacancy concentration and edge roundness, the vacancy
concentration has greater control over nanocrystal plasticity than edge roundness—illuminating
the coupled effects of external and internal atomic-level symmetry breakers. Additional studies
into the vacancy concentrations or void generations resulting from a seed-mediated growth

synthesis method could provide further validation.

Through quasi-static compression of single crystal Ag microsamples, we have gained a
mechanistic understanding of the origins of sample size effects and the influence of defects on
heterogeneous dislocation nucleation. Sample size effects are attributed to various internal and
external defects, which break the perfect cubic crystal structure and initiate heterogeneous
dislocation nucleation at lower stresses: smaller samples have a lower probability of containing
such defects. This study provides a foundation for studying the process-structure-property relations

of dynamically deformed single crystals.
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3.3 Impact-induced nanostructural evolution of single crystals

With a foundational understanding of the quasi-static deformation mechanisms of single
crystal silver, we study the distinct plasticity mechanisms that arise during ultra-high strain rate
deformation (~108 s). High strain rate deformation is used in various material processing methods
to induce dramatic nano and microstructural changes. Extensive structural changes can arise
through mechanistic pathways such as dynamic recrystallization and martensitic phase
transformations. We can use these mechanistic pathways to produce desired nanostructures if we
understand the favorable conditions to active such mechanisms. Clearly correlating processing
conditions to the resultant nanostructures is possible by studying the impact-induced structural
changes of initially singe crystals. The work presented in this section provides a fundamental
understanding of the influence of three processing conditions—the strain-rate, crystal orientation,

and reflective shock dynamics—on the nanostructural evolution of single crystal silver.

To achieve this understanding, complementary sets of experiments and molecular
dynamics simulations were performed. High strain rate deformation of Ag microcubes (Section
2.1.1) is studied through high velocity impact of microcubes onto a rigid target using the LIPIT
apparatus (Section 2.3.1) and post-impact nanostructural characterization using TEM (Section
2.4.2) or TKD (Section 2.4.4). Nanostructural characterization is performed on electron
transparent lamellae (Section 2.2.4) FIB-milled from cross sections of cubes impacted on their
faces ([100] crystal orientation), edges ([110] crystal orientation) and corners ([111] crystal
orientation). These three orientations are studied throughout this work to investigate the effect of
crystal orientation on the process-structure-property relations of impact-induced nanostructured
metals. MD simulations of Ag nanocubes impacted along the [100] and [110] directions are

performed to investigate the nanostructural evolution and corresponding temporal and spatial
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distributions of stress and temperature during impact (Section 2.5.2). Additionally, to investigate
how free surfaces play a role in the impact-induced nanostructural evolution, we perform similar
experiments on single crystal Ag substrates with [100], [110], and [111] surface normal directions
(Section 2.1.1) impacted with rigid spherical projectiles using the LIPIT apparatus. Electron
transparent lamellae are extracted from the regions under the impact craters (along a particular

direction of interest) and TKD is performed to characterize the deformed nanostructures.
3.3.1 High strain rate deformation of initially single crystal Ag microcubes

Using our custom built LIPIT apparatus, we launch single crystal Ag microcubes at ~400
m/s. Upon hitting a rigid Si substrate at supersonic velocity, the Ag microcube dynamically
deforms at strain rates on the order of 108s™%. At ten orders of magnitude higher strain rate than the
quasi-static compression strain rate (102s1), we can investigate what effect dramatically different
strain rates have on the plastic deformation. Microcubes impacted on their faces are selected for
comparison to the quasi-statically compressed cubes, since the loading direction with respect to
the crystallographic orientation ([100]) is the same. Differences in the plastic deformation due to
strain rate are immediately apparent in the external deformed geometries (Figure 3-7). The quasi-
statically compressed cube shows more uniform deformation along the sample height (Figure 3-7
(@)), while the impacted cube shows more outward material flow near the impact plane than on top
(Figure 3-7 (c))—indicating a strain gradient emerges during impact-induced deformation. This
distinction is a direct result of the differing strain rates resulting in varying stress states. At a strain
rate of 0.01 s, inertial effects can be neglected, and the entire body uniformly deforms under the
uniaxial compressive loading (the bulging observed in the mid region at large strain is due to the
frictional restraints by the indenter and the substrate, though it is minimized by the thin PVVP layer).

Since the synthesized microcubes are initially dislocation free, uniform uniaxial loading induces
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spontaneous dislocation nucleation from both the top and bottom surfaces. The surface slip steps
on parallel {111} crystallographic planes reveal pronounced dislocation slip events which
accommodate the plastic deformation throughout the sample. In contrast, at the high strain rate
(108 s1) achieved during impact, a shock wave develops at the bottom of the sample (near the
impact plane) and propagates towards the top region of the cube. This results in dislocations being
initially nucleated from only the bottom surface. The propagation of the impact-induced shock
wave results in gradient plastic deformation of the sample, producing the deformed shape in Figure

3-7 (c).

quasi-static (102 s™) dynamic (~10% s™)

Figure 3-7: Distinct deformed geometries depending on strain rate: SEM images of (a) Ag microcube deformed

under quasi-static loading, (b) undeformed Ag microcube, and (c) Ag microcube deformed under dynamic loading.
TEM analysis of the quasi-statically compressed microcubes revealed that although
significant dislocation plasticity occurred during compression, the compressed cube remained single
crystal. At high strain rates, the dynamic stress state may initiate additional plastic deformation
mechanisms which significantly alter the crystal structure of the cube. To investigate potential impact-
induced nanostructural changes, an Ag microcube impacted along the [100] direction (face impact)
was cross sectioned and thinned to electron transparency for subsequent TEM analysis within 24
hours after impact. Stitched bright field TEM images reveal a highly disordered nanostructure (Figure
3-8 (a)). Selected area diffraction (SAD) patterns were taken at the positions indicated by circles in

Figure 3-8 (a). The SAD patterns in Figure 3-8 (b—d) are not consistent with a face-centered-cubic
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(fcc) crystal structure. Additionally, streaks and multiple symmetric spot patterns of varying
intensities reveal a nanocrystalline structure (multiple grains were probed within the small area of the
aperture). Instead of an fcc structure, the SAD patterns exhibit an hcp crystal structure (Figure 3-8
(b-d)). Each diffraction pattern was examined with several different zone axes of the 2H (Figure
3-8(g)) and 4H (Figure 3-8(h)) polytypes to find the best fit. We performed detailed error analysis to
determine the most probable polytype and zone axis for each pattern (Appendix B.2). Overall, 4H

was consistently a better fit for all SAD patterns.
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Figure 3-8: Phase transformation in [100]-impacted Ag microcube (a) TEM image of a thin lamella obtained from
the middle section of the impacted sample within 24 hours from impact, (b-d) SAD patterns seen at the location
indicated as ‘b’ (hcp zone axis: [10 2 8 3]), ‘¢’ (hcp zone axis: [2 19 17 3]), and ‘d’ (hep grain 1 (indicated in white)
zone axis: [1 3 4 4], hcp grain 2 (indicated in yellow) zone axis: [10 2 8 3]) in d showing diffraction from hcp grains;
diffraction from two of the multiple adjacent hcp grains are indexed in white and yellow in d, (e) dark field TEM
image corresponding to [1 1 0 4] diffraction spot indicated as ‘e’ in d, showing hcp grains as small as 10 nm, (f)
intensity peak curves of compiled diffraction data from two samples with 4H and FCC peaks from the database
overlaid, (g-i) illustrations of the close-packed planes of Ag in 2H (g), 4H (h), and fcc (i) phases; insets show unit

cells of respective phases (blue, purple, and green colors indicate the atoms that belong to A, B, and C stacking planes,
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respectively). (j) SAD pattern obtained after further ion-beam thinning showing the characteristics of reverted fcc

grains.

Since the hcp grain orientations were not primarily in low-order zone axes, we additionally
performed diffraction peak analysis and compared our data to diffraction peak data of various Ag
polytypes from the American Mineralogist Crystal Structure Database. The benefit of this method is
that it does not rely on the determination of a zone axis or an indexed pattern from the software and
the data is extracted directly from the diffraction pattern. The intensity curve for each diffraction

pattern is calculated by integrating the intensities over 6=0 to 2xt for each distance d from the zone
axis spot: I(d) = fozn 1(d,0)d6. Intensities are normalized by the maximum intensity and then the

data from all diffraction patterns are averaged together to create the intensity curve for one sample.
Figure 3-8(f) shows diffraction data compiled from two different samples with intensity peaks for fcc
and 4H Ag-polytypes overlaid. Sample-1 and Sample-2 intensity plots are averages of 21 and 51 SAD
patterns obtained at various locations on the TEM lamellae, respectively. Each sample has a different
range of d-spacings, likely due to different diffraction conditions. The peaks of Sample-2 are much
more distinct due to consistency between individual diffraction patterns. Sample-1, on the other hand,
has very broad peaks since the individual diffraction patterns have varied peak positions and
intensities. This can be attributed to a larger degree of micro-strain or various different polytypes
being present in the sample. Several peaks in each sample correspond to 4H peaks, while only one
peak in Sample-1 at around 8.12 nm™ shows closer agreement with 3C. This suggests most of the
sample has transformed to 4H while a small amount of fcc phase may still be present. Differences in
our diffraction data compared to the intensity peaks from the database are potentially due to the
different diffraction method used; data from the American Mineralogist Crystal Structure Database is
obtained via x-ray diffraction while our data was obtained using TEM diffraction for which artifacts

such as double diffraction are possible.
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Our detailed analysis reveals the presence of an hcp phase in [100] impacted samples, most
likely of a 4H structure containing ABCB stacking sequence. This suggests that a martensitic dynamic
phase transformation must have occurred due to impact, transforming the fcc crystal structure to an
hcp structure in the nanosecond timescale. Upon further thinning of the same sample to less than 50
nm using FIB, we observe that the SAD patterns (Figure 3-8(j)) now represent the characteristics of
an fcc structure. This suggests a secondary phase transformation that transforms the 4H phase back
to an fcc (3C) structure can occur due to stress-relaxation [182] in a thinned sample that has undergone
significant exposure to ion beam and electron beam radiation [18]. We have investigated the relative
stability of the hcp polytypes and found that within a few days after impact, the metastable hcp phase

transforms back to the fcc phase through continuous recrystallization [49].

We also created an MD simulation (Section 2.5.2) of a [100]-impacted nanocube which
allows us to track the temporal evolution of the atomic structure (Figure 3-9(a)). We investigate the
deformation nano- and atomic-structures of the sample using the local atomic structure calculated by
the common neighbor analysis (CNA) algorithm implemented in OVITO [183]. Initially (0 ps), ~97%
of atoms are in the fcc crystal structure while ~3% are found to be of other crystal symmetries, which
primarily includes the surface atoms all around the nanocube. After impact, the local structure
significantly changes as a function of time. At 4 ps, 92% of the atoms are in fcc structure while 1.4%
are in body-centered-cubic (bcc) structure and 5.6% are in other crystal structures. This change is due
to the shock wave propagation in the sample that generates lattice distortion and eventually results in
plastic deformation. At 34 ps, the sample contains only 62.5% of fcc atoms while 19.4% of the atoms
have transformed into a new hcp phase (remainder in: bcc ~2.6%, other ~14.7%). The hcp phase
forms due to high emission of partial dislocations that form stacking faults. Large regions of hcp phase

form in the sample as the deformation progresses (hcp regions are shown in red in Figure 3-9(b)).
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Closer examination of the large hcp regions that have formed due to impact (Figure 3-9(b) inset)
shows a stacking sequence of 2H polytype (stacking sequence AB, lattice constants a = 0.283 nm and
¢ =0.638 nm) rather than 4H polytype (stacking sequence ABCB, lattice constants a = 0.288 nhm, ¢ =
1.0 nm) as found from the experimental SAD patterns. After 51 ps, the percentage of hcp phase
reaches steady state. However, other types of atoms dynamically recrystallize into an fcc structure.

The final sample at 500 ps contains 69.9% fcc phase, 14.0% hcp phase, 0.8% bcc phase, and 15.2%

in other phases.
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Figure 3-9: Structural evolution of [100]-impacted cube found in MD simulations (a) relative amount of various
phases present as a function of time in the [100] impacted Ag nanocube, (b) (001) mid-section of the sample showing
large regions with the new hcp (2H) phase; inset shows the magnified view of the stacking sequence where the red
and green indicate atoms in hcp and fcc phases, respectively, (¢) the von Mises equivalent stress and hydrostatic stress
as a function of time, (d) nanostructural evolution of the [100] impacted Ag nanocube as a function of time.
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To determine how the fcc to hcp phase transition occurs in [100] impacted samples, we
examined the atomic-structure evolution and stress-time histories provided by the MD simulations
(Figure 3-9(c-d)). As the sample impacts the rigid target in the [100] orientation, an elastic shock
wave develops and propagates through the sample. The oscillatory behaviour apparent in the
hydrostatic stress curve (Figure 3-9(c)) is characteristic of shock wave propagation and interaction
with the sample surface. The period of this fluctuation is between 26 to 32 ps, which is very close to
the time the elastic shock wave takes to travel twice the length of the ~65.5 nm sized nanocube sample.
On the other hand, the von Mises equivalent stress (Figure 3-9(c)) initially increases higher than 1.3
GPa in a very short time (~10 ps) and remains higher than 1 GPa for around ~80 ps. The von Mises
equivalent stress then gradually reaches zero as the kinetic energy due to the impact velocity is

converted to plastic work.

The shock wave which propagates between the sample’s surfaces is the key driving force for
creating stacking faults which lead to the martensitic phase transformation. Avalanches of partial
dislocations are nucleated at the bottom lateral edges of the sample (Figure 3-9(d); t=10 ps) and
propagate on {111} planes along <110> directions, forming large stacking faults. Shortly after impact,
dislocations interact in the mid-region of the sample leading to phase-transformation, formation and
rotation of new grains, and dynamic recrystallization of the grains (Figure 3-9(d); t=20 ps). Once the
compressive shock wave reaches the top free surface of the sample, it reflects back as a tensile wave
with additional dislocations nucleated from the top free surface (Figure 3-9(d); t=40 ps). During this
period, the dislocations multiply in the bottom and middle impacted regions of the samples, leading
to large hcp regions (indicated by red atoms in Figure 3-9 (b)). After 80 ps (Figure 3-9(d); t=80 ps)
the microstructural changes slow and the microstructure remains approximately the same at future

time steps.
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To experimentally investigate the dynamic recrystallization and dislocation nucleation
mechanisms, we performed transmission Kikuchi diffraction (TKD) on a [100]-impacted sample
two days after impact (Figure 3-10). Both fcc and hcp crystallographic information files were read
in for indexing, but the Kikuchi patterns were automatically indexed as fcc, revealing that at this
point in time after impact, the metastable hcp phase has fully relaxed back to an fcc structure [49].
This [100]-impacted sample underwent extensive recrystallization as seen in the TKD orientation
map (Figure 3-10 (a)). The most recrystallization occurs near the impact plane (bottom of the
sample), with the grain size progressively increasing with the distance away from the impact plane.
To quantify the nanostructural changes across the sample height, we calculated the average grain
size (djine avg) and average dislocation density (pjine avg) at €ach point (pixel) in the vertical
direction (Figure 3-10 (c)). The gradient in grain size is clearly shown in the line profile of average
grain size vs distance from impact plane (Figure 3-10 (c), black left axis). Also notice the smooth
transitions among various colors in Figure 3-10 (), indicating gradual changes in orientation. Even
the largest grains identified contain a gradient of colors which correspond to subgrain boundaries.
This myriad of orientations is reflected in the pole figures (Figure 3-10 (e)), in which limited
texture emerges with smooth transitions between orientations. The impact-induced
recrystallization produces these orientation changes from the original perfect (100) crystal

orientation (Figure 3-10 (d)).
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Figure 3-10: Nanostructure of impacted microcubes (a) orientation map from TKD analysis showing the GNG
structure, (b) GND density map from TKD, (c) line profiles of average dislocation density and average grain size as
functions of the distance from impact plane, (d) perfect (100) texture representative of an undeformed cube’s crystal

structure, () orientation data shown in (a) plotted on (100), (110), and (111) pole figures.

A map of the GND density throughout the sample is shown in Figure 3-10 (b). When
comparing the dislocation density map (Figure 3-10 (b)) to the corresponding orientation map
(Figure 3-10 (a)), we observe that regions of high GND density correlate with the gradual
orientation changes seen within grains. Looking at the distribution of average dislocation density
along the sample height (Figure 3-10 (c), blue right axis), a gradient in dislocation density is
apparent with the highest dislocation density near the impact plane which progressively decreases
with increasing distance away from the impact plane. This is the opposite trend compared to the
grain size gradient, where the grain size increases moving away from the impact plane. These

observations reveal that in the [100]-impacted samples, the dislocation density increases with
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decreasing grain size. The shock dynamics and evolving stress state within the impacted cube lead
to these dislocation and grain size gradients: since plasticity initiates in the bottom of the cube
where it impacts the substrate, the plastic deformation gradient naturally follows the progression

of the shock wave whose strength attenuates as it propagates [36,49,168,184].

3.3.2 Impact-orientation dependent nanostructural evolution

To investigate the effects of impact orientation on the resultant nanostructures, we perform
nanostructural characterization on samples impacted along their [100]-face, [110]-edge, and [111]-
corner orientations. Since subsequent microcompression tests are performed on pillars FIB-
fabricated from the impacted cubes, pillars are formed prior to fabrication of the electron
transparent lamellae so that representative nanostructures of undeformed pillars can be
characterized. Nanostructural characterizations of these undeformed pillars are also used as input
for crystal plasticity simulations. The nanostructures of pillars fabricated from [100], [110], and
[111] impacted microcubes are shown in Figure 3-11. The pillars were formed from the center of
the impacted cubes as indicated by the blue circles in SEM image insets of Figure 3-11, and
lamellae formed from the cross-sections identified by yellow lines. The grain maps colored by
crystal orientation reveal distinct nanostructural evolutions depending on the crystal orientation
upon impact. The [100]-face impacted sample (Figure 3-11(a)) exhibits extensive grain
refinement. In contrast, only limited grain refinement occurs in the [110]-edge (Figure 3-11 (b))
and [111]-corner (Figure 3-11 (c)) impacted samples, and the nanograins are primarily localized
near the impact surface. The largest grain in the [110]-impacted sample remains in the original
(110) orientation; however, contrast changes in the orientation color map within large grains
suggest the formation of subgrain boundaries (Figure 3-11 (b)). Similarly, the [111] impacted

sample exhibits most of the grain refinement closest to the impact plane (Figure 3-11 (c)); whereas,
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the top of the pillar is split into two large grains, with a few nanograins and geometrically necessary
dislocations accommodating the drastic shift in orientation between the grains. Orientation
changes within large grains are clearly accommodated through GND density networks—denoting
subgrain boundaries. These subgrains may have formed into distinct grains upon further extreme
strain rate deformation. Formation and rotation of subgrains under high strain or strain rate loading
are precursors to grain formation; this recrystallization mechanism—termed progressive subgrain

misorientation (PRiSM) recrystallization—has been observed in adiabatic shear bands [185].
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Figure 3-11: Nanostructural characterization of uncompressed pillars formed from (a) [100], (b) [110], and (c)
[111] impacted microcubes—each panel showing (from left to right): (i) SEM images of the impacted microcubes
with locations of the pillars denoted by blue circles and lamella orientations denoted by yellow line, (ii) TKD
orientation maps, (iii) grain size and GND density distributions, (iv) GND density maps.
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The plots in Figure 3-11 show the relationship between grain size and GND density as a
function of the distance away from the impact plane. Inversely correlated grain size and dislocation
gradients result from the high-strain rate plastic deformation induced through impact. As shown
through simulations, dislocation nucleation and gradients in dislocation density result from shock
wave progression and attenuation: shock-induced dislocation densities are dependent on the strain
rate, crystal orientation, and resultant stress and temperature distributions [49,166,168,184]. Our
experiments clearly show that the crystal orientation upon impact influences the impact-induced
dislocation densities and recrystallization: sustained grain refinement and high GND densities are
produced across the pillar height in the [100]-face impacted sample, while in the [110]-edge and
[111]-corner impacted samples, high GND densities and grain refinement are primarily confined
to the bottom ~250-400 nm, near the impact plane. Spikes in average GND density accompany
the transition between the recrystallized nanograined region and coarse-grained region, revealing
that GNDs accommodate the strain gradient between hard nanograined regions and softer coarse-
grained regions. Additionally, local peaks in the GND density correspond to local minimums in

the grain size (i.e. at ~900 nm in Figure 3-11 (c) plot).

Since the [110]-impacted sample’s nanostructure was found to be the most different
compared to the [100] sample, we performed additional TEM analysis and MD simulations on
representative [110]-impacted samples. Unlike the [100] impacted sample, in which an hcp phase
transformation occurs during impact (Section 3.3.1), the experimental results and simulations show
that an hcp phase transformation does not occur in [110] impacted samples. Selected area diffraction
(SAD) patterns taken at different areas within the lamella all show an fcc structure (Figure 3-12(a-
e)). The SAD patterns in Figure 3-12(a-b) show distinct spots in an fcc structure, revealing that the

top region of the sample contains large crystalline fcc regions. In contrast, the SAD pattern taken
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from the bottom left of the sample (Figure 3-12(d)) shows diffuse spots forming rings, indicating
this region consists of a nanocrystalline fcc structure. These findings are consistent with the TKD
results of the [110]-impacted sample (Figure 3-11 (b)). The MD simulation of an impacted [110]
nanocube confirms that a phase transformation does not occur (Figure 3-12(f-g)). The small
percentage of atoms in an hcp structure correspond to stacking fault defects emitted between
Shockley partial dislocations (Figure 3-12(g), inset) and does not reflect a large hcp phased domain
as in the [100] impacted sample (Figure 3-9). However, the large percentage of atoms in the “other”
phase corresponds to amorphous regions near the bottom of the sample which were formed due to

melting.
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Figure 3-12: No phase transformation in [110] impacted sample (a-d) SAD patterns obtained at various locations
as indicated in (e) showing single crystalline pattern at the top and middle regions and highly nanocrystalline pattern
and amorphous Ag (diffused rings) at the bottom edge regions, (€) TEM image of a thin lamella obtained from the
middle section of the impacted sample within 24 h from impact, (f) relative amount of various phases present as a
function of time for the [110] impacted Ag nanocube as determined through MD simulations, (g) (001) mid-section

of the sample with no hcp regions; inset shows the magnified view of small stacking faults.
To investigate why a phase transformation occurs in the [100] case but not in the [110]
case and why melting appears to occur in the [110] case but not the [100] case, we look at the

evolution of stress and temperature throughout the samples and compare these to the nanostructural
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changes taking place (Figure 3-13). A key distinction between the [110] and the [100] impacted
samples is that the hydrostatic stress is always negative during [110] impact (Figure 3-13(f)) with
few oscillations, while a highly oscillatory hydrostatic stress state develops in the [100]-impacted
sample, with a large initial magnitude which decays with time (Figure 3-13(b)). As discussed in
Section 3.3.1, this oscillatory behaviour is indicative of shock wave propagation and interaction with
the sample surface. Shock wave propagation and reflection are necessary for the hcp phase
transformation and grain refinement that occurs in the [100] sample (Figure 3-13(a)). Because these
qualities are lacking in the stress-state of the [110]-impacted sample, a phase transformation and
extensive recrystallization do not occur (Figure 3-13(e)). The von Mises stress and stress triaxiality
in the [110]-impacted sample indicate why the sustained shock and large hydrostatic stress state
does not occur in the [100] sample. The von Mises stress in the [110]-impacted sample (Figure
3-13(f)) immediately increases upon impact, reaching values of ~0.9 GPa. Such a large value is
mainly achieved by the relatively large normal stress in the impact direction (first diagonal
component of the stress tensor) as compared to the two other components of the stress tensor. This
is an indication that the stress is primarily uniaxial. The stress triaxiality shown in (Figure 3-13(Q))
also suggests that the large hydrostatic stress state does not develop in the [110] impacted sample.
Initially, the stress triaxiality increases very quickly, and then decays and stabilizes after 10 ps.
The initial peak is due to almost zero shear stresses for the first 50 ps which coincides with melting
in a portion of the atoms in the simulation cell. The shear stresses build-up after 60 ps where
several dislocations can be seen in the sample. After 10 ps, while some fluctuations of the
magnitude of the stress triaxiality are seen, the absolute values of the stress triaxiality are around

+0.6, which is considerably smaller than in the [100] case (Figure 3-13(c)).
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The presence of melting in the [110] sample can be confirmed by examining the space-
time temperature profile (Figure 3-13(h)). Regions near the impact plane reach temperatures over
2600 K, which is well above the melting point of Ag (~1230 K). The heat is mainly concentrated
near the impacted area while the rest of the sample remains at a much lower temperature. These
extremely high localized temperatures are not achieved in the [100] sample (Figure 3-13(d)),

confirming that melting does not occur in this case.
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Figure 3-13: Nanostructural evolution of [100] and [110] impacted nanocubes (a) nanostrucural evolution of the
[100] impacted Ag nanocube as a function of time, (b) von Mises and hydrostatic stress as a function of time in the
[100] impacted nanocube, (c) stress triaxiality as a function of time in the [100] impacted nanocube, (d) temperature
distribution in the [100] impacted nanocube as a function of position from the impact plane and time, (e) nanostrucural
evolution of the [110] impacted Ag nanocube as a function of time, (b) von Mises and hydrostatic stress as a function
of time in the [110] impacted nanocube, (c) stress triaxiality as a function of time in the [110] impacted nanocube, (d)

temperature distribution in the [110] impacted nanocube as a function of position from the impact plane and time.
Our experiments and complementary MD simulations show clear orientation-dependent

differences in the resultant impact-induced nanostructures. Although all three samples show
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inversely correlated grain size and GND density gradients due to impact-induced shock wave
progression, interactions, and attenuation, the extent of dynamic recrystallization differs
depending on the impact orientation. The crystal orientation or cube orientation may be the
predominant factor governing recrystallization: either (i) the internal crystal orientation along the
impact direction is the predominant factor which enables favorable defect nucleation that
influences the plastic deformation, or (ii) the orientation of the external geometry upon impact (ie.
edge, corner, or face impact of the cube) significantly alters the imposed stress state and resultant
nanostructure. In this system, the orientation of the cube and crystal orientation cannot be
decoupled because of the single-crystal growth mechanisms; however, they can be decoupled
through MD simulations. Our collaborators have shown that both appear to influence the extent of
recrystallization, but impacted samples oriented along the [100] crystal direction always exhibit
the largest degree of recrystallization, regardless of the particle orientation [168]. This is likely
due to the high number of simultaneously activated slip systems, promoting dislocation plasticity.
Since the crystal orientation seems to be the predominant factor affecting dynamic
recrystallization, the resultant nanostructures of these impacted microcubes are mainly crystal-

orientation dependent, rather than particle shape dependent.

3.3.3  Effect of loading conditions on dislocation nucleation and recrystallization

The detailed experimental analysis and MD simulations presented in the previous section
revealed that defect nucleation and interaction leading to recrystallization are dependent on shock
wave propagation, attenuation, and reflection in the impacted Ag microcubes. The shock dynamics
and stress state are dependent on the impact orientation: the oscillatory hydrostatic stress state that
develops during impact of [100]-face oriented microcubes is necessary for significant

nanostructural changes to occur. This stress state is absent in the [110]-edge impacted microcubes,
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where extensive recrystallization and phase transformations do not occur. With this understanding,
we now wonder whether shock wave reflection leading to the oscillatory stress state is necessary
for dynamic recrystallization or if the crystallographic orientation primarily governs the

recrystallization mechanisms.
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Figure 3-14: LIPIT on single crystal Ag cubes and substrates (a) Schematic of the high-velocity impact of an Ag
microcube onto a rigid target in the LIPIT; SEM images of [100]-face, [110]-edge, and [111]-corner impacted cubes,
(b) Schematic of the high-velocity impact of rigid spherical projectile onto a deformable single crystal Ag substrate

with the LIPIT; SEM images of impact craters on Ag substrates with [100], [110], and [111] surface normal directions.

Without nearby free surfaces to reflect the impact-induced shock wave, the shock wave
will continue to propagate and attenuate in the impact direction. Such a condition can be
experimentally achieved through high-velocity impact of rigid spherical microprojectiles onto a
deformable substrate. The microprojectile size (~9 um) is significantly smaller than the substrate
thickness (~500 pm) to ensure dissipation of the shock wave well before reaching the bottom
surface. We perform microprojectile impact tests on single crystal Ag substrates, with surface
normal directions of [100], [110], and [111]. Studying these three orientations in both the impacted

microcubes and impacted substrates allows for clear determination of whether the reflective shock
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dynamics or crystallographic orientation primarily governs the dynamic recrystallization.
Consistent with studies of quasi-static indentation on single crystal metals [186-190], pile-up
patterns with symmetries reflecting the internal symmetry of the crystal lattice are visible in the
SEM images of the impact craters (Figure 3-14 (b)). Even though the impact projectile is spherical,
a square shaped indent is seen in the top view SEM image of an impact crater on the [100] Ag
substrate (Figure 3-14 (b)). Material piles up along the <110> directions, creating a 4-fold
symmetry pile-up pattern which reflects the internal 4-fold cubic symmetry of the Ag crystal when
viewed along the <100> direction. Similarly, a 2-fold symmetry pile-up pattern is visible when
looking at the SEM images of an impact crater on the [110] Ag substrate, which reflects the crystal
symmetry when viewed along the <110> direction (Figure 3-14 (b)). Finally, 6-fold symmetry is
apparent from the top view SEM image of the [111] impacted substrate (Figure 3-14 (b)). The
four-, two-, and six-fold symmetries are also apparent in the top view SEM images of the [100],

[110], and [111] impacted microcubes (Figure 3-14 (a)).

To compare the impact-induced nanostructural evolution of Ag substrates to the previous
characterization we have done on impacted Ag microcubes, we formed electron transparent
lamella from beneath the impact craters and performed transmission Kikuchi diffraction (TKD) to
capture the crystallographic information at spatial resolutions as low as 10 nm. From the TKD
scans taken below the impact craters (Figure 3-15), we see distinct differences between the three
substrates of different orientations. The impacted [100] Ag substrate shows an extensive amount
of grain refinement, with a collection of the smallest (~100 nm) grains located ~2 um below the
crater surface (Figure 3-15 (a)). Sharp orientation changes denote clear grain boundaries. In
contrast, the [110] substrate does not undergo extensive recrystallization to form distinct grains

(Figure 3-15 (b)). However, there is a gradual and continuous change from a ~(100) orientation on
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the left side of the crater to a ~(111) orientation on the right side of the crater (Figure 3-15 (b)).
This suggests that some lattice rotation occurs due to impact, but not enough to form distinct
recrystallized grains. The [111] substrate exhibits minimal grain refinement near the crater surface

and gradual orientation changes throughout the remaining influence zone (Figure 3-15 (c)).

[100] substrate, v=368 m/s [110] substrate, v=331 m/s [111] substrate, v=346 m/s

[

[001] [011]

Figure 3-15: TKD scans beneath impact craters (a-c) TKD orientation maps taken beneath the impact craters on a
[100] impacted substrate (a), a [110] impacted Ag substrate (b), and a [111] impacted Ag substrate (c), (d-f)
geometrically necessary dislocation density maps of [100] (d), [110] (e), and [111] (f) impacted substrates.

The dislocation networks accommodating the crystal rotation in each substrate are visible
in the geometrically necessary dislocation density plots (Figure 3-15 (d-f)). The highly torturous
dislocation networks (Figure 3-15 (d)) accommodate the large misorientations between

neighboring grains in the [100] substrate (Figure 3-15 (a)). In contrast, the dislocation networks in
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the [110] and [111] substrates (Figure 3-15 (e,f)) are less concentrated and torturous,
accommodating the gradual orientation changes but not forming the dislocation cell structures
leading to grain formation. In all three substrates, the regions with the highest dislocation density
are close to and directly beneath the impact crater surface (Figure 3-15 (d-f)). The region with high
dislocation density tapers off with increased depths: marking a conically shaped influence zone
beneath the crater. This influence zone is clearly visible in the orientation maps and dislocation
density maps of the [100] (Figure 3-15 (a,d)) and [110] (Figure 3-15 (b,e)) substrates. The grain
refinement and crystal rotation is primarily isolated to this conical zone, whereas the orientation
of the crystal outside of this zone is the original single crystal orientation. In the [110] substrate,
although the orientation changes within the influence zone are very gradual, abrupt orientation
changes can be traced on either side of the crater from the outside edges towards the middle (Figure
3-15 (b)). These boundaries can be associated with the planes of high dislocation density visible

in (Figure 3-15 (e)), clearly marking the edge of the influence zone.

To quantify the extent of impact-induced nanostructural evolution with increasing depths,
we calculated the average dislocation density and grain size at each position (z) beneath the
substrate surface. The average grain diameter at each z position is normalized by the diameter of
the largest grain (representing the single crystal): thus, a value of 1 corresponds to a single crystal
(no recrystallization). Figure 3-16(a) shows the normalized average grain size and average
dislocation density as a function of the distance from the substrate surface. For all three substrates,
the average dislocation density is highest close to the surface and tapers off at larger depths. At ~5
pm from the substrate surface, the average dislocation density in all three samples approaches
approximately the same value of ~0.5x10%* m2, which is likely the average bulk dislocation density

of the substrates before the impact event. Impact-induced dislocation nucleation, either through
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activation of pre-existing sources or heterogeneous dislocation nucleation at the contact surface,
must have been prevalent to increase the local dislocation density up 14x that of the original bulk
dislocation density. This localized increase in dislocation density is likely to increase the material’s
hardness, as we have shown through dynamic hardness measurements of single crystal aluminum
substrates [169]. Within the surface region of high dislocation density, local peaks in the average
dislocation density in each substrate reveal more nuanced differences in the impact-induced plastic
deformation. For example, the dislocation density in the [111] substrate peaks at ~1 um below the
substrate surface (Figure 3-16 (a), bottom, magenta), which corresponds to the small region that
exhibits grain refinement (Figure 3-15 (c), Figure 3-16(a) — top, magenta). Similarly, the peak in
dislocation density for the [100] substrate corresponds to the region of maximum grain refinement
located ~2 um below the substrate surface (Figure 3-15 (a), Figure 3-16(a) — green). We also see
that the [100] substrate exhibits the highest sustained dislocation densities compared to the other

substrates, which accommodates the large degree of crystal rotation necessary for recrystallization.
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Figure 3-16: Distributions of nanostructural features below impact craters (a) average normalized grain size (top)
and dislocation density (bottom) with increasing depth from the surface, (b-d) (110) pole figures corresponding to the
orientation maps of [100] (b), [110] (c), and [111] (d) impacted substrates.

The [100] substrate has the lowest average grain sizes and exhibits a spatial gradient of
increasing grain size with increasing depths (Figure 3-16(a)). Although we noted that the smallest
grains lie ~2 um below the substrate surface, this does not correspond to the location of smallest
average grain size due to the decreasing width of the recrystallized region (i.e., most of the sample
to either side remains single crystal). The extensive amount of recrystallization induced in the
[100] substrate is also reflected in the (100) pole figure in (Figure 3-16 (b)), showing a weak
texture. The average grain size distribution of the [111] substrate shows a small dip in grain size

while most of the sample has not recrystallized like the [110] sample (Figure 3-16(a)).
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Correspondingly, the pole figures of the [110] (Figure 3-16(c)) and [111] substrates (Figure

3-16(d)) show stronger textures when compared to the [100] sample’s pole figure (Figure 3-16(a)).

Clearly, the dynamic recrystallization is primarily governed by the crystallographic
orientation. The same conclusion is drawn from the impact-induced nanostructural transformations
seen in single crystal silver microcubes: [100]-face impacted microcubes exhibit the most grain
refinement, while limited grain refinement occurs in [110]-edge and [111]-corner impacted
samples (Figure 3-11, Figure 3-17 (a)). Plots of the normalized grain size as a function of the
distance from the impact site show the formation of smooth gradient nano-grained structures in
the samples impacted along the [100] direction (Figure 3-17 (a-b)—green). Samples loaded in the
[111] direction show limited grain refinement isolated to the impact surface (Figure 3-17 (a-b)—
magenta), while the [110]-impacted samples show limited to no grain refinement (Figure 3-17 (a-
b)-orange). These similarities are surprising, given the different boundary conditions of these
shock loaded crystals: the microcubes have free surfaces which allows for reflection of the
imparted shock wave while the shock wave would continue in the same direction of the substrate
without reflection. MD simulations of the impact of Ag microcubes show that the oscillatory
hydrostatic stress state that develops as a result of the shock wave reflection from the cube’s free
surfaces leads to the formation of stacking faults, phase transformation, and recrystallization [49]
(Section 3.3.2). However, this oscillatory stress state would not arise in impacted substrates due to
the primarily unidirectional propagation of the shock wave through an apparent infinite medium
(see schematic in Figure 3-17 (f)). Our results signify the importance of the crystal orientation

during high strain rate plastic deformation, irrespective of reflective shock dynamics.
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Figure 3-17: Impact-induced nanostructural evolution in single crystal microcubes and substrates (a-b)

normalized grain size distributions of impacted Ag microcubes (a) and substrates (b), (c-d) dislocation density

distributions in impacted microcubes (c) and substrates (d), (e-f) schematics showing dislocation evolution (dashed
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lines), shock wave propagation (red shading), and regions of grain refinement (purple) in the impacted Ag microcubes
(e) and substrates (f).

To understand why dynamic recrystallization occurs in the [100] impacted substrate even
though the oscillatory hydrostatic stress state is likely absent, we must understand the orientation-
dependent mechanisms controlling the nucleation, propagation, and interaction of dislocations.
From Schmid factor analysis of <100>, <110> and <111> loaded fcc crystals (Appendix A.1), we
find that eight, six, and four slip systems share the maximum Schmid factor for each respective
orientation. This reveals that more slip systems would be simultaneously activated in <100> loaded
fcc crystals than the other two orientations. Additionally, although six slip systems share the same
Schmid factor for a <111> loading direction, the maximum Schmid factor of 0.272 is less than the
maximum Schmid factor for <100> loading (0.408)—meaning for the same applied normal stress,
the shear stress exhibited on the slip systems in the <111> loaded crystal would be less. Due to the
higher shear stresses and higher number of simultaneously activated slip systems, more
dislocations are likely nucleated in the [100] impacted samples. Our experimental data of GND
density distributions confirm this hypothesis: both the [100] impacted cubes and substrates exhibit
the highest average GND densities compared to the other two orientations (Figure 3-17 (c-d)). The
higher GND densities and higher number of activated slip systems in the [100] impacted samples
would also promote enhanced dislocation interaction, leading to the formation of dislocation

subcells.

We hypothesize that rapid and continuous dislocation nucleation as the projectile impacts
deeper into the sample leads to recrystallization. With a spherical projectile, the contact area
progressively increases during impact, which would cause continuous dislocation nucleation over
a larger and larger area (Figure 3-17 (f)). This progressive nucleation of dislocations is similar to

that seen in the MD simulations of [100] impacted microcubes. In the substrate, these dislocations
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would then propagate on the {111} planes and interact in the middle region of the sample, below
the impact crater. This mechanism would also explain why the most grain refinement occurs below

the sample surface in the [100]-impacted substrate.

During high strain rate loading of single crystals, homogeneous dislocation nucleation
occurs since preexisting dislocations and sources are unable to accommodate the rapid

deformation. The Orowan equation relates the shear strain rate to the dislocation dynamics:

dpy

oy p&
y—plbdt+xb o

where p, and dstl are the density and rate of change of edge dislocations, b is the Burgers’ vector,

and x and % are the displacement and velocity of the dislocations. This relationship reveals that

to accommodate higher strain rates, corresponding increases in the dislocation density, dislocation
velocity, and/or dislocation nucleation rate must occur. Enhanced dislocation production is clearly
evidenced by the dislocation gradients formed in the impacted substrates and cubes (Figure 3-17
(c-d)). However, comparing the dislocation distributions and magnitudes formed in the cubes
versus the substrates reveals dislocation densities in the cubes up to an order of magnitude higher
than in the substrates. Furthermore, the synthesized microcubes are dislocation free, which makes
the high density of impact-nucleated dislocations even more impressive. We hypothesize that the
reflective shock dynamics play a role in ultra-high dislocation densities formed in the impacted
cubes. From MD simulations, we know that dislocations are initially nucleated at the nanocube’s
surfaces that first come in contact with the substrate, and as the shock wave propagates to the
opposite surface and reflects, more dislocations are nucleated from the top surface (Section 3.3.1,
Figure 3-17 (e)). This mechanism continues until the shock wave has dissipated in the crystal and

there is insufficient stress for homogeneous dislocation nucleation. Since the substrates do not
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have any nearby free surfaces, this shock reflection mechanism leading to sustained dislocation

nucleation cannot occur.

Given this new understanding of the optimal dislocation nucleation and interaction
conditions which lead to grain refinement, we hypothesize that enhanced grain refinement could
be induced in [111] oriented samples through higher impact velocity. To negate the possibility of
melting, we performed microprojectile impacts on the [111] oriented Ag substrate at impact
velocities of ~600 m/s which is well below the predicted impact velocity which would impart
enough energy to melt the sample (~818 m/s, see Appendix A.3). Figure 3-18 shows the TKD
results from beneath the crater of the [111] substrate impacted with a microprojectile at 571 m/s.
The TKD orientation map (Figure 3-18 (a)) shows grain refinement near the surface of the crater.
The GND density map shows a more tortuous dislocation network (Figure 3-18 (b)), much like the
[100] impacted sample. Comparing the normalized grain size and GND density distributions of
the two [111] impacted samples (Figure 3-18 (c)) reveals smaller average grain size and higher
dislocation density—both sustained for larger depths—in the sample with higher impact velocity.
Finally, the corresponding (110) pole figures reveal a more diffuse texture in the sample impacted
at a higher velocity (Figure 3-18 (d-e)). These observations point to more grain refinement through
enhanced dislocation activity due to the higher strain rate. The higher impact velocity leads to
faster dislocation nucleation. Even though only six slip systems would be simultaneously
activated, the increased dislocation activity leads to a similar degree of grain refinement as the

[100] impacted samples.
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Figure 3-18: High-velocity impact of the [111] Ag substrate (a) TKD orientation map of nanostructure under crater,
(b) corresponding GND density map, (c) normalized grain size and GND density distributions from low and high

velocity impacts of the [111] substrate, (d-e) (110) pole figures corresponding to the orientation maps of the low and
high velocity [111] substrate impacts.
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3.4 Synergistic property improvement in impact-induced heterogeneous

nanostructures

To study the effects of impact-induced structural changes on the mechanical properties, we
perform compression tests on micropillars formed from impacted Ag microcubes. Single crystal
Ag cubes with ~2 um side lengths (Section 2.1.1) are impacted onto a rigid target at speeds of
~400 m/s using a LIPIT apparatus (Section 2.3.1). Particles impacted along three principal
directions—[100]-face, [110]-edge, and [111]-corner impacts—are identified through SEM
analysis (Section 2.4.1) and selected for further study. Micropillars ~1um in diameter are formed
from the impacted samples using a FIB (Section 2.2.3) and compressed at 0.01 s constant strain

rate using an in situ SEM nanoindenter equipped with a flat diamond tip (Section 2.3.3).

To study the mechanical response of these heterogeneous nanostructures in more detail,
we perform crystal plasticity simulations on synthetic microstructures which were generated based
on the experimentally characterized nanostructures. Details about the model can be found in
Section 2.6—including details on the coupled thermo-mechanical elasto-viscoplastic crystal
plasticity model, parameter fitting for fcc silver, the synthetic microstructure generation method,
and model evaluation. The crystal plasticity simulations provide valuable information not
attainable through experiments—including stress and strain distributions and three-dimensional

evaluation of nanostructural changes during compression.
3.4.1 Mechanical responses of impacted samples compared to single crystals

Representative engineering stress-strain responses obtained from the microcompression
tests of an as-synthesized microcube, a single crystal pillar formed from a synthesized microcube,

and a pillar formed from a [100]-impacted microcube are shown in Figure 3-19(d). All three
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samples have a similar effective diameter (624 nm - 642 nm), to eliminate contributions from
sample size effects. The single crystal microcubes exhibit an initial linear elastic behavior followed
by an abrupt massive strain burst due to the spontaneous nucleation of dislocations. Many slip
steps along the {111} planes are visible on the surface of the deformed microcube (Figure 3-19(a)).
The single crystal pillars show a similar response of an initial linear elastic behavior up to a distinct
yield point where slip starts to occur, but the massive strain burst is absent because of the presence
of surface defects that result from FIB milling [125]. The plastic portion of the single crystal
pillar’s deformation contains many strain bursts which mark slip events. Without any grain
boundaries to stop the dislocations, they exit the sample forming slip steps. A large slip step, where
the top portion of the sample has sheared along a particular {111} plane relative to the bottom
portion, is visible in the SEM image of the deformed micropillar (Figure 3-19(a)). The stress-strain
response of the [100]-impacted sample is a stark contrast to the responses of the single crystal
samples. The linear elastic region is difficult to distinguish from the plastic region, making a
prediction of the yield strength difficult—even with the strain offset method. The plastic response
at higher strains (>0.15 ¢) indicates intragranular slip also occurs in this sample, although the
smaller serrations correspond to smaller slip events. Large slip steps are not visible on the SEM
image of the deformed pillar ([100]-impacted sample, Figure 3-19(c)), in contrast to the deformed

geometries of the single crystal samples (Figure 3-19(a-b)).
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Figure 3-19: Microcompression testing of single crystal and impacted samples (a) SEM image of compressed
microcube (d=642 nm), with stress-strain curve shown in (d), (b) transparent SEM image of FIB-fabricated micropillar
from single crystal microcube (insert) overlaid on SEM image of compressed micropillar; corresponding stress-strain
curve in (d), (c) transparent SEM image of FIB-fabricated micropillar from [100]-impacted microcube (insert) overlaid
on SEM image of compressed micropillar; corresponding stress-strain curve in (d), (d) stress-strain curves of samples
in (a-c), (e) hardening rates and flow stresses at 0.05 strain increments from stress-strain curves of single crystal pillar
and impacted samples in (d).

Additionally, the impacted sample exhibits much greater strain hardening than the single
crystal samples. This can be seen in the stress-strain curves of (Figure 3-19(d)) and is clearly shown
in (Figure 3-19(e)) where the hardening rates (0) at different strains are shown for each sample.
The hardening rates at 5-25% strain are calculated by fitting a line to a portion of stress-strain
curve at g; = +0.01; the slope of this line (do /d¢) is the hardening rate at that strain (g;). The plot

of hardening rate as a function of strain (Figure 3-19(e)) reveals that the [100]-impacted sample
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exhibits much higher hardening than the single crystal sample, at all strains (~3.5-17.6x greater,
depending on the strain. At early stages of deformation (0.05-0.1 &), the hardening rate of the
impacted sample is very high (6(s=0.1)=3519.9 MPa, 17.6x the hardening rate of the single crystal
sample). The unusually high hardening rates before ~0.1 strain make it difficult to distinguish the
yield point—a new challenge that arises in the gradient nano grained metals. As deformation
progresses, the stress-strain curve of this impacted sample begins to level off, with a reduction in
the strain hardening rate. The high hardening rate in the impacted sample corresponds to a dramatic
increase in the flow stress with increasing strain, while the flow stress in the single crystal sample
remains approximately constant (Figure 3-19(e)). At 25% strain, the flow stress of the impacted

sample is over 300% that of the single crystal sample.

Microcompression tests were performed on micropillars formed from single crystal
microcubes and impacted microcubes with [100], [110], and [111] impact orientations. Stress-
strain responses from the compression of micropillars with diameters of ~600-1500 nm, taper
angles of less than 4°, aspect ratios of ~1-3, and with good contact with the substrate and indenter
during deformation are selected for comparison and further analysis (see Appendix B.3 for details
of each sample). This strict set of pillar quality parameters ensures that differences in the
mechanical responses are due to nanostructural differences rather than changes in sample
preparation, shape, or size. Within the diameter range of 600-1500 nm, the sample size effect
should be minimal [125] (Section 3.2). In all, nine single crystal samples, eight [100]-impacted
samples, twelve [110]-impacted samples, and twelve [111]-impacted samples are selected for
further analysis. [100]-impact is the least common and the samples are often tilted off the substrate.
Although any impacted samples which are noticeably titled off the substrate are not tested, any

sample which is lying on a substrate is not going to have perfect uniform contact with the substrate.
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Therefore, the portion of the stress-strain curve which should represent the linear elastic response
of the material with slope equal to the elastic modulus of the material is often nonlinear and
compliant resulting in underestimation of the elastic modulus. Small differences in the contact
conditions upon loading can influence this initial linear elastic portion; therefore, a compliance
correction and shifting of the elastic portion to match the unloading modulus, as outlined in Section
2.3.3, are applied to the data. The corrected engineering stress-strain curves for all micropillars
from [100], [110], and [111] impacted samples, as well as the single crystal samples, are plotted

in (Figure 3-20).
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Figure 3-20: Engineering stress-strain curves from microcompression tests of [100]-impacted samples (a), [110]-

impacted samples (b), [111]-impacted samples (c), and single crystal samples (d).

To compare the stress-strain responses, the data for [100]-impacted, [110]-impacted, [111]-
impacted, and single crystal samples are separated but plotted with the same scales for stress and
strain. Henceforth, the data for the impacted samples is color coded by impact orientation: [100]-
green, [110]-orange, [111]-magenta. Immediately apparent is the stark contrast between the high
stresses achieved in the impacted samples and the consistently low stress achieved in the single
crystal samples. In accordance with the observations made from Figure 3-19, it appears that all

impacted samples—regardless of impact orientation—exhibit higher strain hardening and achieve
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higher flow stresses compared to the single crystal samples. Appreciable strain hardening cannot
be achieved in the single crystal sample since dislocations are continuously exiting the crystal
through large, localized slip events—indicated by the large serrations in the stress-strain curve
(Figure 3-20 (d)). Without any nanostructural features to act as barriers to their motion, nucleated
dislocations propagate across the crystal on the slip planes and annihilate at the free surfaces. In
contrast, the impacted samples exhibit ultra-high strain hardening (Figure 3-20 (a-c)). The smaller
serrations in the stress-strain responses of the impacted samples (Figure 3-20 (a-c)) reveal that

dislocation slips are arrested by the complex nanostructure formed from impact.

Comparing the stress-strain curves for the different impact orientations (Figure 3-20 (a-c)),
it appears that the [110] and [111] impacted samples behave similarly (Figure 3-20 (b-c)), while
the [100]-impacted samples tend to exhibit higher strain hardening and achieve higher flow
stresses at high strains (Figure 3-20 (a)). Interestingly, there is also less scatter in the stress-strain
curves of the [110] and [111] samples as compared to the [100] samples, suggesting the impact-
induced nanostructures are more predictable and vary less with different processing parameters in
the aforementioned cases. Since the [100]-impacted samples undergo the most extensive
nanostructural changes—including a phase transformation (Section 3.3.1), variations in the formed
nanostructures may be more extreme than in the other orientations, which would explain the

increased scatter in the mechanical responses.

To obtain a mechanistic understanding of the sources of variation in mechanical responses
and which nanostructural features elicit improved performance, we perform crystal plasticity
simulations on synthetic microstructures based on experimental input. The single crystal
constitutive model defined by Bronkhorst et al. [92] is used for the simulations, which assumes

thermally activated slip is the dominant deformation mechanism (Section 2.6.1). Experimental
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TKD data from samples of each impact orientation (Figure 3-21 (a-e)) is used to generate synthetic
microstructures. Grain size gradient functions are defined by curve fitting the experimental average
grain size vs position data (Figure 3-21 (a)). The seed positions and weights used to generate the
synthetic microstructures are determined based on these gradient grain size functions (Section
2.6.3). The initial dislocation density for each grain is defined based on power law curves fitted to
experimental GND density data (Figure 3-21 (a)). This method is used to incorporate grain size
effects on strength, rather than relying on an empirically derived Hall-Petch term (Section 2.6.4).
Grain orientations are randomly assigned from the experimentally defined orientation distribution
function. The synthetic sample geometries are based off the experimental micropillar sizes.
Experimental data from five micropillars of each impact orientation are used for input and
comparison to the simulations. In all, fifteen synthetic microstructures are generated based on

experimental data. Details for these fifteen samples are listed in Table 3-1.

Table 3-1: Details for simulation samples

Simulation | Experiment Dislocation density Pillar Pillar Strain # #
ID ID power law diameter | height grains | elements
[um] [pm]

100_1 Set52_S5 0.9935 0.78 40% 700 992,717
100_2 Set33 S1 0.74 0.704 49% 371 1,558,297
100_3 Setl0_S5 | 8.3908 x 10*d 02001 0.62 0.958 45% 284 1,596,130
100 _4 Set9_S12 0.66 0.783 53% 309 1,068,233
100_5 Set52_S3 0.966 0.795 46% 675 1,006,331
110 1 Set25_S1 0.913 0.988 40% 100 1,322,231
110 2 Set26_S2 0.918 0.983 39% 105 1,266,253
110 3 Set9_S9 6.985 x 101*¢~0-3651 0.642 1.484 47% 52 1,291,663
110 4 Set9_S10 0.64 1.329 14% 53 1,214,815
110 5 Set9_S14 0.594 1.072 30% 46 1,231,346
111 1 Set26_S3 0.929 1.455 40% 20 1,347,673
111 2 Set32_$4 0.917 1.405 38% 22 1,140,717
111 3 Set9_S13 | 5.7575 x 10*d 05336 0.62 1.502 29% 12 1,189,908
111 4 Set4_S10 1.496 1.465 40% 30 1,281,297
111 5 Set0_S11 0.919 1.926 30% 22 1,159,423
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Examples of synthetic microstructures are shown in Figure 3-21 (c-e) and can be compared
to the corresponding experimental TKD patterns. Note that the TKD patterns are two-dimensional,
and the synthetic microstructures are actually three dimensional but side views are shown here.
The synthetic microstructures are colored by grain orientation (left) and average dislocation
density (right) based off the colormaps shown in Figure 3-21 (c). The similarities between the
synthetic microstructures and corresponding experimental data confirms that our synthetic
microstructure generation algorithm produces statistically equivalent microstructures. The
experimental grain size and dislocation density distributions are well represented in the synthetic
microstructures. This is also illustrated well in Figure 3-21 (f-g): even though the sample
dimensions vary, the experimental grain size gradients are well represented in the synthetic
microstructures Figure 3-21 (f). Additionally, Figure 3-21 (g) shows that average dislocation
density within the synthetic “grains” follow the experimentally defined power law functions

(Figure 3-21 (b)).
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examples of synthetic microstructures based on [100] (c), [110] (d), and [111] (e) impacted samples, (f) average grain
size vs z position for each of the 15 synthetic microstructures, (g) average dislocation density vs grain diameter for
each of the 15 synthetic microstructures.

Now that we have established that the synthetic microstructures accurately represent the
experimentally characterized nanostructures, we can compare the results of the crystal plasticity
simulations to the experimentally measured mechanical responses. Overall, the stress-strain
responses from simulations are very similar to those obtained from microcompression tests (Figure
3-22 (a-b)). The experiments and simulations for the [110] and [111] samples are especially well
aligned. However, the large scatter in the mechanical responses of [100] impacted samples is not
well captured in the simulations. In the experiments, some [100] impacted samples show lower
yield strengths, but in the simulations, all [100] samples exhibit higher yield strengths than the
[110] and [111] samples. This discrepancy is likely due to larger variations in the [100]-impacted
samples’ nanostructures due to the extensive grain refinement and the martensitic phase
transformation. Nanostructural data from only one TKD map is used to create the [100] synthetic
microstructures; therefore, potential variations between different [100]-impacted samples’

nanostructures would not be captured in the simulations.

The average flow stresses and hardening rates in the simulations are comparable to the
experiments (Figure 3-22 (c-f)). All samples exhibit increasing flow stress with increasing strain—
indicating strain hardening. Like experiments, the [110] and [111] samples exhibit similar
mechanical responses: the average flow stresses and hardening rates in these samples are very
similar (Figure 3-22 (d, f)). The standard deviations in flow stress are also very comparable for the
[110] and [111] samples in experiments and simulations, revealing that the simulations accurately
capture variability between samples of these orientations. This confirms that the [110] and [111]

impacted nanostructures are more predictable than the [100] impacted nanostructures. The
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simulations show a clear distinction between the flow stresses and hardening rates achieved in
[100] samples compared to the other orientations. As seen in experiments, the [100] samples
exhibit ultra-high strain hardening rates. The simulations also show consistently higher yield
strengths and flow stresses achieved in the [100] samples. We hypothesize that the improved
mechanical performance of the [100] samples is due to the impact-induced nanostructural
gradients. These gradients likely induce heterogeneous deformation, which is assumed to be a

main driver of improved mechanical performance in GNG metals.
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Figure 3-22: Comparison of mechanical responses obtained through experiments and simulations (a-b) stress-

strain responses from microcompression tests (a) and crystal plasticity simulations (b), (c-d) averages and standard

deviations of flow stresses for each orientation at 0.05 strain increments from experimental (c) and computational (d)

stress-strain curves, (e-f) averages and standard deviations of local hardening rates for each orientation at 0.05 strain

increments from experimental (c) and computational (d) stress-strain curves.
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3.4.2  Heterogenous deformation induced strengthening

Evidence of heterogeneous deformation can be seen in the SEM images of the compressed
pillars and is quantifiable through the simulations (Figure 3-23). SEM images of representative
compressed pillars clearly show localized deformation at the top of the pillars (Figure 3-23 (a, c,
e)). Like their similar stress-strain responses, the [110] and [111] impacted samples exhibit similar
deformed geometries (Figure 3-23 (c, e)). Strain localization is extreme in these two cases, as the
bulging of the sample top over the pillar base indicates. These deformed geometries are mirrored
in the simulations (Figure 3-23 (d, f)), where the displacement field shows localization of
deformation to the top of the pillar. The banded contour lines suggest that shear localization
develops on the slip planes of the large coarse grains within these samples. The sharp transition
between the nanograined region with high intrinsic strength to the ductile coarse-grained region in
the [110] and [111] impacted samples (Figure 3-21) corresponds to the region of extreme
deformation localization seen in the deformed geometries. The compressed [100]-impacted
sample, in contrast, exhibits less extreme deformation localization at the top and exhibits
deformation across the sample (Figure 3-23 (a)). However, a gradient in the displacement field
still exists (Figure 3-23 (b)). Under uniaxial compressive loading, sequential yielding of the
gradient nano-grained structure occurs, with the coarse-grained regions plastically deforming
before the nanograined regions. This strain gradient plasticity is distinct from that which arises
from nonuniform loading such as bending and torsion: here, the strain gradient is due to the

intrinsic heterogeneous nanostructures rather than the deformation mode.
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Figure 3-23: Heterogeneous deformation shown through post-compression SEM images of [100]-impacted (a),

[110]-impacted (c), and [111]-impacted (e) samples, and colormaps showing displacement magnitude on the deformed

geometries of [100] (b), [110] (d), and [111] (f) synthetic microstructures.

Now that we have confirmed that heterogeneous deformation occurs, we can delve into

how this affects the stress and strain distributions and the overall mechanical response.

Considering the imposed stress state of uniaxial compression, we first investigate the normal stress

and strain components in the compression direction (z, 3). We have selected the two samples which
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exhibit the “best” (high yield strength/hardening rate) and “worst” (low yield strength/hardening
rate) mechanical responses to study their stress and strain distributions in more detail. The initial
microstructures of these two samples are shown in Figure 3-24 (b-c). The sample which exhibited
the “best” mechanical response (Figure 3-24 (a)—dark green) corresponds to a [100]-impacted
sample with a smooth grain size gradient (Figure 3-24 (b)). The sample which exhibited the
“worst” mechanical response (Figure 3-24 (a)—maroon) corresponds to a [111]-impacted sample
with a sharp transition in grain size and a large coarse grain filling up much of the sample volume
(Figure 3-24 (c)). Since the majority of the sample is a single grain, this sample may behave more
similarly to a single crystal than a GNG sample. The corresponding colormaps in Figure 3-24 (e-
f) showing the &35 strain distribution clearly show strain localization at the top of the samples.
However, in the [100] sample with a smooth GNG structure, there appears to be a gradient of
increasing strain magnitude with increasing z position (height). The average €33 every 0.01 um is
plotted against the z position (Figure 3-24 (d)). Most samples do exhibit a strain gradient, but the
[100] samples show the most extreme gradient in e33. Comparing the two samples of interest, the
sample which exhibited the better mechanical performance has a steeper and more consistent strain
gradient. Similarly, we can look at the o33 stress distributions in the samples (Figure 3-24 (g-i)).
A stress gradient is apparent in the [100] GNG sample, but not in the [111] sample. The stress
gradient follows the grain size gradient, with larger compressive stresses in regions of smaller
grain sizes. These results reveal the role of heterogeneous deformation induced stresses. From
sequential yielding of the GNG layers, back stresses are produced in the softer region and forward
stresses are produced in the harder region. The back stresses reduce the compressive stress applied
in the coarser grained regions. The colormap in Figure 3-24 (h) shows that the o33 stress

component in some elements within coarse grains can even become tensile.



134

a 1000

800

600

400

stress [MPa]

200

0.0 0.1 0.2 0.3 04 0.5

G133, avg [MP2]

Figure 3-24: Heterogeneous deformation induced strengthening (a) stress-strain responses of all simulations with
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corresponding to the sample in (c), (g) o33 along the sample height (z), (h) colormap of a3 corresponding to the

sample in (b), (i) colormap of @33 corresponding to the sample in (c).
We can also investigate the multiaxial stress and strain states within the sample by
calculating the von Mises stress and strain and the Lode parameter. The components of the
stress and strain tensors and/or principle stresses are used to calculated the equivalent stress

and strain and the Lode parameter in each element through the following equations:

Equivalent stress: o, = \/—15\/(011 — 052)% + (011 — 033)2 + (052 — 033)% + 6(05, + 05 + %)

Equivalent strain: &, = ‘/;\/(511 —£52)% + (611 — €33)% + (&35 — €33)% + 6(e¥, + €25 + £23)

2 —_ -
Lode parameter: p, = “2-717%

01—03

These values are calculated for each element and then the average values along the sample height

(binned every 0.01 um) are computed and plotted against the z position (Figure 3-25).

Like the strain component in the compression direction (Figure 3-24 (d)), the equivalent
strain exhibits a gradient along the sample height (Figure 3-25 (a)). This strain gradient is most
extreme in the [100] samples—again pointing to the role of heterogeneous deformation in the
improvement of mechanical properties. The von Mises stress distributions along the sample height
reveal higher stress in the nanograined regions (Figure 3-25 (b)). In the [110] and [111] samples,
the von Mises stress is relatively constant at larger z—which corresponds to the coarse-grained
regions (Figure 3-25 (b)). In contrast, the [100] samples exhibit a smooth and constant decrease in
average von Mises stress after peaking in the nanograined region. All samples show relatively
lower von Mises stress at z=0, which then steeply increases with increasing z. This is likely due to
the fixed boundary condition at the pillar base. We are planning to run additional simulations with

altered orientations of the grain size gradient to understand the influence of gradient direction and
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grain size location with respect to the loading and boundary conditions (i.e., inverse gradients with
coarse grains at the pillar base, gradients oriented at different angles with respect to the

compression direction, etc).

The Lode parameter provides a measure of the deviatoric stress and reveals whether a
material element is in a state of overall tension or compression. Three extreme cases of the Lode
parameter are illustrated through the Mohr circle plots in Figure 3-25 (¢): a Lode parameter of 1
can correspond to a state of uniaxial compression, a Lode parameter of -1 can correspond to a state
of uniaxial tension, while a Lode parameter of 0 can correspond to a state of pure shear. Most
samples remain in a state of compression across the sample height; however, the average Lode
parameter in some samples turns negative at larger z—revealing a state of overall tension (Figure
3-25 (c)). A clear gradient of decreasing Lode parameter with increasing z is seen in the [100]
samples—revealing the influence of gradient heterogeneous deformation on the multiaxial stress
state. In contrast, the [111] and [110] samples do not exhibit such clear gradients in the Lode

parameter.
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Figure 3-25: Multiaxial stress and strain states along the sample heights (a) average equivalent strain along the
sample heights, (b) average equivalent stress along the sample heights, (c) average Lode parameter along the samples
heights with key values illustrated through Mohr circle plots.

3.4.3  Synergistic property improvements

To quantify the improved mechanical responses of the impact-induced nanostructures, we
calculate the average yield strengths, compressive toughness, elastic moduli, flow strengths, and
hardening rates for samples of each impact orientation. The averages and standard deviations of
the hardening rates (do/de) and flow stresses at strains of 5-25% for each sample type are plotted
in Figure 3-26 (a-b). Again, all impacted samples outperform the single crystal samples, with

higher hardening rates and flow stresses at all strains analyzed. For the single crystal samples, the
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average flow stress remains approximately constant with increasing strain, corresponding to the
very low strain hardening rates and even turning negative (softening) at higher strains. In contrast,
a steady increase in the flow stresses of impacted samples with increasing strain corresponds to
higher average hardening rates. The [100]-impacted samples exhibit the highest average strain
hardening rates and the largest standard deviations in values. Again, this suggests that the

nanostructural changes induced through [100]-impact are extensive and can vary greatly.

Figure 3-26 (c) summarizes the differences in the average mechanical properties of the
impacted and single crystal samples. The yield strength, compressive toughness, and elastic
modulus were calculated for each sample. The yield strength was obtained by the offset method
with 0.5% strain if the yield point was indistinguishable, or if obvious, as in the case of a strain
burst upon yield, the yield point was selected. The toughness was found by calculating the area
under the stress-strain curve from 0-0.3 strain—which is a measure of the strain energy the material
can absorb up to 30% strain. The elastic modulus was determined from the slope of a line fit to the
unloading curve of the engineering stress-strain curve with a compliance correction applied (this
modulus is also used to shift the linear elastic portion of the stress-strain curve, Section 2.3.3).
Averages and standard deviations of these properties for the [100], [110], and [111] impacted
samples and the single crystal samples are displayed in the bar chart of Figure 3-26 (c). The [100]
samples display the most variance in properties, in accordance with the large scatter in the stress-
strain responses of different samples displayed in Figure 3-20 (a). Again, this points to larger
potential variations in the [100]-impacted nanostructures. The average toughness values for all
three impact orientations are very similar and ~2.8x higher than the average toughness of single
crystal samples (Figure 3-26 (c)). The average yield strengths of all impacted samples are also

much higher than the single crystal samples (~2.2-2.7x higher).
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Figure 3-26: Average mechanical properties of impacted samples compared to single crystal samples (a) average
flow stresses at select strains, (b) average hardening rates at select strains, (c) averages and standard deviations of
toughness (up to 30% strain), elastic modulus (calculated from unloading curve), and yield strength (0.5% offset
method).

The elastic modulus of each sample depends on the grain structure within the sample. The
elastic modulus for grains of different orientations can be calculated from elasticity theory using
the elastic constants for silver and coordinate transformations: the theoretical elastic moduli for
[100], [110], and [111] oriented crystals of silver are Ep;oo; = 43.67 GPa, Ef119) = 83.61 GPa,
and Epy11) = 120.29 GPa (see Appendix A.2). The experimentally measured average elastic

modulus of the [100] oriented single-crystal pillars is 37.1+23.1 GPa, which is close to the
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theoretical value of 43.67 GPa. The average elastic moduli for the impacted samples all differ from
the theoretical elastic moduli of their original orientations—the closest is [110]-impacted samples

which have an average value and standard deviation of 90.3+47.5 GPa (compared to Ef;;9) =

83.61 GPa). These results are in accordance with the nanostructural characterization in Section
3.3.2, which revealed that the majority of a [110]-impacted sample remains in a single-crystal
[110] orientation. In contrast, extensive restructuring occurs in the [100] sample—which would
lead to a composite elastic modulus (measured elastic moduli for [100]-impacted samples:
E=86.6+59.5 GPa) much different than that of its original [100] orientation (43.67 GPa). However,
it should be recognized that this analysis is based on the elastic moduli calculated from the
unloading portion of stress-strain curves obtained through microcompression testing, which may
not produce as accurate elastic modulus as in tensile tests [191]. In a microcompression testing
setup, there are many factors that can contribute to inaccurate measurement of the elastic modulus.
Compliance of the indenter tip, substrate, and portion of the FIB-milled pillar that is not the sample
(eg. Si and Au) must be accounted for and subtracted from the recorded displacement to calculate
the actual displacement of the Ag sample (Section 2.3.3). Since there is some uncertainty in values
used for the compliance correction (e.g. dimensions and properties), this can introduce uncertainly

in the elastic modulus measurements.

A plot of toughness vs yield strength (Figure 3-27) shows the improvements in both
properties attained by the impacted samples compared to both single-crystal and bulk
polycrystalline Ag [105]. The toughness and yield strengths were calculated using the same
method for bulk polycrystalline silver (2 and 20 um grains) from stress-strain data found in
literature [105]. On average, an increase of over 250% in both the average yield strength and

toughness is attained in the impacted samples (o, = 242 + 97.9 MPa,ur = 124 + 30.2mJ/
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mm?3) when compared to the single-crystal pillars (o, = 96.1 + 22.7 MPa,u; = 44.3 +

3.41 mJ/mm?). A maximum improvement of 4.7x in strength and 5x in toughness is achieved in
the impacted samples compared to the single-crystal pillars. The impacted samples also show a
synergistic improvement in strength and toughness compared to bulk polycrystalline Ag—up to
7.4x and 4x, respectively. On average, the impacted samples show improved strength (~2.7x) and
toughness (~2.1x) compared to the properties of bulk polycrystalline Ag found in literature. As
typically mutually exclusive properties, a synergistic improvement in both strength and toughness

is remarkable.
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Figure 3-27: Synergistic improvements in strength and toughness
The simulations show similar average values compared to the experiments, with the
exception of the [100] samples (Figure 3-27). By orientation, the simulations show 2.6, 1.5, and
1.4 times the strength and 1.7, 1.2, 1 times the toughness compared to the average experimental
data for [100], [110], and [111] samples, respectively. The averages for the [110] and [111]
samples are very similar to experiments. The [100] samples show consistently higher strength and

toughness values in the simulations. In contrast, the [100] samples in experiments show a bimodal
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behavior, where some [100] samples exhibit the highest strengths and toughness of all impacted
samples, while other experimental [100] samples have low strengths and thus lower toughness. If
the nanostructure formed does not contain pronounced grain size and GND density gradients,
significantly improved properties from gradient plasticity will not occur. The synthetic structures
for the [100] simulations all have clear grain size and dislocation density gradients—thus,
consistently high strengths and toughness are achieved. With such variation in properties, we must
understand the plasticity mechanisms governing the mechanical response to be able to improve
impact processing conditions that yield heterogeneous nanostructures with the most desirable

properties.

3.5 Activation of complementary plasticity mechanisms provides synergistic

property improvements

To investigate the plasticity mechanisms which lead to improved mechanical performance,
we perform nanostructural characterization post-compression to identify the nanostructural
changes which occurred during quasi-static compression. We can also track the structural changes
during compression in the crystal plasticity simulations. We performed TKD on the three
compressed micropillars whose mechanical responses are highlighted in Figure 3-28. The three
samples chosen for microcompression testing and subsequent nanostructural characterization had
similar impact conditions as the three corresponding uncompressed samples (Figure 3-11). We
compare the nanostructures of the corresponding compressed and uncompressed samples to gain
insight into the active deformation mechanisms during compression. The dominant plasticity

mechanisms may differ between the unique impact orientation dependent nanostructures.
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Figure 3-28: Mechanical performance of samples selected for further nanostructural characterization (a) stress-
strain curves corresponding to the samples selected for post-compression nanostructural characterization with the
stress-strain curve of a compressed single crystal Ag pillar shown for reference, (b) SEM images of the micropillars
(impacted samples) before and after compression, (c) toughnesses vs yield strengths of single crystal Ag pillars
(black), bulk Ag (blue), and impacted Ag microcubes (green — [100], orange — [110], and magenta — [111]); starred
data points correspond to the three impacted samples that were further processed for TKD nanostructural analysis, (d)

hardening rates (da/dg), toughnesses, and yield strengths computed from the stress-strain curves in ().

3.5.1 Dominant plasticity mechanisms in [110]-impacted samples

The nanostructural changes during compression of a [110]-impacted sample are illustrated
in Figure 3-29. A TKD scan is acquired on the entire cross-sectional area of the compressed pillar
(Figure 3-29 (a)). The [110] compressed sample, like its uncompressed counterpart, exhibits a step-

function-like grain size gradient (Figure 3-29 (e))—containing nanograins mostly near the impact
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plane, while the remainder of the sample is a large single crystal (Figure 3-29 (b)). The similarity
between the grain size distributions in the [110] samples reveals that the plastic deformation is
dominated by intragranular slip, since intergranular plasticity can significantly change the grain
structure in the nanograined region. A strong (110) texture is apparent in both the compressed and
uncompressed samples (Figure 3-29 (d)), with the texture being slightly more diffuse in the
compressed case because of the intragranular crystal rotations and high dislocation activity leading
to the formation of subgrain boundaries. Misorientation across subgrain boundaries is
accommodated by dense GND networks (Figure 3-29 (b—c)). Such subgrain formation and rotation
accommodates large strain in the coarse-grained region and may eventually lead to the formation
of high angle grain boundaries under severe plasticity. Higher average GND density in the
compressed sample is resultant from the increased GND activity in the coarse-grained region

(Figure 3-29 (e)).
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Figure 3-29: Nanostructural changes due to quasistatic compression of a [110]-impacted sample (a) SEM images
of impacted microcube, compressed pillar, and pillar cross-section for TKD analysis, (b) TKD orientation map, (c)
GND density map, (d) (110) pole figures of uncompressed and compressed samples, (€) grain size and GND density

distributions and respective averages for uncompressed and compressed [110]-impacted samples.

To confirm these observations and assess differences in the nanostructural evolution during
compression of different [110] samples, we study the dislocation density and grain orientation
changes tracked in the crystal plasticity simulations. Unlike experiments, we can track the
nanostructural changes within the same sample. In experiments, we need to rely on the assumption
that samples impacted under similar conditions have similar nanostructures, since the same sample
before and after compression cannot be characterized. Figure 3-30 (a) shows the stress-strain
responses of the [110] simulations. To examine what nanostructural changes lead to the variation

in stress-strain responses, we selected the two samples with the most different responses for further
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analysis: Simulation 110 1 (Figure 3-30 (a), black — high yield strength and hardening rate) and
Simulation 110 3 (Figure 3-30 (a), magenta — low yield strength and hardening rate). First, we
investigate the change in dislocation density within these two samples as large increases in
dislocation density would explain high strain hardening. Figure 3-30 (b) shows the average change
in dislocation density per grain for each simulation (final state vs initial state), while the average
change in dislocation density per element is shown in the colormaps of Figure 3-30 (c-d). As
determined from the experimental nanostructural characterization, pronounced intragranular
dislocation activity accommodates the large strain localization in the coarse-grained region (Figure
3-30 (b-d)). Comparing these two [110] simulations, the sample which exhibits higher strain
hardening (110 1) shows larger changes in dislocation density per grain compared to the
simulation which exhibited the lowest strain hardening (110 3) (Figure 3-30 (b)). The Ap
colormap for simulation 110 3 (Figure 3-30 (c)) shows a band of high dislocation density in the
top large grain, revealing shear localization on one of the slip systems. Such shear localization is
similar to that which we observed in the quasi-statically compressed single crystal silver samples
(Section 3.2). Since the plastic deformation of this sample is dominated by single crystal-like
behavior, high strain hardening cannot be achieved. The yield strength, however, is higher than
the single crystals (~100 MPa, Section 3.2.2) due to the hardening effect of the nanograined layer
with initially higher dislocation density. In contrast, the sample which exhibited high strain
hardening (110_1) shows large changes in dislocation density throughout all grain sizes (Figure
3-30 (b) — black). This is also seen in the Ap colormap for simulation 110 _1 (Figure 3-30 (d)),
where large changes in dislocation density appear throughout the large grain and into the

nanograins. In this sample, the pronounced dislocation activity in the large grain accommodates
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much of the strain, but due to heterogeneous-induced stresses (Section 3.4.2), intragranular

plasticity is also activated in the nanograined region.

The effects of these different intragranular plasticity mechanisms are seen in the orientation
maps of these two samples (Figure 3-30 (e-f)). In Simulation 110_3, minimal orientation changes
occur (Figure 3-30 (e, g)), but any orientation changes are primarily isolated to the shear band. In
contrast, large orientation changes are seen within both the large and small grains of Simulation
110_1 (Figure 3-30 (f, h)). The orientation changes within grains reveal the formation of subgrain
boundaries, as seen in the experimental results (Figure 3-29 (b-c)). High crystal rotation is seen
along the nanograin-to-coarse grain boundary and within some of the nanograins (Figure 3-30 (f,
h)). The final orientations within some of the nanograins are closer to neighboring grains’
orientations than the grain’s initial orientation (Figure 3-30 (f)). This reveals that intragranular

plasticity may lead to intergranular plasticity.
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Figure 3-30: Nanostructural changes in [110] samples tracked through CP simulations (a) stress-strain curves

from the five simulations of [110] samples, (b) average change in dislocation density vs grain size — color coded based

on the legend in (a), (c-d) average dislocation density change per element in simulation 110 _3 (c) and simulation

110_1 (d), (e-f) grain orientation plots before and after compression for simulation 110_3 (e) and simulation 110 _1

(P, (g-h) angle between initial and final orientation per element in simulation 110_3 (g) and simulation 110 _1 (h).
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3.5.2  Dominant plasticity mechanisms in [100]-impacted samples

TKD analysis of the compressed [100]-impacted sample reveals a different dominant
plasticity mechanism than the [110] samples. Pronounced intergranular plasticity is evident from
the changes in grain sizes, orientations, and GND density. The TKD grain map shows large
sprawling grains with internal orientation gradients and nanograins interspersed throughout the
sample (Figure 3-31 (b)). As in the uncompressed sample, a gradual increase in average grain size
with increased distance still exists, but the average grain size is larger in the compressed sample
compared to the uncompressed (Figure 3-31 (e)). Furthermore, the compressed sample shows a
stronger texture than the uncompressed (Figure 3-31 (d)). These changes in the grain structure
suggest that pronounced intergranular plasticity must have occurred—Ileading to grain
coalescence. Mechanically driven grain coalescence can be accommodated through cooperative
nanograin rotation and grain boundary migration in the presence of high dislocation densities. The
high dislocation densities induced through impact drive nanograin formation, and high GND
density remains in the nanograined regions after impact. To reduce the high strain energy stored
in these regions, subsequent loading initiates intergranular plasticity (through dislocation activity
at the nanograin boundaries) leading to grain coalescence. Pronounced intergranular plasticity is
also evident in the decreased average GND density in the compressed sample (Figure 3-31 (g)), in

addition to the changes in the grain structure.
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Figure 3-31: Nanostructural changes due to quasistatic compression of a [100]-impacted sample (a) SEM images
of impacted microcube, compressed pillar, and pillar cross-section for TKD analysis, (b) TKD orientation map, (c)
GND density map, (d) (110) pole figures of uncompressed and compressed samples, (e) grain size and GND density

distributions and respective averages for uncompressed and compressed [100]-impacted samples.

Once again, we turn to the crystal plasticity simulations for additional clues about the active
plasticity mechanisms (Figure 3-32). Special attention is placed on the simulations with the most
varied mechanical responses: Simulation 100 _5 (Figure 3-32 (a), blue — high yield strength and
hardening rate) and Simulation 100_3 (Figure 3-32 (a), magenta — low yield strength and hardening
rate). Like the [110] simulations, the sample which exhibits high strain hardening shows large
changes in dislocation density throughout all grain sizes (Figure 3-32 (b)). There is a clear gradient
of increasing Ap with increasing grain size (Figure 3-32 (b, d)). This nicely reflects the large strain

gradient seen in the [100] samples (Figure 3-25 (a))—revealing that enhanced intragranular
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dislocation plasticity accommodates the larger strains in the larger grains. In contrast, there is little
change in the dislocation density of Simulation 100_3 (Figure 3-32 (b, c¢)), corresponding to the

lower strain hardening rates achieved in this sample.

The enhanced intragranular dislocation plasticity in Simulation 100_5 appears to lead to
intragranular crystal rotation (Figure 3-32 (f, h)). Orientation changes within grains point to the
formation of subgrain boundaries (Figure 3-32 (f, h)). Additionally, some of the visible deformed
grains seem to have similar orientations to their neighboring grains (Figure 3-32 (f)). This points
to a combination of intra- and inter-granular plasticity leading to grain coalescence, as

hypothesized from the experiments.
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Figure 3-32: Nanostructural changes in [100] samples tracked through CP simulations (a) stress-strain curves

from the five simulations of [100] samples, (b) average change in dislocation density vs grain size — color coded based

on the legend in (a), (c-d) average dislocation density change per element in simulation 100_3 (c) and simulation

100_5 (d), (e-f) grain orientation plots before and after compression for simulation 100_3 (e) and simulation 100_5

(F), (g-h) angle between initial and final orientation per element in simulation 100_3 (g) and simulation 100_5 (h).
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3.5.3 Dominant plasticity mechanisms in [111]-impacted samples

The dominant plasticity mechanism in the [111]-impacted samples is more challenging to
deduce. In the [111] samples, increased texture (marking grain coalescence, Figure 3-33 (d)) and
amore gradual grain size gradient (Figure 3-33 (e)) are juxtaposed with an increase in GND density
and smaller average grain size further from the impact plane (Figure 3-33 (e)). These results
indicate both intragranular and intergranular plasticity playing dominant roles. The TKD grain and
GND density maps of the compressed [111] sample (Figure 3-33 (b, ¢)) show the result of these
mechanisms. During compression, strain localization in the coarse-grained region is
accommodated by pronounced dislocation activity. To reduce the strain energy, dislocations form
subgrain boundaries which could eventually turn into new grains. The increase in GND density is
from this intragranular plasticity. The opposite occurs in the nanograined region: grain coalescence
reduces the high stored strain energy from impact-induced dislocations accommodating nanograin
boundary misorientations. Thus, a complex interplay between intergranular and intragranular

plasticity exists in the [111] samples.
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Figure 3-33: Nanostructural changes due to quasistatic compression of a [111]-impacted sample (a) SEM images
of impacted microcube, compressed pillar, and pillar cross-section for TKD analysis, (b) TKD orientation map, (c)
GND density map, (d) (110) pole figures of uncompressed and compressed samples, (€) grain size and GND density

distributions and respective averages for uncompressed and compressed [111]-impacted samples.

The crystal plasticity simulation results tell a similar story as the other two orientations
(Figure 3-34). The sample which exhibited the highest strain hardening (Simulation 111 _4; Figure
3-34 (a) — red) shows enhanced dislocation activity throughout the sample, but especially in the
largest grains (Figure 3-34 (b) — red, Figure 3-34 (d)). In contrast, the sample with low strain
hardening (Simulation 111_3; Figure 3-34 (a) — magenta) shows an isolated band of increased
dislocation density in the largest grain (Figure 3-34 (c))—much like Simulation 110 3 (Figure

3-30 (c)). The enhanced dislocation activity in Simulation 111 4 causes intragranular crystal
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rotation (Figure 3-30 (f, h)), with influence from neighboring grains. Like the experiments, the

simulations provide evidence for complementary intra- and inter-granular plasticity mechanisms.
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Figure 3-34: Nanostructural changes in [111] samples tracked through CP simulations (a) stress-strain curves

from the five simulations of [111] samples, (b) average change in dislocation density vs grain size — color coded based

on the legend in (a), (c-d) average dislocation density change per element in simulation 111 3 (c) and simulation

111 4 (d), (e-f) grain orientation plots before and after compression for simulation 111_3 (e) and simulation 111 4

(F), (g-h) angle between initial and final orientation per element in simulation 111 3 (g) and simulation 111 4 (h).



157

3.5.4 Activation of complementary plasticity mechanisms through heterogeneous

deformation

Both intergranular and intragranular plasticity are present in all samples; what differs is the
extent to which each of these mechanisms is present. Through experiments, we have shown that
intragranular plasticity dominates in the [110]-impacted sample, intergranular plasticity dominates
in [100]-impacted sample, and both types are prominent in [111]-impacted sample. Due to the
extensive impact-induced recrystallization and high GND densities in the [100]-impacted sample
(Figure 3-35 (a, c)), intergranular grain rotation and grain boundary migration lead to grain
coalescence (Figure 3-35 (b)). Cooperative nanograin rotation and grain boundary migration
enabled through high dislocation activity has been shown to enhance the ductility in
nanocrystalline metals [174,175,192]. In contrast, intragranular plasticity dominates in the [110]-
impacted samples, with high dislocation activity in the coarse-grained region accommodating
much of the strain (Figure 3-35 (a, ¢, d)). Heterogeneous plasticity arises in all samples due to the
grain size and GND gradients, but stress and strain gradients are most pronounced in the [100]
samples (Section 3.4.2). Since soft coarse-grained regions yield before hard nanograined domains,
GNDs pile-up at the boundary to accommodate the elastic-plastic mismatch. Pile-up of
dislocations at the domain boundaries is especially apparent in the [110]-impacted sample, where
a spike in GND density occurs at the sharp transition in grain size. Such pile-up of dislocations has
been shown to induce back-stress in the soft domain and forward-stress in the hard domain ([172],
Figure 3-35 (d)). These heterogeneous-deformation-induced stresses produce unusual mechanical
responses, including increased strain hardening in soft domains and increased ductility in hard
domains. Our results indicate that dislocation generation and accumulation within coarse grains

leads to high strain hardening, promoted by hetero-deformation induced back stresses. Forward
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stresses and high impact-induced dislocation densities in the nanograined regions promote

cooperative intergranular plasticity mechanisms leading to grain growth and ductility in

nanograined domains.
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Figure 3-35: Impact orientation-dependent plasticity mechanisms (a) grain size gradients for uncompressed and

compressed samples of the three impact orientation cases, (b) schematic of grain coalescence/formation, (c) average

dislocation densities of uncompressed and compressed samples of the three impact orientation cases, (d)

heterogeneous deformation induced by grain size and GND density gradients.
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3.6 Conclusion

The work presented in this chapter provides a comprehensive understanding of the process-
structure-property relations of impact-induced heterogeneous nanostructures. Single crystal silver
is used as the model material, which has a face-centered cubic structure and low stacking fault
energy. Beginning with pristine single crystal samples allows for clear determination of the
process-structure-property relations. Before delving into the complexities of the nanostructural
evolution and resultant properties of the single crystals deformed at high strain rates, we studied
the quasi-static mechanical behavior and origins of size effects in single crystal microsamples. We
found that dislocation-free nanocubes yield at near-theoretical strengths due to the high strengths
needed for homogeneous dislocation nucleation. The effects of pre-existing defects such as edge
and corner roundness, surface asperities, vacancy concentrations, and FIB-induced defects are
systematically investigated through experiments and MD simulations. We find that any defect
which breaks the perfect cubic crystal structures initiates heterogeneous dislocation nucleation at
lower stresses. This understanding is used to explain the observed sample size effect on strength,
since smaller samples have a lower probability of containing such defects. This study provides a
foundation for studying the process-structure-property relations of dynamically deformed single

crystal microsamples.

In contrast to the quasi-statically compressed microcubes which remain single crystal even
after loading to 40-50% strain, microcubes impacted on their face while traveling at velocities of
~400 m/s (corresponding to a strain rate of ~108 m/s) show dramatic nanostructural changes.
Through TEM and MD simulations, we reveal a martensitic phase transformation from an fcc to
an hcp structure in [100]-face impacted microcubes. Extensive grain refinement also occurs,

forming a gradient-nano-grained structure. The impact-induced shock wave propagates and



160

attenuates within the sample, inducing pronounced dislocation nucleation as it interacts with the
free surfaces. The attenuation of the shock wave leads to gradient plasticity, forming inversely
correlated grain size and dislocation density gradients along the sample height. These dislocation
density and grain size gradients are found to depend on the orientation of the cube upon impact:
[100]-face impacted samples show the most grain refinement, with smooth grain size and
dislocation density gradients. In contrast, the [110]-edge and [111]-corner impacted samples show
only limited grain refinement near the impact plane, with corresponding peaks in dislocation
density accommaodating the boundary between the coarse and nanograined regions. The internal
crystallographic orientation and external cubic shape are coupled in the synthesized microcubes,
so to investigate which predominately governs the dynamic recrystallization, we performed
microprojectile impact tests on [100], [110], and [111] orientated single crystal silver substrates.
This study revealed that the crystal orientation—rather than the reflective shock dynamics which
are altered based on the external shape—is the predominant factor governing dynamic
recrystallization. Extensive recrystallization occurs in [100] oriented single crystals due to the high
number of simultaneously activated slip systems and high critically resolved shear stresses
promoting enhanced dislocation nucleation, propagation, and interaction. Dynamic
recrystallization can be induced in [111] oriented single crystals by increasing the impact velocity,

which increases the rate of dislocation nucleation and interaction.

With this understanding of the impact-induced nanostructures and corresponding
orientation-dependent recrystallization mechanisms, we studied the resultant mechanical
responses of these heterogenous nanostructures. Through microcompression tests of micropillars
formed from the impacted cubes, we found that the impacted samples exhibit increased strength

and strain hardening compared to the original single crystal microsamples. Synergistic
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improvements in strength and toughness are attained, with maximum improvements of 4.7x the
yield strength and 5x the toughness as the single-crystal silver micropillars, and up to 7.4x the
yield strength and 4x the toughness as bulk coarse-grained silver. Such enhanced mechanical
performance is attributed to heterogeneous deformation induced strengthening. Crystal plasticity
simulations of synthetic microstructures based on experimental data reveal the emergence of strain
and stress gradients due to the original grain size and dislocation density gradients. This gradient
plasticity is more pronounced in [100] samples which have a smooth grain size gradient. The
heterogenous deformation induces back stresses in the soft domain and forward stresses in the hard
domain. These heterogenous deformation induced stresses are shown through gradients in the
stress distribution and Lode parameter: high compressive stresses are seen in the nanograined

regions, and the stress state progressively becomes more tensile with increasing grain size.

To investigate what plasticity mechanisms are elicited through heterogeneous deformation,
we study the nanostructural changes due to quasi-static compression. Post-compression TKD
analysis reveals that both intergranular and intragranular plasticity are present in all samples, but
the dominant plasticity mechanisms can be tuned based on the distinct impact-orientation
dependent nanostructures. Through experiments, we have shown that intragranular plasticity
dominates in the [110]-impacted sample, intergranular plasticity dominates in [100]-impacted
sample, and both types are prominent in [111]-impacted sample. The nanostructural changes are
tracked in the crystal plasticity simulations, and different plastic deformation responses can be
attributed to positive or negative effects on the mechanical response. We find that samples with
large increases in average dislocation density exhibit high strain hardening. Increases in dislocation
density are higher in larger grains, which corresponds to the strain localization. Enhanced

intragranular dislocation activity leads to crystal rotation within grains. The orientation changes
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appear within grains of all sizes and seem to be influenced by neighboring grains. These
complementary intra- and inter-granular plasticity mechanisms provide enhanced mechanical

properties.
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Chapter 4. Investigating the fracture and
densification behavior in the pyrocarbon
buffer layer of TRISO nuclear fuel particles®

4.1 Introduction

The work presented in this chapter focuses on the process-structure-property relations of
the buffer layer in tristructural isotropic (TRISO) coated nuclear fuel particles (Section 2.1.2). The
objectives defined in Section 1.1.2 are addressed through the carefully designed experiments on
unirradiated and irradiated particles. The heterogeneity of the porous buffer layer is characterized
and its effects on the local mechanical properties and failure modes analyzed. Post-irradiation
examination reveals dramatic micro- and nanostructural changes within the porous pyrocarbon.
Structural changes are found to depend on the irradiation conditions and dictate the buffer fracture
and densification response. This work aims to provide a better understanding of the buffer layer
response to irradiation, providing guidance for improvements in future iterations of TRISO particle
design and fabrication. Before delving into the findings of this research, this introduction provides

contextual background for this work.

5 The work presented in this chapter is partially adapted from the following research papers:

1) C. Griesbach, T. Gerczak, Y. Zhang, R. Thevamaran, Microstructural heterogeneity of the buffer layer
of TRISO nuclear fuel particles, Journal of Nuclear Materials 574 (2022)

2) C. Griesbach, C. McKinney, Y. Zhang, T. Gerczak, R. Thevamaran, Irradiation-induced changes in the
porous buffer microstructure of TRISO nuclear fuel particles (in preparation)

3) C. Griesbach, J.D. Arregui Mena, E. Lopez, Y. Zhang, T. Gerczak, R. Thevamaran, Irradiation-induced
nanostructural changes in porous pyrocarbon (in preparation)

4) C. Griesbach, T. Gerczak, Y. Zhang, R. Thevamaran, Super elasticity and anisotropic mechanical
response in porous pyrocarbon (in preparation)
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Tristructural isotropic (TRISO) coated fuel particles have been developed as a high-
performance fuel for High Temperature Gas-cooled Reactors (HTGRs) [24,193]. HTGRs are a
high performance clean-energy alternative to fossil-fuel energy types, providing the potential to
alleviate some of the negative effects of climate change [194]. Recently, TRISO particles are also
being considered for other nuclear applications—including several advanced reactor types,
modular reactors, and space nuclear propulsion. Depending on the application, thousands of small
spherical (~1 mm diameter) TRISO particles are held together with a matrix material (typically
graphite) through a compaction process. In HTGRs, cylindrical fuel compacts are organized into
large prismatic graphite blocks compacts which go into the nuclear reactor [195]. The TRISO
coating surrounds a spherical kernel containing uranium and is designed to retain the fissile by-
products caused by irradiation. The modern architecture of TRISO particles was based on the
German TRISO-coated fuel particles developed for the AVR  (Arbeitsgemeinschaft
Versuchsreaktor) reactor [196,197]. The US Department of Energy’s Advanced Gas Reactor
(AGR) Fuel Development and Qualification Program has continued the exploration of the
established TRISO architecture and conducted irradiation experiments containing several fuel
variants [198]. The AGR-1 irradiation experiment contained laboratory-scale fuel particles with
uranium oxycarbide (UCO) kernels [199], whereas the AGR-2 experiment contained capsules with
UCO particles and capsules containing particles with UO2 kernels [200]. In the AGR-2
experiments, several changes were made to the particle fabrication process, including to the kernel
and coating processes, and to the process used to set the particles in cylindrical compacts;
additionally, the TRISO particles for the AGR-2 experiments were produced by manufacturers at
the industrial scale [198]. In both irradiation experiments, the particle architecture is relatively the

same: surrounding the spherical kernel is a multilayered spherical shell consisting of a porous
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pyrocarbon buffer layer, a dense inner pyrolytic carbon layer (IPyC), a silicon carbide layer (SiC),
and a dense outer pyrolytic carbon (OPyC) layer. A fluidized bed chemical vapor deposition

(FBCVD) coating furnace was used to fabricate the layers of the coating [25].

The TRISO particles tested in the AGR experiments have been shown to be robust under
irradiation at HTGR relevant temperatures [25,27]. Failure can occur when the outer SiC layer is
locally corroded or fractured, allowing fission products to be released from individual particles
[201-203]. In testing AGR-1 particles under normal irradiation conditions and enhanced
temperatures of 1600-1800 °C out-of-pile, the percentage of particles that showed SiC failure was
only 0.0013% under normal irradiation conditions and 0.0091-0.14% during the 1800 °C safety
tests [201]. Here, the 1800 °C safety test condition represents a margin temperature higher than
predicted fuel temperatures relevant to off-normal accident conditions expected for typical HTGR
designs [204]. Although these failure events are less probable, release of fission products limits
the acceptable lifetime of the fuel compacts to ensure safe operation; thus, failure must be

mitigated.

Post irradiation examination (PIE) of the particles tested in the AGR-1 and AGR-2
irradiation experiments reveal common failure modes within the TRISO coating [25,26,202,203].
Examination of AGR-1 particles revealed that failure often begins in the buffer layer with
fracture—including radial buffer fracture and circumferential internal tearing of the buffer— that
leads to the initiation of cracks in surrounding layers and the transference of fission products,
which locally corrode the exposed SiC layer, eventually leading to failure of the SiC layer and the
release of fission products [201,202,205]. Therefore, it is imperative that we understand the causes
of buffer fracture and which modes of buffer failure led to IPyC and SiC failure. A complex stress

state exists within the buffer layer during irradiation due to kernel swelling and thermal stress,
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leading to buffer densification and fracture [206]. The different responses of the buffer layer to
irradiation have been characterized through optical imaging and x-ray computed tomography and
classified based on whether the buffer fractures and/or internally tears away from the IPyC layer
[207-209]. Radial and/or circumferential cracking of the buffer layer can occur: radial cracks can
propagate into the IPyC layer if the buffer/IPyC layers are not separated, whereas incomplete
tearing of the buffer away from the IPyC layer through circumferential cracking can lead to high
stress concentrations at still-bonded locations that induce cracking within the IPyC layer
[207,208]. Both buffer responses can lead to failed SiC layers due to transmission of a crack into

the IPyC layer and subsequent local corrosion at the IPyC-SiC interface [201,202,205]

To understand the complex stress state and structural changes that occur during irradiation,
we must fully characterize the structure of both as-fabricated and irradiated particles across
different length scales. Of critical importance to understanding fracture and densification within
the buffer layer is comprehensive characterization of the microscale pore structure—including the
porosity and its spatial distribution, typical pore size, shape, and orientation, and variations in the
porosity between particles. This comprehensive characterization of the pore structure will provide
insight into the buffer fracture modes, the role of the pore structure in densification, and the
stochasticity of buffer behavior. Modeling efforts have sought to predict TRISO particle failure
but fall short partly due to the lack of structural characterization of the buffer layer [210-212].
Such characterizations have been done on the PyC layers and the SiC layer [28,84,205,213-218];
however, little characterization of the buffer microstructure has been done relative to the other
TRISO layers. Past buffer layer characterizations were performed using micro- to macro-scale
characterization techniques such as x-ray tomography, mercury intrusion porosimetry, or

macroscale relative density measurements [27,193,216,219]. These micro- and macro-scale
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characterizations are insufficient to accurately describe the spatial dependence of buffer porosity
and the pore size and shape, which are necessary for prediction of buffer and TRISO particle
failure. Of relevance to fracture initiation and propagation in the buffer is the porosity and its
spatial distribution, which affect the irradiation-induced dimensional changes, stress distribution,

and local fracture resistance.

Like the porous microstructure, irradiation-induced changes within the pyrocarbon
nanostructure can have pronounced influence on the buffer densification and fracture response.
There have been some separate effects studies into the influence of various temperatures and/or
neutron fluences on the dimensional changes of graphite and pyrolytic carbon [220-223]. Heat
treatment of pyrocarbon produced through fluidized bed chemical vapor deposition showed an
increase in graphitization (increased anisotropy, domain size, and degree of stacking order) with
increasing heat treatment temperatures [223]. Increased temperature has also been shown to
increase the rate of dimensional change in irradiated graphite and pyrocarbon [220,222].
Additionally, the initial anisotropy and crystal size influences the densification rate [221]. To
understand the irradiation-induced densification of the pyrocarbon buffer layer, we must
characterize the nanostructural changes that occur within the pyrocarbon nanostructure. X-ray
tomography studies have revealed that the densification and radial fracture fractions of the buffer
layer depend on the irradiation conditions [224]. Here, we study the effects of different irradiation

conditions on the micro- and nanostructural changes in the porous pyrocarbon buffer layer.
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4.2 Implications of microstructural heterogeneity in the as-fabricated buffer

layer of TRISO particles

4.2.1 Experimental design

To fully characterize the buffer
porosity and investigate the heterogeneity
of the buffer microstructure, we perform
FIB-SEM tomography (Section 2.4.5) on

several different regions within the buffer

layer and on multiple particles. Figure 4-1: FIB-SEM tomography on TRISO particles (a)

SEM image of cross-sectioned TRISO particles mounted in an

Additionally, several scans are performed epoxy puck, (b) regions of interest identified, corresponding to

sequentially along the radial direction objectives of the porosity characterization plan (Table 4-1).

traversing the entire buffer layer thickness, which provides a continuous description of the
variation in porosity along this direction. The experimental plan outlined in Table 4-1 yields a

robust characterization of the buffer layer porosity.

Table 4-1 Porosity characterization plan using FIB-SEM tomography

ID Description Sample Volume Number of iterations

I Section traversing entire buffer ~10x100x10 um?® 1 (8 parts)
layer (~8 separate
scans)

] Volume near kernel ~15x15x15um?3 5 (different particles or
locations)

Il Volume in center ~15x15x15um?3 5 (different particles or
locations)

v Volume near iPyC layer ~15x15x15um?3 5 (different particles or
locations)
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To investigate how the microstructural heterogeneity affects the mechanical properties in
different directions, we also perform nanoindentation (Section 2.3.2) and microcompression tests
(2.3.3). Several locations within the buffer layer are mechanically tested, and strategically milled

micropillars are compressed in the radial and tangential directions.
4.2.2  Porosity characterization across the radial direction of a single particle

The pores were identified through the segmentation and separation workflow outlined in
Section 2.4.5. Visuals of the porosity across the buffer layer are shown in Figure 4-2 (c), with
pores colored according to the scan. To quantify the porosity along the buffer thickness, the

porosity of slice n in scan m is defined as

Pn,m = P(rbuffer) = Aporesn Lstice (29)

Am tslice

where Aporesn 1S the area of the pixels segmented as pores in slice n, Ay, is the cross-sectional
area of scan m, and t;; is the slice thickness (50 nm). The slice position along the radial direction

in the buffer (y,rfer) is defined as

Thuffer = To,m + Nesiice (30)

where g ,,, IS the start position of scan m, n is the slice number, and tg;;..= 50 nm. The porosity
(per slice) is plotted as a function of 7, ¢, in Figure 4-2 (a). A general trend of increasing porosity
with increasing 7y, ¢rer is Observed (Figure 4-2 (a)). However, there are significant local
fluctuations in the porosity which appear to increase in magnitude with increasing 7y, ¢fer. TO
more clearly visualize the changes in porosity and its fluctuation with increasing 73,y rr, b0X plots

are shown to represent the data statistics of each 10 um interval across the buffer thickness (Figure

4-2 (b)). From this representation, we see that in general, the mean and median values increase
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with larger 7y, ¢re. However, there are a few exceptions, particularly in the 60 — 90 um range
where there is a local decrease in porosity due to large fluctuations shown though the large error
bars and interquartile ranges of the box plots in this region. Given the large error bars which
overlap each other, we performed a Mann-Kendall test to determine if the observed trend of

increasing porosity With 7,77, Is statistically significant. The Mann-Kendall test accesses

whether a monotonic upward trend exists in the data by looking at the differences between each
data point and all preceding data points [225,226]. The test statistic (Z,,x) was found to be 18.32,
which is greater than the Z-value obtained at the 95" percentile of a standard normal distribution
(Zo.05 = 1.6449). Therefore, the null hypothesis that there is no monotonic trend is rejected, and

we confirm that there exists a statistically significant upward monotonic trend in the data.

The increase in porosity along the radial direction is expected to be resultant of the
processing route: the particles are fabricated through an FBCVD process [25], in which layers
grow on the particle in the radial direction. Although the diameter of the particle is increasing
during deposition, the processing conditions—including the coating gas fraction and total gas
flow—are not typically changed to account for the increase in surface area over the course of the
deposition [227]. The constant deposition conditions with time-dependent change in bed surface
area may influence the FBCVD coating process and result in an increase in porosity with
increasing distance from the kernel, as seen in our data. The increase in porosity and variability as
well as the location of maximum porosity at ~5 pum from the buffer-1PyC interface correlates well
with the radial location of circumferential cracking that leads to buffer-IPyC tearing, as seen in
PIE of TRISO particles [25,26]. The average porosity within the total scan volume is 13.5%. We
can also calculate the average porosity in the buffer layer by considering the radial distribution of

porosity (o(r)) to be representative of the entire buffer layer and integrating over the whole buffer
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volume (pgyg = f:: p(r)4nr2dr Vi), Which is calculated to be 14.0%. This average porosity

of 14% does not account for the approximate buffer density of 50% of the theoretical density of
graphite [207,228,229]. Therefore, the buffer matrix or nanoscale porosity below the resolution of
the serial sectioning approach used here must account for the reduced buffer density. Considering
the 14% porosity and 50% theoretical density, we can calculate the expected density of the buffer
matrix (solid pyrocarbon) to be 1.31 g/cc or ~58% of the theoretical density of graphite. A
pyrocarbon with such a low density would have a very disordered nanostructure with large

interplanar spacing between the graphene planes as shown in a recent molecular dynamics study

[230].
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Figure 4-2: Porosity distribution along buffer layer thickness (a) per slice porosity across buffer layer—average
porosity in each scan denoted with black square, with error bars denoting standard deviation, (b) box plots showing
statistics of data in (a) separated into 10 um intervals, (c) 3D reconstruction of buffer microstructure, with porosity in

each scan highlighted—colors correspond to scan data in (a) and in Figure 4 (a—b).

We further characterize the porosity by examining the pore size. Each pore’s volume and
equivalent diameter (calculated by equating the pore volume to a spherical volume) is plotted
against its centroid location in the buffer along the radial direction (Figure 4-3 (a-b)), colored
corresponding to the scan. The pore volumes range from 4.7E-4 um? to 174 um? (corresponding
to diameters of equivalent spherical volumes of approximately 0.097 um and 6.9 um, respectively).
Since the scan resolution is 50 nm, it is possible that smaller pores exist but are not resolved by
this method. However, as the highest concentration of pores are within the 0.001-0.01 um? size
range, and the number of pores identified with volumes <0.001 pm? is much lower (Figure 4-3(b—
c)), we conclude that the identified pores adequately represent the actual porosity in the sample.
Additionally, the smallest pores—although numerous—contribute very little to the total porosity

(Figure 4-3 (d)).
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Figure 4-3: Pore size distribution (a) each pore’s equivalent diameter and centroid position plotted in the color
corresponding to the scan, (b) each pore’s volume and centroid position plotted in the color corresponding to the scan;
volume ranges identified by colored arrows corresponding to colors used in (c) and (d), (c) percentage of pores in each

volume range, (d) volume fraction of pores in each volume range.

We identified five volume bins to examine the pore size distribution in more detail (colored
arrows in Figure 4-3 (b)): V<0.001 um? (purple), 0.001 pm3<V<0.01 um? (red), 0.01 pm3<Vv<0.1
um? (blue), 0.1 pm3<V<1 um?3 (green), and V>1 um? (black). These colors representing the volume
bins are used in Figure 4-3 (c—d) and Figure 4-4. Figure 4-3 (c) shows the percentage of pores

within each volume range (Nporesevmnge ./ Npores), Whereas Figure 4-3 (d) shows volume fraction
of pores within each volume range (3 VporeseVyange /% Vpores)- Although some of the smallest

pores (0.001 pm3<V<0.01 pm? — red) constitute a large percentage of pores (~50%), they provide
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only ~1.7% of the total pore volume. Conversely, the largest pores (V>1 um?® — black) represent
only 0.9% of the pores but make up 74% of the total pore volume. This inverse relationship
between the number of pores and contribution to total porosity hints at the pore structure: that of
large sprawling networks of connected voids surrounded by numerous interspersed small pores.
However, several questions about the pore structure remain, including the distribution of pore sizes
throughout the buffer layer thickness, and whether any pore size grouping is primarily responsible

for the increase in porosity toward the IPyC layer or if the porosity from all pore sizes increases.

Figure 4-4 (a) shows a 3D volume rendering of the pores along the buffer thickness. The
pores are colored according to the volume ranges defined previously. From this visualization, it
appears that there are fewer smaller pores (green, blue, red) where the largest pores (black — V>1
um?) dominate. Additionally, the largest pores (black — V>1 pm®) seem to dominate closest to the
IPyC layer, which may explain the increase in overall porosity (Figure 4-4 (a)). To verify these
observations, the volume fraction within each volume range (VFg;ce voiume) Was plotted against
the distance from the kernel in the radial direction (Figure 4-4 (b)). Calculated for every slice, the

volume fraction of pores from volume range i on slice n is defined as

An,poreseV

VFi,n = VFsiice votume (Tbuffer) = % (31)

where A poreseVyange, is the total area of all pores on slice n, whose size is within the volume

range i; A, is the cross-sectional area of slice n; ¢, is calculated according to Eq. (2); and i
is the index corresponding to a volume range (5 in total). The continuous line profiles of the volume
fractions with distance from the buffer (Figure 4-4 (b)) show the local and global changes in
porosity within each pore size grouping. The largest variation occurs within the largest pore size

range (V>1 um3 — black). Additionally, the variation in the volume fraction and the mean volume
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fraction seem to increase with increasing 7y, ¢ s, Which correlates with the increase in the standard
deviation and average porosity in the entire sample (Figure 4-3 (a)). This suggests that the largest
pores are the driving component of overall porosity in the sample, and they are the primary source

of the porosity fluctuation along the radial direction seen in Figure 4-3 (a).
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Figure 4-4: Pore size distribution across buffer thickness (a) pores colored by pore size (V>1 pm?®—black, 0.1 pm?®
<V<I pm?®— green, 0.01 pm?® <V<0.1 pm?® - blue, 0.001 pm?® <V<0.01 pm?®—red, V<0.001 um?® - purple), (b) volume
fraction per slice of pores within each volume range plotted against position along the radial direction within the

buffer, (c) volume fraction of total pore volume in each 10 um section.
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We can also analyze how each pore size’s contribution to the total porosity changes across
the buffer layer. For each 10 um section, the volume fraction of pores within volume range i

(X VporeseV angei/ 2 Vpores) is plotted against the median 73,7 value of the 10 um section

(Figure 4-4 (c)). Looking at the trends in volume fractions for the different pore sizes, it becomes
apparent that the smaller pores all follow the opposite trend as the largest pore size (V>1 um?® —
black). For example, at 73,5 = 65 pm, the contribution to the overall porosity from the largest
pores is at a minimum, whereas the contributions to the overall porosity from the smaller pores
(0.001 pm3<V<1 um?®—red, blue, green) are at the maxima values in the buffer layer. This suggests
that when there is a deficit of large pores in a region, the porosity is primarily made up of smaller
pores and vice versa. Additionally, the contribution to the total porosity from the largest pores is
high near the IPyC layer, whereas all other pore sizes contribute very little to the porosity near the
IPyC layer. These data confirm the observations made from the 3D volume rendering of the pore
structure (Figure 4-4 (a)). The increased porosity near the IPyC layer, which is driven by the largest
pores, may be able to accommodate large compressive strains during densification of the buffer

layer.

To investigate the pore shapes, we adopted a particle form analysis method commonly used
in sedimentology [231]. A particle’s form can be described using three dimensions: the length or
longest dimension (L), breadth or intermediate dimension (1), and thickness or smallest dimension
(S). These three dimensions are perpendicular to each other. Typically, the length is taken to be
the maximum caliper diameter, | is the maximum caliper diameter perpendicular to L, and S is
perpendicular to both L and I. However, in some cases, these definitions do not produce the
smallest volume containing the object. Therefore, we used an alternative method, in which the

three dimensions correspond to the side lengths of a bounding box with minimum volume
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surrounding the pore. Meshes of the pores are outputted from the Dragonfly model, and a
MATLAB script is used to find the minimum bounding box surrounding each pore. All three
dimensions are unique; L is defined as the longest dimension, S is defined as the smallest
dimension, and 1 is defined as the intermediate dimension. We describe the particle form through

ratios of these side lengths: an elongation parameter (I/L) and a flatness parameter (S/1).
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Figure 4-5: Pore shape distribution (a) flatness and elongation factors (S/I and I/L, respectively) for each pore
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plotted on a ternary plot and colored by scan, (b) same data in (a) colored and scaled by the volume of the pore’s
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bounding box, (c) a measure of the pore fill volume of the bounding box vs. pore volume, (d) mesh and bounding box
of a representative large pore: Vpore=2.958 pum?3, Vpore/Vbounding box=0.056, (€) mesh and bounding box of a representative
Sma” pOI’e Vpore:0.003 }Lm3, Vpore/Vbounding box:0.417.

The flatness and elongation ratios for each pore are plotted on the ternary plots in Figure
4-5 (a-b). The data points in Figure 4-5 (a) are color coded by scan, and the data points in Figure
4-5 (b) are scaled and colored by the volume of each pore’s bounding box. From Figure 4-5 (a),
we can see that there is not a segregation of pore shapes by scan (or position along the buffer layer
thickness). There is a congregation of data points near the I/L = 0.5, S/I = 0.9 region, revealing
that many pores are elongated and not flat. In fact, the lower region of the ternary plot is devoid of
data points, revealing that the pores are not flat. Figure 4-5 (b) shows the relationship between
pore shape and size. We see that the large congregation of data points near the I/L = 0.5, S/ = 0.9
region was composed mostly of smaller pores. In contrast, the largest pores tend to have larger I/L
ratios and are more cubic in shape. However, the largest pores have bounding box volumes of
1000-1400 um?®, which approaches the scan volumes. Thus, these largest pores may continue

outside of the scan volume, introducing some error in the pore shape.

Figure 4-5 (c—) provides further insight into the relationship between pore shape and size.
The ratio of the pore’s volume to the volume of its bounding box is plotted against the pore’s
volume (Figure 4-5 (c)). A ratio of one would mean the entire bounding box is filled by the pore.
We observe that the smallest pores have larger Vpore/ Vbounding box ratios than the larger pores. This
suggests that the largest pores consist of sprawling networks of interconnected voids with the
pyrocarbon matrix between the voids, giving a smaller fraction of pore volume per buffer volume
unit. This observation is confirmed by analyzing representative pores in each volume range. Figure
4-5 (d) shows the mesh and bounding box of a large pore with a volume of 2.958 um?, and Figure

4-5 (e) shows the mesh and bounding box of a small pore with a volume of 0.003 pm?. The smaller
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pore in Figure 4-5 (e) fills ~42% of the bounding box. In contrast, the larger pore has many
branching components, leading to a smaller Vpore/Vbounding box ratio of 0.056. This confirms the
conclusion from the previous analysis that the large pores consist of sprawling networks of
interconnected voids that may be able to accommodate larger strains in a given volume during

densification due to compression of material into the empty space.

L

0.001um>®<V<0.01pm?® V<0.001um?®

0.1um3*<V<1pm?® 0.01um®<v<0.1um®

decreasing pore size

Figure 4-6: Pore orientation distribution (a) front view (left) and side view (right) of vectors describing the
magnitude and orientation of each pore’s L dimension (longest side length of bounding box)—color coded by pore
volume bin, (b—f) top: (001) pole figures of the L-vector orientations for different pore volume bins with respect to
the [001] direction (radial/buffer thickness direction); bottom: examples of pores from each pore volume bin showing

orientation of bounding box.

Since most pores are elongated and not equiaxed, we examine the orientation of pores

within the buffer and whether a predominant texture emerges. Vectors describing the magnitude
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and orientation of each pore’s L dimension (“L-vectors”) are plotted in Figure 4-6 (a). The vectors
are color coded by the pore volume bins defined previously. Miller indices are used to define the
directions, as in crystallography: the radial direction (or scan “z” direction) identified in Figure
4-6 (a) corresponds to the [001] direction, and the cross section plane is defined by the [010]
(height) and [100] (width) directions. The Euler angles describing the rotation between these “L-
vectors” and the [001] direction are computed and plotted on the (001) pole figures in Figure 4-6
(b—f) (top panel) using MTEX [57]. Orthorhombic crystal symmetry is invoked to reflect the
symmetry of the bounding boxes. If all pores’ long axes were aligned with the [001] direction, for
example, then the pole figures would exhibit a bright spot in the center. Pole figures for each pore
volume bin are plotted in Figure 4-6 (b—f), with decreasing pore volume, in addition to example
pores from each bin. A clear texture emerges, which evolves as a function of the pore size. A near
<100> texture emerges in the largest (V>1pm?®) and smallest (V<0.001 um?®) pores, revealing that
the bounding boxes of these pores are commonly oriented along three principal axes. In both cases,
the [001] texture (central spot) is weaker relative to the [100] and [010] directions, revealing that
the pore’s longest axis is more commonly aligned along a circumferential direction. For the
smallest pores, the near <100> texture can be attributed to the cubic mesh dictating the bounding
box orientation, as only a few voxels make up these pores (see Figure 4-6 (f), bottom). For the
largest pores (V>1 pm?), the <100> texture is weaker; however, many pores are still oriented with
the L-vector along the [100], [010], or [001] direction. As mentioned previously, these large pores
often span the entire scan volume, so the bounding box would naturally be oriented the same as

the scan volume.

The orientation of the intermediate pores is of greater interest and may provide insight into

the processing conditions and buffer performance during irradiation. In the pole figures of Figure
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4-6 (c-€), we see a high concentration of orientations around [021], which becomes more diffuse
with decreasing pore volume. However, the smaller pore volume bin (0.001-0.01 um?3, red)
contains small pores, which may also be susceptible to the artifact of the cubic mesh described
earlier. The emergence of the [021] texture, as well as the diffuse spread of orientations around
the pole figure perimeter in Figure 4-6 (c—d), provides a clear indicator that the elongated pores
tend to be oriented along particular directions. Perhaps more enlightening is the absence of pores
with orientations on the right side of the pole figures. This can also be observed in the L-vector
plot (Figure 4-6 (a), right), in which many vectors are oriented in a left-to-right, down-diagonal
fashion, but very few are oriented in a left-to-right, up-diagonal fashion. These observations lead
us to suspect that the particle was not ground to precisely mid-plane, and the elongated pores are
typically oriented with their long axis perpendicular to the true radial direction of the particle (i.e.,
in a circumferential direction). If this is the case, then the pore shapes and orientations defined
here could be used to predict stress concentrations and the fracture modes within the buffer layer.
Additional FIB-SEM tomography experiments on several different particles are needed to confirm

these observations.
4.2.3  Heterogeneity in porosity and mechanical properties

To examine if the observed microstructural features are consistent between particles, we
performed FIB-SEM tomography at three distinct regions—near the kernel-buffer interface, mid-
buffer, and near the buffer-1PyC interface—on five different particles. The measured porosity as a
function of 7y, ¢, is shown in Figure 4-7 (a) for the five particles, and the average and standard
deviation in porosity for each scan (3 on each particle) are shown in Figure 4-7 (b). While local
fluctuations in porosity are different between particles, most particles exhibit high porosity and

larger variations in porosity near the buffer-IPyC interface. The exception is sample S3P3, for
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which a low average porosity of ~10% is recorded for the third scan near the IPyC. However, given
the average location (~105 um), this scan likely encompassed some of the IPyC layer which
contains much lower porosity. The large local fluctuations in porosity can be attributed to the fluid
dynamics within the fluidized bed chemical vapor deposition chamber. During deposition, the
particles continuously flow throughout the chamber, and their position and velocity with respect
to the gas inflow nozzle affects the rate of deposition. If all particles follow the same trajectory
and are exposed to the exact same deposition conditions, their porous microstructures would be
very similar. However, due to the geometry of the chamber and nozzle, the velocity of the particles
will vary throughout their trajectory causing banded fluctuations in porosity. Furthermore, particle
flow may stagnate in some regions, causing heterogeneity between particles. However, the overall
average porosity is quite consistent—an average of 14.7% with a standard deviation of 3.8%
between particles. These findings confirm two main conclusions found in the previous section
(Section 4.2.2): (i) the porosity and its fluctuation tend to be higher near the buffer-1PyC interface,
and (ii) the average porosity (around 14%) is much to low to account for the low density of the

buffer layer (50% theoretical density).
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Figure 4-7: Porosity heterogeneity between particles (a) porosity measured every slice (50 nm) in each of the 15
scans (3 scans each on 5 particles), (b) average and standard deviation of porosity in each of the 15 scans plotted
against average position within the buffer layer, (c) volume fraction of pores in each volume range, (d) percentage of

pores in each volume range.

The pore sizes and their contribution to the overall porosity are also quite consistent
between the particles. Pores are split into the same five volume bins used in Section 4.2.2, each
spanning an order of magnitude from less than 10 um? to greater than 1 um3. While the largest
pores (>1 um® make up most of the pore volume (up to 88%), they represent a very small
percentage of the total pores (<2%). The pores with volumes between 10 pm3and 10! um?® make

up the majority of the pores but contribute very little to the overall pore volume. These results
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indicate similarity between pore sizes and the relative contribution to overall porosity within these

five samples.

Figure 4-8: Pore shape and orientation (a) SEM image indicating locations of scans, (b) definitions of pore
dimensions and orientation of the L dimension with respect to the r-t coordinate system, (c) ternary plots representing

pore shapes (top) and pole figures showing orientation distributions of elongated pores (bottom).

To further analyze pore structure heterogeneity between particles, we analyzed the pore
shapes and their orientations using the same methods described in Section 4.2.2. Ternary plots
(Figure 4-8 (c)) show increased scatter in pore shape within some particles (i.e., S1IP7, S4P2);
however, all particles have very few pores with small S/I ratios, indicating most pores are not flat.
Additionally, concentrations of pores with intermediate I/L ratios indicates most pores are slightly

elongated. Finally, in all particles, there does not appear to be a clear trend of changing pore shape
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with position in the buffer (bottom, middle, top). Since pores are elongated and not flat, we
performed orientation analysis on pores longest dimension (L) with respect to the particle’s radial
and tangential directions (Figure 4-8 (b)). Orientations concentrated on the [100] and [010] poles
of the (001) pole figure correspond to tangential directions, while orientations concentrated on the
[001] pole (center) indicates elongation of pores in the radial direction. Most samples show
stronger concentrations of orientations along the tangential directions, while a concentration in the
[021] direction emerges in samples S1P3 and S3P3. These samples were likely not ground
precisely to midplane and the [021] direction corresponds to a tangential direction. These results

confirm the hypothesis that elongated pores tend to be oriented along tangential directions.

With a comprehensive characterization of the porous microstructure, we performed
mechanical tests designed to assess the effects of microstructural heterogeneity on the mechanical
response. Nanoindentation tests were performed in situ SEM with a sharp cube corner diamond
tip. Nanoindentation of brittle materials using a sharp faceted tip produces cracks which propagate
radially from the edges of the tip. The length of these cracks can be used to estimate the fracture
toughness [232]. As a graphitic material, pyrocarbon is brittle, so we expected to use this method
for an initial estimate of fracture toughness. However, even using the high load transducer at a
maximum load of ~300 mN, radial cracks are not produced. Instead, the nanoindentation tests
reveal super elasticity of the buffer (Figure 4-9 (a)). Indents in the buffer layer were made to depths
of ~4-11 pum (Figure 4-9 (a-2)). Upon unloading, most of the deformation is elastically recovered
(Figure 4-9 (a-3)). High elasticity of the buffer is also demonstrated through microcompression
tests of pillars FIB-milled from the buffer layer (Figure 4-9 (b)). Two microcompression tests were
performed on the same micropillar: in the first test, the test was stopped before the yield point, and

in the second test, the pillar was compressed until brittle failure had occurred. SEM images of the
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pillar before (Figure 4-9 (b-1)) and after (Figure 4-9 (b-2)) the first test show that the pillar made
a full elastic recovery. In contrast, remnants of the pillar after brittle failure are seen in (Figure 4-9
(b-c)). The stress-strain curves of these two tests (Figure 4-9 (b)) show that the pillar elastically
deforms until at least 10% strain and doesn’t exhibit brittle failure until ~22% strain. We

hypothesize that microporosity provides space for enhanced elasticity within the pyrocarbon

matrix.
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Figure 4-9: Super-elasticity of pyrocarbon buffer (a) force-displacement curves from in situ SEM nanoindentation
experiments with SEM images at select points during deformation in (a-1) — (a-3) , (b) stress-strain curves from in situ
SEM microcompression experiments on the same sample compressed to ~10% strain without yielding (blue curve)

and to ~30% strain exhibiting brittle failure; SEM images at select points during deformation in (b-1) — (b-3).
Additional microcompression tests were performed on pillars in the radial and

circumferential directions of the spherical particle. To accomplish circumferential compression,

the particles were ground to approximately midplane and pillars were fabricated by FIB-milling

annular patterns on the surface (Figure 4-10 (c)). Pillars were milled at different positions along
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the radial direction of the buffer to correlate the mechanical properties to the radial porosity
gradient revealed through FIB-SEM tomography. A large pillar diameter (~7 um) was chosen to
include a representative pore structure—similar to the volumes probed in FIB-SEM tomography.
To accomplish compression in the radial direction, particles were ground past mid-plane until the
kernel disappeared and the central circular area of the particle was all buffer. Pillars fabricated at
the center of this exposed buffer cross-section are axially aligned with the radial direction of the
particle (Figure 4-10 (c)). The radial position of this pillar within the buffer layer is calculated by
measuring geometric features of the cross section. Pillars are compressed at a constant strain rate
of 0.01 s*. Engineering stress-strain curves of radially compressed and circumferentially
compressed pillars are shown in Figure 4-10 (a) and (b), respectively. A light to dark color map is
used to denote increasing radial position within the buffer layer. The yield strength of each pillar
is plotted against the pillar’s radial position in Figure 4-10 (d). Again, super elasticity is witnessed,
with brittle failure deferred until 10-25% strain. Interestingly, a trend of increasing yield strength
with increasing radial position emerges in both radial and circumferential compressed pillars
(Figure 4-10 (d)). Considering that the pillars located closer to the IPyC layer would have higher
porosity, the higher yield strength in these pillars is counterintuitive. Simple consideration of the
rule of mixtures would suggest that the increased void space would reduce the composite yield
strength. Additionally, stress concentrations would develop at points around pores, which could
cause premature fracture, thereby reducing the yield strength. The experimental data counters
these arguments, suggesting a more nuanced mechanistic explanation is required. A potential
explanation, which we are investigating through ongoing MD simulations with our collaborators,

is that the porous microstructure allows for enhanced plasticity in the pyrocarbon nanostructure.
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With increased void space within the material, nanostructural rearrangement (i.e. rotation of

crystallites, bond forming/breaking between graphene layers, etc) is made possible.

Although we expect to see differences in the mechanical responses of radially and
circumferentially compressed pillars, clear trends cannot be confirmed with this limited sample
size. However, the two radially compressed pillars exhibit slightly lower yield strength than
circumferentially compressed pillars at similar positions (Figure 4-10 (d)). This observation can
be rationalized through a simple mechanics argument: The pore shape analysis revealed that
elongated pores tend to be oriented with their long axis parallel to the tangential direction (see
Figure 4-10 (d) for schematics representing the orientation of pores with respect to the compression

direction). Therefore, considering the equation for the stress concentration factor around elliptical

voids (K; = 1+2%), pillars compressed in the radial direction would have higher stress

concentrations at the void sides, potentially causing premature yield at lower applied stress. More
microcompression tests on pillars, especially in the radial direction, need to be performed to
confirm this hypothesis. Additionally, it is important to note the complex and heterogeneous nature

of the pore structure, which has pronounced effects on the stress distribution in any given sample.
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Figure 4-10: Compression of buffer micropillars in the radial and tangential directions (a) stress-strain curves
of pillars compressed in the radial direction (darker color corresponds to increased distance into the buffer layer), (b)
stress-strain curves of pillars compressed in the tangential direction (darker color corresponds to increased distance
into the buffer layer), (c) schematic and SEM images showing pillar orientation for radial and circumferential

compression, (d) yield strength plotted against radially position within buffer.

4.2.4 Potential implications to fracture and densification behavior

The extensive microstructural analysis presented here provides insight into the observed
irradiation response of the buffer layer. The spatial distribution of porosity, pore shapes, sizes, and
orientations are expected to influence the initiation and propagation of fractures within the buffer
layer. A commonly witnessed fracture mode within the buffer layer is circumferential fracture

located near the buffer-1PyC interface, which leads to partial or full tearing away of the buffer
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from the IPyC layer [25,26,207]. Such tearing near the buffer-IPyC interface can lead to either the
arrest of cracks—which may have otherwise continued into the IPyC layer—or transmission of
new cracks into the IPyC layer due to local stress concentrations in still-bonded regions of the
interface [25,26,202,207,208]. With such drastically different outcomes—one positive and one
negative—this fracture mode must be mechanistically understood for prediction of particle failure.
Our results provide some insight into why circumferential fracture near the buffer-IPyC interface
is common: we see an increase in porosity and fluctuation in porosity with increasing distance
from the kernel, with a local maximum in porosity located at ~5 um from the buffer-1PyC interface
(Figure 4-11 (a-b)). Higher porosity translates to larger stresses in the pyrocarbon matrix, and
stress concentrations at pore sides are prime locations for crack initiation. The location of
maximum porosity correlates well with PIE observations of circumferential fracture in the buffer:
commonly, a few microns of the buffer material are still attached to the IPyC layer after interface
tearing [26,206]. However, full buffer-IPyC tearing does not always occur and a portion of the
buffer-IPyC interface remains intact with the final state of the attached buffer expected to be
resultant from tensile and shear stresses experienced during tear progression of which fast fluence
and fuel temperature influence [224]. The local variability in the pore structure affects the local
stress distribution and may determine whether fracture continues to propagate or is arrested.
Predicting the extent of circumferential tearing at the buffer-IPyC interface is extremely important
to understanding TRISO particle performance, as partial tearing can lead to the initiation of
fracture in surrounding layers due to local stress concentrations [207,208], and can also cause

asymmetric temperature and fission product distributions [233].
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Figure 4-11: Microstructural features dictating buffer response to irradiation (a) experimental porosity
distribution obtained through this work (Figure 4-2 (a)), (b) schematic showing potential circumferential tearing
mechanism at the location of maximum porosity (identified in (a)) near the buffer-IPyC interface, (c) pictorial
representation of the porosity gradient seen in experimental data in (a), (d) representation of an area of locally high
porosity with sites of potential stress concentrations identified, (e) representation of irradiation-induced densification

of the buffer layer, with regions of higher porosity accommodating more strain (shown in red).

Circumferential tearing near the buffer-IPyC interface is not the only mode of buffer
fracture witnessed. In fact, the irradiation behavior of buffer fracture is very stochastic, with
circumferential cracks, radial cracks, or a combination of the two nucleating and propagating at

different regions of the buffer layer [25,26,207]. At the extremes, radial cracks can cause through-
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layer fracture, and circumferential cracks can cause full tearing near the buffer-IPyC interface
[25,26,207]. With such a stochastic response, we must understand which features of the buffer
microstructure dictate the response to predict buffer layer failure and, ultimately, particle failure.
Our results point to key features that may be impactful, including the pore structure heterogeneity,
pore size distributions, and the pore shapes and orientations. As seen in (Figure 4-11 (a)), local
fluctuations in porosity are quite extreme, with increasing magnitude toward the buffer-IPyC
interface. Such extreme fluctuations in the porosity will significantly impact the stress state within
the buffer layer and induce local stress concentrations at which fracture initiation can readily occur.
In addition, we find that these local fluctuations in porosity are primarily governed by the largest
(V>1 um?d) pores (Figure 4-4 (b)). This, in combination with the knowledge of the morphology of
the largest pores—that of large sprawling networks of smaller, interconnected voids (Figure 4-5)—
suggests that stress concentrations are likely to develop within these complex networks of high
porosity (Figure 4-11 (d)). Additionally, our analysis of the pore shapes and orientations (Figure
4-6, Figure 4-8) provides insight into the likely locations of high stress concentrations and expected
fracture propagation directions. We find that most pores are elongated along a particular axis,
which is typically oriented along the circumferential directions rather than the radial direction. The
pore shape and orientation as well as its proximity and position with respect to other pores have
all been shown to be integral factors to determining stress concentrations and the resultant fracture
modes and propagation directions [234-237]. Although the stress state within the buffer layer is
complex given the heterogeneity of the pore structure, we can assume an overall compressive stress
in the radial direction due to densification and a tensile stress in the hoop (circumferential)

direction due to kernel expansion. Comparing our results to simplified numerical models and
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experiments [234-237] in the literature provides insight into the potential microstructure-

dependent fracture modes:

(1) Pores that are elongated along the axis perpendicular to the loading direction exhibit
higher stresses at the pore sides [234,235]. This compares well to our pore structure: the

pores are elongated along the circumferential direction.

(i1) Under compression, pores spaced closely in the direction perpendicular to the loading
direction exhibit higher compressive stresses at the pore sides, whereas pores positioned
diagonally from each other exhibit higher tensile stresses at the pore poles [234,237].
Compressive stresses at the pore sides lead to shear cracking, which can propagate to link
pores together [234,237]. In the buffer, elongated pores are spaced closely together in the
regions of high porosity near the buffer-IPyC interface: high compressive stresses at the
pore sides may lead to shear cracking and linking of pores, resulting in circumferential
tearing. Conversely, radial cracks may form due to higher tensile stresses at the pore poles

of offset nearby pores.

This simple analysis supports the common fracture modes witnessed within the buffer layer
of irradiated TRISO particles. The stochastic fracture behavior can be further understood through
quantification of differences in the buffer microstructure and investigation into irradiation
conditions, such as temperature and fast fluence, which can affect the stress state and resultant

fracture behavior within the buffer.

Finally, though the complex stress state within the heterogeneous porous buffer layer leads
to myriad fracture responses, it also leads to buffer densification [25,26,206,238]. We suspect that

the porosity gradient along the buffer layer thickness (Figure 4-11(a,c)) leads to a strain gradient
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during densification: regions of higher porosity may accommodate more of the strain under a
compressive load (Figure 4-11(c,e)). Characterization of the pore structure along the buffer
thickness of irradiated particles would test this hypothesis. Additionally, little is known about what
proportion of densification is accommodated by compression of the porous microstructure vs.

changes in the pyrocarbon matrix. These points are addressed in the next two sections.
4.3 Irradiation-induced changes in the porous buffer microstructure

4.3.1 Experimental design

The irradiation-induced microstructural changes are investigated through FIB-SEM
tomography experiments on select TRISO particles from the AGR-2 irradiation experiment.
Experiments were conducted within Oak Ridge National Laboratory’s Irradiated Fuels
Examination Laboratory, to ensure containment and safe handling of the irradiated particles. The
effects of temperature and fast neutron fluence are probed by selecting particles with irradiation
conditions spanning across the range of the AGR-2 experiment’s irradiation conditions (Figure
4-12). Three dimensional volumes spanning the entire buffer layer thickness (~40-100 um) are
reconstructed to investigate changes in the porosity, pore size distribution, pore shapes, and
microstructural heterogeneity due to irradiation. These experiments provide insight into the
microstructural changes associated with densification and fracture of the buffer layer. It is
imperative that we understand how the irradiation conditions affect the densification and fracture
behavior, since certain buffer failure modes are associated with a higher probability of particle
failure. To improve the safety and performance of TRISO nuclear fuel particles, we must

understand how the highly porous and heterogeneous pyrocarbon buffer layer evolves during
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irradiation, leading to altered mechanical properties and dictating buffer—and potentially

particle—failure modes.

AGR-2 Irradiation Conditions
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Figure 4-12: Irradiation conditions of the AGR-2 experiment’s fuel compacts

The experiment matrix designed to achieve these goals is briefly described here and
outlined in Table 4-2. Representative compacts from three irradiation condition groups are selected
from the AGR-2 compacts with UCO kernels (Figure 4-12): one with relatively low temperature
and fluence (6-2-3), two compacts with relatively low temperature and higher fluence (5-4-2 and
5-2-3) and one compact with high temperature and high fluence (2-2-1). Three particles from each
of these three irradiation condition groups are selected for analysis. Particles with approximately
average silver retention in each compact are selected (Mpar/Mavg), Which is used as an indicator
that the temperature in that particle was not significantly different form the time average volume
average (TAVA) temperature recorded for that compact [26]. The TAVA temperatures, fluences,
and average silver retention for each particle analyzed are shown in Table 4-2. For each of the 9
irradiated particles studied, experiments conducted on that particle are noted in the last three

columns. At least four full-buffer thickness FIB-SEM tomography scans are conducted for each of
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the three irradiation condition groups to investigate microstructural heterogeneity between
particles with similar irradiation conditions. Additionally, two full-buffer scans are performed on
at least one particle in each group to investigate intraparticle heterogeneity. In addition to the
irradiated samples, a full-buffer FIB-SEM tomography scan is also performed on a representative
as-fabricated AGR-2 particle—serving as a control to ascertain irradiation-induced microstructural

changes from the as-fabricated microstructure.

Table 4-2: Experiment matrix designed to investigate the irradiation-induced changes in the buffer layer’s

micro- and nanostructure

Compact| Mount |Particle (M_pal"at\/gM_avg) Temﬁeé? ture [leéir}(rfz] #quILgrL::fer Raman(TEM
221 | MM-D67 | RS43 1.12 1287 3.35 2 X X
221 | MM-D67 | RS46 1.8 1287 3.35 2 X
221 |MM-D68| RS39 0.83 1287 3.35 1
523 | MM-D12| RS11 0.48 1108 3.00 1 X
523 | MM-D12| RS28 0.43 1108 3.00 1
542 | MM-D55| RS25 1.59 1071 3.14 2 X
623 |MM-D69| RS18 1.87 1095 2.30 2 X
623 | MM-D69| RS07 1.72 1095 2.30 1 X
623 | MM-D70| RS35 0.81 1095 2.30 1 X X

As fabricated AGR-2 N/A 1 X X

The data acquisition and analysis workflow presented in Section 2.4.5 is used to acquire
quantitative data on the buffer microstructure. To prepare for FIB-SEM tomography, a volume
spanning the entire buffer thickness (with a ~14 x 14 pm? cross section) was isolated by milling
trenches around 3 sides (Figure 4-13 (b)). Prior to milling, a Pt protective layer was deposited on
the surface to prevent ion damage to the region of interest. Depending on the particle (how much

the buffer layer densified during irradiation), the buffer layer can be between 30 and 100 um thick.
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Between 1 and 3 separate FIB-SEM tomography runs are needed to traverse the entire buffer layer
thickness. Each run takes approximately 18 hours to complete. A constant slice thickness of 50 nm
is used for every scan, and the SEM image resolution is set to obtain a pixel size of <50x50 nm.
Between ~700 and 2100 SEM images are acquired for each full-buffer FIB-SEM tomography scan.
These 2D images are aligned and combined to form a 3D virtual reconstruction of the
microstructure (Figure 4-13 (d)). Image processing techniques are used to segment the greyscale
SEM images into different phases and provide quantitative analysis on the microstructural features.
Image segmentation is performed using a deep learning model (Section 2.4.5) trained to identify
the pyrocarbon, pores, fission products, and cracks (Figure 4-13 (c-e)). The segmented regions
representing the pores and fission products are separated into individual components based on

connectivity analysis. From this, individual pore sizes, shapes, positions, etc. can be quantified.
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Figure 4-13: FIB-SEM tomography of irradiated buffer layer (a) SEM image of TRISO particle with layers
identified, (b) SEM image of buffer layer section prepared for FIB-SEM tomography; (i-ii) select SEM images taken
during FIB-SEM tomography scan, (c) cropped SEM image and corresponding segmentation results from image (i),
(d) virtual 3D microstructure reconstructed from FIB-SEM tomography scan, (e) cropped SEM image and

corresponding segmentation results from image (ii).

4.3.2 Porosity and fission product distribution across the buffer layer of particles

irradiated at different temperatures and fluences
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The FIB-SEM tomography experiments reveal key differences in the porous buffer
microstructures depending on the irradiation conditions. Figure 4-14 shows FIB-SEM tomography
results from a representative particle exposed to relatively low temperature and low neutron
fluence (Capsule 6). Two locations on this particle were identified for microstructural analysis—
one near the tip of a crack which appeared to propagate in a mixed radial-tangential direction and
second scan spanning a section which includes circumferential cracks near the buffer-kernel and
buffer-IPyC interfaces. We notice a few similarities and differences between these two scans
within the same particle. The first key observation is that there is a ~5 um thick region located
between 10 — 20 um into the buffer layer where there is no porosity. This is preceded by a crack
and a relatively higher concentration of fission products. These observations are consistent
between these two scans within the same particle and are also observed in other particles under
similar irradiation conditions (low temperature and fluence (Capsule 6) — Appendix B.4). These
observations provide key insights into the fracture and densification behavior of these particles.
Under these irradiation conditions, densification is accommodated by the closing of micropores
near the kernel-buffer interface, facilitated by large thermal and mechanical stresses. Kernel
expansion imparts large compressive stresses on the neighboring buffer layer, leading to fracture

which propagates in the circumferential direction.

Although both scans on this particle show similarities in their microstructure within the
first ~20 um from the kernel, the porosity distributions in the remainder of the scans are quite
different. For example, in Scan 1 the porosity between 20 — 50 pm is less than 10% while in Scan
2, the porosity reaches over 30% in this same region. In next 30 pm, this reverses: maximum
porosity is reached in scan 1, while the porosity reduces to <20% between 50 — 70 um in scan 2.

While some of this difference can be attributed to intraparticle heterogeneity in the as-fabricated
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buffer, these differences are more extreme than the observed interparticle heterogeneity in the
surrogate particles (Section 4.2.3). Therefore, we can conclude that these porosity distribution

differences within the same particle are due to non-axisymmetric densification behavior.
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Figure 4-14: FIB-SEM tomography data from a Capsule 6 particle (low temperature and fluence) (a) location
of scan 1 indicated on SEM image, (b) SEM image of particle cross section, (d) location of scan 2 indicated on SEM
image, (d-e) volume fractions of porosity (left axis — green), fission products (right axis — red), and cracks (scale: 0 to
1 —yellow) as a function of radial position within the buffer layer for scan 1 (d) and scan 2 (e), (f-g) 3D reconstructions

of microstructures from scan 1 (f) and scan 2 (g) with cracks highlighted in yellow, pores highlighted in green, and
fission products highlighted in red.
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We can now investigate the effects of increased neutron fluence on the microstructural
changes by looking at FIB-SEM tomography results from a representative particle exposed to
similarly low temperatures but high neutron fluence (Capsule 5, Figure 4-15). Microstructural
features near the kernel are very similar to the Capsule 6 particles: regions of almost zero
microporosity accompany circumferential cracks. Since these samples are exposed to similar
temperatures but different fluences, this consistency suggests that a thermally dependent
mechanism controls the extreme densification and circumferential fracture close to the kernel. In
contrast to the Capsule 6 sample, these Capsule 5 scans contain a clear gradient of increased
porosity with increasing radial distance. This gradient is more extreme than that observed in the
buffer layer of unirradiated TRISO particles. Furthermore, the porosity in this Capsule 5 particle
is higher than the particle from Capsule 6 and, in some locations, even higher than the maximum
porosity in the as-fabricated particle (~32%). In other regions, the measurable porosity drops to
nearly 0%. These dramatic fluctuations in porosity suggest that densification may be
accommodated by a combination of nano and microstructural changes. Densification through

extreme nanostructural changes may even lead to increased porosity.

Compared to the two scans taken on the Capsule 6 particle, these two scans share more
similarities to each other. Both contain a clear gradient of increasing porosity with increasing radial
position. The fluctuations and maximum porosity values are similar. And both show extreme
densification near the kernel through almost zero porosity in small regions. These similarities

suggest that the densification behavior is more symmetric in this particle.
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Figure 4-15: FIB-SEM tomography data from a Capsule 5 particle (low temperature and high fluence) (a)
location of scan 1 indicated on SEM image, (b) SEM image of particle cross section, (d) location of scan 2 indicated
on SEM image, (d-e) volume fractions of porosity (left axis — green), fission products (right axis — red), and cracks
(scale: 0 to 1 — yellow) as a function of radial position within the buffer layer for scan 1 (d) and scan 2 (e), (f-g) 3D
reconstructions of microstructures from scan 1 (f) and scan 2 (g) with cracks highlighted in yellow, pores highlighted
in green, and fission products highlighted in red.
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Finally, we study the effects of combined high temperature and high fluence on the porous
buffer microstructure through FIB-SEM tomography scans of a Capsule 2 particle (Figure 4-16).
This particle exhibits the most drastic microstructural changes. With lower average porosity than
the Capsule 5 particles and without a clear gradient of increased porosity with increased radial
distance like as-fabricated particles (Figure 4-17), a combination of pore expansion and shrinkage
combined with extensive nanostructural changes must have occurred. Pore expansion could be
facilitated through high pressures exerted by trapped fission gases or through densification within
the pyrocarbon nanostructure. Pore shrinkage might be induced through compressive forces
exerted through kernel expansion. Additional analysis into the pore sizes, shapes, and connectivity

will provide further insight into the irradiation-induced microstructural changes.

Comparing these two scans from the same Capsule 2 particle reveals extreme asymmetry
in the densification and fracture behavior under high temperatures and fluences. The peaks and
valleys in porosity occur at different locations in these two scans. There is a circumferential crack
located ~20 um from the kernel and the buffer has completely torn away from the IPyC layer in

scan 2. In contrast, the buffer remains intact in scan 1.
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Figure 4-16: FIB-SEM tomography data from a Capsule 2 particle (high temperature and fluence) (a) location
of scan 1 indicated on SEM image, (b) SEM image of particle cross section, (d) location of scan 2 indicated on SEM
image, (d-e) volume fractions of porosity (left axis — green), fission products (right axis — red), and cracks (scale: 0 to
1 —yellow) as a function of radial position within the buffer layer for scan 1 (d) and scan 2 (e), (f-g) 3D reconstructions
of microstructures from scan 1 (f) and scan 2 (g) with cracks highlighted in yellow, pores highlighted in green, and

fission products highlighted in red.
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The observations made through FIB-SEM tomography scans of these three particles have
provided a preview into the effects of different irradiation conditions on the fracture and
densification behavior. In the next section, we combine all acquired data for each irradiation
condition to achieve an overall perspective of consistent behaviors depending on the irradiation

conditions.

4.3.3 Implications of irradiation induced microstructural changes to the fracture and

densification behavior

Before drawing conclusions about overall irradiation-induced microstructural changes, we
must establish a control representing the unirradiated buffer microstructure. To confirm that the
work done on surrogate TRISO particles (Section 4.2) provides an accurate basis for comparison,
we performed a full buffer length scan on a TRISO particle from the same batch as particles
irradiated in the AGR-2 experiment. This particle was not irradiated, but it does contain a UCO
kernel and went through the compact and deconsolidation process. Although the FBCVD
conditions used to fabricate the particles are identical, the surrogate particles have a different
kernel, which could affect the particle flow within the FBCVD chamber and thus, affect the
microstructure of the buffer layer. Additionally, mechanical and thermal stresses are imposed on
the particles during the compaction process. Characterization of an unirradiated particle
deconsolidated from the compact provides a true initial state of the buffer structure prior to
irradiation. Figure 4-17 shows the porosity distributions measured from the surrogate and as-
fabricated TRISO particles. While there are some notable differences, they are within the
differences seen between surrogate particles (Figure 4-7). Overall, the trend of increasing porosity
with increasing radial position is apparent in both samples. Furthermore, the fluctuations follow a

similar pattern. These two similarities are indicative of similar FBCVD conditions during
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deposition. The largest difference between the two particles occurs within the first 20 um, where
the as-fabricated particle exhibits up to ~2x higher porosity than the surrogate particle. Since this
region is deposited first, large variations in porosity from particle to particle are possible due to
variations in particle and gas flow during the initial deposition ramp up time. With this analysis,
the surrogate particles are deemed to have statistically equivalent buffer microstructures as the as-
fabricated particles. The porosity distributions from these two particles are used as a basis for the

unirradiated buffer microstructure for comparison to the irradiated buffer microstructures.
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Figure 4-17: Porosity distribution in the buffer layers of a deconsolidated as-fabricated particle compared to
a surrogate TRISO particle

To investigate consistent microstructural changes within each irradiation condition group,
we combine the porosity data from all scans in each irradiation condition group (Table 4-2) and
calculate the average and first standard deviation in porosity every 5 um. Figure 4-18 shows the
average porosity (points) and standard deviation (shaded area) distributions for each sample set.
We find that several of the observations made from analysis of single particles hold for all particles

in that irradiation condition group. For example, both the Capsule 6 (Figure 4-18 (b)) and Capsule



208

5 (Figure 4-18 (c)) particles exhibit a consistent highly densified region located ~10-15 um from
the kernel. This localized minimum in porosity reveals a temperature-dependent mechanism that
leads to the closing of micropores close to the kernel. A number of temperature-dependent
processes could control this densification—including kernel expansion, fission product transport,
and radiation damage. Future detailed analysis and multiscale simulations will provide insight into
these observations. The Capsule 5 and Capsule 6 particles also share the similarity of exhibiting
gradients of increased porosity with increased radial position. These gradients are even more
extreme than the gradient in the unirradiated particles (Figure 4-18 (a)), suggesting a gradient in
densification behavior. Clearly, most of the densification accommodated through closing of
microporosity is localized near the kernel. This is extreme in the Capsule 5 particles, where at
farther distances into the buffer (>50 um), the porosity dramatically increases to an average of ~20
— 30%. The porosity in this region is even greater than that in the unirradiated particles, revealing
that irradiation-induced pore expansion may have occurred. This could be accommodated through
pressures exerted by trapped fission product gases or restructuring of the pyrocarbon

nanostructure.

In contrast to the Capsule 6 and Capsule 5 particles, Capsule 2 particles do not exhibit a
gradient in porosity within the buffer layer (Figure 4-18 (d)). The lack of a gradient reveals that
densification through changes in the microstructure is not localized but occurs throughout the
buffer layer. A more uniform densification response may be due to the entire buffer being exposed
to similar stress, temperature, and radiation damage conditions due to the combined high
temperature and fluence. Additionally, note the large standard deviations in porosity, revealing
high interparticle heterogeneity in the irradiation-induced microstructural changes. Extensive

structural changes occur in these particles due to the extreme irradiation conditions.
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Figure 4-18: Average and standard deviation in porosity separated by sample set (a) porosity distribution in
unirradiated particles (as-fabricated and surrogate), (b) porosity distribution in Capsule 6 particles (low temperature

and fluence), (c) porosity distribution in Capsule 5 particles (low temperature and high fluence), (d) porosity

distribution in Capsule 2 particles (high temperature and fluence).

This analysis provides insight into the local densification behavior within the buffer layer

depending on the irradiation conditions. We can also draw conclusions about the fracture and

densification behavior based on changes in the average porosity. A recently published study

reports buffer fraction and densification fractions calculated through x-ray computed tomography

measurements [224]. The results obtained for AGR-2 UCO particles are reproduced in Figure 4-19

(a) and Figure 4-20 (a). Figure 4-19 (a) shows that the Capsule 5 particles exhibit consistently
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higher radial fracture fractions than the Capsule 2 or Capsule 6 particles. In our study, we found
that the Capsule 5 particles have the greatest average microporosity after irradiation compared to
particles from the two other capsules. The connection between high porosity and high fracture
fraction provides insight into the fracture behavior. Higher porosity is known to decrease the
fracture toughness of materials [239,240]. Additionally, nano and microstructural changes in the
Capsule 5 particles may be insufficient to alleviate the stress—resulting in the critical stress
intensity factor for fracture to be exceeded. Structural changes may be accommodated through
radiation creep [241]. In graphite, the radiation creep coefficient has been shown to increase with

increasing temperatures [242].
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Figure 4-19: Radial fracture depending on irradiation conditions (a) radial fracture fractions measured through
XCT [224], (b) average porosity measured through FIB-SEM tomography.

The average porosity changes also provide insight into what proportion of buffer
densification is accommodated through closing of pores. XCT measurements of buffer
densification (Figure 4-20 (a)) shows that particles exposed to high temperatures and fluences
(Capsule 2) exhibit the highest densification. From these measured densification values, we can

estimate what proportion is due to microstructural changes and what proportion is due to
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nanostructural changes from our FIB-SEM tomography average porosity data. The following

expression defines these values:

Voz Ve + Vpyco

dftotal =57 =

=dfp +d

where V},, and V,, are the volumes of the buffer layer before and after irradiation, respectively
(calculated from XCT), Vp, is the total pore volume in the irradiated sample (determined from

FIB-SEM tomography), and Vp,,¢, is the volume of the pyrocarbon matrix (dense/solid phase).

Thus, the total densification (df;.:q;) Can be decomposed into a fractions of densification due to
microstructural (dfp) and nanostructural (dfp,,¢) changes. These fractions can be estimated using
the average porosity data from FIB-SEM tomography and the total densification fractions from
XCT data. The densification fractions for each compact studied are shown in Figure 4-20 (b).
Clearly, the average changes in microporosity only account for a small percentage of the total
densification. The majority of densification must be accommodated through nanostructural

changes.
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Figure 4-20: Buffer densification accommodated through changes in microporosity (a) buffer densification
measured through XCT [224], (b) estimated fractions of buffer densification accommodated through changes in the

micro and nanostructure.

4.4  Irradiation-induced nanostructural changes in pyrocarbon

4.4.1 Experimental design

Complementary Raman spectroscopy and transmission electron microscopy (TEM)
experiments provide insight into the irradiation-induced changes in the pyrocarbon nanostructure.
The particles identified in Table 4-2 were selected for further nanostructural analysis in addition
to microstructural analysis. At least one particle from each irradiation condition group, in addition
to the as-fabricated particle, was chosen for supplemental nanostructural characterization. Raman
spectroscopy and TEM analysis are performed on cross sections extracted from the buffer layer.
Sections of the buffer layer spanning the entire thickness, with ~15 um height and ~2 um depth
are extracted using the FIB lift-out technique (Figure 4-21 (a-c)). Although this involved sample
preparation is not typically needed for Raman spectroscopy, it is used to reduce contamination and
exposure risks and allows for correlative TEM analysis on the same sections analyzed with Raman.

The lift-outs are attached to FIB grids and the grids placed flat and secured in a sample holder.



213

Raman maps covering the entire cross-sectional area with a 1 um step size are performed on each
lift out, using a 532 nm laser. A spectrum is acquired at each pixel (Figure 4-21 (d-f)), yielding a
total of ~750-1500 spectrum acquisitions for each sample. Peak deconvolution is performed to
acquire nanostructural information about the samples. Color maps (Figure 4-21 (d)) are used to
visualize spatial variations in quantifiable peak parameters corresponding to nanostructural
features—such as peak widths, heights, positions, ratios, etc. More details on data acquisition and

processing can be found in Section 2.4.3.

After Raman maps were successfully obtained on the lift-outs, the samples were loaded
back into the FIB for subsequent site-specific thinning in preparation for TEM. Windows ~10 pm
wide were thinned at select locations which showed interesting spatially dependent nanostructural
features in the Raman maps. The TEM analysis is ongoing, in collaboration with a staff scientist
at ORNL. Upon completion of the TEM analysis, we will have correlative Raman and TEM
nanostructural analysis which will be instrumental in quantifying the nanostructural changes that
occur due to irradiation. However, the Raman analysis presented in this section provides key

insights into the nanostructural changes, which will be confirmed through TEM analysis.
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Figure 4-21: Sample preparation for Raman spectroscopy (a) SEM image of buffer layer showing location and
orientation of lift-out, (b) FIB image showing lift-out process, (c) lift-out attached to FIB-grid; area for Raman map
denoted, (d) map of ID/IG values calculated from Raman spectrum at each acquisition point.
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4.4.2  Crystallite size changes as a function of irradiation temperature and fluence

By curve fitting the Raman spectra, quantified peak parameters provide information about
nanostructural features. For example, information about the crystallite size and defect
concentration can be calculated from the intensity ratio of the D and G peaks [243,244]. Through
Raman spectroscopy and X-ray diffraction studies of graphene based-systems, the following
relationship between the intensity ratio of the D and G peaks and the crystallite size in the basal

plane direction (La) has been established [244]:
_ Ip\ !
L,(nm) = (2.4 x 10710) 1% (i) ,

where 4; is the laser line wavelength (532 nm), and I, and I are the peak intensities of the D and
G bands. This intensity ratio can also be used to estimate the concentration of one-dimensional
defects (border defects with respect to the total crystalline area) through the following established

relation [243]:

—2y _ (1.8x10%2) (Ip
np(cm™2) = — )
1 G

These two equations are used to estimate the average crystallite size and density of point defects
from the measured Ip/lg ratio. The following four figures show the Raman spectroscopy data
yielding information about crystallite size and defect concentration within the unirradiated and

irradiated buffer samples.

Figure 4-22 (b) shows the Ip/lc ratio map obtained from Raman spectroscopy of a buffer
cross section extracted from of an unirradiated particle (Figure 4-22 (a)). The Ip/lg ratio ranges
from ~0.6 — 1.5, revealing that in some regions, the intensity of the D band is greater than that of

the G band, while in other regions, this reverses. Such high Ip/lg ratios are common in FBCVD
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deposited pyrolytic carbon coatings [245,246]. A higher intensity ratio corresponds to a smaller
crystallite size and higher defect concentration. The regions of low Ip/lg seem to correspond to the
location of pores, when comparing the Raman map (Figure 4-22 (b)) to the optical image of the
cross section (Figure 4-22 (a)). This suggests a slightly larger crystallite size and lower defect
concentration near pores. The average crystallite size (La) and defect density (np) is calculated for
each radial position and shown in the plots in Figure 4-22 (c-d). Gradual gradients emerge of
increasing crystallite size and decreasing defect concentration with increasing radial position.
These gradients are consistent with the porosity gradient along the buffer radial direction which
was revealed through FIB-SEM tomography. Previous TEM, SEM, and Raman spectroscopy
analysis of porous pyrocarbon produced through FBCVD revealed the presence of globular
features, which are composed of clusters of soot particles surrounded by fibrous graphene layers.
Large loosely packed globular features were found to surround porous regions [245]. This provides

an explanation for the correlation between large crystallite size and higher microporosity.
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Figure 4-22: ID/IG ratio analysis of an unirradiated buffer sample (a) optical microscope image of buffer cross-
section with Raman map area identified, (b) color map showing spatial variation of ID/IG ratio, (c) average crystallite
size (La) as a function of radial position in the buffer, (d) average point defect concentration as a function of radial

position in the buffer.

Now that we have established a basis for the as-fabricated pyrocarbon crystallite size and
defect density, we can investigate the effects of irradiation on these nanostructural features. Figure
4-23, Figure 4-24, and Figure 4-25 show the corresponding crystallite size and defect density data

from Capsule 6, Capsule 5, and Capsule 2 particles, respectively. In all three irradiated samples,
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the maximum Ip/lg ratio is less than that of the unirradiated sample, revealing an overall increase
in crystallite size during irradiation. Like the unirradiated sample, the Capsule 6 and Capsule 5
samples (relatively lower TAVA temperatures) exhibit trends of increasing crystallite size with
increasing radial position (Figure 4-23 (c), Figure 4-24 (c)). The defect density follows an inverse
trend, decreasing with increasing radial position (Figure 4-23 (d), Figure 4-24 (d)). These results
also reflect the corresponding porosity gradients revealed through FIB-SEM tomography. As in
the unirradiated sample, small I/l ratios correspond to regions of high porosity (Figure 4-23 (a-
b), Figure 4-24 (a-b), and Figure 4-25 (a-b)). These observations reveal that near the pores, the
crystallite size is larger—Ilikely originating from the large globular structures produced during
deposition. In all three irradiated samples, the crystallite size is low and the defect density is high
near the kernel (Figure 4-23 (b-d), Figure 4-24 (b-d), and Figure 4-25 (b-d)). This suggests that a

large amount of radiation damage is concentrated in the pyrocarbon nearest the kernel.

The Capsule 2 sample differs from the other two irradiated samples (Figure 4-25), in that
clear gradients in crystallite size and defect density do not exist. The crystallite size generally
increases until ~35 pum where it reaches a maximum and then decreases. The defect density follows
the opposite trend. The peak in crystallite size at ~35 um corresponds to a band of high porosity
seen in the SEM image of the sample cross section (Figure 4-25(a)). However, the decrease in
crystallite size after this point breaks the trend of increasing porosity with increasing radial
distance. The absence of a clear gradient follows the microstructural characterization of the
Capsule 2 particles (high temperature and fluence, Figure 4-18 (d)). This points to extreme micro-

and nanostructural changes due to high temperature and fluence.
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Figure 4-23: ID/IG ratio analysis of a buffer cross-section from a Capsule 6 particle (low temperature and
fluence) (a) optical microscope image of buffer cross-section with Raman map area identified, (b) color map showing
spatial variation of ID/IG ratio, (c) average crystallite size (La) as a function of radial position in the buffer, (d) average

point defect concentration as a function of radial position in the buffer.
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Figure 4-24: ID/1G ratio analysis of a buffer cross-section from a Capsule 5 particle (low temperature and high
fluence) (a) SEM image of buffer cross-section with Raman map area identified, (b) color map showing spatial
variation of ID/IG ratio, (c) average crystallite size (La) as a function of radial position in the buffer, (d) average point

defect concentration as a function of radial position in the buffer.
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Figure 4-25: ID/IG ratio analysis of a buffer cross-section from a Capsule 2 particle (high temperature and
high fluence) (a) SEM image of buffer cross-section with Raman map area identified, (b) color map showing spatial
variation of ID/IG ratio, (c) average crystallite size (La) as a function of radial position in the buffer, (d) average point

defect concentration as a function of radial position in the buffer.
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4.4.3 Changes in the interplanar spacing of graphene sheets due to irradiation

Another feature in the Raman spectrum is the full width at half maximum of the G peak
(Grwhm), Which corresponds to the interplanar spacing of the graphene planes. From x-ray
diffraction and Raman spectroscopy measurements, increasing Grwnm has been associated with
increasing interplanar spacing (doo2) of the graphene layers [247]. We study the distribution of

Grwnm in the unirradiated and irradiated samples to assess the degree of graphitization.
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Figure 4-26: GFWHM measurements of an unirradiated sample (a) average GFWHM vs radial position, (b)
GFWHM map.

There is no clear trend in the Grwhm data of the unirradiated sample with respect to the
radial position (Figure 4-26 (a)), revealing that the interplanar spacing in the deposited pyrocarbon
does not consistently increase or decrease with increasing distance from the kernel. A few regions
of low Grwnm 0N the map can be correlated with regions of high porosity from the optical image
(Figure 4-26 (a)). This suggests that the interplanar spacing tends to be smaller near pores. This
correlation is even more apparent in the irradiated samples. Low Grwnm Values correspond to
regions of high porosity at ~20 um in the Capsule 6 sample (Figure 4-27 (b)), ~45-50 um in the

Capsule 5 sample (Figure 4-28 (b)), and ~35 um in the Capsule 2 sample (Figure 4-29 (b)). In all
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three irradiated samples, there is a region of high Grwhm closest to the kernel. We already know
that the defect density is higher in this region and the crystallite size is smaller. These observations,
along with the high Grwnm associated with large interplanar spacing, suggest a very disordered
pyrocarbon structure in these neighboring regions to the kernel. Highly disordered pyrocarbon is
likely a result of extreme neutron radiation damage. This apparent damage zone extends farther
into the buffer layer of the Capsule 5 sample (Figure 4-28 (b)) than the Capsule 6 (Figure 4-27 (b))
or Capsule 2 (Figure 4-29 (b)) samples. Interestingly, despite radiation damage, the Grwrm values
in the irradiated samples are consistently lower than in the unirradiated sample: decreasing GrwHm

suggests irradiation-induced graphitization has occurred.
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Figure 4-27: GFWHM measurements of a buffer sample from a Capsule 6 particle (a) average GFWHM vs
radial position, (b) GFWHM map.
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Figure 4-28: GFWHM measurements of a buffer sample from a Capsule 5 particle (a) average GFWHM vs
radial position, (b) GFWHM map.
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Figure 4-29: GFWHM measurements of a buffer sample from a Capsule 6 particle (a) average GFWHM vs
radial position, (b) GFWHM map.

4.4.4  Nanostructural changes contributing to densification

The crystallite size and Grwnm (interplanar spacing) data provide key insights into the
irradiation-induced nanostructural changes which partially accommodate buffer densification.
The average crystallite size (La) and Grwhm are plotted for each sample in Figure 4-30. Compared

to the as fabricated buffer sample, all irradiated samples have larger average crystallite sizes and
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lower Grwhwm, indicating irradiation-induced graphitization occurs. Out of all the irradiated
samples the Capsule 2 sample (Compact 2-2-1) has the largest crystallite size and the lowest
Grwhm. The most extensive nanostructural changes occur in the sample exposed to the highest
temperature and neutron fluence. Likely driven by high-temperature enhanced irradiation creep,
the extreme nanostructural changes in this sample accommodates the high densification reported
in Capsule 2 samples (Figure 4-20 (a)). In fact, if the interplanar spacing is assumed to be directly
proportional to the Grwnm, the >50% decrease in the Grwnm of the Capsule 2 sample compared to

the as fabricated sample fully accounts for the densification of the buffer layer.

100 +
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Compact Compact

Figure 4-30: Average crystallite size (a) and Grwrm (b) for each sample
The Capsule 5 sample exhibits the least differences in average La and Grwnm compared to
the as-fabricated particle. As hypothesized previously, this shows that fewer nanostructural
changes occur within the buffer layer of Capsule 5 particles. Irradiation creep is likely less
prevalent in these samples due to the lower TAVA temperatures. Therefore, pronounced

nanostructural changes do not occur and radial fracture is more prevalent.

While the Raman data provides key insights into the nanostructural changes which may

accommodate densification, TEM analysis provides visual evidence of these changes. Although
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the TEM work is ongoing and will be included in future publications, the bright field TEM images
in Figure 4-31 provide a preview of the dramatic irradiation-induced structural changes. In Figure
4-31 (a) we can see the formation of long ordered crystallite domains. Bright regions near these
large crystallite domains are likely gaps or nano porosity formed because of graphene plane
alignment and restructuring. Figure 4-31 (a) shows the formation of large onion structures with
highly aligned concentric graphene fringes. These onion structures were likely formed from the
as-deposited globular structures. This initial TEM analysis confirms several of the observations
made through Raman spectroscopy: irradiation causes graphitization of the pyrocarbon, and this
is especially prevalent near the pores because of the arrangement of graphene planes within

globular features to form onion structures.
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Figure 4-31: Bright field TEM images of the buffer close to the kernel within a Capsule 6 particle
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45 Conclusion

The work presented in this chapter provides a fundamental understanding of the process-
structure-property relations governing the fracture and densification behavior of the porous
pyrocarbon buffer layer in TRISO nuclear fuel particles. Through extensive microstructural
characterization of the porous pyrocarbon buffer layer in surrogate TRISO particles, we provide a
basis for the initial as-fabricated state. We examine the heterogeneities in the pore structure within
the same particle and between particles. In the radial direction, there is a gradient of increasing
porosity with increasing radial distance in the buffer layer. This gradient is attributed to the
unchanged deposition conditions with increasing particle diameter during the fluidized bed
chemical vapor deposition process. The cyclic flow of the particles during the deposition process
explains the large and periodic fluctuations in porosity throughout buffer layer in the radial
direction. Since the exact deposition conditions (depending on particle and gas flow dynamics)
cannot be replicated for each particle, there is some particle-to-particle variability in the porosity
distributions. However, all particles show high porosity near the buffer-IPyC interface.
Additionally, the average porosity in each particle is consistently around 14.7% (standard
deviation of 3.8%). This microporosity does not account for the low density of the buffer (50%
theoretical density). With an average microporosity of 14%, the estimated density of the

pyrocarbon matrix is 1.31 g/cc or ~58% of the theoretical density of graphite.

The heterogeneous distribution of porosity, pore shape analysis, and mechanical testing
provide insights into the potential fracture modes of the buffer layer. Pore shape analysis reveals
that pores tend to be elongated along the circumferential directions. This, along with the
knowledge that the porosity peaks close to the buffer-IPyC interface, provides strong evidence for

the circumferential tearing mode that commonly results in most, if not all, of the buffer being
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separated from the IPyC layer during irradiation. The porosity gradient also seems to affect the
mechanical properties, as higher yield strengths are attained in both radially and circumferentially
compressed pillars positioned at larger radial distances (higher porosity). Although the correlation
between higher yield strength and higher porosity is counterintuitive, we expect that the higher

porosity allows for enhanced elasticity in the pyrocarbon nanostructure, thereby deferring yielding.

The microstructural characterization of unirradiated buffer provides a firm basis of
comparison to determine the irradiation-induced changes in the microstructure. FIB-SEM
tomography experiments are conducted on the buffer layer of TRISO particles irradiated under
varying temperatures and fast neutron fluences. We find that the most dramatic microstructural
changes occur in particles exposed to high temperature and high fluence. The porosity gradient
seen in the as-fabricated buffer layer disappears, and large fluctuations in porosity are present
throughout the sample. The lack of a gradient reveals that densification through changes in the
microstructure is not localized but occurs throughout the buffer layer. In contrast, localized
densification occurs in particles under relatively low temperatures (Capsule 5 and Capsule 6
particles). In these particles, localized densification occurs through closing of micropores in the
buffer near the kernel. A temperature-dependent process—such as kernel expansion, fission
product transport, or radiation damage—could control this localized densification. These particles
also show steep gradients of increasing porosity with increasing radial distance. The porosity
closer to the IPyC layer is higher in the Capsule 5 particle than the as-fabricated particle, revealing
that pore expansion may have occurred. The Capsule 5 (low temperature, high fluence) particles
have the largest average porosity, which correlates well to the high radial fracture fraction in these

particles.
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We find that the average porosity changes only account for a small proportion of the total
densification in the buffer layer, revealing that nanostructural changes must accommodate the
majority of the densification. Raman spectroscopy analysis reveals that the crystallite size in the
basal plane direction (La) increases and the interplanar spacing of the graphene layers decreases
due to irradiation. These two parameters indicate graphitization of the pyrocarbon. This process
would result in a net volume reduction, largely contributing to densification. The Capsule 2
samples, which exhibit the highest degree of densification, show the largest crystallite size and
smallest Grwhm (corresponding to interplanar spacing)—ypointing to the extreme nanostructural
changes which accommodate the high densification in these samples. Preliminary TEM results
confirm the Raman results and reveal the formation of highly ordered onion structures. These
onion structures are thought to result from graphitization of globular features formed during
deposition. These onion structures are expected to be larger and more prevalent near the pores,
which explains the increased graphitization near pores as seen in the Raman maps. These key
findings from the nano- and microstructural characterization of irradiated particles provide a
fundamental understanding of the irradiation condition dependent fracture and densification

behavior of the TRISO buffer layer.
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Figure 4-32: Dependence of micro and nanostructural changes on the irradiation conditions
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Chapter 5. Contributions and future work

5.1 Summary of key findings

5.11

Research Thrust I: Improving mechanical properties through impact-induced

nanostructural evolution of initially single crystal metals

The key findings from the work presented in Chapter 3 which complete the research

objectives outlined in Section 1.1.1 are summarized below:

I-1.

Determine the rate-dependence on the plasticity of silver single crystals
through investigating the two distinct strain-rate regimes of quasi-static
compression and high velocity impact.

Single crystal Ag microcubes remain single crystal when compressed quasi-
statically along the <100> crystallographic direction but undergo extensive
recrystallization and a martensitic phase transformation when impacted along the
<100> crystallographic direction with a strain rate of ~108 s,

Dislocations are nucleated simultaneously from all top and bottom corners of the
sample when defect-free nanocubes are loaded quasi-statically, while introducing
external or internal defects causes heterogeneous dislocation nucleation to occur at
lower stresses. The same slip systems are active during high-velocity impact of
[100] oriented microcubes, but dislocation nucleation follows the shock wave

propagation and reflection—generating a gradient of dislocation density.
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Determine the roles that the shock conditions, the free surfaces, and the
crystallographic orientations play on the impact-induced nanostructural
evolution.

Through comparison of nanostructures resulting from the impact of single crystal
Ag microcubes and spherical microprojectile impact of Ag substrates, we
determined that the crystal orientation primarily governs dynamic recrystallization
instead of reflective shock dynamics in the presence of free surfaces. Progressive
dislocation nucleation on multiple simultaneously activate slip systems leads to
extensive dislocation interaction, crystal rotation, and the eventual formation of
high angle grain boundaries.

The crystal orientation has a pronounced effect on the impact-induced
nanostructural  evolution.  [100]-impacted samples undergo extensive
recrystallization and a martensitic phase transformation—resulting in smooth and
inversely corelated gradients in grain size and GND density. In contrast, limited
grain refinement occurs in [110] and [111] oriented samples impacted at similar
velocities.

Investigate the effects of impact-induced nanostructural evolution on the
resultant mechanical properties.

An average of over 200% improvement in both strength and toughness is achieved
through the impact-restructured samples when compared to the original single
crystals and bulk polycrystalline silver.

Samples with a smooth gradient-nano-grained structure exhibit the highest strain

hardening rates.
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I-4. Obtain a mechanistic understanding of heterogeneous deformation induced

strengthening.

The impact-induced heterogeneous nanostructures cause stress and strain
gradients to form during subsequent quasi-static compression. Sequential
yielding along the gradient results in heterogenous deformation induced stresses
that instill higher compressive stresses in nanograined regions and lower
compressive stresses (even turning tensile in some samples) in coarser grained
regions.

Heterogeneous deformation causes uncharacteristic but complementary plasticity
mechanisms to emerge. Ultra-high strain hardening is achieved through
pronounced dislocation accumulation in coarse-grains. Enhanced ductility within
typically brittle nanograin domains is achieved through intergranular mechanisms
leading to grain coarsening. The extent to which each of these mechanisms is
activated can be tuned through distinct impact-orientation dependent

heterogeneous nanostructures.
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pyrocarbon buffer layer of TRISO nuclear fuel particles

Research Thrust I1: Investigating the fracture and densification behavior in the

The key findings from the work presented in Chapter 4 which complete the research

objectives outlined in Section 1.1.2 are summarized below:

I1-1. Examine the heterogeneity in the synthesized buffer microstructure, and its

potential effects on the fracture and densification behavior.

I.  The porosity and heterogeneity in the pore structure increase with increasing

distance along the radial direction in the buffer, which is attributed to the deposition

process. The increased porosity is mainly driven by the largest pores, which consist

of sprawling networks of interconnected voids.
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Characterization of multiple particles shows that the porosity consistently reaches
a maximum near the buffer-IPyC interface, which is commonly where
circumferential tearing initiates in the buffer layer.

Obtain a mechanistic understanding of the anisotropic mechanical behavior,
including the effects of structural heterogeneity within the buffer layer.

The porous pyrocarbon exhibits super-elasticity, as revealed through
nanoindentation and microcompression testing. Microcompression tests show that
brittle failure is deferred until 10-25% strain. A trend of increasing yield strength
with increasing radial position reflects the trend of increasing porosity. We
hypothesize that the increased void space allows for enhanced elasticity of the
pyrocarbon matrix, thereby deferring yield.

Pore shape analysis reveals that pores tend to be elongated in the circumferential
direction. Pores oriented perpendicular to the loading direction (radial
compression) would have higher stress concentration factors, potentially causing
yielding at lower applied stresses.

Investigate the irradiation-induced micro and nanostructural changes and
their contribution to the densification and fracture behavior.

Densification is partially accommodated through changes in the porous
microstructure. However, most of the densification is due to graphitization of the
pyrocarbon matrix.

Circumferential fracture commonly occurs near the kernel-buffer interface, which
is correlated to regions of almost zero microporosity and high concentrations of

fission products. The high stresses exerted through kernel expansion and radiation
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damage likely lead to fracture initiation in this region. Radial fracture is common
in particles with high remaining microporosity after irradiation.

11-4. Determine the effects of temperature and fast neutron fluence on the
structural changes.

i. Microscale densification located near the kernel is common in particles exposed to
relatively lower temperatures, while significant changes in the microporosity occur
throughout the buffer layer of particles exposed to high temperature and fluence.

ii. Particles exposed to high temperatures exhibit the most extensive nanostructural
changes. The large increase in crystallite size and decrease in interplanar spacing

accommodate the large densification in these samples.
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Figure 5-2: Summary of key findings from Research Thrust 11
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5.2 Additional contributions to the fields

In addition to the key research findings presented in the last section, | have made additional

contributions to the applicable fields—including developing novel methods and providing

valuable new experimental data to inform multi-scale models. A few of these contributions are

highlighted here:

1.

2.

Development of a robust data analysis workflow incorporating artificial intelligence
assisted pore identification and segmentation for porosity characterization of FIB-SEM
image stacks where intensity-based grain segmentation is shown to be inaccurate
(Section 2.4.5).

Application and comparison of novel geometrically necessary dislocation density
estimate methods to TKD data of highly deformed nanostructures (Section 2.4.4), and
investigation into the accuracy of the calculated magnitudes of GND density through
crystal plasticity simulations (Section 2.6.4).

Development of a synthetic microstructure generation method capable of producing 3D
microstructures with full control over the spatial distribution of grain sizes, grain size
extrema, gradient direction, sample shape and dimensions, grain orientations, and
dislocation density distribution—which can all be determined through experimental
data or specified without experimental input (Section 2.6.3).

The large datasets from FIB-SEM tomography of the buffer layer in TRISO nuclear
fuel particles (Sections 0 and 4.3) will be made publicly available for other researchers
to use. Very little is known about the microstructure of the buffer layer, so such a vast
dataset of experimental characterization will be instrumental to future modelling and

experimental efforts in the field.
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5. Aided in the nanostructural characterization of impacted aluminum substrates, showing
the effect of impact-induced dislocation density gradients on the dynamic hardness
[169]. These results also reveal that dynamic recrystallization does not occur readily in
high stacking fault fcc metals such as aluminum.

6. Aided in the experimental design, data acquisition, and structural characterization for
the recently published study investigating the origins of preconditioning in vertically
aligned carbon nanotube foams [248].

7. Aided in the experimental quantification of the dynamic performance of nanofiber mats

impacted at supersonic speeds [249].

Future work

Continuation of the research presented in this thesis will provide further insights into the

process-structure-property relations of these materials and other material systems. The following

work is planned for the immediate future:

1.

Investigate the pore shape and orientation changes due to irradiation. Evidence of pore
collapse and/or expansion may emerge and could provide further insights into the fracture
and densification mechanisms.

Complete a deeper analysis of the Raman spectroscopy maps, which may provide
information about nanostructural defects—including which types are present and how
they are distributed by analyzing the different defect bands in the Raman spectra.
Analyze the TEM images, selected area diffraction patterns, and EELS spectra obtained
from unirradiated and irradiated buffer samples. Quantify nanostructural features and

connect these findings to features in the Raman spectra.
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4. Perform crystal plasticity simulations on synthetic microstructures with varied structures
to ascertain which gradient nanostructures provide the best mechanical properties. We
plan to alter the gradient direction with respect to the loading direction, implement

bidirectional gradients, and invert the dislocation density and grain size gradients.
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Appendix A

A.1 Schmid factor analysis of loading directions in an fcc structure

Schmid factor analysis can be performed to predict which slip planes will be activated first
under a given loading direction. The applied normal stress required to initiate slip on a particular

set of plane and direction is given by:
o = s (A.1-1)

where m is the Schmid factor and is given by:

m = cos 0 cos ¢ (A.1-2)

I'n

where ¢ is the angle between the loading direction and slip plane normal (cos ¢ = Y

), and & is

l's

the angle between the loading direction and slip direction (cos 6 = T

). The lowest required

applied stress to initiate slip corresponds to the slip systems with the highest Schmid factors.
Therefore, we computed the Schmid factor for each of the 12 fcc slip systems under a [001] loading
direction. There are eight slip systems that have the same Schmid factor of ~0.408, which is the
maximum value for all 12 slip systems. Thus, these 8 slip systems are equally likely to be activated

first under a perfect [001] loading geometry.

The Schmid factors of the slip systems in <110> and <111> loading of an fcc crystal are
also computed. For <111> loading, there are 6 slip systems with the maximum Schmid factor of

0.27217. For <110> loading, there are 4 slip systems with the maximum Schmid factor of 0.40825.
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Next, we investigated what a slight disturbance from perfect [001] loading geometry would
do to the predicted active slip systems. Under a [0 1 100] loading direction, which is ~0.57° off
from a [001] loading direction, there are only two slip systems with the same max Schmid factor
of ~0.412. There are four slip systems with a slightly lower Schmid factor of ~0.408 (same as
[001] loading geometry) and two with a Schmid factor of 0.404. Even this small disturbance from
a perfect [001] loading geometry can result in less slip systems being simultaneously activated,

which accommodates the massive strain burst witnessed in some of the quasi-statically compressed

cubes.

<100> loading <111> loading <110> loading

4-fold rotaticnal symmetry 3-fold rotational symmetry 2-fold rotational symmetry

o

o
AT

AN ™
o o

D <on € 110> D D 110>

Figure A - 1: Thompson tetrahedrons of active slip systems for <100>, <111> and <110> loading in an fcc

crystal: active slip systems are shown in green — figure adapted from [250]).

A.2 Elastic properties of silver

The elastic constants for silver at room temperature from the Simmons and Wang handbook
of Single Crystal Elastic Constants [104] are used for the following calculations. Coordinate
transformations can be applied to the compliance tensor to convert from the crystal (reference)

configuration to the loading configuration:
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Si’jkl = AimAjnAko AipSmnop (A.Z-l)

The number of independent elastic constants can be reduced to three in the case of materials
with cubic structures and the fourth order tensor can be represented in matrix notation. Thus, the
theoretical Young’s modulus of a cubic single crystal loaded along the [h k I] direction can be

determined through the following expression [251]:

h*+Kk*+14 ]

1 1
=512+ 35 + (s =52 = 550 [ (A-2-2)

Elnkn

Using the compliance constants for silver at room temperature [104], the Young’s modulus

in the [100], [110], and [111] directions are calculated to be:
Ef100) = 43.67 GPa, E|119) = 83.61 GPa, E[111) = 120.29 GPa

The shear modulus on the {111} planes in a cubic crystal is given by [252]:

’ 1 3
G4_ = = <m) C44 (A.2'3)

€11—C12

which is found to be G113 = 19.53 GPa for silver using the stiffness constants at room

temperature [104] for silver.

To compare our data to that found in literature for different sample types and loading
directions, we normalized the vyield strengths and sample sizes. The yield strengths were
normalized by resolving them onto the active slip systems (to find the resolved shear stress) and

then dividing them by the shear modulus:

Tres _ MOy (A.2-4)
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where m is the max Schmid factor given by Equation (A.1-2) and determined to be 0.4082 for

[001] loading.

To normalize the sample sizes, the effective diameter is divided by the magnitude of the

burger’s vector:
D=— (A.2-5)

where |b| is computed to be:

a a 0.4078
bl = £1(110)] = = =2

= 0.2884 nm (A.2-6)

A.3 Estimates of key parameters of impact deformation [36]

The following are the estimates of the average values of important parameters that describe
the high-velocity (V = 400 ms~1) impact of Ag microcubes (edge length, a = 1.4x10™%m).
Properties of Ag were obtained from the NIST Journal [7]. The approximate impact velocity at
which melting would occur is calculated by equating the equations for kinetic energy and melting

energy and solving for the impact velocity.

Table B.1: Estimates of the average values of the key parameters of impact deformation

Parameter Value
Density, p (kg m?) 10490
Mass, m (kg) pa’ 28.78x10°
Momentum, p (Ns) mV 11.5x10°%2

— 1
Kinetic energy, E (nJ) EmVZ 2.30
Heat capacity, C, (Jkg'K™) 240
Latent heat of fusion, AH, (Jkg™) 111x10°
Melting energy of the Ag microcube (nJ) f m C,dT + mAH, 9.65
Average temperature-rise due to impact, AT (K) E 333
mC,
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Average reduction in the height of the sample due to 300
impact, Ah (hm)
Duration of impact deformation, t (ns) 2Ah 1.5
V
Nominal strain rate, & (s) (A_h) 1.4x108
a
t

A.4 Calculation of equilibrium vacancy concentration in silver

We have computed the vacancy formation energy for Ag at OK using MS. The vacancy

formation energy V; is given by,
N-1
Vp=EN—-1)— TE(N) (A.4-1)

where E(N — 1) is the energy of the sample containing a vacancy, and E(N) is the energy of the
pristine sample containing N atoms. Using the interatomic potential, we found that the vacancy
formation energy is ~V; = 1.1 eV, which agrees well with the monovacancy formation energy of
silver stated in literature [253] as 1.16 +0.02 eV. Equilibrium vacancy concentration c, is then

calculated from,

coq = exp (5) (A.4-2)

where kg is the Boltzmann constant and T is the temperature. This leads to an equilibrium vacancy
concentration of 10”° at 600 K. However, the concentration of vacancies directly estimated from
the MD sample by counting the vacancies in multiple representative volumes is much higher, likely
because of the high surface to volume ratio. The estimation gives the number of vacancies in the
order of 100-200, which gives a concentration of 10 at the end of the impact deformation of the

sample. It should be noted that even though vacancies are generated, they do not move in the
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timescale of the simulation, and therefore, the effect of vacancies during the impact and the
dynamic phase transformation is minimal. However, they may have significant effects on the

subsequent stress relaxation and recrystallization.
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Appendix B

B.1 Stochastic deformation response of quasi-statically compressed single

crystal micro- and nano-cubes

Strain Burst Magnitudes

The strain burst can be studied further from the force-time and displacement-time plots
(Figure B-1 (b)). The indenter moves at the prescribed constant displacement rate from point (1)
to point (2) (corresponding to the linear elastic regime). During the strain burst, the indenter moves
quickly with the sample as can be seen from the displacement-time data (points 2-4). We see from
the force-time data that the force decreases rapidly during the strain burst (points 2-4) but does not
immediately go to zero until point (6). This suggests that the indenter is still doing work on the
cube and the entire deformation during the strain burst may not be solely due to the material
instability. Ideally, the indenter would not follow the cube and would maintain the prescribed
displacement rate. However, since the system is inherently load controlled, a feedback loop is
required to run in pseudo-displacement-controlled mode. Consequently, during the dramatic
instability of the strain burst, the indenter deviates from the prescribed displacement rate and there
is a certain time lag until the feedback loop corrects the indenter position to the subsequent step to

where it was before the burst.
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Figure B-1: Analysis instrument behavior during the strain burst magnitude (a) stress-strain

response of sample in Figure 3-1, (b) corresponding force-time and displacement-time curves
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Sample size also appears to play a role in how large the strain burst is. We define the strain

burst magnitude as the difference in strain between the on-set of strain burst (yield point) and

where the flat punch meets the sample again and begins reloading. As seen in the plot in Figure B-

2, as the sample size increases, the strain burst magnitude becomes larger. The stark difference in

the strain burst magnitude can also be seen easily with semi-transparent SEM images of the

original shape overlaid on the deformed cubes (Figure B-2 (b-c)).
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Figure B-2: Size effect on the strain burst magnitude (a) strain burst magnitude plotted against sample size, (b)
deformed 2298 nm sized sample post strain burst with transparent image of original undeformed sample overlaid—
shows much larger strain burst with more slip steps than the smaller sample (c), (c) deformed 466 nm sized sample
post strain burst with transparent image of original undeformed sample overlaid.

The dislocation nucleation mechanisms described in Section 3.2 could also help to explain
this phenomenon. Since larger samples have more sites of high stress concentration—such as
surface defects and sharp corners and edges—dislocations are more readily nucleated at lower
stress than the smaller samples. A multitude of dislocations are necessary to accommodate slip on
multiple planes. An equal strain burst magnitude for larger and smaller samples would already
mean that many more dislocations were nucleated in the larger sample since slip would need to
occur on more planes. The fact that the largest (~2um) samples exhibit strain burst magnitudes
over 10x larger than those of the smallest samples (~100nm) points back to the fact that
dislocations are more readily nucleated in larger samples. SEM images taken after the strain burst
provide evidence to this hypothesis as the smaller (D=466 nm, Figure A-2(c)) sample has fewer

slip steps than the larger (D=2298 nm, Figure A-2(b)) sample.
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However, these observations rely on the strain burst being solely from a dramatic instability
in the material, rather than additional work being provided by the indenter during the strain burst.
Since the nanoindenter is inherently load controlled, the indenter follows the sample down and
appears to exhibit some force on the sample during the strain burst. Therefore, the trend of
increasing strain burst magnitude with larger samples could be an artifact of the limitation of the
nanoindenter to not have the capability of a truly displacement-controlled mode. It would be
interesting to perform similar experiments in a truly displacement-controlled testing device to see

if this trend still emerges.
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Details for samples which exhibited a large strain burst
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B.2 Polytypes of Ag — SAD pattern indexing
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Table B.1: Physical properties of polytypes of Ag[17

Polytype

3C (fcc)

2H (hcp)

Unit cell

4H (hcp)

Lattice parameter, a (nm) 0.409 0.288 0.283
Lattice parameter, ¢ (hm) - 1.000 0.638
cla 3.47 2.25
Density (g cm™) 10.46 9.97 8.09

Indexing hcp phases in SAD patterns

Since the hcp grain orientations were not in primary low-order zone axes, after identifying

all the possible zone axes, we had to perform detailed error analysis of the error between the

theoretical and experimental lattice parameters to identify the most probable zone axes and the

associated indexed patterns. Additionally, differentiating between the 4H and 2H phases proved

challenging, and the error analysis allowed identifying the 4H pattern to match the experimental

SAD patterns consistently at low percent error on lattice distances and angles. These analyses for

the three hcp patterns shown in Figure 3-8 (b-d) are given below in Tables B.2-B.4:



Table B.2: Indexing of SAD pattern in Figure 3-8(b). The best fit is 4H [10 2 8 3]

2H 4H
Beam Direction| B=[5143] | B=[725 3] | B=[102 8 3]
Indexed
Diffraction
Pattern
L|{48nm'|L |[47nm*'|L |47 nm?’
Experimental |[M | 7.3 nm*'|M |74 nm* [ M | 7.3 nm™
© | 52.4° © ] 90.1° © | 52.4°
L|{43nm'|L [43nm"'|L |45nm’
Theoretical |M [6.0nm™*| M [6.0nm”" | M | 7.2 nm
© | 55.4° © | 94.2° © | 51.7°
L|116% (L |93% L | 4.4%
Error M|21.7% [M|233% | M| 1.4%
©| 54% © | 4.4% ©| 1.4%
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Table B.3: Indexing of SAD pattern in Figure 3-8(c). The best fit is 4H [2 19 17 3]

Beam Direction

Indexed
Diffraction
Pattern
L|6.7nm"| L |66nm'|L|66nm’
Experimental |[M [ 5.8 nm" | M | 7.2nm"| M | 7.2 nm
©| 37.5° ©| 106.7° | © | 106.7°
L|72nmm"'| L |[64nm*'| L |64nm’
Theoretical |[M | 50nm*'|M |[72nm*'| M| 7.2 m"
©| 36.2° ©|107.7° [ © | 107.7°
L | 6.9% L] 3.1% L | 31%
Error M| 16.0% |M| 0% M| 0%
O] 3.6% O 0.9% © | 0.9%
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Table B.4a: Indexing of SAD pattern in Figure 3-8(d); The best fit for grain 1 (indexed in

white in Figure 3-8(d)) is 4H [1 3 4 4]

4H

Beam Direction

Indexed
Diffraction
Pattern

B=[134 4]

(6)]
5
=S

B=[4 13 4]

L|78nmnm*| L | 7.8nm" 7.9 nm™

Experimental |[M [ 8.0nm' M | 81 nm'| M| 7.8 nm’
©|94.2° © | 85.7° © | 86.1°

L|71nm?'| L | 76nm' L | 81nm"’

Theoretical |M| 76 nm*'|[M | 81 nm'| M| 7.6 nm™’
©| 98.2° ©| 87.2° © | 87.2°
L | 9.9% L | 2.6% L | 2.5%
Error M| 5.3% M| 0% M| 2.6%
O 4.1% O 1.7% 0| 1.3%
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Table B.4b: Indexing of SAD pattern in Figure 3-8(d); the best fit for grain 2 (indexed in

yellow in in Figure 3-8(d)) is 4H [10 2 8 3]

2H 4H
Beam Direction| B=[224 3] B=[4223]|B=[1028 3]
Indexed
Diffraction
Pattern
§__n_rp_
L|{39mnm*'| L 40nm" | L |45nm’
Experimental |[M |57 nm*'|M |54 nm™ [ M| 5.6 nm™
©|1094° | ©| 112.0° (O | 92.9°
L|{41nm'| L |41nm'| L | 4.5nmm"
Theoretical |M| 5.0nm'| M| 50nm*'| M| 5.7 nm’
©|1140° | ©|114.0° |© | 90.1°
L | 4.9% L | 2.4% L | 0%
Error M| 14.0% | M| 8.0% M| 1.8%
O] 4.0% O | 1.8% ©| 3.1%
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B.3 Details for impacted samples

Sample details for all impacted cubes are shown in Table B-5. Empty boxes indicate the
property for that specific sample could not be determined. For example, some samples do not have
impact velocity data because of uncertainty in determining the distance traveled by the particle

from the in-flight image.

Table B.5: Details for microcompression tests impacted samples

g g |2 - 3
@ s 5 N 3 2z 2| % 9 £E E |2 % .
N o o) ~ = &S|lw | I © = w 2 g
Set33_S1 | [100] | 1 | 27 - 740 | 704 | 9780 | 77.69 51416.2
Set9_S12 | [100] | 8 | 18 454 660 | 783 | 3325 | 107.00 | 2067496
Set10_S5 | [100] | 8 | 32 345 620 | 958 | 31802 | 17673 | 148137.1
Setd8_S6 | [100] | 3 | 52 333 | 1010 | 635 | 27657 | 14031 | 621172
Setd8_S9 | [100] | 3 | 21 389 | 1033 | 510 | 38407 | 19904 | 474471
Sets2 52 | [100] | 2 | 28 272 972 | 522 | 5289 | 6546 56168.2
Sets2. 53 | [100] | 2 | 21 286 966 | 794 | 361.95| 14937 | 81526.0
Sets2.S6 | [100] | 2 | 25 313 949 | 427 | 7001 | 8149 39384.1
Set9 S9 | [110] | 8 | 23 312 642 | 1484 | 15430 | 101.67 | 162066.7
Seto_S10 | [110] | 8 | 28 315 640 | 1329 | 199.46 - 727033
Set26_S2 | [110] | 2 3 - 918 | 983 | 31403 | 13391 | 79582.8
Set32 S10 | [110] | 1 | 32 - 875 | 1143 | 12043 | 10158 | 1264523
Set0_S10 | [110] | 4 | 34 - 1435 | 1410 | 304.02 - 876316
Set9_S14 | [110] | 8 4 405 594 | 1072 | 223.08 - 105682.8
Setl2 S7 | [110] | 3 | 39 - 649 | 1028 | 20172 | 9527 | 181538.0
Set9_sil | [110] | 8 | 16 433 653 | 837 | 29472 | 14587 | 974964
Set23_S11 | [110] | 2 | 24 - 918 | 936 | 37603 | 14307 | 337008
Set23_S5 | [110] | 2 | 21 - 981 | 956 | 32451 | 12574 | 4268638
Set23.S9 | [110] | 2 | 17 - 930 | 1216 | 25058 | 13267 | 512894
Set23_S7 | [110] | 2 | 22 - 939 | 926 | 356.74 - 42560.4
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Set23_S8 [111] 2 1.7 - 925 1308 314.06 141.92 60582.0
Set9_S13 [111] 8 2.2 327 620 1502 216.81 - 80270.1
Set23_S10 [111] 2 2 - 935 1162 174.33 115.27 47686.5
Set10_S3 [111] 8 3.2 365 626 983 - - 141537.4
Set24_S3 [111] 2 2 - 926 1814 310.11 - 72222.5
Set24_S6 [111] 2 2.2 - 968 1274 326.62 142.68 69481.7
Set26_S1 [111] 2 1.9 - 919 1397 286.61 112.88 123424.9
Set4_S10 [111] 1 2.6 343 1496 1465 272.72 133.26 69816.4
Set32_S4 [111] 1 2.3 -- 917 1405 157.30 120.30 121395.6
Set32_S6 [111] 1 3.3 -- 910 1313 55.64 112.06 102367.1
Set0_S11 [111] 4 4 382.8 919 1926 237.21 -- 109577.2
Set23_S6 [111] 2 1 -- 939 1316 216.49 126.83 62179.9

Precise control of the impact velocity is challenging, therefore, there is a standard deviation

of ~ 53 m/s from the average impact velocity (352 m/s). However, within this short velocity range,

we do not observe a velocity-dependent changes in the mechanical properties (Figure B-3).
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B.4 Porosity, fission product, and crack distribution plots from FIB-SEM

tomography of irradiated buffer
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