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1 Introduction

The properties of ceramic nuclear fuel, UO,, are crucial to the fleet of current and fu-
ture nuclear power plants operating globally. As the primary nuclear fuel, UO5 has been
extensively studied through the years to determine its optimum design and enrichment to
cope with high temperatures and degrading radiation environment. Despite large empirical
databases for UOs, there is a lack of scientific understanding of its property evolution under
irradiation. This document will enrich the scientific basis of radiation induced damage for-
mation in UQO,, the ultimate goal being the understanding of the irradiation microstructure
evolution starting from the point defect scale. Irradiation damage in UO, resulting from ion
irradiations has been characterized using a combination of state-of-the-art theoretical and
experimental methods. Ultimately, this study provides a novel explanation for formation of
defect structures on multiple length scales using H, He?* and Kr ion irradiations.

Radiation damage in UO5 has been well studied but there exists little correlation between
point defect accumulation, lattice structure changes and microstructure. This is partly
because irradiated nuclear fuel is highly radioactive and its defect chemistry is extremely
complicated resulting from fission of the material and consequent fission products being
embedded in the fuel matrix [66]. To adequately study the evolution of defects from point
defects through to microstructure features, the resulting defects have to be intentionally
simplified for characterization. Ion accelerators have the unique capability of creating simple
microstructure features using specific ions, without the added complication of fission and
neutron activation from nuclear reactors. As an example, H* ions have been used to create

(only) a distribution of dislocations that were studied using various techniques. The ability



to tune the energy or type of the ion to achieve desirable implantation depth and ideally
simple microstructure renders it a lucrative instrument for this type of analysis.

X-ray diffraction (XRD) studies and transmission electron microscopy (TEM) have been
utilized to study extended structure changes and microstructure evolution. Ion beam irradia-
tions create displacements and displacement networks, voids, surface fracturing, gas bubbles
and several other microstructure changes to model nuclear reactor damage [65]. Using an
ion accelerator, it has been possible to isolate these radiation induced defects and study
their subsequent evolution with increasing dose. Insofar, since all of the phenomena caused
by radiation damage originate from point defects, the elucidation of radiation effects on the
atomic scale is crucial. This is rendered complicated due to aperiodic irradiation defects.
This lack of periodicity renders standard approaches, such as TEM and XRD ineffective, as
these methods probe average structure over tens of Angstroms. Therefore, techniques that
are sensitive to short range order are required to understand the defect detail on atomic scale.
X-ray absorption fine structure spectroscopy (XAFS) measures the population-weighted lo-
cal structure and chemical speciation of the examined elements making it perhaps the most
incisive method for determining the local range order in irradiated materials. In this study,
Extended X-ray Absorption Fine Structure (EXAFS) measurements have shed significant
insight into the local chemistry evolution from irradiation damage in UQOs.

With the aforementioned defect characterization techniques, this project has developed

three significant scientific conclusions:

1. Irradiation of UO, creates changes with some similarity to oxidation, but the increase

in lattice parameter (as compared to oxidation) indicates differences in microstructure.



2. TEM invisible defect clusters are predominantly responsible for lattice structure changes

in UO,, confirmed using EXAFS and Cluster Dynamics simulation.

3. The combination of EXAFS, Cluster Dynamics, CrystalMaker Analysis, MD and Ra-
man measurements support the existence of hyper and hypo-stoichiometric regions in

the material after irradiations.

4. The lattice parameter, the microstructure visible to TEM and the lattice structure

invisible to TEM all scale with DPA.



2 Background

2.1 Introduction to our Material: Uranium Dioxide (UQO,)

Because of its role as nuclear fuel uranium dioxide continues to be of scientific and techno-
logical interest [2]. The fission of uranium dioxide produces fragments or daughter nuclei
that carry the original nuclear energy as kinetic energy that is subsequently transformed
into heat as they collide with neighboring atoms. These collisions of the heavy fission prod-
ucts, unlike collisions with lighter particles, displace lattice atoms from their positions in the
crystal lattice. Although, almost all of these displaced atoms return to lattice sites restoring
the crystal structure, a small number do not [7|. This results in small, local defects such as
Frenkel pairs of vacancies and interstitials that accompany the irreversible defects caused by
the forced incorporation of the fission products into the UO, lattice. Nuclear burn differs
from other forms of combustion in that its products remain in the fuel instead of being
expelled in an exhaust stream. As these point defects accumulate over time, the stresses
they induce in combination with others originating in the thermal gradient across the fuel
element, trigger the irreversible formation of larger scale damage structures such as voids
and dislocation loops [66]. This inhibits the recombination of their constituent atomic scale
defects. Ultimately these microscopic radiation effects and the larger scale damage, such as
cracking, to which they contribute, reduce the thermal conductivity and overall performance
of the fuel pellets.

As fission causes damage in the fuel material, it is crucial to understand the underlying
mechanisms that govern the lattice damage, recovery and its susceptibility to various ex-
treme environments. The overview of these underlying mechanisms starts with the atomic

structure of UO,. This gives insight into its complex geometry and structure, that has a high



propensity to exist as a hyperstoichiometric oxide [57]. The atomic level interactions that
render UO, off stoichiometric are a result of electronic processes due to uranium’s partially
filled 5f orbital [101]. The complexities regarding the electronic properties are yet to be fully
characterized but are nonetheless discussed in this study.

Uranium dioxide is one of the most complex oxide materials due to the unstable stoichiom-
etry resulting from rapid and reversible oxygen ion mobility [36]. As the most commonly
used nuclear fuel, there has been significant research to understand defect structure in the
UO;, complex, following nuclear reactor irradiation. Characterization of UO4 stoichiometry
has been undertaken since the 1960s and is still far from complete [95]. Although uranium
dioxide is UOy in composition and fluorite in structure, it almost always demonstrates a
higher degree of oxidation, i.e., UOy, [14]. The presence of UO, in atmosphere results in
oxidation of the material due to its negative oxygen interstitial formation energy and there-
fore, it exists as UOq,, [57]. Uranyl ion, UOs,,, is similar to a smaller divalent metal ion.
The phase digram of UO; is shown in Fig. 2 and shows that the UO,,, phase is stable at

room temperature.

2.2 Atomic and Electronic Structure of UQO,

2.2.1 Atomic Structure of UO,

Aside from its application as a fuel for nuclear reactors, UOy has unique properties as an
actinide oxide and is used as a catalyst in chemical processes due to uranium’s delocalized
f and d shell electrons [78]. Structurally, UO, is a fluorite and has a face centered cubic

(FCC) structure shown in Fig.1, similar to calcium fluorite (CaF;) and an F'm3m space



group [98]. In FCC structure, oxygen fills the tetrahedral interstices of the close-packed
cation sub-lattice of uranium. This results in a cubic arrangement of oxygen atoms with

uranium atoms placed between the cubes. The lattice parameter of UO, is subsequently

5.47 A [67).

Figure 1: Face Centered Cubic Structure of UOq

Several crystalline phases of UO, exist at varying temperatures and partial pressures of
oxygen [3]. The knowledge of these phases is key to understanding chemistry of the nuclear
fuel during reactor operation as it is subjected to a range of temperatures during fission (800-
1600 K) and oxygen partial pressures. The phase diagram for various UO; phases is shown in
Fig. 2. Stoichiometry evolution in the nuclear reactor is further controlled by the constantly
evolving chemistry resulting from fission of the uranium nucleus [72]. While the uranium
atom fissions, and effectively decreases in concentration, the oxygen atoms remain relatively

constant in the reactor fuel. The resulting UO,, , stoichiometry requires the uranium atom



to have multiple bonds with existing oxygen atoms, thereby complicating the fuel material
structure. The resulting complex molecules of U and O have a larger ionic charge due to
excess electrons in the system [76]. This can serve as a ligand to electron deficient fission
products and form complex species that have proven difficult to separate in used nuclear
fuel processing [83]. Therefore, structure evolution following irradiation in a nuclear reactor
is crucial to stability of the final used nuclear fuel, especially in case of extended storage at

reactor sites.
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Figure 2: UO, phase diagram [60]

A remarkable property of UO, is the process of accommodation of excess oxygen ions

in the lattice, which doesn’t distort the lattice structure and the U sublattice maintains its



original FCC geometry [79]. The oxidation mechanism in UO, has been understood to result
from formation of oxygen interstitials leading to a cuboctohedral type (COT) structure [95].
The oxygen atoms migrate into the UO, lattice as clusters and further displace the existing
O atoms from their sites and it is widely accepted that the presence of oxygen clusters is
energetically more favorable for the lattice than individual oxygen interstitials [?]. This
mechanism was theorized by BTM Willis in the 1960s and has been well understood since
then and widely used in several studies aiming at understanding the UO5,, chemistry. Willis
Structure, Fig. 3: explains the formation of oxygen cluster in UO, resulting from 2 oxygen
interstitials, 2 displaced oxygen ions and resulting 2 vacancies. The interstitial oxygen ions
are displaced from their (1/2, 1/2, 1/2) position along [110] axis and lattice oxygen are
displaced along the [111] axis. This model is referred to as a 2:2:2 model [96]. Repeating

this 2:2:2 cluster results in 4:3:2 and eventually higher defect cluster configurations.

Fig._ 1. Unit cell of UO, showing the cubic-coordinated cation
sites, the tetrahedrally coordinated anion sites, and the cubic-
coordinated interstitial sites.

Figure 3: Willis structure showing the 2:2:2 oxygen cluster in UOq,, [95]



Understanding the changes in stoichiometry is crucial in a non-stoichiometric material
such as UQO, since, with increasing ‘x’ in UO,,, from UO; to U3Og to final UO;3, thermal
conductivity of the material decreases [29]. This attribute can be related to the partially
filled 5f orbital in uranium, which plays a significant role in determining thermal transport
and local structure changes resulting from irradiation [54].

U-O is one of the most complicated binary systems known. At least 16 distinct crys-
tallographic phases of uranium oxides from U(IV)Os to U(VI)O3 have been reported, with
some groups counting more [3]. It demonstrates negative oxygen interstitial formation en-
ergy [37], resulting in the formation of UOy, with x ranging from 0 to somewhere between
0.33 and 0.5, with U303 forming below the lower boundary and layered U3Og above the up-
per. Well below the superionic transition|46] where they become much less ordered because
of their mobility, the adventitious O atoms are not randomly distributed but instead form
clusters within the grains, giving crystallographically phase separated UO5,5: UyOg 5 and
U40945:U307 5 mixtures |74, 6]. The U sublattice is conserved, with a < 1% contraction
of UyOq relative to UO5 that is reversed, accompanied by a tetragonal distortion that can
initially be —1% but after some time is +2%, in U307 [19]. Because the equilibrium U:O
ratio depends on the chemical potential, the > 600-1000 K thermal gradient across the 5 mm
radius of the fuel pellet of poorly conductive UO, causes thermomigration that establishes
a parallel composition gradient, not only for O but for all of the fission products as well.
This process plays a role in creating stresses in the material that ultimately degrades of its
material properties.

The principal issue for UOy,, has been the location and effects of the adventitious O.
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This is intuitively relevant to the radiation damage problem because the interstitial atoms
pose the same question as to where and how they reside in the lattice. The original proposal
by Willis in 1964 [95] has been followed by a large number of both experimental and theo-
retical refinements. This model involves the addition of O into the cubic holes in the open
fluorite structure accompanied by a concomitant displacement of one, or more recently two,
neighboring O ions from their cube vertex positions to adjacent holes to give, respectively the
cuboctahdedral or di-interstitial [4] type structures. Recent studies by Geng et al. suggest
that di-interstitial clusters, which coalesce to form quad-interstitial oxygen clusters, have a
higher stability than the postulated cuboctohedral ones [30]. These differ primarily in their
long range order since the cuboctahedra are not only initially more regular but also easily
maintain translational symmetry when extended [30]. Both, however, retain the U sublat-
tice essentially intact. The near neighbor U-O distribution is single peaked with an average
bond length still near 2.36 A [5, 38|, with the shortest U-O distance for the nine-coordinate
U(V)-type sites still ~ 2.2 A. Both models also utilize clustering of the adventitious O and
consequent phase separation of UOy and UsOg 5 type domains and are therefore consis-
tent with the observed behavior of the diffraction patterns and the interpretation that the
O-enriched domains that grow as “x” increases are very similar to U4Og [95].

These theories of COT type clusters were, however, contradicted by XAFS measurements
that clearly showed a much broader U-O distribution extending to 1.7 A, a bond length that
is only consistent with uranyl type bonds [103]. The uranyl type bond exists as a trans
dioxo consisting of two oxo groups double bonded to the uranium atom with a bond angle
of approximately 180°. This group is highly symmetric resulting from the incorporation of

O to the existing UO, molecule. Although the presence of uranyl has been attributed to
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the formation of oxygen interstitial clusters resulting from oxidation of the material, the
Extended X-ray Absorption Fine Structure (EXAFS) measurements on ion irradiated UOq
have shown a similarly short U-O bond distance of “1.9 A. Further, the lack of additional
oxygen atoms to account for this lattice disturbance are explained in this study. A recent
study, however, explains that the formation of the defect cluster is contingent upon the
oxygen concentration in the lattice [30]. The presence of COT clusters is then just as likely
as quad-interstitial type defects and uranyl defects depending on the precise stoichiometry.
Therefore, naturally occurring UO,,, likely has a distribution of various types of oxygen
defect clusters that are stable at their own equilibrium conditions. The geometry of the
various oxygen defect clusters such as the COT cluster, the di-interstitial cluster and the
split di-interstitial cluster (two of which make the split quad interstitial cluster) are shown

in Fig. 4.

Atomic defects including point defects and clusters control diffusion properties and can
accommodate fission products and lead to stoichiometry variations [20]. However, the de-
fects on atomic scale to a large extent result from electronic interactions in UO, which are
discussed in detail in the next section. While off-stoichiometric samples of UO, have been
highly researched, there is very limited information on atomic defects in irradiated UQs.
Discussion of the results of UOs, species is pertinent to characterizing similar defect struc-
ture due to ion damage and also to explain any preexisting atomic phenomenon governing
mechanics of defect interaction. The resulting atomic structure evolution from varying ir-
radiation dose is key to understanding defect structure evolution in a nuclear reactor where

several different ions constantly damage the nuclear fuel lattice.
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Figure 4: The Willis defect cluster (a) serves as a transition state for rapid diffusion of
the split di-interstitial defect (b). The latter can also migrate through a di-interstitial (c).
Di-interstitial can dissociate to two immobile mono-interstitials (d).




13

2.2.2 Electronic Structure of UQO,

A discussion of electronic structure of UOy properties help better explain electrical con-
ductivity, chemistry and stoichiometry preferences. Uranium, like other actinide metals, is
characterized by an incomplete 5f orbital, which provides the molecule it’s magnetic proper-
ties. At 0 K, UOs is an insulator and at higher temperatures, it changes to a semi-conductor.
Below its Neel temperature of 30 K, UO, exists as anti-ferromagnetic and for this reason it
is referred to as a Mott-Hubbard insulator [82].

Actinide atoms have partially filled 5f orbital resulting in strong Coulomb repulsion in
their outer electron shells [101]. To better model ground state characteristics of bulk mate-
rials, lattices, point defects and more in UOy, Density functional theory (DFT), a quantum
mechanical technique has been used. DFT is rather advanced compared to other existing
techniques in the way that it considers the interacting electrons using a single electron density
rather than utilizing many body wave functions. Localized density approximation (LDA)
is used to estimate the electron correlation interaction but this cannot successfully describe
the varying density changes. Generalized gradient density approximation includes the charge
density gradient which describes the effect due to spatially varying charge density. DFT with
LDA and GGA, despite their detailed electronic approximations, cannot completely describe
the structure of strongly correlated materials including UO, [45].

A fully developed understanding of irradiation damage, including defect formation and
migration, in UQO, is incomplete without involving a first principles approach. Existing first
principles density functional theory approximations utilize the localized density approxi-

mation (LDA) and the generalized gradient approximation (GGA), which have not been
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able to account for strong correlations in the hybridized 5f electrons in uranium. Uranium
is known to transition from antiferromagnetic state below 30 K to a ferromagnetic metallic
state above that temperature. The existing LDA and GGA approximations have successfully
predicted the presence of the ferromagnetic state but fail to account for the Mott-Hubbard
insulator and antiferromagnetic behavior below 30 K. Therefore, there has been an effort to
explain this strong correlation between 5f electrons by including a Hubbard-U (DFT+U and
DFT+DMFT) term in recent calculations [24].

The DFT + U approximation (LDA + U or GGA + U) had an enhanced treatment of
the strongly correlated 5f electrons by adding a correction term to the standard DFT term

as

EDFTJrU: EDFT+ EHub - Edc

In this equation, Eppr is the standard DFT term with LDA and GGA components. Eg,
corrects for electron-electron interaction taking into consideration the higher correlations in
electrons and is similar to the Hubbard U term and E4. is the double counting correlation.

The partial and full density of states of the U 5f and O 2p orbitals are shown in Fig. 5
and it gives a different perspective on the electronic structure and the orbital interactions
resulting in the specific UOy chemistry. In this figure, the flat bands appear from the
U 5f orbitals implying that these 5f electrons are partially localized. Looking into this
further, the top two valence bands appear more depressed than the unoccupied f bands
with a band gap of approximately 2 eV. This shows that the U 5f orbitals may hybridize

with neighboring atomic orbitals including in this case with the 2p orbital of oxygen. The
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magnetic moments of UO, can be attributed to this split 5f band. Further, the wide band
gap in UOy has characteristics of a semiconductor and has been probed via photo-excitation
measurements [82]. These recent synchrotron diffraction measurements predict the formation
of photo-stabilized ordered structures with domains similar to O-enriched domains in UOo,,
at low x, above ground state phonon density of states. This occurs due to the creation of
quasiparticles called U (IV) oxo polarons, tunneling through the lattice to create aggregates
of defect clusters, giving the properties of Bose-Einstein Condensates. Therefore, the density
of states at and above 3 eV could result in the formation of stabilized oxo defect structures

that are detected in synchrotron light source measurements.

Energy (eV)
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Figure 5: Density of State in UOy with (a) energy band structure, (b) the total density of
states of UOy and (c) partial density of states of U 5f and O 2p orbitals [101]
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LSDA + U calculations have predicted the predominance of oxygen related defects in
UO, over uranium ones due to strong correlation in the uranium 5f electrons. Uranium
defects result in increase in overall volume whereas oxygen defects result in reduction in
volume in all but one type of defect structures [57], which is energetically more favorable
for the lattice and reduces the overall lattice energy. Detailed DFT calculations suggest
that hyperstoichiometry in UQO, is due to the oxygen atoms migrating into the UO, lattice
as clusters and further displacing the existing O atoms from their sites. Fig. 6 shows
the various point defect formation energies in UOy where, the oxygen interstitial formation

energy is consistently negative for all the unit cells used for computation.
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Figure 6: Formation energy in eV of various point defects in UO, in super cells of size U,Og,
U8016 and U32064 [57]
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Andersson et al, studied oxygen clustering and migration mechanism in UO5 using DFT
calculations [5]. The previously postulated cuboctohedral oxygen clusters have shown to form
higher density configurations similar to split quad interstitials which are stable in comparison
to single oxygen interstitials in UO9y,. Therefore, there is still an ongoing effort to fully

understand the effect of oxygen mobility in crystalline UO5 and in irradiated UQOs.

2.3 Radiation Defect Formation and Analysis

During nuclear reactor operation, the damage to the lattice structure of the internal
reactor components is continuous and in many cases, results in irreversible non-equilibrium
structures. Therefore, the study of radiation damage is crucial to fully understand the
structural challenges and further, to find a way to engineer stronger, more radiation resistant

components.

~ps »

Figure 7: The process of damage cascade in the material due to neutron irradiation

Radiation damage occurs in a material when an incoming ion of sufficient energy interacts
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with it, by imparting to the material the ion’s energy and disturbing its original structure
[11]. Defect formation from irradiation results in a chain reaction called damage cascade. The
first lattice ion to start the damage cascade is termed the Primary Knock-on Atom (PKA),
which in turn imparts its energy to further atoms in the lattice, which recursively start their
own cascades. Fig 7. shows the process of a neutron creating a PKA and starting the damage
cascade. The damage cascade results in displaced lattice atoms known as interstitials and
the resulting vacant sites of these atoms are called vacancies. This pair of an interstitial and
a vacancy is known as a Frenkel disorder (or a Frenkel pair). Another type of defect resulting
from vacancies is a Schottky defect, which consists of two charge compensating vacancies.
Interstials and vacancies are together known as point defects and a larger collection of point
defects results in microscopic and macroscopic defects in the target material. Fig. 8 shows
an illustration of these point defects. It is worth noting here that a majority of the defect
clusters resulting from cascade damage annihilate on pico-second scale [80]| and only the
remaining defects give rise to larger defect microstructures.

Simply put, defects arise from disruption of crystalline structure of the material and can
significantly alter its properties including, but not limited to, electric conductivity, ther-
mal conductivity, heat capacity, density, optical properties, diffusion coefficients and overall

structural integrity [32].
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Figure 8: Point defects with their defect complexes: a) vacancy, b) interstitial, ¢) Frenkel

pair and d) Schottky defect

During nuclear reactor operation, fission products of high energies between 167-171 MeV

[50] emerge and proceed to damage the atomic structure of the materials inside the reactor
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vessel. The resulting microstructure of the reactor materials is complicated because the
fission products that interact with it, possess a range of masses and energies. Therefore, ion
irradiations are designed by keeping in mind that the damage morphology is different for
various types of ions that cause the primary damage as shown in Fig. 9. Electron irradiation
results in Frenkel pairs, protons result in small damage clusters that also include Frenkel
pairs, heavy ions and neutrons produce larger cluster of damage regions [90]. Based on
this, it can be concluded that the damage due to neutrons is different from damage due to
protons and heavy ions. It is worth mentioning here that as a part of basic sciences initiative,
this difference between damage regions was considered and simultaneously, an attempt to
compare the effects of isolated defects on microstructure of the fuel was undertaken in this

work.
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Figure 9: Variation in average recoil energy, damage profiles and displacement efficiency for
different ions of 1MeV in Nickel. (Adapted from [90])

Mathematically speaking, radiation damage in a material can be quantified using the

damage rate equation (Ry):

Ro=N [F¢(E)op(E)dE,

Here, N is the atom density in the lattice of the target material, ¢(E;) is the energy
dependent particle flux and op (E;) is the energy dependent displacement cross section.
Further, each atom in the lattice can be displaced by the incoming ions with a probability

determined by the displacement cross section,
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0a(E:) = [1 o (B, T)v(T)dT

Here, o (E;, T)is the probability that a particle of energy F; will impart a recoil energy
T to a struck lattice atom, and v(7") is the resulting number of atoms displaced from this
collision. These equations highlight how the damage rate is depended on the type and energy

of the incident ion.

2.4 Radiation Induced Defects in UO,
2.4.1 Microstructure Defects in Irradiated UQO,

The first defects that form following radiation damage are point defects following a damage
cascade event. Majority of these defects annihilate due to thermal lattice recovery and
diffusion of defects in the material lattice. However, the defects that do survive and remain
stable are energetically more favored to cluster and form either small defect clusters [59],
or they could arrange themselves into linear formations and form dislocations that could be
seen using TEM [88|. Arrangements of defects can result in bi and tridimensional extended
defect structures, that could be nanometers or even microns in size [58|.

Fission of UO, in a nuclear reactor results in high energy fission products that end up
populating the fuel matrix and causing radiation damage. Some of the highest concentration
fission products include krypton and xenon fission gases that have a large yield (close to 25%)
and have low solubility in UO,. During the reactor operation, the embedded krypton and
xenon gasses precipitate into bubbles facilitated by high temperatures during fission. The
gas atoms that do not form bubbles then proceed to leave the UQO, fuel, thereby causing

microstructural damage due to the voids they leave behind in the volume of the sample.
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The release of gas in-pile is due to a variety of factors including thermally enhanced diffusion
such as release of fission products and emission by the fuel due to interaction with incoming
fission fragments. When the fission gases do release from the fuel matrix, large voids are left
behind as microstructure features in the fuel that weaken the fuel coherence. Fig. 10 shows a
micrograph of the high burn up fuel following fission gas release, revealing large voids across
the fuel surface. The release of accumulated fission gases isn’t just limited to fuel reactor

operation, but in fact continues throughout extended fuel storage [97].

Figure 10: Voids in UO, following fission gas release

The formation of fission gas bubbles can seriously challenge the fuel properties, as it can
result in fuel swelling, which causes the fuel and the cladding to interact and subsequently
damage both the fuel and the clad. This has led to significant research funding directed
toward understanding and development of accident tolerant fuel, where the clad fuel and
clad interactions are the focal point [21]. Fission gas bubbles can also affect the thermal
transport ability of the fuel, which is the key step in producing efficient power from nuclear

fuels and further, reducing the radiation damage annihilation capability in the fuel and other
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reactor materials [49]. Finally, due to decreased thermal transport, the nuclear fuel will not
be able to dissipate heat as efficiently and could ultimately result in an accident and fuel
meltdown as a worst case scenario, which is highly undesirable for nuclear reactors. Several
studies have been performed to understand the evolution of fission gas bubbles in UO, using
krypton and xenon gases and some of the resulting micrographs are shown in Fig. 11 and 12.
Most notably, studies done using cerium oxide, CeO,, a surrogate material for UO,, predict
the various differences in bubble characteristics using the two gas atoms. These studies have
been performed using ion accelerators to emulate the accumulation of fission gas in the UO,

matrix in a reactor to a similar dose level.

Figure 11: Bubbles seen in krypton implanted CeOs [99]
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Figure 12: Xenon gas bubbles in CeO, [99]

Another one of the noble fission gases is helium which causes radiation damage as a fission
product and simultaneously from radioactive decay of heavier fission products into lighter
elements. Furthermore, the natural decay of isotopes continues throughout the lifetime of
the fuel, even in used nuclear fuel storage. Therefore, it is crucial to understand the damage
ability of helium within the nuclear reactor during fuel operation and in used nuclear fuel
storage, where it could result in unstable isotopes and challenge material stability in extended
storage. Irradiation of helium has been used to understand radiation induced microstructure
evolution in several material types. Helium ions, or alpha particles, are one of the highest
concentration fission product and therefore a prime candidate for radiation damage studies
in fission ceramics. Transmission electron microscopy studies are consistent across materials
and show a steady growth of dislocation loop size with helium atom dose. Further, while the
coalescence of helium defects into helium gas has been predicted for low temperature UO,
irradiations, there are no experimental proofs of the same. This study shows the evolution
of microstructure, including helium bubbles, along with lattice structure and dislocation
growth in helium implanted UO,. TEM micrograph of He?* ion precipitate in UO, is shown
in Fig. 13.
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Figure 13: Dislocation loops and helium ion precipitates in UQOsirradiated to a fluence of 7
x 10' ions/cm? [27]

In extended fuel storage, large quantities of helium gas are produced as a result of alpha
decay of the isotopes in used nuclear fuel. The accumulation of helium in the spent fuel
can affect the integrity of the fuel rods during storage and during transportation of the fuel.
Studies have shown that a high level of damage occurs using helium atoms at a DPA of
1.2 and the surface of the UO, samples can start flaking at about 1 at % of helium atoms.
Over time in extended storage, the helium decay induced damage could reach up to 3 DPA
which causes grain subdivision and significant changes to the microstructure of the fuel [89].
The radiation induced damage simply due to the decay of alpha particles can result in high
concentration of dislocations, helium ion precipitates and bubbles and lattice expansion in
the used fuel materials. It is also likely that over the storage time of the fuel, the material

properties evolve from crystalline to amorphous causing the helium gas to pressurize the
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storage canister, potentially resulting in failure [71|. Long term effects of helium dose in
used fuel materials have not been studied due to time limitations but can be predicted using
accelerated measurement techniques. The dose rate in extended fuel storage is similar to
the ones performed in this study and therefore predict the radiation damage in the used
nuclear fuel adequately. Fig. 14 gives an expected idea of radiation dose due to alpha decay

in various fuel compositions in extended storage.
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Figure 14: Alpha particle dose in various composition of used nuclear fuel in units of DPA
over the fuel storage lifetime [61].

Aside from Transmission Electron Microscopy investigation of helium implanted UO,
several studies have been performed to study the distribution of the helium ions along with
the resulting phase changes in the material. One of the studies using X-ray diffraction
shows a dramatic expansion in the UO; lattice as the implantation dose is increased [91].
The study further demonstrates the saturation of lattice expansion due to helium ions at a

concentration of 1 atom %. The primary reason for lattice expansion in UO, is due to the
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formation of point defects, specially the Frenkel pairs of U and O along with contribution due
to small vacancy clusters of helium defects. X-ray Diffraction, while powerful in determining
the lattice expansion due to individual point defects, cannot sufficiently determine the atomic
level interactions between atoms that cause the point defects. Extended X-ray Absorption
Fine Structure measurements used in this study help understand the ordering of atoms that
causes the lattice expansion, along with the near neighbor distances resulting from a variety
of radiation atoms and doses.

Finally, proton irradiation in ceramics, even though limited, is known to create isolated
defect structures in other ceramic materials including SiC, ZrC [100]. The evolution of
dislocation microstructure in proton irradiated ZrC to 5 dpa is shown in Fig. 15. The
microstructure is predominantly dislocation loops and Frenkel loops, with their density in-
creasing with increasing proton dose. Unlike fission gases used in this study, protons do not
form fission gas bubbles or material dependent voids and therefore the resulting microstruc-
ture is relatively simple. Using protons is an ideal way to perform a basic science study
to relate irradiation dose in the sample to resulting lattice structure and microstructure
changes. Therefore, proton irradiations were the first set of experiments done in this study

and will be discussed in the experimental section.

In general, it is seen that with increasing radiation dose in UO5 thermal transport in the
fuel dramatically decreases. What has been a remarkable discovery is that while the damage
in UQO, is large, its lattice recovery is also high, such that the overall structure is maintained.
This feature of high radiation resistance is a characteristic of FCC actinide oxides including
CeQOg, PuO,, etc. Therefore, it is to be expected that with radiation, local differences in

microstructure cause variation in thermal transport and mechanical properties in the fuel,
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Figure 15: TEM bright field micrographs of dislocation evolution in proton irradiated ZrC
to 5 dpa.
while the fuel continues to exist as a ceramic fluorite with insignificant amorphization. The

details of the lattice structure evolution with dose are discussed in the next section.

2.4.2 Atomic defect structure in Irradiated UQO,

The study of atomic defect production due to ion irradiation and annealing in a reactor
are crucial to improving fuel performance and endurance. Following reactor irradiation, the
fuel undergoes a variety of microstructural changes including, but not limited, fuel swelling,
grain growth and bubble formation, which finally lead to loss of adequate thermal conduc-
tivity [93]. Some of these complicated networks of microstructural features are known to be
self-recovering at elevated temperatures [64]. Methods to study these microstructural effects

have led to a sound understanding of radiation damage in UQO,. Intermediary microstruc-
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tural features and atomic defects arising from crystal imperfections are yet to be completely
understood with the latter of the two being minimally studied experimentally.

The process of fission produces high levels of atomic displacement damage, which pro-
duces solid and gaseous fission products in the fuel. The fission products emerging at high en-
ergies distort the lattice of UO, and compromise its crystal structure. Following irradiation,
UO; stoichiometry changes to UOy,, due to the fissioning of uranium ions [32]. Irradiation
damage and change in stoichiometry independently and simultaneously contribute to the
deterioration in heat transport in the fuel to the reactor coolant. Atomic structure evolution
of UO, under irradiation should give the necessary insight into the process of lattice change

from fission particles and chemistry changes.
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Figure 16: Computer simulation techniques are able to simulate defect formation at varying
length and time scales [69].
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DFT ab initio calculations provide insight into the electronic states of the damaged
material, but to simulate the onset and result of the damage cascade, Molecular Dynamics
(MD) calculations have high utility [8]. Fig. 16 shows the various simulation techniques used
to understand fuel performance over various length and time scales. Using MD, it is possible
to simulate a cascade resulting from a PKA of selected energy which displaces additional
atoms through secondary recursive recoil events. Fig. 17 shows the point defects following
a damage cascade resulting from an 80 keV PKA . The end of the cascade results in a large
number of point defects (interstitials and vacancies). Therefore, using MD it is possible to
comment on the size of the cascade, the type of the cascade and the final composition of
point defects. However, MD is an approximation of a real cascade and amongst other things,
doesn’t take into account electronic energy loss regime. Further, all the MD calculations are
based on rigid interatomic potentials that significantly vary in the final results of the cascade.
Thus, it is necessary to validate the simulation models with experimental data to accurately

understand the nature of point defects in the irradiated material.
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Figure 17: Molecular dynamics (MD) simulation (using 80 keV PKA) shows the distribution
of the point defects including oxygen interstitials (Ip), uranium interstitials (I;), oxygen
vacancies (Vo) and uranium vacancies (Oy). It is evident from this image that vacancies
congregate toward the center of the cascade while the interstitials are located on the outside.

X-ray Diffraction (XRD) analysis done on UO, polycrystalline samples irradiated using 5
MeV alpha particles to an irradiation dose of 0.06 dpa suggests lattice expansion as a result of
the ion dose [92|. Similar study on single crystal UO, also suggests lattice parameter increase
in the material with increasing ion fluence [91]. Fig. 18 shows a comparison between alpha

particle irradiation on both single and polycrystalline samples.
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Figure 18: Lattice parameter increase in single and polycrystalline UO, when irradiated with
alpha particles

Recent observations made by Raman spectroscopy on UQO, irradiated with 25 MeV He?*
ions predict the formation of new defect physics in ion irradiated UO,. He*" irradiation is
noted to directly form the quasi-particle known as polaron, that acts as an electron energy
carrier and undergoes relaxation at a later time following electronic excitation, via a process
that creates defects in the uranium sublattice. The Raman spectra gives evidence of Magneli
type defects [22] in UO, that are separate domains with U(III) and U(V) that form complex
defect structures on the oxygen sublattice [51]. The U(V) corresponds to regions with locally
high O compositions and U(III) would be present in O-depleted ones. The separate U(ILI)
and U(V) regions occur in tandem and elucidate the presence of UOy_, and U Oq type
domains due to ion irradiation. This possible new mechanism for formation of radiation

stabilized defects, shown in Fig. 19, occurs in these steps:
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- Dynamical polaron is formed by electronic excitation
- Self trapped defects on U (STD-U) sublattice form

- Accumulation of STD-U lead to formation of O displacements and defects on
neighboring U sublattices

(a) regular UO2 lattice

Figure 19: Magneli type defects are shown to occur (b) and start accumulating (c¢) due to
radiation damage in UO,

UOs chemistry has been vastly studied over the last 6 decades but there is a lack of
atomic level understanding of property evolution under irradiation. Some of the historical

synchrotron results obtained from UO, are summarized in the next section.
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2.5 Historical EXAFS UO, Results

The EXAFS technique has been used on a set of systematic off stoichiometric samples that
inspired this study to a great extent. Conradson, et al performed an EXAFS analysis on
UOg4, compounds for x = 0 — 0.20 (UO5-Us0Oy) to study the local structure changes from
additional oxygen. The off stoichiometric powder samples were prepared under strict condi-
tions at JRC Institute for Transuranium Elements in Karlsruhe, Germany and the EXAFS
studies were made at SSRL, Menlo Park, CA. The EXAFS measurements were recorded in
fluorescence mode.

In the XANES analysis, there is a demonstrated increase in electron binding energy with
an increase in charge on the cation, which further results in a higher energy shift for the
absorption edge. Increasing valence in hyperstoichiometric UO5 results in a shoulder on the
higher energy side of the peak along with the peak undergoing a significant dampening of
the amplitude, due to the evolution from spherically symmetric geometry of lower valence
to oblate geometry of higher valence indicating the presence of dioxo groups.

In the analysis of the UOs,, specimen analyzed (for 0 < x < 2.00), there appeared to
be an absence of edge shift toward higher energies and a small (70.5 V) shift increase in
peak energy. Changes in the peak energy have a greater significance to determine effects
due to valence changes in actinates. The arctangent function is used to fit the edge and
the Gaussian function used to fit the high energy asymmetry of the peak. Using this fitting
technique, satisfactory fits were obtained along with monotonic progression between the
second Gaussian and edge energies.

The EXAFS spectra of the samples showed several changes to the local structure of the

off stoichiometric samples. The primary oxygen and uranium peaks at 2.36 and 3.8 A are well
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defined in the pristine stoichiometric sample and are in good agreement with literature values
for the UO, lattice. With increasing = in UQOs,, there is a consistent loss in amplitude of
the primary crystallographic peaks that indicate a loss of structure due to additional oxygen
interstitials as show in Fig. 20. Further, with increasing x, a shoulder begins to form and
grow on the low R side of the primary oxygen peak and the primary peak diminishes in
magnitude. At higher oxidation states, this shoulder appears to be larger than the primary

peak indicating the first hint of a possible multisite distribution of oxygen atoms.
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Figure 20: Fourier transforms of k3- weighted EXAFS spectra of the off stoichiometric EX-
AFS samples along with their modulus and real part.
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Analysis of the shoulder on the low-R side of the crystallographic oxygen peak reveals
not just one but several smaller peaks appearing, that can be fit accurately with oxygen.
This confirms the presence of multisite distribution of oxygen atoms from the oxidation of
UQO3. The reduction of the U-U primary peak in each of the samples also simultaneously
indicates the loss of overall structure due to loss of neighboring U atoms. The amplitude
reduction in the EXAFS spectra is not limited to the first two nearest neighbors but is a
consistent decrease through the mid range structure as well. This indicates that while the
addition of oxygen atoms is distorting the lattice, the overall crystal structure is still well
maintained.

Garrido et al performed neutron diffraction studies on U409 to compare U-O bond dis-
tances obtained by Conradson, et al. These results do not agree with Conradson, et al who
suggested that the U sub-lattice in UO, consists of ordered portion and a spectroscopically
silent glassy part. Garrido et al performed neutron diffraction studies on U;Oq9 to deter-
mine the presence of oxo type groups for R < 2 A which was predicted by Conradson, et
al using EXAFS measurements. The neutron diffraction results do not give any evidence
for the presence of U-O bond distances for less than 2.2 A for U,Oq system (UQOg99). The
EXAFS measurements done by Conradson, et al were compared to a similar study by Jones,
et al, which corroborated Garrido et al’s results as no U-O bond distances less than 2.2 A,
were found[25]. Further, Jones, et al’s measurements led to a correlation function similar to
the one found by Garrido’s neutron diffraction measurements determined from the first U-O
peak.

The comparison between neutron diffraction and EXAFS is shown in Fig. 21. The lack

of O-O peak in EXAFS is due to its inability to detect O-O correlations, however the U-U
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and U-O peaks are accurately plotted here. Using the result of fits from Conradson, et al,
neutron correlation function is shown in Fig. 21 as T,,,,. The disagreement between neutron
correlation and EXAFS measurements are evident from this figure. There appears to be no
U-O distances in the 1.7 A range in the neutron diffraction measurements, which have been
defined as oxo type groups by Conradson, et al. The area under the correlation function for
R < 2.6 A is greater by a factor of two for neutron diffraction results. Further, Garrido, et
al did not see any evidence of glassy disordered portion exceeding 1% or 2% in the U,Oq
measurements because there was no contribution to distinct scattering as would be expected

from spectroscopically silent glassy disordered part.
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Figure 21: Comparison of neutron correlation obtained from neutron diffraction measure-
ments by Garrido, et al (Te,,), fitted neutron correlation function for EXAFS measurements

by Conradson, et al (T.y,) and calculated correlation function for measurements by Jones,
et al (T yones) [40]|25]

In Garrido’s 2003 study [28], neutron diffraction was employed to study the lattice struc-
ture of U307 when UO, was oxidized to obtain it. Cuboctohedral oxygen clusters are known
to form around the holes in fluorite lattice to give rise to U4Og9 when UQOs is oxidized. Ri-
etveld refinement of the neutron diffraction data [25] showed that the fluorite positions of
the uranium atoms remained unchanged during the oxidation from UQO, to U307 and the
lattice change is predominantly due to oxygen atoms. In fluorite geometry, the oxygen atoms

occupy the fluorite positions in UO5 leaving 30% unoccupied sites in the lattice. The addi-
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tional O atoms occupy the non fluorite positions in the lattice displaced by 310 pm along
the (1 1 0) directions from the cation lattice holes.

The resulting structure from the addition of O ions in the fluorite lattice is consistent
with the cuboctohedral clusters. The existing cube of oxygen atoms in the fluorite lattice is
replaced with a cuboctohedron and this has 12 O atoms (instead of original 8) at its vertices

located along the 12 (1 1 0) direction from the hole [28].

2.6 Summary

The background section gives a detailed understanding of the characteristics of UOy from
subatomic physics to larger mechanical defects that form in UOs due to its natural structure
and due to interaction with extreme environments. The study of this material has been
undertaken for many decades due to its expansive use as a global nuclear fuel and even more
so, due it its remarkable chemical property evolution. The transmission electron microscopy
measurements give insight into the microstructure features resulting from radiation damage
and the x-ray measurements indicate how the lattice of the material evolves with irradiation.
Atomistic simulations, the next big frontier in material characterization, have proven to be
a powerful tool in explaining the defect formation mechanism in UQO,, and has provided
a detailed understanding in an area where experiments fail to explain the radiation and
material interactions at an atomic level.

Given the extensive characterization of irradiation induced microstructure changes in the
surrogate material CeQO,, the effects of radiation damage can be anticipated to some extent

in UOy. Therefore, the irradiation doses, ion types and the temperature of the experiment
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for this study were selected using the information produced in CeO, under similar irradiation
conditions. The difference between CeO, and UQO,, however, arises from the interaction of
irradiation conditions with the inherent lattice dynamics in UQOs. In simpler words, the
extent of the effect of oxygen stoichiometry change and the naturally oxidizing nature of
UO3 on the microstructure features due to irradiation in this material is largely uncertain.
Therefore, there exists a gap in the knowledge of proper radiation induced structure evolution
from smaller length scales to larger microstructure features and this thesis will address this
question.

The onset of radiation damage in UO, has been characterized to large extent using
molecular dynamics type simulation techniques. The damage cascade study using these
simulations has predicted the formation of point defects that, by and large, annihilate in
UO; leaving behind smaller point defect clusters. However, the results of the calculations
depend on atomistic potentials used to define the UO, structure in the simulation methods in
use [42]. As an example, the cuboctohedral type defects predicted using neutron diffraction
measurements [25| have been simulated using only one potential type in molecular dynamics
known as Basak Potential [8]. As a result, there is insufficient proof for the presence of
the postulated cuboctohedral type defects since the majority of the molecular dynamics
calculations have not been able to simulate this type of cluster and the neutron diffraction
calculations have not been verified using any other experimental or simulation measurements.
Therefore, irradiation induced defect clusters forming in UOs, are yet to be fully characterized
and validated by multiple analysis techniques.

By understanding the limitations of the characterization techniques and maximizing the

use of available resources, this study aims to fill in the gaps in the knowledge of radiation
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induced structure changes in UO, on multiple length scales by using specific analysis probes.
The study attempts to identify the distribution of radiation induced defect structures and
probe the relationship, if any, between individual point defects, defect clusters and larger
microstructure features. To deconvolute the effect of irradiation species on the final damage
state, H, He and Kr ions were used to damage UO, to various DPAs and the resulting
structure was studied using length scale specific measurement techniques. The process of
irradiation of UO; closely resembles that of oxidation in the material. Therefore, empirical
and simulation methods were used to identify the similarities between irradiated UO5 and
UOs,,. Finally, this study aims to develop a general understanding of defect clusters that
form due to radiation in UOs and use experimental and simulation techniques to validate

their existence.
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3 Instrumentation and Modeling Techniques

3.1 Ion Implantations at Accelerator Facilities

Ion accelerators demonstrate a unique capability of producing ion beams of specific fluences
on a selected target area in the specimen being irradiated. Using an ion beam, it is possible to
accelerate the radiation damage in a material in comparison to nuclear reactors, which take
months to produce the same extent of radiation induced effects. Therefore, ion irradiations
save experimental time and are significantly cheaper to execute while simultaneously giving
the user the ability to have larger control of the experiment. For example, the target material
can be irradiated to ensure low resulting activity, at a selected temperature, using specific
ions to create a calculated extent of radiation damage.

A sophisticated Monte Carlo based interface called Stopping Range of Ions in Materials
(SRIM) [104] is widely used to estimate the deposition profile of incoming ions from ion
accelerators in the desired target and its associated damage rate. Based on the energy
of the incoming ion, the code separates effects on the material via electronic and nuclear
stopping powers. Primary inputs of the code include target material description including
its dimension, stoichiometry, density and constituent displacement energies and incoming
ion type and energy. Displacements Per Atoms (DPA) is used to describe radiation damage
and is defined as the average number of times an atom is displaced from a lattice site for a
given ion fluence. SRIM is used to give an approximation of the final DPA in the material
and therefore, all the ion beam experiments performed in this study are based on the SRIM
estimates. It is therefore pertinent to provide accurate inputs to SRIM based on available
literature data.

The purpose of this study is to study the evolution of radiation damage with dose and ion
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type in UO,, which necessitates the use of ion accelerators to create isolated microstructure
defects in target material. University of Wisconsin — Madison Ion Beam Lab houses a Na-
tional Electric Corporation Pelletron Accelerator (Fig. 20) that uses a SNICS and TORVIS
source. This accelerator was used to irradiate UO, samples with H* and He?" ions. The
temperature during the course of the irradiation was continuously monitored using thermo-
couples and an infra-red camera. For Krypton ion implantation, University of Illinois Urbana

Champagne ion accelerator was used to perform ex-situ irradiations on d-UQO, samples.

Material Density 10.97
Material Dimension 3 mm, 5 mm
Stoichiometry UO,
Ion type H*, He™?, Kr
Ion energy 2.6 MeV, 3.9 MeV, 1.8 MeV

Table 1: SRIM input parameters for UO, ion irradiation

SRIM input parameters for irradiation simulation are summarized in Table 2 for UQOs.
A study done by C. Meis, et. al [55] estimated the displacement energy for UO, based on
crystallographic orientation for sub-lattice displacement. These are shown in Table 3. Ion
irradiations on depleted UOy were first done on single crystal samples oriented in (1 1 0)
direction and therefore corresponding displacement energies of E;(O) = 20eV and E4(U) =
81 were used. Henceforth, while irradiating polycrystalline sample, E4(O) = 20eV and E4(U)

~ 50eV were used for further calculation .
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(uvw) [(100)](X10)[(130)[](150)[(214][@B13)[(141)](232)
Eq(0) (eV) 16 28 21 22 18

Eq(U) (&V) | 52 85 46 44 79 43 55 74

Table 2: Threshold displacement energies in Uranium Dioxide calculated by C. Meis et. al
using Mott Littleton approach [55]

3.2 Transmission Electron Microscopy

Transmission electron microscopy (TEM) techniques benefit from the small de Broglie
wavelength of electrons, making them capable of imaging dramatically higher resolution
than traditional optical microscopes. Due to the ability to image such high resolutions, it is
possible to observe materials down to a single column of atoms using electron microscopy.
TEM techniques are crucial and highly accurate in determining microstructure damage to the
irradiated material. The illuminating system, the objective lens and stage and the imaging
system are collectively the three main components of the TEM. The electron gun in the TEM
is directed using a series of lenses and focused on the the specimen holder to image defects
in the sample. The assembly of magnetic lenses in the vertical column are maintained in
vacuum at 1075 torr or less. In the center of the TEM the specimen interacts with the electron
beam and subsequently sample images and their diffraction patterns are obtained. These
images and diffraction patterns can be magnified to obtain extremely detailed measurements
of defect structures. The objective, one of the most important parts of the microscope, is
responsible for producing images of higher quality. The imaging system comprises of several
lenses which are used to magnify the image and diffraction patterns and further help focus

the sample on the fluorescent viewing screen or using a CCD camera on the computer screen.
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Fig. 22 shows the set up for a TEM in diffraction mode and image mode.
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Figure 22: TEM set up for imaging in a) Diffraction mode b) Real image

Ex situ TEM characterization was performed at the Microscopy and Characterization
suite at the Center for Advanced Energy Studies, Idaho Falls, ID. The TEM is a Technai
TF30-FEG ST with STEM, a high-resolution analytical transmission electron microscope,
which can be used for crystal defect analysis and for elemental analysis. The TEM has a

double tilt holder is available with the TEM which allows for + /- 45 degree tilt in both X
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and Y axes. High accelerating voltage of 300 kV results in small electron wavelength, the
coherent electron source due to the Schottky field emission electron gun (FEG) and finally,
the high mechanical and electrical stability of the TEM make this ideal for high resolution
studies with information resolution of 0.14nm.

Depending on the material characteristic to be probed, TEM imaging methods can be
modified by the user to utilize the information provided by the electron waves exiting the
sample area to form an image. The interrogated damage structure consisted primarily of
dislocation loops and networks and inert gas bubbles. Therefore, the TEM techniques that
were used were a combination of methods to understand these various damage features.
One of the TEM technique that has been utilized to explain relation of atomic defects to
microstructural defects is High Resolution Transmission Electron Microscopy (HRTEM).
HRTEM is an extremely powerful tool that allows us to probe atomic scale resolution of
materials [94| because, at very high magnification, crystalline material’s lattices can be
easily studied and individual atomic columns can be imaged. Presently, sub nanometer
resolution or approximately 0.2 nm can be obtained routinely on the microscopes which
makes it possible to obtain atomic resolution in sufficiently thin samples. In contrast to
conventional TEM, HRTEM does not employ electron wave absorption by the specimen
to form an image. Instead, the contrast arises from interference in the image plane of
the electron wave itself. Once the electron beam penetrates the specimen, the amplitude
of the electron wave function is unperturbed, however, the phase is modified resulting in
phase-contrast imaging. For successful HRTEM examination, high quality samples with
very thin areas are needed. The final image produced using HRTEM is still not a certain

representation of the crystal structure of the material. There are associated errors arising
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from the aberrations of the microscope and the non-linear relationship between exit wave
and the image wave that could result in the indication of an atomic column being present
at a different location.

Another transmission electron microscopy technique used to study radiation damage
in this study is the application of diffraction contrast. Diffraction contrast is studied by
inserting an aperture in the back focal plane of the objective lens. This aperture ensures
only one electron beam to pass through, which then produces the final image. A bright
field image is produced by letting the transmitted beam pass through the sample and, a
dark-field image is produced by letting the diffracted beam through. The image obtained
from diffraction contrast technique is a highly magnified variation of the intensity of the
selected beam across the bottom surface of the sample. This makes diffraction contrast an
ideal technique for imaging crystal defects, precipitates, dislocations, etc [94].

To have strong diffraction contrast for imaging in both bright-field and dark-field modes,
the specimen has to be tilted to obtain two beam condition, such that only one diffracted
beam is strong. Bragg condition is required to have strong signal in the dark field imaging
mode. Precise tilting of the specimen is critical for two beam condition, which is manipulated
using a double-tilt eucentric sample holder. This is because dark field images can form from
any of the strongly diffracted beams and each of these images depend on the selected beam,
making them all very different from one another.

To further refine the images of defects using TEM, even more so than two beam condition,
a technique known as weak-beam microscopy is employed in this study. Using this method,
it is possible to resolve smaller dislocations that would be present in lower dose samples

and could be mistaken as impurities or precipitates. Using weak beam imaging in dark field
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setting, the smaller dislocations become clear and visible, which can be used to understand
the extent of radiation damage in the material.

Several techniques can be utilized to prepare electron thin specimen for TEM analysis.
The primary technique utilized in this study for sample preparation is done using a focused

ion beam, which is discussed in detail in the next section.

3.3 Focused Ion Beam (FIB)

Analyses by transmission electron microscopy are performed on samples that are electron
transparent, and therefore, very thin. Since sample preparation has to be performed prior to
sample examination, the preparation technique must keep the surface of the sample intact
and prevent the selected area from any damage. Along with minimizing damage to the
sample surface, the need for isolated examination of regions of interest led to the use of
focused ion beam (FIB) for extracting lamellae from a localized zone of the sample with
a spatial accuracy of “10 nm [56]. The FIB method to perform TEM sample preparation

employs the following steps:

1. Area of choice is selected in the FIB and focused in the SEM and FIB imaging mode.
Further, it is important to ensure that the image corresponds to the sample location

in both SEM and FIB

2. Using the FIB, two trenches are made on either sides of the sample top. The depth of

the trench is equivalent to the desired lamella height

3. The omniprobe extractor is welded on the lamella top and the lamella is cut free from

the original sample. Omniprobe needle is then extracted.
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4. The lamella is then welded on to the FIB grid which will be used for analyses in the

TEM. The omniprobe needle is cut free from the lamella

Using these steps, a FIB lamella can be mounted on to a grid which can be used in the TEM
for imaging. The FIB can be used to perform rigorous thinning of the sample to ensure
electron transparency without causing high damage to the sample surface.

For TEM specimen preparation in this study, a FEI Quanta 3D FEG DualBeam FIB/SEM
located at the Center for Advanced Energy Studies (CAES) at the Idaho National Labora-
tory was used. During the lift-out procedure, a thin cap of platinum was deposited on the
surface of the sample, to avoid charging effects and to minimize contamination in the region
of interest. Material is removed from both the sides of the platinum cap, shaping a thin
lamella (T2um thick). Once the lamella is shaped, it can be cut free after one of its sides is
welded with platinum to a needle. The lamella is then attached to a copper Omniprobe®)
Lift-Out Grid, which are grids specifically designed to accept the TEM lamellas milled out
by FIB systems. These grids have a typical thickness of 25-30 ym with a diameter of 3mm.
The final product is an electron transparent lamella from the region of choice of the sample.
It is important to note here that there is FIB induced damage in the lamellae during the
extraction and cleaning process that is visible during TEM. A good microscopy practice is
then to identify this damage as “noise” using a reference (unirradiated) sample and look for

different features caused by ion accelerator damage in irradiated specimen.
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3.4 X-ray Diffraction (XRD)

Microstructure determination in a polycrystalline material became popular when Paul
Scherrer discovered peak broadening in the X-ray diffraction peak due to the presence of finite
small crystallites present inside the material [77]. Further, theory of line broadening in XRD
analysis incorporated the effects due to lattice strain making it more precise. Microstructural
changes in irradiated materials alter the XRD peak profiles and can give valuable information
about average structure deformation which makes X-ray Diffraction a key tool for studying
irradiated materials. Using XRD, it is possible to correctly measure the average lattice
parameter and phase of the material being studied.

X-ray Diffraction is a highly important and relevant technique for studying the crystal
properties of materials and in the case of this study, irradiated material lattice spacing can
be adequately understood using this technique. X-ray Diffraction can be defined as coherent
elastic scattering of the X-ray beam from the crystal of the sample and is understood using

Bragg’s law given by,

thkl . sz’n@hkl =A

Here dpy, is the lattice spacing between crystallographic planes (hkl) that produce the said
Bragg peak, 0, being the angular position of the Bragg peak and A is the X-ray wavelength.
The peak is observed at the 260 angle from the incident beam direction. In XRD, the angle
at which a peak in the material of interest occurs is given by Bragg’s law. Fig. 23 illustrates
the theory of Bragg diffraction from the plane of a crystal lattice. Using the Bragg’s law,

lattice parameter can be calculated as a function of the planar lattice spacing.
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Figure 23: X-ray diffraction by crystal illustrates Bragg’s law

The local lattice parameter can be calculated using the equation here:

a=dvh?+ k> +1?

Therefore, using Bragg’s law, this equation can be written as

a=525Vh?+ k2 + 2

Where, a is the local lattice parameter, @ is the incident X-ray angle, X is the X-ray wave-
length and (h,k,1) are the miller indices of the Bragg peak of the sample being interrogated.
Using this equation lattice parameter has been successfully determined for the ion irradiated

UQO5 samples.
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While x-ray diffraction is capable of providing accurate average lattice information, it
is not an ideal tool for studying atomic defects in irradiated materials. This technique
derives its information from summing over contributions of thousands of angstroms and
thus provides average structure information from coherent parts of the material. XRD is
typically not highly sensitive to lighter atoms and also, determination of structure is not
straightforward. Ultimately, average lattice information obtained from XRD needs to be
presented in conjunction with more local, atomic level data to fully understand the structure

of the material.

3.4.1 XRD Experimentation

X-ray Diffraction studies were carried out at the University of Wisconsin-Madison using a
Siemens Stoe X-ray diffractometer that uses Cu Ko radiation (40kV, 2.5mA) in omega-2theta
geometry. The diffractometer used in this set of experiments is located at the University of
Wisconsin - Madison Material Science Center. It is set up in the standard Bragg-Brentano
geometry where the detector and the sample move such that the detector is at an angle of 26
around the sample and the sample surface always at anglef from the incident X-ray beam.
Since the samples used in this experiment were bulk samples with an irradiated layer that
varied in depth from 1p m to 40 p m, most of the experiments were conducted in grazing
incidence geometry such that the X-ray beam would interrogate only the irradiated layer of
the specimen. X-ray source used for this set of measurements was a copper based source
using Cu K, radiation (40kV, 2.5mA) that was monochromatized to give a higher resolution.
XRD peak position for the (224) reflection was used to calculate the lattice parameter of the

target samples prior to and after the ion irradiations. This high order reflection of (224) was
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chosen so that the probing depth of the X-rays was about 1.6 ym into the sample surface

and also to reduce any uncertainty from varying displacement dose as a function of depth.

3.5 EXAFS

In order to interrogate the local structure evolution, EXAFS technique was used to study the
effect of radiation on UO lattice. Extended Xray Absorption Fine Structure (EXAFS) is
a spectroscopic measurement technique that principally utilizes the X-ray absorption edge,
which is specific to the element being probed. EXAFS is used to determine near-neighbor
characteristics of target atoms including local chemistry, distance and coordination number
and is capable of detecting material constituents in very dilute quantities. This makes
EXAFS highly sensitive to lattice disorder in the target material and was therefore a major

part of this study to understand atomic structure changes in irradiated UQOs,.

3.5.1 EXAFS Introduction

EXAFS is a modification of the photoelectron’s final state due to the molecular field sur-
rounding the absorbing atom. This phenomena was first noticed and studied by Kronig in
1931 in his paper “Quantum Mechanics of Electrons in Crystal Lattices” [44]. One of the
commonly accepted theories treats the photoelectron as a spherical wave that is partially
scattered by point approximation of the atoms around the absorbing atom [26]. The inter-
ference between the outgoing photoelectron wave and the backscattered waves modulate the

absorption coefficient which gives rise to Extended X-ray Absorption Fine Structure. The
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fine structure is measured by dipole transition between initial photoelectron core-state and
final state. Fig. 24 shows the process of the creation of a core hole and excitation of a core
electron. The process of de-excitation of this electron releases an X-ray characteristic to
the transition energy from the higher energy shell to the lower energy shell of the electron,
which is modulated by the location and type of surrounding atoms. This gives insight into

the local structure of the atom being probed.
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Figure 24: Electronic excitation in an atom due to EXAFS

XAFS originates from Einstein’s Nobel Prize winning concept of the Photoelectric Effect.
When an incoming X-ray posses greater energy than the binding energy of the electron, the
X-ray is absorbed and the electron leaves its original quantum state for a higher energy state.

The Beer-Lambert law gives the extent of X-ray absorption in the sample,
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I = Ipe™

In this equation, [, is the initial X-ray intensity, [ is the intensity transmitted through
the sample, ¢ is the sample thickness and p is the absorption coefficient of the material [63].
Over the range of X-ray energies used to probe the samples, the absorption coefficient is

usually seen as a smooth function of energy given by,

Here, p is the density of the target material, £ the incoming X-ray energy, Z the atomic
number of the target and A is the atomic mass. The strong dependence of 1 (E) on the
atomic number Z and E (Fig. 2.3) is a fundamental property of X-rays and gives rise to
EXAFS phenomenon. Therefore, EXAFS can simply be explained as the modulation of
the X-ray absorption probability due to the physical and chemical state of the atom. X-
ray Absorption Fine Structure (XAFS) region is a total of two subregions, which constitute
their own measurement techniques, and they probe complementing features of the target

specimen. These are,

1. X-ray Absorption Near Edge Structure (XANES), typically 30 - 50 €V about the ab-
sorption edge. This contains information on local electronic structure, oxidation state

and coordination chemistry.

2. Extended X-ray Absorption Fine Structure (EXAFS), starts after the absorption edge
and extends up to 1000 eV past it. EXAFS gives information regarding near neighbor

distances, coordination number and species of the neighboring atoms.
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Elements have well-defined binding energies for their core electrons. Therefore, it is possible
to probe specific elements using X-rays equal to the absorption edge energies, making EXAFS
an element specific technique. X-ray absorption taking place in the nucleus is merely an
electronic transition between two quantum states. Due to scatter of X-rays from neighboring
atoms, EXAFS can identify thermal and static disorder in bond distances. Even if the
neighboring atoms are different from the absorbing atoms, EXAFS adds up the contributions

of all atoms in the coordination sphere.

3.5.2 EXAFS Equation
Mathematically, EXAFS can be understood as

= p N, fi(k)e e
X(k) = M—OJO D 57 sin[2kR; + 5;(k)]
j J

This equation is known as the standard EXAFS equation [62] and is the basis of all
EXAFS calculations. Here, Au = pu — pg is the oscillatory part of the absorption coefficient
which is normalized per atom by g, the absorption for a singular atom. Further, f(k)
andd(k) are the scattering properties of the atoms surrounding the exciting atom (for this
study, the absorbing atom is uranium), N is the total number of atoms surrounding the
absorbing atom, R is the distance to the neighboring atoms and o2 is the Debye Waller
factor which gives the disorder in the distance of the near-neighbor atoms (O, U) from the
absorbing atom (U). Using this equation, it is possible to determine the N, R and o2 if the
scattering amplitude f(k) and the phase shift (k) are known. The scattering properties
are inherent to the atom being interrogated and is dependent on the atomic number of the
species. The orientation of the sample is spherically averaged and the photoelectron wave

vector is defined as,



58

Nl

k= k] = 22 (b — Ey)

where X is the X-ray wavelength, m, is the electron mass and Ej is the final ionization
threshold energy for the photoelectron. The modification of the final state of the photoelec-

tron, known as EXAFS, takes the form of a damped non-linear sine wave.

3.5.3 EXAFS Data Analysis

The first step in EXAFS data analysis requires the isolation of the extended XAFS from
the entire spectra using sophisticated background subtraction routines over the region. The
EXAFS spectra is superimposed on a background of an atom of the target element in the
absence of any other absorption edges. The background is removed by extrapolated Vic-
toreen or other polynomial fit to the pre-edge region below the absorption edge. Above the
absorption edge, the atom-like background consists of a monotonically decreasing part and
a slowly oscillating part at low values of the photoelectron wave vector, k.

Assumption regarding the frequency of the EXAFS being greater than the background
contributions can be maintained by neglecting the first few coefficients in the Fourier syn-
thesis. In this study, the background is approximated using a weighted smooth polynomial
spline function determined by the least squares fit of the EXAFS region. The spline, a
series of semi-independent functions allows, a better approximation than other background
subtraction techniques by avoiding contributions due to anomalous data points in the back-
ground. Adequate fitting of the spline polynomial is a tedious and a crucial part of EXAFS
analysis of radiation damaged samples. Care is taken to ensure that the spline parameters

are similar for all the samples in each set to ensure consistent results, especially with that
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of the reference sample.

Finally, there could still be residual background components present even after thorough
background subtraction and Fourier filtering. The effects due to these components on the
data can be minimized using a variable background fit to the low frequency components
during curve fitting. Alternatively, background from a structurally and chemically similar
standard can be used for background subtraction.

After background removal, a spline polynomial is used to normalized the EXAFS am-
plitude relative to the absorption edge height. This step is necessary for the determination
of the number of neighboring scattering atoms. The extrapolated value of the background
using subtraction techniques near the absorption edge and the decrease in the elemental
absorption of the target is used as an approximation to determine the atom-like absorption,
Ho-

Fourier transforms are widely used for the presentation of EXAFS data. Using Fourier
analysis, EXAFS data from its original k-space (A‘l) is transformed to radial structure
function of the scattering atoms around the absorbed in R-space (A). In this Fourier trans-
form, the peaks correspond to the scattering amplitude from each shell. The location, size
and shape of the peak is dependent on the absorber-scatterer distance, the type and the
number of atoms in each crystallographic shells and the Debye Waller factors (02). Further,
a Fourier filtering technique can be used to isolate the contribution from individual shells
by back-transforming the Fourier transform over the limited range of a single feature in the
Fourier spectra.

Transforms of EXAFS weighted by a power of k. For scatterers of Z < 36, the transforms

are usually weighted by & (as was done in this study) since this method best nullifies the
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k~! dependence of the EXAFS and the energy dependence of the amplitude, making the
EXAFS amplitude consistent over the entire energy range. Using a lower power of k£ to
weight the EXAFS increases the contribution of the lower k-region to the Fourier transform,
thus maximizing the contribution of the low-Z atoms. Increase in the relative size of a Fourier
transform weighted with higher power of k£ indicates a higher Z element in the scattering
shell. The position of the low-Z elements tends to shift more than high-Z as a function of
the k-weight power. Therefore, the radial distribution function from the Fourier transform
is a function of the k-weighting factor. These basic steps of EXAFS data analysis are outline

in Fig. 25 through Fig. 26.
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Figure 25: Absorption spectra for UO, with U Ly edge step at 17163.24 eV
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Figure 26: Figure 24.1-24.4 show the background subtraction and EXAFS fitting process in
the post edge regime. Fig. 24.1 demonstrates the technique of background subtraction using
a Victoreen. Fig. 24.2 shows fitting of the post edge region with a polynomial and Fig. 24.3
isolates the edge energy for the data. Finally, Fig. 24.4 is the calculated k?® weighted EXAFS
spectra for the ULy edge.

3.5.4 EXAFS Experimentation

Ion irradiated samples were loaded on dedicated samples holders for the EXAFS measure-
ments at Stanford Synchrotron Radiation Lab. Each set of irradiated samples was measured

along with a pristine UOy sample that was derived from the same original material as the
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irradiated samples. A pristine sample acts as a reference and any structural deviation from
this is an indication of radiation damage due to ion implantation. The samples were mounted
in a glove box at University of Wisconsin Ion Beam Lab for H* and He?*" irradiated sam-
ples and at the Idaho National Lab for the Krypton implanted samples. The sample holder
was then lined with an Indium wire to act as a vacuum seal and was then checked for any
vacuum leaks using a vacuum desiccator. Experiment geometry for the samples was again
dependent on the ion implantation depth in the same. To study radiation damage, only
the implantation depth must be interrogated by the synchrotron X-rays and therefore the
samples were adequately turned to select X-ray incidence angles. Proton implanted samples
were at the usual 45°, He?samples were angled at 60°to the incident beam, and the Krypton
irradiated samples have an implant depth of 1 ym and were therefore studied at a shallow
incidence angle of 10° from the incident beam. In order to avoid the blockage of the beam
by the sample holder, an aluminum plate was put in the holder to elevate the samples for
accurate measurements. Fig. 27 shows an unassembled and assembled sample holder for

EXAF'S measurements.
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Figure 27: Unassembled and assembled sample holder with Krypton irradiated d-UQO, sam-
ples for EXAFS measurements. The first sample is a piece of silicon for identification of the
order of samples. The samples are then in increasing order of radiation dose. The unassem-
bled sample holder is an image of the samples loaded on an aluminum plate to raise the
height of the samples so that the outsides of the sample holder don’t block the beam.

EXAFS measurements are typically done at synchrotrons as they provide a full range
of high energy X-rays and high quality detectors. A Silicon [220] monochromator that uses
Bragg diffraction to select a particular energy was used. The monochromator is required to
have a high energy resolution of = 1 eV for 10 keV. Samples are measured at a temperature of
70 K as the samples are inserted in a liquid nitrogen cooled chamber to minimize thermal
affects on the structure determination. Collimating slits ensure the beam is accurately sized
to study the irradiated region of the sample. An illustration of the EXAFS beam and sample

set up is shown in Fig. 28 and Fig. 29.
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Figure 28: EXAFS setup

EXAFS spectra for the samples in this study were measured at the Stanford Synchrotron
Radiation Laboratory under dedicated operating conditions (3.0 GeV, 50 - 100 mA) on end
stations 11 - 2 and 4 - 1. Sample holders are attached to a cold finger of liquid nitrogen
cryostat to ensure low sample temperate of 80 K. Harmonics in the detection were eliminated
with a flat Pt-coated mirror tilted to a cutoff energy of 20 - 25 keV. The spectra were recorded
using a state-of-the-art multi-element Germanium detector and digital amplifiers. Dead time
correction of 1 s was applied to adjust the absorption peak to match the transmission data.
The edge energy of the sample (UL;;;) is approximately 17163.24 eV which was interrogated
in this study. The typical accuracy of the energies collected in a given EXAFS experiment
are within 0.2 - 0.3 eV
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Figure 29: SSRL beamline Hutch setup

3.6 Simulation and Theoretical Calculation

Experimentation is crucial for validation of theoretical understanding of the evolution of
radiation damage from onset to fully developed stage. However, in this case theoretical
calculations were performed to verify the empirical data from the various measurement tech-
niques. Close comparison with molecular dynamics (MD and CD) results in ion implanted
UQO, is performed to understand the distribution of point defects following an irradiation
spike event and their evolution and annihilation with time. Therefore, MD is an excellent
tool to study the interaction of defects and to simulate the kinetics of the process governing
microstructure growth following irradiation. Cluster dynamics (CD), a simulation technique
based on rate theory equations, can model the evolution of point defects to larger scale
defects over extended time frames, similar to that of experiments [43]. CD can further in-

terrogate the stoichiometry and relative concentration of the microstructure defects, such
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as voids and dislocation loops, which have been simulated using experimental information.
Therefore, CD has been used to understand the relationship between larger scale defects
seen in a transmission electron microscope and smaller scale defects observed using EXAFS
techniques.

Further, FEFF-9 software was used to generate EXAFS spectra for UOs unit cells to
compare to the irradiated samples and to generate a list of atomic positions for the atoms
in the unit cells [70]. These atomic positions were then inserted into Artemis and Athena
software for EXAFS data interpretation to create simulations on creating interstitials and
vacancies in the lattice structure [39]. This was done to understand the effect of individual
point defects on the overall EXAFS spectra generated by the bulk samples. Finally, basic
calculations were performed to understand the fundamental relationship between radiation
induced defects on large and small length scales (explained in the Discussion section). These
calculations, while rudimentary, have provided unique information regarding the differences

in the effect of stoichiometry of large defects and small defects on EXAFS measurements.

3.7 Summary of Instrumentation

To adequately address the science of radiation damage so as to answer the questions in this
study, suitable instrumentation and techniques were identified and employed. The analysis
methods used were targeted to study the evolution of structure on smaller length scales
to investigate point defect clustering and lattice damage, and the also targeted towards
larger length scale structure evolution in the material. Transmission Electron Microscopy

techniques have been employed for dislocation, bubble and other larger scale damage studies.
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X-ray Diffraction measurements were used to then identify the change in lattice parameter
and the difference in phase of irradiated UO,. Extended Xray Absorption Fine Structure
measurements were used to study the changes in near neighbor correlations, the relative
position of atoms and the spread of atoms due to ion damage. Simulation methods were
crucial in validating the empirical results, and giving a more visual understanding of radiation
damage on various stages after its onset. Collectively, the chosen techniques give a wholesome
idea of the extent and difference in radiation damage on various length scales resulting from
varying irradiation conditions.

The next few sections discuss the experiments performed and the results obtained in this

study.
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4 Proton Experiments

Abstract: Radiation damage in the nuclear fuel is largely responsible for decline of fuel ef-
ficiency and thermal transport over the course of reactor operation [93]. Neutrons in the
reactor emerge at high energies resulting from fission and proceed to not only sustain a nu-
clear chain reaction but also create radiation induced microstructures in the fuel material.
Several studies relate the damage mechanism due to HY (or proton) irradiation to neutron
irradiations in a nuclear reactor environment [33]. Therefore, the effect of low temperature
proton irradiation was examined as function of radiation dose (in DPA) in polycrystalline
UQO,. Radiation damage on lattice and microstructure scale was studied by a systematic evo-
lution of H"dose in UQy using Extended X-ray Absorption Fine Structure measurements,
X-ray Diffraction and Transmission Electron Microscopy. XAFS measurements indicate an
expansion of the lattice coupled with modified local structure at all dose levels. At higher
doses, mid range features also begin to get distorted resulting from lattice damage and phase
reorganization in UQOy. XAFS results are corroborated by XRD analysis that shows a consis-
tent lattice expansion with increase in radiation dose in UOy. TEM micrographs reveal that
H"irradiation almost exclusively produces dislocation dominant microstructure in UQOq with
the density and size of dislocations increasing with increasing ion dose. QOuverall, the damage
structure analysis reveals the presence of off-stoichiometric regions that on average give the

appearance of a stoichiometric fluorite but in fact, show variation from UQO, phase locally.
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4.1 Sample Preparation

Sample preparation of oxide ceramics offers a unique challenge in terms of cutting samples
into the right sizes and further polishing them to a mirror finish to continue interrogation.
Unlike metals, ceramics are brittle and tend to flake off when friction is applied. To make
things even more challenging, the ceramic UO5 samples in this case are radioactive and need
special handling including new set of equipment, separately designated rooms to conduct
sample preparation and special waste mitigation solutions. Protocols unique to conducting

sample preparation in laboratories was put in place for smooth execution of sample handling.

4.1.1 High Dose (0.4 - 0.5 DPA) Samples

The samples were obtained from Chalk River Lab and were fabricated by heating fused UO,
with hyperstoichiometric UOsat 1900 K in a hydrogen atmosphere. The lattice constant
was determined to be a = 5.473 + 0.001 A by neutron scattering measurements at room
temperature, implying that the O/U ratio was very close to 2. These samples were further
prepared at the Materials Fuels Complex at the Idaho National Lab (INL). At the INL, these
UO, samples were cut into disks about 3 mm in diameter and 700 pm in thickness. This
was followed by polishing the sample surface to a mirror finish by hand polishing.

Due to the brittle nature of ceramics, performing ion irradiations can also be a signifi-
cant challenge. Following the irradiations samples of higher fluences had undergone surface
blistering due to the high concentration of the incoming ion that led to lattice strain and
compromised the surface integrity of the samples. There existed regions in the sample that

were not affected by blistering of the sample surface and were therefore chosen as areas
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for further analysis. The blistering of the sample at 0.5 DPA was then established as the
maximum dose level in this experiment. All sample dose levels were maintained below this
maximum level to avoid extraneous effects due to blistering and lattice strain resulting from

the blistering.

4.1.2 Intermediate Dose (0.2 - 0.3 DPA) Samples

Intermediate dose irradiation samples were obtained at the Idaho National Lab. The UO,
sample preparation was performed at Center for Advanced Energy studies by first cutting
the depleted UO, pellets into squares of 2 mm length using a diamond saw in a glove box.
The samples were subsequently polished to 0.5 pm finish by hand polishing the surface of
the samples that was to be irradiated. Sample polishing was also performed in a glovebox
environment. The cutting and the polishing of samples is shown in Fig. 30. These samples
were subsequently transferred into membrane box containers and shipped to the University

of Wisconsin Ion Beam Lab for ion irradiation.

Figure 30: Samples prep at CAES for d-UO5 samples for 0.2 DPA proton irradiation
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4.1.3 Low Dose (0.01-0.1) DPA Samples

The UO, samples used for low dose irradiation were sintered at Los Alamos National Lab.
The feedstock powders were prepared by milling depleted UO, powder with 0.25 wt.% ethy-
lene bis-stearamide in alumina SPEX mill for 15 minutes before sieving through a 200 screen
mesh. Typical powder impurities were below the detection limit of the inductively coupled
mass spectrometer measurement, with the exception of 11 ppm Al content. About 1 gram
of the UO, powder was pressed in a 6.22 mm single action die at roughly 80 Mpa and held
for 60 seconds. Densification of the pellets was performed in a tungsten metal furnace where
the UOy pellets were placed on a tantalum foil inserted on top of tungsten furnace trays.
These pellets were then sintered in partial pressure of argon containing 5-10 ppm of oxygen
for four hours at 1650°C. The atmosphere was changed to argon containing 6% hydrogen
during furnace cooling so as to have minimal change of UOy stoichiometry. This process
produces 5.2 mm diameter pellets, 4.3 mm in height within 95-96% of theoretical density.
These pellets were then sliced into 0.6 mm thickness slices using a low speed diamond saw
at the Idaho National Lab and then polished to a mirror finish using diamond suspensions
(15-0.25 pm) prior to ion irradiations. All the ion irradiation and EXAFS parameters were
verified against the UO, crystal and stoichiometric powder samples to make sure there are

no outlying effects due to the difference in sample source.

4.2 HT Implants

The University of Wisconsin Ion Beam Laboratory was used to produce a steady current of

protons, which were accelerated to 2.6 MeV using a Pelletron tandem, Van de Graaff type
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accelerator (proudly shown in Fig. 31) . A source of Negative lons Sputtering (SNICS)
produced HTions for the high dose (0.4-0.5 DPA) irradiation using a TiH cathode. In case of
the intermediate dose and the low dose irradiations, a toroidal volume ion source (TORVIS)
was used to produce HT ions for the irradiation. The beam was rasterized across the sample
to achieve a uniform distribution of ions over the specimen surface. Beam current was
recorded throughout the irradiation and the temperature of the samples was between 300
and 400 °C. The temperature of the samples was due to beam assisted heating only.
Samples were prepared from the region with steady damage profile and measurements
were made such that only the damage plateau was interrogated. Sample temperatures during
the irradiation were controlled by heating and cooling the stage when necessary. To cool the
samples, both air cooling and water cooling was utilized via cooling lines attached to the
stage. Temperature monitoring was performed using thermocouples and a thermal imaging
camera device. Three k-type thermocouples were spot welded to the side of the samples
to determine the temperature during the course of the irradiation. The thermal imaging
camera that was used as an additional temperature validation source, utilized an infra-red
pyrometer, which is calibrated for the irradiation temperature range and the emissivity of
the material. The camera was employed to ensure consistent beam assisted heating along

the sample surface during the course of the irradiation.
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Figure 31: University of Wisconsin — Madison Ion Accelerator that was used to perform 2.6
MeV H* and 3.9 MeV He?T irradiations.

The irradiation stage was made of molybdenum and copper due to their high thermal
conductivity and resistance to sputtering. During the course of this study, various materials
were employed to improve thermal transport and maintain sample integrity. Some of the
materials include alumina paste, which offers a matrix for the samples during irradiation,
and also silver backing gel, used for high thermal conductivity.

Apertures were used to control the beam distribution on irradiation targets and the
irradiation region area. Fig. 32 shows the irradiation stage setup with apertures in place
ready to be installed in the ion accelerator prior to irradiations. Ion beam emerging through
the accelerator on the target is rasterized across target surface to ensure uniform irradiation
conditions. Ceramic stands are used to electrically isolate the apertures from the irradiation
surface. A sophisticated LabVIEW system (National Instruments product) was designed to
monitor beam current as a function of time, temperature monitored via thermocouples while

simultaneously calculating total fluence on the material. This setup provides the temperature
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and beam current history by recording values during the course of the irradiation.

Samples

Alumina Sol Gel

(white) Thermocouples

Figure 32: Fully assembled irradiation stage set up ready to be loaded in the ion accelerator
at University of Wisconsin lon Beam Lab.

Stopping Range of Tons in Matter (SRIM) based on the quick Kinchin-Pease model [84]
was used to calculate the associated damage rate and the proton irradiations were performed
at the University of Wisconsin Ion Beam Lab . The resulting radiation damage profile was
almost flat up to 30 pm deep from the irradiation surface. The threshold displacement
energies were set to 20 and 40 eV for oxygen and uranium respectively. The depth dependent

radiation damage is shown in Fig. 33.
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Figure 33: SRIM DPA profile of dUO2 with H+ ions.

The final set of proton implantations were performed to bridge the data gap between the
0.4 - 0.5 DPA and the 0.01 - 0.1 DPA implants, hence the dose of these set of samples was 0.2
DPA. The irradiations were also performed under the dedicated conditions of the University
of Wisconsin Ion Beam Laboratory where protons were accelerated to 2.6 MeV using an ion
accelerator. All the conditions were made to be consistent with the other two ion irradiations,
such as temperature, beam current, sample stage, etc. This was done to eliminate any effects

on radiation damage measurements due to any of the previously mentioned factors.

4.3 EXAFS on H' Irradiated Samples

The Extended X-ray Absorption Fine Structure measurements were performed at the Stan-
ford Synchrotron Radiation Lab for the low dose (0.01-0.1 DPA) and the high dose (0.4-0.5

DPA) samples. Both sets of samples were analyzed at beam end station 11-2 at an angle of
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45° to the X-ray beam. The long ion implantation depth of 30 pm in case of HT irradiation
ensures that the X-ray probing volume is of a consistent damage profile. Harmonics were
eliminated with a flat, Pt coated mirror tilted to a cutoff energy of 20-25 keV. The measure-
ments were performed in fluorescence mode using a multi-element Ge detector. Calibration
of energy was performed by measuring the spectrum of a Zr foil, either as a part of the U
spectrum or immediately before U spectrum, defining the energy of the first inflection point
as 17999.35 eV. The accuracy associated with this technique is + 0.2 - 0.3 eV. Dead time
correction of 1 ps was applied to adjust the absorption peak heigh to match that of the
transmission data. All the data obtained was analyzed by curve fitting using amplitudes and
phases calculated by FEFF9 code [70]. The results of the curve fits are presented in Table
4. Results for individual spectra contain an error that was derived by varying the parameter
until the least squares error was higher than the best fit by 10% of the difference between
the best fit and the fit without the shell in question. Results for all the spectra where the
crystallographic UOy shells and the anharmonic O shell that are fit have been reported.

In case of the 0.2 DPA samples were collected at the 10-BMB MRCAT beamline at the
Advanced Photon Source. An undulator produced polychromatic X-rays and wavelength
was selected using a Si(111) double crystal monochromator. Higher harmonics were removed
using a detuning rocking curve at 50%. The energy was calibrated to the U K-edge (17163 €V)
of a UO, and Zr foil run in fluorescence and transmission geometry respectively with incident
and transmitted X-ray monitored by ionization detectors. The irradiated UO, samples were
measured in fluorescence geometry using an element Vortex detector. The Iy ion chamber
used 85% N2 : 15% Ar, the I; and the fluorescence ion chamber used 100% Ar as the fill gas.

The extended X-ray absorption fine structure was extracted from the spectra by first



7

subtracting out the absorption edge using a sum of arctangent and gaussian fit to the edge
and the peak. A polynomial spline was then fit to the remaining spectrum to approximate
the smooth absorption of an atom. The spline knots were optimized by minimizing the
area of the Fourier transform modulus of the EXAFS from 0 to 1.2 A. Effort was made to
ensure similar values for the spline knots for all the sample spectra to minimize the effects
of background noise on data analysis. The Ej for the spectra during data analysis was set
to 17172.0 eV [87]. Results are discussed in terms of N, the number of atoms in each shell,
r, the U-O/U distances, and o, the pairwise Debye-Waller factors, which were obtained by
curve fits of the x (k) data over the ranges depicted in figures, which utilized the full spectral
range available.

Fourier transforms (x(R)), were performed over the same range, using k® weighting to
enhance the accuracy for the O shells, especially at higher R, and a sine window. Pairwise
U-O and U-U curve fitting parameters were obtained using FEFF9 code as mentioned pre-
viously. Using this, the total spectrum for the three samples was obtained and was best
scaled to match the experimental data. The number of shells was kept limited to four, with
three corresponding to the crystallographic shells in UO5 and fourth shell was to fit the small
oxygen type distribution on the low R side (at approximately 1.8 A) of the original O peak.
Debye-Waller factors were set to 0.045 for the non-crystallographic O shell, similar to the
original O peak. All other parameters were allowed to float unless they were exceptionally
large or small.

The XAFS parameters of N, r and o were derived by calculating the difference in the
least squares errors between spectra with contribution from all shells and the spectra without

a particular shell for each of the fit shells. The number of independent parameters were
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calculated for k = 2.7 - 149 A~ and R = 1.2 - 4.6 A fitting ranges for these experiments
is 28. It is imperative to perform direct comparison of all the resulting parameters to the
reported values to adequately validate the results of the fits. Subsequently, real part of the
spectra and the moduli of the transforms are necessary for identification of the oxo groups

and partial radial distribution functions are used for verifying values for each shell.

4.4 Results

This section reports the results of EXAFS spectra collected at the Stanford Synchrotron
Radiation Laboratory to determine the cumulative effect of disrupted short range order and
the microstructure due to H* ion irradiation. Inspection of the x(R) reveals aspects of the
changes to the average local structure of the target element, in this case as a function of
increasing H* ion dose. The pristine sample with no dose and the lowest dose sample at 0.01
DPA have a spectra of cubic, fluorite type oxide. The first near neighbor crystallographic O
peak is due to contribution of eight nearest neighbor O atoms, well separated from the more
distant second nearest neighbor metal peak of uranium whose larger amplitude reflects its
higher Z and 12 atoms. The higher R features in these samples are seemingly well ordered
again similar to the fluorite oxide. As the ion dose increases, the amplitudes of all the
peaks decreases monotonically, indicative of diminished order via displacement of U and O
atoms from their lattice sites coupled to the incorporation of the non stoichiometric O atoms
into interstitial, defect sites. The loss of amplitude is remarkably seen to occur uniformly
throughout the range of the spectra. Randomly located defects would result in a more

significant amplitude loss, which hasn’t been seen in this set of samples. This could indicate
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that the radiation induced defects tend to cluster so that a significant fraction of the lattice
retains its original UO, structure with potentially smaller cluster regions of defects. Defect
clustering in UOs has been studied and is predominantly due to oxygen atom clustering to
form interstitial clusters and small, nano domains of UsOqg [74].

The nearest neighbor O peak is the only large feature that displays any behavior that
differs from this simple loss of amplitude As the H" ion dose increases, a shoulder on the
low R side becomes more prominent relative to the rapidly diminishing primary O peak. In
case of the highest dose sample of 0.5 DPA, the shoulder peak on the low R side is a fully
resolved independent peak next to the original O peak. This implies that the underlying near
neighbor distribution is splitting into a dual site oxygen distribution. Initial interpretation
of this data also indicates that oxygen ions are rearranging as uranyl type bonds that are
highly stable due to their oblate geometry as a result of irradiation (and not oxidation). The
increase in the height of the shoulder peak is so significant that if analyzed in isolation, these
features would be unequivocally assigned to structural components due to their large size
relative to the original oxygen peak.

Curve fitting features can only refine the particular model used (in this case, UO;) and it
is unable to introduce features that are not present initially. This assumes that the average
number of nearest neighbors does not vary significantly from that found in the starting
UOs.q9, and these atoms are arranged so that they all make distinct identifiable contributions
to the spectrum. This constraint gave good fits, but for all the irradiated spectra these fits
included small shoulder features on the low R side of the original O peak. The total number
of atoms in the fitting process for any of the peaks wasn’t fixed, but instead allowed to float.

There is good long-range order in the irradiated irradiated samples but the near neighbor
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U-U amplitude at 3.87 A is seen to decrease consistently with increasing dose. Simultane-
ously, the oxygen shell fit at 1.8 A increases with increasing dose. This 1.8 A oxygen shell
results in the aforementioned multisite distribution of oxygen ions closer to the absorbing
atom (uranium) than the original crystallographic position of oxygen at 2.36 A. In stoichio-
metric, pristine UOy there are three crystallographic shells fit using EXAFS: 8 atoms in
the first shell of oxygen (U-O) at 2.36 A, second shell of uranium (U-U) at 3.86 A with 12
uranium atoms and third shell of oxygen at 4.5 A with 24 oxygen atoms. The new 1.8 A
shell has become evident and consistently more prominent with increasing irradiation dose.
Of the 6 proton irradiated samples, the pristine and low dose samples have long-range or-
der similar to documented UO,. Disruption in local structure is evident in low and high
dose samples and it increases with dose. The high dose proton irradiated sample has highly
damaged structure overall and appears to be significantly affected by ion implantation. The

summary of all the fit parameters is shown in Table 3.



Sample U-O (1.8 A) | U-O (2.36 A) | U-U (3.85) U-O (4.5)
Crystal R 2.36 3.85 4.52
N 8 12 24
R 2.35 3.85 4.48
Reference sample | N 8 12 24
o 0.047 0.002 0.073
R | 1.94£0.02 2.35+ 0.02 3.85+ 0.1 4.45+ 0.7
0.01 DPA N | 0.12+ 0.01 712+ 2.2 11.43+ 2.7 20.66+ 3.7
o 0.045 0.05+ 0.01 0.05+ 0.01 0.06+ 0.01
R | 1.88+ 0.02 2.36+ 0.02 3.85+ 0.1 4.454+ 0.2
0.05 DPA N | 0.21+ 0.03 6.96+ 1.4 11.02+ 2.6 18.85+ 3.1
o 0.05 0.045+ 0.01 | 0.045+ 0.01 0.06+ 0.01
R | 1.87+ 0.02 2.36+ 0.02 3.87+ 0.1 4.444 0.6
0.1 DPA N | 0.29+ 0.04 5.28+ 1.1 9.11+ 2.1 18.73+ 3.1
o 0.05 0.045+ 0.01 0.04+ 0.01 0.045+ 0.01
R 1.84 2.356+ 0.02 3.87+ 0.1 4.543+ 0.4
0.2 DPA N 0.56 5.07+ 1.03 8.24+ 1.8 17.92+ 3.1
o 0.04 0.04+ 0.01 0.04+ 0.0 0.05+ 0.01
R | 1.81+ 0.02 2.36+ 0.02 3.87+ 0.1 4.544 0.2
0.4 DPA N | 0984+ 0.2 4.614+ 0.8 7.44+ 1.3 16.42+ 2.6
o 0.04 0.043+ 0.01 | 0.0294 0.005 | 0.03% 0.008
R | 1.82+ 0.02 | 2.3584+ 0.02 3.867+ 0.1 4.474+ 0.2
0.5 DPA N | 1.054+0.8 3.82+ 0.08 6.67+ 1.2 13.94+ 1.9
o 0.04 0.0444+ 0.01 | 0.0354 0.008 | 0.0254 0.006

Table 3: Fitting parameters for the krypton implanted UO, samples.

The presence of the O type distribution on the low R side of the peak suggests the
presence of oxygen moeties with irregular valence to exist as stable aggregates alongside the
original peak. One possible explanation if the presence of a very short U-O corresponding
to a contracted, non-bridging uranyl moiety. The uranyl moiety, also seen in XAFS studies
done on UOs,,, is highly stable due to its oblate shape and can therefore form due to
lattice excitation in UOq resulting from ion irradiation [31].

Uranyl type molecules are

also commonly found in used nuclear fuel in storage and can form complex molecules with
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neighboring actinides [15], and therefore their presence in irradiated UO5 doesn’t come as
a surprise. In fact, recent analysis of the Fukushima-Daiichi accident shows the presence of
series of uranyl peroxide compounds in the form of nanoscale cage clusters of uranyl ions
bonded to form complicated compounds. Another possibility, as indicated by the monotonic
loss of spectral amplitude is the presence of defect clusters in the lattice. The presence of
randomly located defects would cause a faster loss of spectral features, something that hasn’t
been seen in this case.

In Fig. 34, the pristine sample was fit to stoichiometric UOs therefore the first distinct
peak is that of oxygen in its crystallographic position followed by higher peak of uranium
due to its high Z. The zero dose material has the same features as literature UO, [19], with
primary contributions from the three crystallographic shells. The errors in the fit are within
experimental error of the crystallographic reported data and the low dose samples exhibit
similar distances to stoichiometric UO, lattice. The low dose materials (Fig. 35-36) resemble
UO, in their long-range order and seems to have an oxo type of shell at 1.8 A, and there are
also some small differences from the control sample, such as mid range features beginning
to change. Through increasing in ion dose, there are consistent trends with loss of spectral
amplitude and increase in the magnitude of the oxygen shoulder. This is seen in Fig 37-
40. This evolution of lattice structure with dose indicates that the radiation is consistently
distorting the lattice. Therefore, high dose sample (0.5 DPA) demonstrates a significant level
of local structure disorder. The high R peaks are gone and there are significant contributions
to the EXAFS in addition to the three crystallographic shells as seen in Fig. 40.

By isolating the oxo shoulder at 1.8 A, it can be seen that again in Table 8, with in-

creasing proton dose, the ratio of the number of atoms to the Debye-Waller factor increases
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with increasing proton dose. This indicates the clustering of oxygen defects at low-R while
simultaneously the primary peak diminishes implying a disorder in the lattice structure due
to radiation damage. There is more detailed explanation regarding the type of disorder in
the discussion section.

The HT irradiated UO, are fit with the three nearest neighbor shells of UO,, O at 2.36
A, U around 3.87 A, second O around 4.54 A, which is slightly greater than literature values
of UO, as shown in Fig. 41. The near neighbor distances in these samples are 0.01 A
larger than stoichiometric UOs,, indicating that the irradiation is in fact increasing the size
of the lattice locally with increasing ion dose. This change is consistent with measurements
done using He?"™ atoms in UO, showing an expansion of the lattice in XRD measurements.
Therefore, ion irradiation is not just simply distorting the lattice, but is creating complex

defect structures that result in local lattice expansion.

UL (R (x(K)))

Figure 34: Reference sample is identical to the literature UO, as seen in the Fourier transform
with negligible difference between “Data” and “Fit”.
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Figure 35: 0.01 DPA lowest dose sample has same peak positions as the reference sample
with well ordered structure. The peak amplitude loss is insignificant at this dose level.
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Figure 36: 0.05 DPA Intermediate dose sample shows the onset of oxo shoulder on the low
R side of the original oxygen peak.
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Figure 37: 0.1 DPA sample shows that the oxo shoulder is becoming more prominent and
the overall peak amplitude has significantly decreased.

UL, x(RK(x(K)))

Figure 38: 0.2 DPA samples were studied at the Advanced Photon Source. This sample
shows loss of amplitude and rise of oxo shoulder in sync with the other proton implanted
samples.
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Figure 39: 0.4 DPA sample shows that the peak amplitude decrease continues along with
distinct non crystallographic oxygen peak at 1.8 A.

UL x(RK(x(K)))

1
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Figure 40: 0.5 DPA highest dose sample shows damage in intermediate structure along with
loss of amplitude and rise in prominence of low-R oxygen shoulder.

Looking at Fig. 40, it can be seen that the lowest dose sample (0.01 DPA) has the
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higher amplitude in the first O shell and almost the same amplitude as the intermediate
dose sample (0.05 DPA) in the second U shell. With ion increasing dose, this amplitude
quickly decreases and hence the highest dose sample (0.5 DPA) has the lowest amplitude for
both the crystallographic O and U shells. This decrease in amplitude with dose is reversed
for the 1.8 A O shoulder where increasing dose results in a more prominent O-shoulder
implying a higher amplitude. This trend of amplitude loss and rise of prominence of the
oxygen shoulder continues through to the higher dose levels of 0.4 and 0.5 DPA samples.

This trend is clearly seen in Fig. 41.

Reference

s 0.01 DPA

— 0.05 DPA
[ 0.1 DPA

0.2 DPA

uL x(RK'(x(K)))

6.667
)

s

Figure 41: Modulus of all the peaks

It is imperative to study the relative size of the oxygen shoulder (at 1.8 A) with increasing
dose and consequently diminishing original oxygen peak (at 2.35 A) This is done by multi-

plying the primary O peak in the irradiated samples with the ratio of the peak heights of the
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control sample to the irradiated sample increases the contribution of the irradiated samples
to match that of the pristine sample showing high significance of the oxo shoulder at 1.8 A as
shown in Fig. 42. This ensures that the modulus of the amplitudes for the crystallographic
O peak are identical. In the case of the lowest dose (0.01 DPA) sample, this feature is non
existent and the primary oxygen peak dominates. This O shoulder exists in the remaining
four of the proton irradiated samples and grows with increasing ion dose as the primary O
peak decreases. By multiplying the ratios it is evident that this peak isn’t greater than the
primary O peak (at 2.36 A) but it does have a distinct shape and position that can be fit
by a separate shell of oxygen atoms indicating a heightening secondary oxygen distribution

due to irradiation.
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Figure 42: Fourier transform of low dose proton irradiated sample EXAFS

The Debye-Waller factors were obtained by curve fitting the x(k) over the k range 2.7-
14.95 using the full usable spectra. The Debye-Waller factors account for the structural
and thermal disorder in the atoms of the molecule. Since the DW-factors give information
regarding the vibration dynamics in a crystal, they tend to increase with increasing disorder.
Further, while fitting the EXAFS samples, an increase in Debye-Waller factor results in a
decrease in the number of atoms fit in each shell. To accurately comment on the state of
disorder due to irradiation, Fig. 43 and 44 show the ratios of the number of atoms fit in each
shell to the DW-factors. Using this approach, it can be seen that the the number of atoms in

each shell is in fact decreasing and this can be attributed to the disorder in the lattice from
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proton irradiation. However, it is worth noting that this decrease in amplitude is consistent
across all the primary crystalline peaks but not in the oxygen shoulder at approximately
1.9 A, where the amplitude increases with irradiation dose. The decrease in amplitude does
not reflect the loss of atoms in the sample as the sample is a fully dense material. This
loss of spectral peak is due to loss of atoms in their original crystallographic positions.
Therefore, the atoms haven’t been removed from the UOy sample due to ion irradiation, and
the disorder is indicative of lattice damage resulting from local clustering of point defects
that can be observed as the prominence of the non-crystallographic oxygen peak. The ratio

of the number of atoms fit and the DW factor have also been shown in Table 4.

700

600 ——0.01DPA —#—0.05DPA —#—0.1DPA —®—0.2 DPA
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Figure 43: Atoms to Debye Waller factor ratio consistently decreases with increase R as seen
for low dose samples.
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Figure 44: Similar to Fig. 42, the ratio of Atoms/ DW factor is shown (separately for clarity)
to decrease with increasing ion dose in higher dose samples.

Table 4 shows the ratio of the number of atoms fit to the Debye-Waller factor for the
1.9 A shoulder. This table shows that with increasing ion dose, the ratio of the number of
atoms fit in the shoulder to the DW factor increases with increasing ion dose. This increase
of the ratio in the shoulder occurs with the decrease in this ratio overall, implying that
due to irradiation, defects are forming near the absorbing ion (uranium) at a distance of
approximately 1.8 A and this defect cluster appears to be growing in magnitude with higher
irradiation dose. For the zero dose sample, this ratio is 2.8 which is quite small and continues

to increase to 26.31 for the highest dose material.
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Sample | Atom/ DW factor at 1.9 A
0 0

0.01 DPA 2.66

0.05 DPA 4.25

0.1 DPA 5.87

0.2 DPA 14.45
0.4 24.5
0.5 26.25

Table 4: Ratio of number of atoms fit at 1.9 A to the Debye Waller factor at that R increases
with dose.

4.5 X-ray Diffraction

X-Ray Diffraction is sensitive to the lattice expansion or contraction of the specimen and
can detect various phases that could be present. Diffraction scans were performed on all the
proton implanted samples along with the reference samples for comparison. The compar-
isons were made with the (224) peak due its larger probing depth. There was no average
stoichiometry change observed due to ion irradiation in the material. However, due to irra-
diation induced damage to the lattice, a clear diffraction peak shift was observed to smaller
260 angles relative to the reference sample as illustrated in Fig. 45. The lattice expansion
due to proton irradiation agrees with historical data done using He?* ion implants but lower
in magnitude (as a function of dose). Therefore, ion implantation creates regions of small
local defects that cause local lattice expansion in UO, that can be detected via XRD tech-
nique, which is sensitive to average disorder in the material. Expansion in the lattice, also
seen in EXAFS results, is corroborated now by XRD, as the lattice parameter increases

with increase in HT ion dose in the material. Diffraction measurements also indicate that
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the overall structure of the lattice still remains as FCC fluorite along with smaller defect

regions that cause the peak to shift to lower 20 angles. This, in fact, suggests that the UO,

structure is consistently incorporating smaller phases of UO,,, that have their XRD peak

reflections at smaller 26 angles. Therefore, XRD results show agreement with all the EXAFS

measurements in H implanted UO, samples.
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Figure 45: X-ray Diffraction study on proton irradiated UO, samples shows that with in-
creasing dose, the lattice parameter consistently grows. The lattice parameter shift is in good
agreement with historical data by Weber, et al (shown in green in the plot of lattice con-
stants), with the Helium irradiated samples and also follow the same trend as the Molecular
Dynamics simulation.
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4.6 TEM Images

Radiation induced damage to the microstructure of this fuel material was investigated via
Transmission Electron Microscopy (TEM). The TEM measurements were performed using
the Technai TF30-FEG TEM housed at the Center for Advanced Energy Studies. Focused
Ion Beam instrument, also at CAES was used to extract samples perpendicular to the ion
beam, approximately 10 pm x 10 pm in size. The size of the lamellae, which were extracted
by FIB, ensures that the entire sample has a consistent damage profile. This is because, the
radiation damage plateau, which offers a zone of consistent damaged structure is approxi-
mately 30 pm in length. Using FIB, the sample was thinned to approximately 100 nm using
30 kV Ga ions and the final cleaning was performed using an even lower ion energy of 2 kV
Ga ions.

Small scale irradiation induced features at the plateau region shows a consistent evolution
of damage structure features. These dislocation loops were well-defined regions throughout
the range of H ion dose and have excellent contrast in conventional bright field TEM.
Damage structure for all the H" implanted samples has been interrogated close to the (0 1
1) pole with g = [-1 -1 1] and this region consisted predominantly of dislocation loops. These
are shown in Fig. 46. Using proton irradiations, it has been possible to introduce relatively
simple microstructures in the target material.

Estimates for displacement density were made for the set of irradiated samples to un-
derstand the evolution of microstructure with dose. Sample thickness for the FIB lamellae
was made based on the thickness fringes at the foil edge and the dislocation loop density
was calculated in 10 locations on the sample. FIB milling and cleaning is known to create

lattice damage in the specimen being prepared [47|. Therefore, comparison of the microstruc-
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ture in the irradiated sample was compared to reference sample prepared by FIB to remove
contributions from milling.

H* produces distinct microstructures of predominantly dislocation loops that are easily
resolved. With evolution in dose, the predominant microstructure still continued to be dis-
locations. The density of these dislocation loops grew as the dose increased from 3.06x 102!
to 9.4 x10?% loops/cm?®. Simultaneously, the loop size increased with ion dose from 7.9 nm
to 15.7 nm at 0.01 and 0.5 DPA respectively. These results are summarized in Table 5.
Increase in the density of dislocation loops is consistent with increased diffusion of the atoms
at high irradiation doses. Subsequently, the diffusion of oxygen atoms in clusters has twice
the probability than the singular oxygen atoms, which further diffuse easier than uranium
atoms. Therefore, the dislocation loops are likely to be oxygen interstitial rich, which, in
fact, has been suggested by several studies performed on irradiated actinide oxides [12]. The
increase in microstructure concentration suggests greater local structure and average struc-
ture damage and therefore corroborates the EXAFS and XRD results that show increased

lattice disorder with increasing ion dose.

Dose | Loop Size (nm) | Loop Density (#/cm?)
0 _ _

0.01 7904 3.06x 102!

0.05 8.3+ 04 4.24 x10?!

0.1 10.5 £ 0.4 7.38x10%2

0.4 142 £ 04 8.02x 10*

0.5 15,7+ 04 9.4 x10%

Table 5: Comparison of loop area and density evolution with increasing HT ion dose.
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100 nm

Figure 46: Evolution of dislocation in H* irradiated UO,

The results seen due to proton irradiation can be reasonably compared to the spatially
resolved Raman spectroscopy measurements done in He?" implanted samples. Raman mea-
surements clearly show the presence of defects as a function of depth in the UO, indicat-
ing differences in damage plateau and damage peak regions. Investigation of the radiation
damage plateau indicates that there is deviation from a perfect fluorite lattice due to in-
corporation of defects from irradiation. Raman spectroscopy measurements also proposed
that the defect structure consisted of hypo and hyper stoichiometric clusters in the overall
stoichiometric UO, lattice. These measurements are surprisingly consistent with the results
from EXAFS analysis that suggest clustering of local defects to form oxygen rich and oxygen
poor region. However, these defects haven’t been identified in the TEM analysis. Through
high resolution microscopy, it was proposed to study these defect clusters using TEM.

High resolution microscopy is one of the only techniques that allows direct imaging of
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atomic defects in materials. Therefore, to probe the relationship between atomic structure
and lattice structure defects, the HRTEM imaging method has been employed. Fig. 47 shows
a high resolution TEM images where the evolution of dislocation loops is clearly visible due
to contrast in atomic columns and has been shown to increase with radiation dose. HRTEM
micrographs clearly show the presence of dislocations on the lattice that have formed due
to ion irradiations in UO,. However, it wasn’t possible to identify the constitution of these
defective regions to show oxygen rich and oxygen poor type behavior. Based on the size and
density of dislocation loops, Appendix A, shows a detailed analysis of potential atoms in
the material being affected from dislocation type microstructure defects. The results of the
analysis suggest that there is a distribution of damage cluster type defects that exist in the
irradiated samples that cannot be detected via TEM measurements. Therefore, using TEM
micrographs, while it is possible to see atomic scale defects due to H irradiation, it isn’t
possible to completely characterize all defects that cause changes to the lattice. For this, one
has to rely on techniques highly sensitive to atomic level defects, such as XRD and XAFS.
Fig. 48 shows the Fourier transform filter placed on dislocation loops, giving a clearer image

of the defect style.



98

Figure 47: HRTEM micrographs of evolution of dislocation population in UO4
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Figure 48: FT masks placed on the HRTEM dislocation images shows a clear dislocation
loop
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4.7 Summary

H* irradiation in UOy was performed so as to mimic radiation damage due to neutrons and
to develop a mechanism to create simple microstructures in the target sample. The evolu-
tion of lattice and microstructure in Htirradiated UO, has been investigated by EXAFS,
XRD and TEM. While the TEM micrographs show an evolution of dislocation dominant
microstructure, EXAFS and XRD results show a variation in the local structure and average

lattice structure. The key results can be summarized as

1. Increase in lattice parameter as detected by XRD is corroborated by EXAFS results

that show an increase in near neighbor distances with increasing ion dose.

2. The loss of spectral amplitude across the Fourier transform with proton dose indicates

incremental distortion of lattice from the pristine structure

3. Concomitant with the loss of oxygen crystallographic peak height, there is an increase
in the non crystallographic oxygen shoulder at U-O distance of 1.8-1.9 A indicating a

stable position for oxygen atoms to cluster.

4. With increasing dose, there is a total loss of short range and intermediate range order

in the UO, lattice as is demonstrated by the 0.5 DPA sample.

5. Increase in ion dose comes with an increase in complexity of dislocation distribution.

The density and size of dislocations increase with proton dose.
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The results indicate visible and measurable changes in the damage structure of the UQO,
samples. Radiation damage due to protons creates the loss of overall structure with increasing
dose with a drastic change in oxygen distribution in the form of oxygen clusters and a subtle
change in uranium distribution by removing the U atoms away from the crystallographic
sites but not in the form of a cluster of defects. Further explanation of the results is in the

“Discussion” section.
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5 Helium Experiments

ABSTRACT: Accumulated radiation damage in UQs significantly degrades thermal conduc-
tivity and fuel integrity during reactor operation, motivating studies of the microscopic dam-
age mechanisms. The effects of such damage on the local structure and chemical speciation
have been investigated via U L3 edge Extended X-ray Absorption Fine Structure (EXAFS)
spectroscopy measurements on two polished, polycrystalline pellets of UQOy irradiated with a
3.9 MeV helium ion beam to an average of 0.006 and 0.035 displacements per atom (DPA)
over its 9 um penetration depth. Analysis of the EXAFS showed substantial similarities
between the effects of this ion irradiation and ozidation to UQOsy, that corroborate recent
Raman spectroscopy experiments [22]. EXAFS provides a much more detailed description
of this process, including 1) a reduction of the amplitude of the overall UOy spectrum con-
comitant with retention of its longer range order that is indicative of the aggregation of the
defects and resulting phase separation of fully ordered UOy from domains containing the de-
fect aggregates; 2) an apparent reduction in the number of U neighbors despite conservation
of the bulk density; and 3) the formation of a multisite U-O pair distribution in terms of the
formation of an ozo-type neighbor with, most remarkably, a U-O bond length of around 1.9 A
that is longer than that in UOyy, and could signify an asymmetrically bridging or U(V)-oxo
moiety. Microscopic collective and cooperative phenomena in which O-interstitial type defects
are stabilized in proximity to each other so that they either migrate towards each other or
their recombination and annihilation with vacancies is inhibited near existing defects to give
the implicit aggregation observed in these experiments therefore appear to be a crucial part
of the radiation damage mechanism in UQOy. These results are further supported by trans-

mission electron microscopy measurements of radiation induced microstructures revealing
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the presence of oxygen rich dislocation loops and inert gas bubbles. X-ray diffraction shows
an increase in lattice parameter, consistent with literature data and EXAFS measurement

results.

5.1 Sample Preparation

The polycrystalline samples used for the low temperature helium irradiations were sintered
in Los Alamos National Laboratory with the procedure outlined in [41] using the Ellingham
diagram as shown in Fig. 45. The sintered pellets were approximately 5.2 mm in diameter
and 4.3 mm high with a theoretical density of 95-96%. The O/U ratio was set at 2 by
cooling the sintered pellets from 1650° C in a Ar-6% H mixture. These samples were further
sliced into 5.2 mm diameter pellets with 0.6 mm height using a low speed diamond saw and
polished to a mirror finish using a 0.1 pm grit size polishing paper, prior to the irradiations.
The final sample details are summarized in Table 6. Estimates for the ion beam current
required, the ion energy and the implantation depth were made using SRIM calculations as

shown in Fig. 49.
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Figure 49: Stability of oxidation for UOy (Enhanced Thermal Conductivity in Oxide Fuels
-2005)

5.2 Helium Implants

The ion irradiations were performed at the University of Wisconsin-Madison Ion Beam Lab
which houses a Pelletron(®) tandem accelerator. A toroidal volume ion source (Torvis) pro-
duced He**ions, which were accelerated to 3.9 MeV with a Pelletron tandem accelerator.
Similar to the proton irradiations, the temperature monitoring was performed using K-type
thermocouples attached to the sample stage and in contact with the samples being irra-
diated. To consistently monitor the thermal distribution across the target sample surface

during the course of the irradiation, a thermal imaging camera was used. The temperature
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was maintained between 150° C and 200° C and the ion beam current was 1 pA on the
UO, sample surface. The He?" ions were rastered across the sample surface and the ion
fluence was monitored using the LabView system as a function of time. The vacuum in the
irradiation chamber was maintained in the range of 1076 - 10~7 bar. It should be noted here
that the reduction of UO, under vacuum conditions is negligible and in order to proceed
towards measurable hypostoichiometry, a reducing gas agent must be used in the vacuum
chamber or the temperature should be higher than 1200 °C [73]. Therefore, none of the
noticeable effects discussed in this study originate from vacuum chamber atmosphere, or the

lack thereof.

Disk ID | Fluence (ions/cm?) | DPA (plateau) | He at % (plateau) | T (°C)
1 0 0 0 -
2 0.9-10% 0.007 < 0.001 < 200
3 5-101° 0.038 < 0.001 < 200

Table 6: Description of UO, samples prior to He?* irradiation: Summary of the irradiation
conditions for the two samples being irradiated along with information on the radiation dose
of each sample and other irradiation conditions

Two samples of UO4y were irradiated to doses of 0.006 and 0.035 displacements per atom
(DPA), with these numbers calculated as the integrated dose over one attenuation length of
the incident x-ray beam. Although the penetrability is somewhat greater for the emission
line than the original beam just above the U L3 absorption edge, nevertheless the bulk of the
signal will come from the volume well below the peak in the energy loss so that the material

being probed can be considered homogeneous without concern about signal from the high
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defect density region at the end of the ion track making a sufficiently large contribution to
the total spectrum to affect the results. The details of these samples are summarized in
Table 6. The Stopping Range of Ions in Matter (SRIM) [104] simulation code was used to
estimate the final ion dose, the implanted ion depth and the profiles of atomic displacements
in UO. A quick Kinchin-Pease calculation was made as outlined in [84] and the result is

shown in Fig. 50.
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Figure 50: Ton damage profile as obtained from SRIM. The dashed line corresponds to one
attenuation length of the beam just above the U L3 absorption edge at the angle of the
sample with respect to the beam.
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5.3 EXAFS on Helium Implanted UO, Samples

Extended X-ray Absorption Fine Structure measurements were performed at the Stanford
Synchrotron Radiation Lab at beam end station 11-2 with operating conditions of 3.0 GeV,
300 mA in the fluorescence mode on these opaque samples using an ionization type detector
with a Sr filter to reduce scatter, a minimal problem with pure UO,. Sample holders were
attached to a cold finger of liquid nitrogen cryostat to give a sample temperature of “80 K
to reduce the Debye-Waller factors. The samples were fixed at 45° relative to the incident
beam to analyze the damage plateau region of the UO, samples. This corresponds to ~
4 pm in depth for 1/e of the incident photons, magnified by the greater attenuation of
the emitted x-rays. Comparison with Fig. 46 shows that the fluences do not depart too
far from a constant over this range, with one absorption length being well below the final
peak in the damage profile, and that in this probed region the fluences are well below the
average value that is increased by the peak at the end of the ion track. Silicon [220] crystals
were used to produce a monochromatic beam, running fully tuned with harmonics being
eliminated by a flat, Rh-coated mirror tilted to give a cutoff around 20-22 keV. The energies
were calibrated by defining the first inflection point of a Y foil measured periodically as
17032.08 eV. Spectra were normalized by offsetting them so that the value of a second order
polynomial fit through the pre-edge region was 0 and then scaled so that the value of a third
order polynomial fit through the post-edge region was unity at 17185 eV. The photoelectron
wave vector was calculated by setting the ionization energy, Eqg, to 17163 eV. The EXAFS
were obtained by first subtracting out the absorption edge from the spectra using a sum of
an arctangent and a Gaussian fit to the white line and the edge to eliminate the ripple in

the spline function resulting from it abrupt change in slope when it passes through these
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features. The EXAFS were calculated as the difference between the resulting spectra and
a polynomial spline function approximating the smooth atomic absorption. The location of
the spline knots was varied to minimize the area of the Fourier transform modulus of k?y
below 1.2 A. The range of variation was, however, subject to ensuring similar knots for all of
the spectra to ensure that any differences would be real and not artifacts of the background.
Metrical parameters were obtained via non-linear least squares curve-fits over the range k =
2.7—-14.52 A using amplitudes and phases calculated with FEFF9 [70] to model the waves
from each neighbor shell individually, varying N, R, o, and AE,, with AEq constrained to
within <1 eV of each other for the O shells and 3 eV for the U. The k* weighting was used
to enhance the contribution of the O shells.

Final fits were performed with four neighbors, the crystallographic O shells at 2.36 A and
4.52 A and the U shell at 3.85 A and the new, non-crystallographic oxo shell at around 1.9
A. The Debye-Waller factors for all the first three shells was allowed to float except when
the resulting number of atoms in these shells was unphysically large or small, in which case
it was constrained over a narrow range or fixed at a specific value. The oxo shell seen as a
shoulder on the low R side of the primary O shell at 2.36 A was also fit with an O shell and
the Debye Waller factor for this was fixed at 0.05 A. The results are summarized in Table
8 for the interatomic distance, R, the number of atoms fit in each shell, N and the pairwise
Debye-Waller factors, . The errors were calculated by removing each shell from the fit to
determine its overall contribution and then individually varying each of its parameters until
the increase in the error was 10% of this amount.

Extended X-ray Absorption Fine Structure measurements were performed at Stanford

Synchrotron Radiation Lab at beam end station 11-2 with operating conditions of 3.0 GeV,
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300 mA. Sample holders are attached to a cold finger of liquid nitrogen cryostat to give a
sample temperature of 80 K to reduce the Debye-Waller factors. A Silicon [220] monochro-
mator that uses Bragg diffraction to select a particular energy was used. The energies were
calibrated by defining the first inflection point of a Y foil measured periodically as 17032.08
eV. The photoelectron wave vector was calculated by setting the ionization energy, EO, to
17160 eV. The EXAFS measurements were performed in fluorescence mode with a 45° an-
gle between the incident beam and the sample. Lytle detector was used to measure the

fluorescent x-rays from the samples.

5.4 EXAFS Results

Comparing the three spectra as the Fourier transforms shows (Fig. 53) that their features
are almost all identical over their entire range within the noise limit of the data, with the
principal difference being in their amplitude that decreases monotonically with increasing
helium ion dose. That this diminution in amplitude is proportionately equal across the entire
spectrum so that the relative amplitudes of the features remain constant indicates that the
locally ordered part of the structure that gives these spectra is identical for all, i.e., UO5 in
its fluorite form. The amplitude reduction therefore indicates that the ion irradiation does
not, as could be expected, result in randomly located defects that break down the order on
increasingly shorter length scales as more of them occur. Instead, it disrupts larger amounts
of the originally fully ordered UQ,, even while the remaining UO, is intact and unaffected.
This could only occur if the irradiation-induced defects that would form randomly along

the He?* tracks do not rapidly recombine and annihilate but instead move and aggregate.
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Furthermore, because no new, non-UQO, related spectral features are observed, these defect-
containing domains must be so highly disordered that they are invisible to EXAFS. The
spectra for the reference sample is shown in Fig. 51 and for the irradiated specimen is given

in Fig. 52.
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Figure 51: Fourier transform of reference sample

In this way the irradiation process closely resembles that of oxidation where the inser-

tion of O into the UO, lattice also gave spectra identical to UOg g at higher R except for
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a constant reduction in amplitude [17|. In that case it is known from diffraction that the
adventitious O atoms cluster to give UO,-U4Og phase separation within the grain, permitted
by the minimal (<1%) difference in lattice parameter. The exception to this overall propor-
tional spectral amplitude reduction is the region on the low R side of the nearest neighbor
O peak at R = 1.9 A. Here the relative amplitude increases, although it never becomes a
resolved shoulder, and the zero crossing of the real component shifts to lower R (Fig. 52,
53). This behavior is also very similar to that of oxidation of UO,, where this feature was
shown to originate in an U(VI) oxo or uranyl-type species and the formation of a multi-site

nearest neighbor U-O distribution with increasing x.
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Figure 52: The k*y(R) EXAFS of UO, irradiated to 0.006 dpa with He*" ions and UO,
irradiated to 0.035 dpa also with He?* ions. The modulus of the real part of the transform
of both data and fit are shown in the plots. The insets show the k®y spectra overlaid with
curve-fit (top) and the moduli (bottom) of the data, fit, difference between data and fit, and
the individual contributions to the fit (inverted for clarity).
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Figure 53: This shows the modulus of the Fourier transforms of the k- weighted EXAFS
spectra of indicated samples. Transforms were performed over k - range of 2.70 — 14. 52

A1

This interpretation of the spectra is corroborated by the curve-fits. With the exception
of the region around R = 2.3 A where the amplitude is almost at the baseline because
there are no structural features giving waves with those frequencies at that location, the
curve-fits model the contributions from the first three crystallographic O, U, and O shells
almost perfectly (Fig. 52-53). The residuals are minimal throughout this region and the
nodes of the real components of the data and the fit align to better than the width of the
lines. In addition, the distances found for these shells are within experimental error of the

crystallographic ones and the changes in distance between the samples are even less (Table

7.
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Of interest then is the behavior associated with the amplitude reductions. For the crystal-
lographic nearest neighbor O at 2.36 A, the numbers of atoms decrease and the Debye-Waller
factors increase monotonically with increasing dose, albeit by small amounts and with only
these three data points. A somewhat different result is obtained from a log-ratio analysis
(Fig. 54). This shows negligible reduction in amplitude for 0.006 dpa sample but a very
similar increase in Debye-Waller factor for both samples. The discrepancy between the two
results is evident in the much larger deviation from linearity of the log-ratio of the 0.035 dpa
residual spectra. Although both, a loss of atoms from the 2.36 A U-O shell and an increase
in Debye-Waller factor are implicated — and certainly the addition of oxo-type atoms would
have to be mirrored by depletion of the original shell — it is likely that the U-O distribution
becomes more complicated with increasing numbers of O in defect sites. This again du-
plicates the behavior in UOy,, with its multisite U-O distribution whose behavior was not
monotonic with increasing x, which made it difficult to quantify the number of oxo atoms.

For the nn U, there is a substantial jump in the Debye-Waller factor on irradiation, which
does not increase further with higher dose. Instead, the curve-fits find that the continued
diminution of amplitude for the contribution of this shell results from a larger drop in the
number of atoms. This was confirmed by log-ratio analysis of the amplitudes of the U-U
wave (Fig. 54) as performed previously for UOg,, [19]. These ratios are reasonably close to
the straight line over their extended range that is expected because a multisite distribution
is not formed, with negative slopes that are similar to each other but a significantly lower
intercept for the 0.035 DPA sample.

The decrease in the number of U neighbors for the 0.006 dpa sample is around 1/3 for

both curve-fits and this more graphic analysis, whereas that for the O is only ~10%, at the
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Figure 54: Logarithms of ratio of U-U near neighbor and O-O near neighbor amplitudes of
helium irradiation UOsfrom subtracting out all U-O components to that of reference sample
limit of significance. The radiation damage over this range therefore causes only a limited
increase in disorder for the O that is most likely the initiation of a multisite distribution,
but an increase in both harmonic and anharmonic disorder for the U neighbor where the
connection is weaker. “Anharmonic” disorder is defined as disorder that gives an apparent
decrease in the number of neighbor atoms even while the material remains almost fully dense
so that it is not a loss of atoms but rather a rearrangement into a distribution that results
in their being invisible in EXAFS. This behavior is also similar to what was observed for
oxidation and may therefore be subject to the same constraints in terms of the types of U-U

distributions that can cause this effect.

By ratioing the atoms fit for the near neighbors to their respective Debye-Waller factors
the consistent loss of structure with irradiation is seen in the case of helium irradiated
samples as well (Fig. 55). With increasing helium ion dose, the number of atoms in each

shell decrease and it indicates that the overall lattice structure is being distorted. This loss
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of atoms fit is seen only in the case of the original crystallographic peaks and not for the

first U-O distance of 1.9 A, in which case, this ratio increases with increasing dose.
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Figure 55: Ratio of number of atoms fit in each shell (including the 1.9 A shoulder) to the
DW factor for each of those shells shows a decrease in this ratio with increasing ion dose
except for the U-O shoulder at 1.9 A.

The exception to the retention of the UO, structure as the sole locally ordered fraction of
the material is in the region below the nearest neighbor O. Close inspection of this region (Fig.
53) shows an increase in the relative amplitude of this shoulder feature coupled to a change
in the real component in y(R) with increasing dose. This is observed more easily when the
spectra are rescaled so that the modulus amplitudes are identical (Fig. 56). This increase,
and the simultaneous absence of a shift in the nodes of the real component that demonstrate
that it results from a change in the amplitude of the given feature, would originate in a

structural feature at a distance ~ 0.4 A shorter than the principal nearest neighbor O shell
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at 2.36 A. Since this must be within the sample it can only be another O, and curve-fits in
fact find an O shell at 1.92 A containing 0.2 atoms with Debye-Waller factors only slightly
lower than the fluorite nn shell. Because of the low relative amplitude of the U-oxo waves in
the EXAFS, especially at high k where the U-U wave dominates, the Debye-Waller factors
for this O shell were fixed to 0.05 A for both the irradiated samples instead of allowing them
to float. The small number of atoms in this shell and the likelihood that the U-O distribution
is becoming complicated even as it is fit with just these two well separated O shells accounts
for the uncertainties in obtaining consistent results from the curve-fits and log-ratio analysis
that would be expected to be mirrored in the number of O atom in the principal neighbor
shell. Despite the difficulties in quantification, e.g., an uncertainty of 2.4/7.6 in the number
of O atoms at 2.35 A in the 0.006 dpa sample, this figure and Fig 47-59 clearly show the loss

of UOy concomitant that is paralleled by the increase in this U-oxo type moiety.

| Sample | |U-0(1.8A)|U-0(236A)[ U-U(385 | U-O(45) |
Crystal R 2.36 3.85 4.52
N 8 12 24
Reference sample | R 2.3540.02 3.861+0.01 4.4840.02
N 8 12 24
o 0.047+0.02 0.002+0.0 0.073+0.019
0.006 dpa R | 1.9240.02 2.35+0.02 3.87+0.01 4.4840.02
N | 0.1940.04 7.6+2.4 11.02£2.6 23.1946.1
o 0.05 0.0524+0.02 | 0.0199+0.014 | 0.0752+0.017
0.035 dpa R | 1.9340.02 2.36+£0.02 3.87+0.01 4.5240.025
N 0.240.03 7.1542.0 8.2942.02 19.41+£5.9
o 0.05 0.0614+0.018 0.02+0.017 R+0.017

Table 7: Crystallographic distances (R) and curve fitting results for N (number of atoms)
and o (Debye Waller factor) obtained on the UO5 samples
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Table 8 shows the ratio of number of atoms fit to the Debye-Waller factor which is
increasing with increasing dose. This effect is attributed to the clustering of oxygen ions
similar to UOy,, at low-R distances from the absorbing atom. The increase in the size of
this oxygen cluster occurs simultaneously with the loss of number of atoms in the original

oxygen peak.

Sample | Atom/ DW factor at 1.9 A
0.01 0
0.05 2.9
0.1 3.98

Table 8: Ratio of the number of atoms to the Debye Waller factor increasing in value to
indicated the total number of atoms in at the 1.9 A distance are growing

The accumulation of randomly located defects typically results in a faster decrease in the
amplitude of the Fourier transform peaks at longer distances than at shorter ones because
the sequential breakdown in order begins at long range with the loss of structural coherence
on the distal side of a defect propagating into broader, anharmonic pairwise distance distri-
butions. Here, we observe the opposite, that the proportional loss in amplitude is identical
throughout the full range of R. This indicates that the defects are not randomly distributed
throughout the lattice but instead are clustering so that the UO, domains where they do
not reside retain their fully ordered fluorite structure. The only locally ordered component
found in these spectra that can be attributed to the domains containing the oxygen defects

is therefore the O shell with the 1.9 A U-O distance. In addition to UOq,,, this effect has
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also been noted in PuOs,, where EXAFS also showed similar collective behavior of oxygen
defects including an O shell 1.8-1.9 A from the Pu ion [17].

The phase separation of ordered UOy from the domains containing the defects is the
transformation of the latter into another structure. This is analogous to the phase separa-
tion and micro / nano domains in UOy,, that indicate the propensity of UOy to proceed
towards the more stable UsO9 and U3O; phases [4] and heterogeneity rather than form-
ing random solid solutions of defects. These domains have been postulated to address the
oxygen defect formation mechanism in UO, as the addition of oxygen results in oxygen de-
fect clusters. The formation of these defect clusters due to irradiation could be due to the
greater diffusion coefficient of oxygen in UOs [?]when ion irradiation increases the oxygen
ion mobility and therefore results in oxygen ions clustering locally, a phenomenon detected
by EXAFS analysis. The locally disordered structure in the O-enriched regions is then closer
to UyOg|74], implying that the O-depleted regions would be U;O3-like. An additional factor,
however, is that their formation most likely indicates that these clusters are stabilized by

some mechanism in addition to any kinetic trapping.
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Figure 56: Low R features in He samples compared to two reference samples. The spectra
from the irradiated samples have been rescaled so that the peak amplitudes are all identical,
facilitating the comparison of the lower R feature.

Debye-Waller factors are expected to increase when the distribution of atoms is asym-
metric. One-dimensional simulations of the structure were performed to address the less
localized distribution of U atoms and their apparent decrease in the EXAF'S fitting routine
similar to the analysis of UOyy, [19]. Here, the U atoms were divided into three subshells
with an occupancy ratio of 1:2:1. When the separation between these three shells was in-
creased, it resulted in a significant loss of amplitude in the principal contribution to the
EXAFS, similar to what has been shown in Fig. 53. Further, it was noted in the same set
of simulations that a component of the U distribution was becoming amorphous and not
contributing to the EXAFS. Therefore, ion irradiation is separating the U atoms into at
least two populations that may correspond to the UOy and U Og-like domains. As noted,

this process implies the formation of O-depleted domains as well, which do not contribute to
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the EXAFS either because they are invisible analogous to U4;Og or because O vacancies do
not disrupt the UO, lattice whether they are randomly distributed or clustered. In the first
of these, not completely identical to UO4,,, the distribution remains harmonic and centered
on its crystallographic position, but also becoming somewhat broader. In the second the
other U atoms must be becoming “glassy” and therefore invisible to EXAFS analysis. The
non-glassy U atoms tend to spread over 0.4 A around their position, which did contribute
to the EXAFS analysis.

These results corroborate similar observations by Raman spectroscopy on UO, indicate
the formation of U(III) and U(V) species resulting in oxygen rich and depleted regions on the
oxygen sublattice [22]. The occurrence of the two types of features effectively balances out the
charge but continues to give the appearance of regions of hyper and hypo-stoichiometry. The
formation and description of these Magneli type defect has been discussed in the background

section.

5.5 X-ray Diffraction

X-Ray Diffraction studies done on the set of the He?* implanted samples was done using
the (224) XRD reflection for comparison. The (224) reflection has a high probing length of
1.6 pm which interrogates the damaged plateau region thus not including effects in the peak
region. With increasing He?t ion dose, lattice peak shift was observed to lower 20 angles as
is shown in Fig. 57. The increase in lattice constant is consistent with results by Weber, et
al [92] and with agrees with the lattice parameter trend seen with proton irradiated d-UOq

samples.
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Figure 57: Lattice parameter increase with increasing He?" ion dose as measured for the
XRD (224) peak

5.6 Transmission Electron Microscopy

The irradiation damage on microstructure scale was studied using Transmission Electron
Microscopy. The samples for TEM were prepared by Focussed Ion Beam sample milling as
was explained in experimental techniques. The damage plateau gives evidence of consistent
microstructure between both dose levels. This could be a result of very small ion dose and
minor difference between the two dose points. Bright field image of the helium implanted
sample (0.035 DPA) shows several dislocation loops oriented edge on along the <111> plane
in Fig. 58. The dislocation loop images have been extracted from the damage plateau region
which appears to be fairly consistent in the microstructure change. These loops grow with
irradiation dose and therefore alter the local chemistry of the material. Average loop size is
< 10 nm, so they are relatively small. This could also be attributed to lower dose levels in

the samples. High resolution image of the dislocation loops is shown in Fig. 59.
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Figure 58: Edge on dislocation loops along <111> plane in He?* implanted UO, . The
network of dislocations is seen in both low and high dose samples.

Figure 59: High Resolution images of low dose (0.006 DPA) and high dose (0.035 DPA)
helium implanted samples showing growing concentration of dislocation loops. Summary of
dislocation loop characteristics is give in Table 9.

The thickness of the TEM foils was calculated using thickness fringes at the edge of
the FIB foils. The average density of loops was estimated in ten different regions for all
the samples in this study. The average loop density and size is summarized in Table 9.
With increase in irradiation dose, the average loop density and diameter increase in size
and concentration in the sample. This indicates the propensity of He?* samples to develop

incrementally complicated microstructure with increase in radiation dose.
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Sample Loop Density Average Loop Diameter
Ref - -
0.006 DPA | 6 + 0.8x10*loops/m® 7.3 nm
0.035 DPA | 13 £ 0.8x10*!loops/m? 8.5 nm

Table 9: Summary of dislocation loops in helium implanted dUOssamples

Further TEM investigation of the helium implanted samples along the damage plateau
region of the samples shows a distribution of bubbles of helium gas along the sample. The
helium gas bubbles were imaged by changing the focus level of the TEM from under focus
point to an over focus point. The images were extracted at the same level of under focus
and over focus across both samples. This is the first known evidence of helium gas bubbles
observed at lower temperatures in TEM. The nucleation and growth of helium bubbles is
facilitated by temperature, however, in this case, the 150° C temperature was sufficient to
cause helium ions to coalesce to form gas bubbles. This is because helium precipitates at very
low concentrations and readily form bubbles. While this does not alter the near neighbor
structure of UO, as seen in EXAFS, it does cause the structure of UO, to be unstable, which
contributes to lattice expansion as seen in XRD results and could give some energy needed to
oxygen atoms to form uranyl type bonds in the sample locally. Fig. 60 shows a progression

of focus across the two samples.
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Figure 60: Over focus and under focus images of low (first column) dose and high dose
(second column) helium implanted UO give evidence of helium gas bubbles.

Table 10 shows the increase in bubble density and diameter with increasing radiation
dose in the UOgsamples. The nucleation of helium bubbles is known to occur in the large
grain areas and not in the grain boundary region. This is in agreement with the observations
shared in this study. The helium bubble density is a lot slower within the grain than at the

grain boundaries, inducing the formation of He?" gas bubbles. It has been shown previously
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that the overall helium release from the damaged sample is a decreasing function of helium
fluence and therefore, the damage in the material. Ion irradiation produces vacancies and
vacancy clusters for which He atoms have large affinity, and will therefore nucleate at these

vacancy sites within the grains of the sample.

Sample Bubble Density | Bubble Diameter
Ref - -
0.006 DPA | 5 4 0.3x10%® /m? 1.3 nm
0.035 DPA | 9 £ 0.3x10%/m? 1.6 nm

Table 10: Increase in concentration of He bubbles with dose in helium implanted UOssamples

Therefore, He?*irradiation results in the formation of relatively simple microstructure in
UOsthat consists of dislocations that increase in density and diameter with increasing ion
dose. Also, the formation of inert gas bubbles in UOy as demonstrated in this study supports

the TEM study that predicts their nucleation at a fluence of “10'%ions/cm?.

5.7 Summary

Helium irradiation in UO, was done to model the alpha particle damage during nuclear
reactor irradiation and also to study the effect of low dose self irradiation of fuel in extended
storage. Low doses used in this study are sufficient to create measurable microstructure
damage and distinctive lattice structure changes. These changes were measured using XRD
to study the evolution of lattice parameter with dose, the variation in lattice structure was
studied using EXAFS and radiation induced microstructure was quantified by TEM. The

key results from all the techniques are:
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1. Monotonic loss of peak height suggests a distortion of structure, which is evident from

reduced number of atoms fit.

2. With increasing dose, a short U-O distance forms at non crystallographic distance of

1.9 A from U, which develops into a shoulder peak increasing in magnitude.

3. The near neighbor distances are longer than pristine lattice by 0.01 A, corroborating

XRD results of lattice parameter expansion with increasing He?* ion dose.
4. TEM results show a distribution of dislocation loops along [111] plane in UO,

5. He?* bubbles were observed to form in the UO, lattice with bubble density decreasing

with dose and size increasing.

The low dose He?" irradiations show the evolution of radiation damage on multiple length
scales in UO,. The presence of the oxygen shoulder indicates O clustering in the mate-
rial along with the U atoms changing into a distribution around the crystallographic posi-
tion. The dislocations are classically located along [111] zone, supporting the theory behind
propensity of UOy to form defects along the large fluorite defect site. These results are

explained in more detail in the “Discussion” section.
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6 Krypton Experiments

Abstract: Fission products during nuclear reactor operation emerge at high energies and
proceed to damage the structure of the nuclear fuel. To study radiation damage due to
fission gases, an ion accelerator was used to produce a steady current of Kr ions, a common
fisston product, on UOstarget specimen. Polycrystalline UO, disks were irradiated with 1.8
MeV Kr ions at doses ranging from 5 x 10" ions/cm? to 1 x 10" ions/cm?® at room
temperature and at 800° C'. These irradiations were conducted in-situ and ex-situ using an ion
accelerator. The post irradiation ezamination was conduced using Fxtended X-ray Absorption
Fine Structure (EXAFS) at the ULy edge and using Transmission Electron Microscopy
(TEM). The microscopy identified the presence of krypton bubbles and complex network of
dislocations increasing in density with ion dose. EXAFS analysis revealed the presence of
a multisite U-O pair distribution that started at 1.8 A and is indicative of the highly stable
uranyl bond. Further, with increasing krypton ion dose, there is an increase in the oxygen
cluster concentration locally, which begins to form a multisite U-O distribution and results
i a monotonic decrease in amplitude of the overall UOy spectra. Finally, X-ray diffraction
measurements were performed to study the lattice parameter evolution with ton dose in UQ,.
XRD results show the disappearance of significant crystalline features due to ion irradiations.
These results suggest the formation of radiation stabilized atomic features in UOs that are
characterized by a bi-modal oxo distribution on the U sublattice, rendering those regions hyper
and hypo stoichiometric. The extent of the off stoichiometry is seemingly depending on iton

dose and increases with higher dose.
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6.1 Background

Krypton is one of the most common fission products in nuclear reactors. As a nobel gas,
krypton does not interact chemically with the fuel materials and other reactor materials
it comes in contact with. However, due to its inactivity, it forms inert gas bubbles inside
the fuel and can result in void swelling, which can eventually challenge the fuel and reactor
material integrity. To study the radiation damage in nuclear fuel due to krypton gas, an ion
accelerator was used to generate a current of krypton ions impacting the UO, sample surface.
As mentioned previously, the ion accelerator produces krypton ions to mimic nuclear reactor
damage, without the complication of neutron activation that is expected in a reactor. This
study enables us to understand the evolution of microstructure and damage structure with
increasing krypton ion dose and can help in understanding the exclusive effect of krypton on
the nuclear fuel material.

Transmission Electron Microscopy is widely used to understand the location, form and
size of microstructure features in krypton implanted UOs [102]. Simultaneously, there is
a lack of understanding of atomic level changes and stoichiometry evolution in krypton
irradiated UQO5 that can be used to complement the microstructure evolution measurements
using TEM. Previous studies have revealed the presence of krypton gas bubbles and complex
networks of dislocations that grow with krypton ion dose. The bubble size typically is known
to increase with dose and the subsequent bubble density shows a marked decrease. These
studies were performed at a higher temperature of 800° C [35] and, therefore can result in
increase ion diffusion and mobility in the material, thereby causing bubbles to coalesce to
form larger features. The study discussed here focuses on room temperature krypton ion

irradiation of UO, to minimize the coalescence of defects and lattice recovery that is aided
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by temperature of the system.

Density Functional Theory calculations reveal the extent of point defect formation and
migration in UOs during and after krypton ion implantation [48]. These studies reveal that
the solubility of Kr in UO, is extremely low, which results in almost all the krypton ions to
precipitate into small bubbles. Therefore, the lattice structure of the material following ion
irradiation is combination of the original UO5 FCC structure along with dislocation networks
and krypton gas bubbles that form as a result of irradiation. It is important to determine
the characteristics of these bubbles in the material along with the subsequent alteration to
the atomic structure of UO, resulting from this irradiation.

While the EXAFS analysis in this study cannot be performed in-situ, a separate study was
launched to perform systematic analysis of microstructure evolution in UO, using krypton
ions at various doses. This in-situ experiment helps understand the dynamic evolution of
dislocations in polycrystalline UO4 at 800° C. The focus of this irradiation was to understand
the progression of microstructure around the grain boundaries of the material, which act as

a sink of microstructure defects.

6.2 Sample Preparation
6.2.1 Ex-situ samples with EXAFS analysis

Polycrystalline samples of depleted UO, were used for krypton implants. The polycrystalline
samples were prepared at Los Alamos National Lab and are from the same set of samples
as used for the helium irradiations. The pellets were approximately 5.2 mm in diameter and
4.3 mm high with a theoretical density of “96%. These samples were subdivided into 5.2

mm diameter and 0.6 mm high samples using a low speed diamond saw in a glove box to
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ensure no contamination. The surface of these disks was then polished to a mirror finish
using a 0.1 pm grit size polishing paper. The samples were then checked for imperfections
using a scanning electron microscope to ensure no polishing damage occurred prior to ion

implantation.

6.2.2 In-situ samples at 800° C

For the in-situ irradiation of polycrystalline UOy samples, the material was obtained from
Los Alamos National Laboratory, from the same set of samples as the ex-situ irradiation.
To isolate the microstructure interaction with grain boundaries, FIB was used to extract
lamella from a desirable location in the sample. A lamella was first coarse trenched to
dimensions of 15 pm x 10 pm x 1 pm and then welded on to a molybdenum TEM grid.
Once welded, the lamella was thinned using the FIB to electron transparency for adequate
TEM measurements. The final thickness of the sample was approximately 100 nm using 30
keV gallium ions. Finally, the sample was cleaned using 2 keV Ga ions while on the grid
in the FIB. The sample was studied using Technai TF30-FEG TEM to characterize any

pre-irradiation damage due to the FIB.

6.3 Krypton Implants
6.3.1 Ex-situ samples with EXAFS analysis

The University of Illinois Urbana Champagne (UIUC) ion accelerator was used to implant
1.8 MeV Krypton ions into the six polycrystalline d-UO5 samples. The temperature of the

irradiation was monitored using thermocouples and was maintained at room temperature.
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The ex-situ irradiation set up at UIUC made it possible to perform successive irradiations
ranging from 5 x 10"ions/cm? to 1 x 10%ions/cm?( corresponding to 0.18 DOA - 3.69
DPA) without removing the six samples from the irradiation chamber. Stopping Range of
Tons in Matter (SRIM) atomic displacement and radiation damage simulation code was used
prior to the experiment to create an estimate of the irradiation conditions. Quick Kinchin-
Pease method was used to estimate the damage profile using SRIM and this method has
been outlined as an update to the previously accepted model [84]. Fig.61 shows the SRIM
calculation performed to the ion irradiation for the sample irradiated to 3.69 DPA. The
implant layer from this irradiation was approximately 1.1 ym. Due to Krypton being a

heavier ion, there was insignificant distinction between the damaged plateau and peak region.

4 0.03

> . ., 10.02

. . . . 0.‘01
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0 | 500 ' 1000
Depth (nm)
Figure 61: SRIM generated profile of Kr induced radiation damage in UO,. The plot shows

the DPA in the sample at the ion dose level of 1 x 10 ions/cm? and the krypton ion
concentration in the sample at the same dose level.
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The details of both the single crystal and polycrystalline samples are summarized in

Table 11.

Disk Number | Thickness (mm) | Temperature | Fluence ( ions/cm?) | Dose (DPA)
1 0.590 RT 5 x 101 0.18
2 0.594 RT 1 x 101 0.37
3 0.594 RT 3 x 10t 1.11
4 0.594 RT 5 x 10 1.85
5 0.594 RT 8 x 10! 2.95
6 0.594 RT 1 x 10" 3.69

Table 11: Description of dUQO,, samples prior to Kr irradiation

6.3.2 In - situ samples at 800° C

For the in-situ irradiations, samples of UO, from the same material were used as in the case

of the ex-situ irradiation. The in-situ irradiation was executed at the IVEM-Tandem facility

at the Argonne National Laboratory. The ions were implanted using a Tandem implanter,

which implants ions into the polycrystalline sample inside a 300 kV Hitachi 900 NAR TEM.

The incident ion beam at 1 MeV and 150 keV is at an angle of 15 degrees from the surface

of the UO, samples. The samples were first heated to, and maintained at, a temperature of

600° C and 800° C for 30 minutes before the start of the krypton implantation.

6.4 EXAFS Experiments

Ion irradiated samples were loaded on dedicated samples holders for the EXAFS measure-

ments at the Stanford Synchrotron Radiation Lab. The irradiated samples was measured
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concurrently with a pristine UO, sample that was derived from the same batch as the ir-
radiated samples to ensure consistent results in comparison to crystalline, pure UO5. The
Krypton implanted samples were mounted at the Idaho National Lab on EXAFS specific
sample holders. The sample holder was then lined with an indium wire to act as a vacuum
seal and was then checked for any vacuum leaks. The difference in the measurement of data
for the Krypton irradiated samples was the angle at which the samples were interrogated.
Krypton, being a much heavier ion than H™ and He?" had an implant layer of less than 1.1
pm. EXAFS interrogation volume is typically greater than 1um and therefore the signal
would be an average of unirradiated and irradiated regions. To avoid this, samples were
analyzed at a grazing incidence angle at about 10° to the incident X-ray beam. To avoid the
blockage of the beam by the edges of the sample holder, a raising aluminum plate was put
in the holder to elevate the samples . Fig. 62 shows an unassembled and assembled sample

holder for EXAFS measurements.
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Figure 62: Unassembled and assembled sample holder with Krypton irradiated d-UQO, sam-
ples for EXAFS measurements. The first sample is a piece of Silicon for identification of the
order of samples. The samples are then in increasing order of radiation dose. The unassem-
bled sample holder is an image of the samples loaded on an aluminum plate to raise the
height of the samples so that the outsides of the sample holder don’t block the beam.

EXAFS analysis was carried out under similar conditions to the proton and helium ir-
radiated samples at beamline 11-2 at SSRL, Menlo Park, CA. The data was collected using
a multi-element Ge detector placed at an angle of 90° to the sample. A Zr foil was used to
calibrate U spectra with the first inflection point of 17999.35 eV. The edge energy for the
uranium (ULj;;) in the UOy samples is approximately 17163.24 €V, which was the target
element in the samples. The Curve fitting was done using an in-house software operating on

FEFF9 routine. Fourier transforms were performed over the range of 2.50 — 14.70 A. The
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curve fitting results for all the samples are shown in Table 12. Two separate shells were used

to fit the O distribution below R < 2.4 A. This is explained in the results in more detail.

6.5 Results

The y(R) spectra and the Fourier transforms of the krypton irradiated samples can be
summarized in three predominant aspects. First, the spectral features are well defined and
represent an FCC lattice as of the unirradiated sample. Therefore, the average structure of
the material continues to be in fluorite form. The features of the crystallographic shells are
at original locations and fit by the crystallographic atoms as in pristine UO,. There are,
however, variations in the local structure of the samples. Therefore, secondly, the Fourier
transforms reveal a general trend of loss of spectral amplitude across the entire range of
samples, with the crystallographic features being fit with a decreasing number of atoms in
each respective shell with increasing krypton ion dose. The loss of amplitude across the
spectrum is monotonic as a function of increasing radiation dose. There exist no regions in
the spectra wherein the subsequent loss of amplitude is significantly larger in one R region
than another. This indicates the presence of regions of defect clusters, rather than randomly
located defects, which however could be present, albeit in much smaller number than the
defect aggregates causing monotonic amplitude loss. While irradiation dose doesn’t seem
to alter the overall fluorite lattice arrangement of the target specimen, there are differences
in the local structure, primarily involving the oxygen distribution. Therefore, these oxygen
defects alter the lattice just enough that the FCC geometry isn’t perturbed. These oxygen

defects have been demonstrated in EXAFS of UO,, , not affecting the lattice, as the oxidation
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of UO5 g9 progresses via UO555 and UOg 3 with a growing multisite O distribution, when
finally the lattice structure transitions from Fm3m to P62m. Since there is no evidence of
a new phase in the irradiated UO, samples yet, the defects due to irradiation are limited to
local structure changes and oxygen interstitial type defects. Finally, similar to the UO,,,
and PuQO,,, studies, radiation damage is resulting in oxygen interstitial defects that present
the only significant point of difference between the spectra of the irradiated samples. With
increasing radiation dose, these oxygen interstitial defects cluster, with a U-O bond of 1.9 A
and can be fit by separate shell of oxygen atoms in EXAFS analysis. These oxygen features
start as a small shoulder on the lower R side of the crystallographic peak, thereby, quickly
growing in magnitude to its own independent peak in the Fourier transform of y(R).

The general trend of loss of spectral amplitude is observed across the entire range for
the 6 irradiated samples as shown in Fig. 69. The samples have been fit using four atomic
shells: three crystallographic shells at 2.35 A (U-0), 3.85 A, (U-U) and 4.5 A (U-O) and one
non-crystallographic shell at 1.9 A. Features corresponding to the fluorite structure of UO,
are seen throughout the range of samples, even when the dose increases to higher values with
the only significant difference being the appearance and increase of the non crystallographic
peak at 1.9 A from the uranium atom. This peak has been identified to be an oxygen peak, fit
using an oxygen shell of atoms and has resulted from the incorporation of nonstoichiometric
O atoms in the interstitial sites in UO,. There are empty octahedral sites in the UO, lattice
that present a good location for the excess oxygen interstitials [52] and these interstitials
form clusters by interacting with the crystallographic oxygen ions. Therefore, there seems
to be a steady increase in the number of atoms fit in the non crystallographic oxo peak, in

comparison to the U-O peak at 2.35 A. The details of the curve fits on the irradiated samples,
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along with a non-irradiated sample from the similarly prepared UO5 and theoretical results
from UQO, crystal structure, are given in Table 12.

At lower krypton ion doses there appears to be a U — O shoulder forming on the low-R
side of the primary oxygen peak. This shoulder begins to transform into an independent
peak, which grows in amplitude as the ion dose and subsequently, the radiation damage
increases. At higher doses in the y(R) spectra, the nearest neighbor O region shows two
clearly resolved peaks of increasing amplitude with ion dose. This indicates that the UO,
near neighbor structure is susceptible to forming complex U-O features when irradiated with
ions. The shoulder forming on the lower R side of the crystallographic oxygen peak and
the upcoming separate peak is fit with its own shell of atoms at 1.9 A. Remarkably, the
formation of a shoulder on the lower R side of the original O shell has been seen in oxidation
of UO5 and has been corroborated by EXAFS results on UO,,, and PuOs,. Although, the
oxo-shoulder feature has been previously fit at 1.7 A, making the irradiation induced oxo-
shoulder slightly longer at 1.9 A in distance than seen in UO,,, . Therefore, there appears
to be an oxygen rich region forming in ion irradiated UO5 which must exist along with an
oxygen poor region elsewhere. The local chemistry in the target material is getting modified
to incorporate oxygen ions in the interstitial defect sites when irradiated with krypton ions.

In the y(R) spectra of the samples, there is no peak shift in the crystallographic peaks of
U-O and U-U at 2.35 A and at 3.45 A respectively. There is however a monotonic decrease
in the peak amplitude across all features of each of the sample spectra as the incoming ion
dose is increased. This continuous loss of spectral amplitude indicates that the order is
decreasing along with the incorporation of oxygen interstitials in the defect sites in UQOs.

The only significant variation is the increase in amplitude of the nearest neighbor non-
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crystallographic O peak with a U — O distance of 1.9 A. The non-crystallographic O peak
becomes larger with increasing ion dose while simultaneously the crystallographic O peak
diminishes such that at the highest dose point, the two O peaks are distinct and very close
in peak amplitude.

Therefore, agreeing with the results of the proton irradiated samples, the mid range order
is similar to unirradiated UO, and doesn’t have a significant decrease in overall amplitude.
There is loss of peak height in the first U-O shell at 2.36 A and the U-U shell at 3.86 A,
which can be attributed to lattice disorder. The oxygen shoulder peak is again present at
1.78 - 1.9 A, which grows with increasing ion dose. The growth in the oxygen shoulder peak
and the loss of amplitude in the crystallographic peaks is not as stark as in the H™ and
He?* irradiated samples. Fig. 63-68 shows the Fourier Transform of EXAFS, x(k) and the
real component of all the studied UO, samples. The lowest dose sample (0.18 DPA) has the
highest crystallographic peaks and the lowest oxygen shoulder peak while simultaneously the
highest dose (3.69 DPA) sample shown in Fig. 68 has the lowest magnitude of the original
U-O and U-U shells and the oxygen shoulder is highest. All 6 of the Krypton irradiated

samples with varying doses are interrogated in this study.



140

Sample U-O (1.8 A) | U-O (2.36 A) | U-U (3.85) U-O (4.5)
Crystal R 2.36 3.85 4.52
N 8 12 24
Reference sample | R 2.35 3.87 4.48
N 8 12 24
o 0.047 0.002 0.073
0.18 DPA R | 1.94 + 0.02 2.36% 0.02 3.86+ 0.01 4.45+ 0.02
N | 0.12+ 0.03 6.124+ 1.7 8.46+ 2.01 20.66+ 5.2
o 0.045 0.045+ 0.02 | 0.0194 0.002 | 0.0124 0.001
0.37TDPA R | 1.94+ 0.03 2.36+ 0.02 3.86+ 0.01 4.45+ 0.03
N | 0.26+ 0.03 4.2+ 1.2 7.024+ 1.8 18.75+ 4.7
o 0.05 0.044+ 0.02 | 0.0114 0.001 | 0.06+ 0.018
1.11 DPA R | 1.94+ 0.03 2.35+ 0.02 3.87%+ 0.01 4.51+ 0.02
N | 0.32+ 0.04 4.19+ 1.2 717+ 1.8 17.16+ 4.4
o 0.05 0.037£ 0.014 | 0.01£ 0.001 | 0.07£ 0.018
1.85 DPA R | 1.92+ 0.02 2.34+ 0.02 3.87+ 0.02 4.5+ 0.02
N | 0.07+ 0.02 5.06+ 1.4 6.83+ 1.9 16.424+ 3.8
o 0.05 0.02+ 0.012 | 0.03% 0.007 | 0.05% 0.015
2.95 DPA R | 1.87+ 0.02 2.35+ 0.02 3.87+ 0.01 4.47+ 0.03
N | 0.03£ 0.01 3.584+ 0.7 6.61+ 1.6 14914+ 2.9
o} 0.05 0.047£ 0.02 | 0.017£ 0.001 | 0.06% 0.016
3.69 DPA R | 1.8344 0.02 | 2.38% 0.02 3.87%+ 0.01 4.52+ 0.02
N | 1.33+ 0.04 3.34+ 0.7 543+ 1.3 12.15+ 2.1
5} 0.05 0.073£ 0.019 | 0.024+ 0.016 | 0.048+ 0.02

Table 12: Fitting parameters for the krypton implanted UO, samples.
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Figure 64: 0.37 DPA sample shows the onset of an oxo shoulder along with distortion of the

intermediate order
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Figure 63: Data from the 0.18 DPA dose in the sample irradiated with Kr ions. Lack of the
oxygen shoulder on low R side of the crystallographic shell and the consistent features in the
intermediate structure represent the lowest dose sample.
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Figure 65: 1.11 DPA sample shows definite growth of an oxo shoulder coupled with relative
loss of spectral amplitude

N

—
™

o

R (x(K)))

1l X(

uL

E O waves
F Uwave

T s 5
| IR

6 g8 10
)

-3 |£|1
R-0(A

Figure 66: Furthering the dose, the 1.85 DPA sample shows a larger oxo shoulder with
reduced peak amplitudes and distorted intermediate range structure
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Figure 67: The loss of peak amplitudes continues into the 2.95 DPA sample
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Figure 68: Highest dose sample (3.69 DPA) shows an increasing disorder in the intermediate
structure and a decreased peak amplitudes along with a secondary oxygen peak at low R
distances that is nearly the same amplitude as the crystallographic peak.
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Another interesting effect of the increase in krypton dose is that at the highest dose level
of 3.69 DPA (1 x 10" ions/cm?), the features as higher R begin to look less like the fluorite
structure of UOy as seen in the zero dose and at other lower dose samples. This indicates
that as the irradiation dose continues to increase, the overall lattice starts to give way to
a multisite distribution of atoms. Further, the diminished peak amplitude along with the
loss of spectral features gives evidence of non-crystallographic O and U defects invisible to
EXAFS. These defects could form clusters in the material thereby reducing the contribution
to the overall crystal structure, as its been detected in EXAFS (Fig. 63-69) and altering
the fine structure of the material. This is further corroborated by the presence of the two
distinct oxygen peaks in the highest dose sample as the oxygen defect cluster is competing

in structure with the original crystallographic oxygen shell.
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Figure 69: Modulus of Fourier transform of EXAFS fit through 4.5 A. This image highlights
the monotonic spectral amplitude loss and the growth of a non crystallographic O shell at

R<2A.

To further highlight the nearest neighbor O peak evolution in the spectra, the region
up to R < 2.5 A was isolated such that both the U-O peaks at 1.9 A and 2.35 A were in
that region. The ratios of the peak amplitude of the primary O peak and the irradiated
sample were taken and these ratios were multiplied to each spectra ensuring a normalized
peak height for all the samples for the primary O peak. This normalization reveals the
continuous loss of amplitude of the primary O peak coupled with increase in ion dose. More
remarkable is the increase in amplitude of the oxo-shoulder on the low R side of the primary
O peak. Two distinct changes seem to occur with increasing radiation dose. The primary
O peak has shifted 0.01 A from 2.35 A to 2.36 A as the ion dose increases. This change

could imply a shift in the lattice parameter to higher numbers, which would be consistent
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with EXAFS studies on He?* implanted samples. Another fascinating change is the shift of
the oxo shoulder from 1.9 A to 1.8 A, where it transforms into a fully resolved independent
peak at higher values of incident dose. Coupled with the increase in the amplitude and the
transformation into an independent peak, reduction of the U-O,,, distribution shifting to
lower R distances could indicate the stabilization of the uranyl type defect clusters, similar
to the results from UQOg,.

The formation of a separate peak strongly supports the formation of a secondary phase
in the original lattice that doesn’t alter the fluorite structure significantly. This formation
of domains of defect clusters populated with oxygen is consistently seen in case of UOo,,,
supporting the propensity of UO, to incorporate UsOg and U3O7; type nano domains within
the UO, lattice at all times. Studies show increased diffusion of oxygen species, specifically
oxygen defect clusters, in UO, that could further facilitate the formation of smaller UOo,,
phases. Without the presence of an active oxidizing mechanism, there ought to be UyOg3
type O-depleted regions in the material to compensate for UO,,, domains that are detected
in XAFS analysis.

Recent studies indicate the formation of photo and radiation stabilized defects in UQO,.
Therefore, radiation is enhancing the diffusion of oxo-type defects into aggregation of U(V)/O
type structures such that they can be detected via EXAFS measurements. The formation of
secondary oxygen peak indicates that the process of oxygen diffusion is in fact preferential
and cannot occur in a static unperturbed lattice. This process of oxygen diffusion is high
during damage cascades but continues throughout the lifetime of the lattice whenever the
oxygen atom has enough energy to migrate and form defect clusters. These defect clusters

have been postulated to form U;O9 nano domains that consistently exist in the UO, lattice.
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The COT type defect is the building block of this U4Og structure. The formation of these
oxo peaks, in tandem with the preserved overall fluorite structure gives strong evidence of
UQO, retaining its longer range structure with altered short order under irradiation. The
idea of UO9,, and UO,_, regions occurring within the lattice due to irradiation supports a
recent hypothesis based on Raman spectroscopy measurements performed in He?* implanted
UO3 samples. The study postulates the formation of Magneli type defects that occur due to
reorganization of U(III) and U(IV) type domains based on preferential clustering of oxygen
atoms. In this case, as in the one discussed in this study, radiation damage proceeds to
stabilize small defect clusters that are being detected in experimental measurements.

The decrease in magnitude of the primary oxygen peak is normalized in Fig. 70 so the
peak height is identical. By doing this, it can be seen that the oxygen shoulder peak for
the highest dose sample (3.69 DPA) has the highest contribution whereas the lowest dose
material (0.18 DPA) has the shoulder peak. Not surprisingly, this is consistent with the
observations from H* and He?" irradiated material. It is important to note the shape and
the size of the oxygen shoulder is different from the H* and He?* irradiated samples. In
the krypton irradiated samples, as the ion dose increases, the shoulder develops into an
independent peak fit using an additional shell of oxygen atoms. The difference in the data
and the fit of the data is small, which indicates that the new low R peak is indeed a set of

oxygen interstitials displaced from their original crystallographic position in the lattice.
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Figure 70: Low R features in He samples compared to two reference samples

To further highlight the nearest neighbor O peak evolution in the spectra, the region up to
R < 2.5 A was isolated such that both the U-O peaks at 1.9 A and 2.35 A were in that region.
Further, the ratios of the primary O peak for the peak amplitude of the control sample and
the irradiated sample were taken and these ratios were multiplied to each spectra ensuring
a normalized peak height for all the samples for the primary O peak. Due to correlation
between the Debye-Waller factor and the number of atoms being fit in each shell [81], the
ratio of the two quantities accurately represents the change due to ion irradiation. Fig. 71

shows the ratio of the number of atoms fit in each shell to the Debye-Waller factor for the

respective shells.
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Figure 71: Ratio of number of atoms fit in each shell (including the 1.9 A shoulder) to the
DW factor for each of those shells shows a decrease in this ratio with increasing ion dose
except for the U-O shoulder at 1.78 A.

Table 13 shows the ratio of the number of atoms fit in the oxygen shoulder peak to
the DW factor for the shells for varying krypton dose. While the overall effect of krypton
irradiation is not clear in the EXAFS spectra, the oxygen peak for each sample still grows
with increasing ion dose. The oxygen peak is at a distance of 1.78 A from the absorbing

atom (uranium) which is less than the previously studied samples.



DPA | Atoms / DW
0.18 2.6
0.37 5.2
1.11 6.4
1.85 9.4
2.95 0.6
3.69 26.6
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Table 13: Ratio of the number of atoms to the Debye Waller factor increasing in value to

indicated the total number of atoms in at the 1.78 A distance are growing.

6.6 X-ray Diffraction

X-Ray Diffraction measurements were performed on all the krypton implanted samples using

the (224) XRD reflection for comparison. The (224) reflection has a high probing length

of 1.6 pwm, which interrogates the damaged plateau region thus not including effects in

the peak region. The measurements were performed in grazing incidence geometry such

that only the irradiated damage layer of ~1 pm was interrogated with the sample. With

increasing krypton ion dose, lattice peak shift was observed to lower 26 angles as is shown

in Fig. 72. The sample was placed at 2 degrees from the incident x-ray beam and was

maintained at this angle to study only the damage region.

The measurements reveal a

high level of lattice distortion that is increasing with ion dose in the sample. The lowest
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dose specimen shows evidence of lattice peak shift and phase transformation to a large
extent. Since these measurements were performed at room temperature, the UOy structure
didn’t have the sufficient energy to annihilate the distribution of defects and therefore, the
highly complicated lattice damage is seen in the XRD measurements. The XRD studies are
somewhat inconsistent with the EXAFS analysis done on krypton implanted UO,. While
there is evidence of phase evolution in EXAFS, there is no clear indication of a highly damage
lattice as is seen in the diffraction measurements on these samples. This could primarily be
due to the difference in the interrogation volume in UO, during EXAFS data collection at
the synchrotron beamline. Since EXAFS averages the signal over the volume of the sample,
it is possible that the angle of the grazing incidence wasn’t small enough to extract the data
just from the 1.1pm of krypton damage, but instead measured the signal from the pristine

part of the sample that lies beyond the irradiated region.
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Figure 72: X-ray Diffraction studies on krypton implanted UOssamples shows that with
increasing irradiation damage, the lattice fails to maintain its overall structure

6.7 Transmission Electron Microscopy

6.7.1 Ex-situ TEM samples

Unlike the proton irradiated sample, the microstructure due to krypton implantation is
significantly more complicated as it consists of several microstructure features. Krypton,
being a heavier atom causes more damage to the sample than the smaller proton and helium
atoms. The doses achieved during the krypton irradiation are higher and therefore result
in high radiation disorder, which is only further exacerbated by the size of its atoms. The
irradiation was also performed at room temperature, which does not allow for coalescence
and annihilation of defects and therefore results in isolated defects that are more complicated

to understand using microscopy. TEM has revealed the presence of dislocation loops (Fig.
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73) and bubbles (Fig. 75) in krypton irradiated UOq samples. Fig. 73 shows the presence

of dislocations and extended networks in polycrystalline UOs,.

Figure 73: TEM micrographs show the presence of dislocation loops and extended network
in krypton implanted UO,. The network of dislocation grows consistently more complex as
the dose of the sample increases.

6.7.2 In-situ TEM samples

TEM measurements for the dislocation observation and characterization was performed by
assuming all the dislocations have the same Burgers vector. The measurements of density
and loop size were performed manually and each measurement was performed over 5 mea-
surable areas for number density of 50-200 measured features for loop size analysis. The

measurements were carried from [111] direction with g = 220 reflection. TEM micrographs
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in Fig 74. show the dislocation evolution in polycrystalline UO, under 1 MeV Kr irradiation
at 800° C. The evolution follows a general (previously observed) trend of small loops — big
loops — dislocation lines— dislocation tangles, as the irradiation ion dose increases. Isolat-
ing the area around grain boundaries gives insight into the interaction of the dislocations
with the sink. Throughout the dose range, there was evidence of a dislocation denuded zone
around the grain boundaries of the material.

The increase in the size of the dislocation loops are summarized in Table 14. The as-
sumption is that the dislocations form as a result of interstitial clustering into disk shaped
loops that preferentially lie along [111] plane in the UO, lattice with a Burgers vector of b
= a/2[111]. Therefore, the density of interstitials in the loops can be estimated from the
loop area per volume. This loop density has increased significantly as the ion dose reaches a
peak value of 1 x 10" ions/cm?. Tt is seen that the number of interstitials in the dislocation

loops appear to saturate at the highest dose point.

Dose | Loop Size (nm) | Loop Density (#/m?)
1 x10" 5.67 5.00 x 10%
3 x10M 6.84 5.08x 10?2
5 x 10 7.96 4.38x 10*
8 x10* 8.06 4.13x 10?2
1 x10%° 10.4 3.76x 10?2
2 x10%° 12.55 1.78x 10%
3 x10% 14.35 1.03x 10%
4 x10% 15.95 9.92x 10%
5 x10% 16.73 8.68x 10%

Table 14: Comparison of loop area and density evolution with increasing krypton ion dose.

Observing the denuded zone in the grain boundaries of the 1 MeV krypton implanted UO,

is the first known observation of the dislocation denuded zone in UOy (Fig. 74). It is also
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noted that as the incoming ion dose increases, the relative width of the denuded zone shows
a marked increase. Studies have shown the propensity of higher angle grain boundaries to
have higher sink strength due to their open structure. Further, higher temperatures create
higher diffusion rates that cause the interstitial atoms to migrate to grain boundary sinks.
Therefore, dislocation denuded zone are more common at high angle grain boundaries at

higher temperatures than in case of low angle boundaries at lower temperatures.

00 nm

|
___ —

Figure 74: Bright field images show the nucleation and growth of dislocation loops with
increasing krypton ion dose

Bubble density, size and evolution were measured for the Kr irradiated UO5 samples by
assuming all the bubbles have a spherical shape. The krypton gas bubbles occupy 1.94%
of the sample volume at 800 °C with a maximum bubble diameter of 2.1 nm at the highest
dose level. The evolution of bubble size and diameter with radiation dose is listed in Table
15. In comparison with literature information on lower temperature Kr implanted UO,
[35], the bubble swelling and volume are significantly more with increase in temperature

of the samples. As an example, the bubbles occupy 0.35% of the sample volume at room
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temperature, 1.22% of the volume at 600 °C and then 1.94% of the volume at 800 °C. The
result of bubble diameter and density evolution is in agreement with the in-pile irradiation
measurements done in the past [75]. While dislocations dominant regions also had grain
boundary dislocation denuted zones, no such observation was made where the Kr gas bubbles

aggregated along the grain boundaries in the sample.

Fluence | Bubble Diameter | Bubble Density
1 x10%| 1484+ 03nm |24 x 10* / m?
3 x 10| 1.52 £ 0.3 nm 2.6x 10** / m?
5x 10 | 1.57 £ 0.3 nm 3 x 10** / m?

1 x 10%° 1.6 £ 0.3 nm 3.3 x 10** / m?
2 x 10%° 1.62 £ 0.3nm | 3.7 x 10** / m?
3x 10° | 1.64+03nm | 4x10° / m®
5x 10" | 1.67+03nm |42 x 10** / m?

Table 15: Increase in Kr bubble diameter and size with increasing ion dose

Bubble images were extracted along the edge region of the sample irradiated to 800 °C.
The surface region can absorb more interstitials than vacancies due to the higher mobility
of interstitials as compared to vacancies. The region close to the surface also acts as an area
for defect sinks. The krypton ions can get trapped in the unbalanced vacancies close to the
surface of the sample and form Kr gas bubbles in the edge areas. The preexisting Kr atoms
can also migrate to small bubbles and enlarge them by getting absorbed there, relieving the
stress arising from ion implantation. The over focus and under-focus image of polycrystalline
UQO, samples irradiated by Kr ions to a temperature of 800 °C for intermediate dose of 3.7
x 10'° ions/cm? and high dose of 5 x 10 ions/cm? is shown in Fig. 75. A high resolution

image of the TEM bubbles is shown in Fig. 76.
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Figure 75: Bubble images at intermediate dose of 3.7 x 10 ions/cm? and final dose of 5 x
10% ions/cm?
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Figure 76: Krypton bubbles found in irradiated sample

The evolution of dislocation microstructure and krypton gas bubbles was analyzed using
Transmission Electron Microscopy in in situ and ex situ implanted polycrystalline UO,. Si-
multaneously, the samples used for ex situ irradiation were characterized using X-ray Diffrac-
tion and Extended Xray Absorption Fine Structure measurements. TEM results show the
evolution of dislocation microstructure follows the trend of small loops — big loops — dis-
location lines— dislocation tangles with increasing krypton ion dose.

In case of the room temperature samples, the annealing of the samples wasn’t perform,
which rendered the damage rather challenging to quantify. Room temperature irradiation

does create relatively similar damage to high temperature irradiation, with the exception that
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Figure 77: Evolution of defect microstructure in Kr implanted UO, at low dose

temperature aided defect annihilation and defect growth is minimized. The micrographs in
Fig. 77 show an evolution of dose from 3 x 10% ions/cm? through to 1 x10'® ions/cm? with
a visible increase in damage in the material. These images are taken in dark field imaging
mode due to enhanced contrast of the damage. Once annealed, these images are expected

to resemble the bubble and loop geometry similar to the 800 °C samples.

The general loop density decreases with increasing ion dose, while the loop size shows
an increase. XRD results show an expansion in the lattice with ion dose and suggest the
transformation into newer phases due to increased atom mobility. Finally, EXAFS reveals a
hyperstoichiometric UO local structure with a distorted near neighbor oxygen distribution
along with a conserved overall fluorite structure. The EXAFS results indicate the propensity
of UO; to exist as UOq ,in the presence of external energy sources, which in this case is
given by krypton ion irradiation. The lattice structure evolution is a result of the damaging
nature of radiation and is evident in the decreased peak amplitudes of the krypton ions.
Overall, krypton ions create zones of high microstructure and local structure damage, while

maintaining the fluorite FCC structure in UQOs.
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6.8 Summary

Krypton ions were accelerated using an ion accelerator in ex-situ and in-situ irradiation
methods to evaluate the effect of radiation damage in UOy due to one of the most common
fission products. The analysis was done using Xray Diffraction to study the change in lattice
parameter and EXAFS was used to probe the local structure distribution along with the
clustering of oxygen defects due to irradiation. TEM was used to study the change in

microstructure resulting from krypton irradiation. The key results are:

1. XRD reveals an increase in the lattice parameter coupled with altered lattice structure

2. EXAFS collectively reveals

(a) Oxygen clustering at U-O distance of 1.8 - 1.9 A, which is a non crystallographic

position

(b) Reduced spectral amplitude for all peaks with increasing dose that indicates a

loss of overall structure
(c) Increased near neighbor distances supporting an increase in the lattice parameter

(d) With increase in dose, the U-Oyon—crystatiographic distance decreases to more stable

uranyl distances

3. TEM results can collectively be summarized as



161

(a) The microstructure is dominated by dislocation loops and inert gas bubbles.

(b) The dislocations grow with ion dose and follow a general trend of small loops —

big loops — dislocation lines— dislocation tangles.

(c) The bubbles tend to do grow smaller in density but larger in size with increasing

ion dose.

(d) There was an observation of defect denuted zone along the grain boundary in

krypton implanted UO, samples

Overall, the lattice structure and microstructure gets more complicated and less coher-
ent with increasing ion dose and the measurement techniques listed here, demonstrate this

change. The discussion of these results is in the Discussion section
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7 Discussion

7.1 Summary of H Irradiated Samples

Proton irradiations were performed to simulate radiation damage due to neutron irradiation
in a nuclear reactor. The irradiation was performed using an ion accelerator at a proton
acceleration energy of 2.6 MeV on the target sample for a set of 6 samples with systematic
dose increase from 0.01 DPA through 0.5 DPA. The samples were analyzed using techniques
specific to local structure (EXAFS), average structure (XRD) and microstructure (TEM).

Using EXAFS analysis technique, the proton irradiated samples show an increase in the
low-R oxo-feature with increasing ion dose. The reference sample in Fig. 78 and the low
dose sample (0.01 DPA) have no evidence of the 1.9 A oxygen peak, which forms as a result
of increasing irradiation. With slightly higher doses of 0.05 DPA and 0.1 DPA, this peak
increases in magnitude and therefore can be fit by an independent shell of atoms in the UO,
near neighbor distribution. The increase in size of this oxygen shoulder on the low-R side
of the original crystallographic O-peak occurs simultaneously with a decrease in magnitude
of the original oxygen peak at 2.36 A. This indicates that somehow the oxygen atoms in
the original peak are rearranging themselves to shorter and more stable distances close to
the absorbing ion, uranium. As discussed previously, the uranyl complex of uranium atom
double bonded with oxygen has bond distances of approximately 1.7-1.8 A and is highly
stable in its arrangement. Therefore uranyl type bonding is inferred in the structure of
irradiated UO4 and it grows with increasing irradiation dose.

While for radiation doses of 0.01 DPA through 0.4 DPA, the 1.9-1.8 A oxygen peak grows
as the radiation dose increases, the higher R peaks of R > 4.5 A do not show a change in peak

positions but they do have a reduced amplitude similar to the first two crystallographic peaks
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of oxygen and uranium. As the proton radiation dose increases to 0.5 DPA, the distortion
in EXAFS spectra, and hence the lattice structure, shows disorder that isn’t localized any
longer just to the first nearest neighbors. This can be seen in Fig. 78 where the EXAFS
spectra for the 0.5 DPA is seen in orange. The presence of the low R oxygen peak occurs
simultaneously with highly disordered midrange structural features and the peaks do not
follow the fluorite lattice positions any longer. This implies that at higher radiation doses,

the disorder grows and affects the whole lattice rather than just the immediate neighbors.

Reference
s 0.01 DPA
B 0.05 DPA

0.1 DPA
0.2 DPA

uL x(RK'(x(K)))

6.667
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Figure 78: Fourier Transform of k3-weighted EXAFS for proton irradiated polycrystalline
samples through 0.4 DPA - 0.5 DPA dose
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X-ray Diffraction studies show a small, albeit consistent, increase in lattice parameter
with dose in the material. This increasing lattice parameter is consistent with EXAFS
measurements, where the near neighbor atoms are fit 0.01 A longer than the pristine sample.
With increasing dose, the shoulder shifts to shorter U-O distances, while the rest of the
lattice expands. Therefore, the O shell is incorporated close to the U atom and supports the
theoretical presence of oxygen rich regions in the material, along with oxygen poor regions
in the material.

The EXAFS and XRD results can be summarized as:

1. The lattice parameter grows slowly with dose and has been verified by EXAFS and

XRD measurements.

2. Monotonic loss of amplitude of the Fourier transform suggests loss of atoms in crys-
tallographic positions along with the presence of systematic (non-glassy) type defects

that suggest atomic clustering.

3. The oxygen shoulder consistently grows in prominence and moves to shorter U-O dis-

tances while simultaneously the remaining lattice exhibits expansion.

4. At high radiation dose of HT ions of 0.5 DPA, the intermediate structure shows signif-

icant variation from fluorite structure.

Transmission Electron Microscopy measurements reveal simple radiation induced microstruc-

ture due to proton irradiation consisting of dislocations. The dislocation loop dominant
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microstructure was studied along the [110] pole and the loops were seen to lie along g =
[111]. Most dislocation loops have been confirmed to lie along the [111] plane due to a
large empty space in the fluorite lattice that exists as an interstitial defect site along this
plane. The incorporation of oxygen interstitial atoms locally not only provides stability to
the lattice, but also creates small domains of UOgy, (mostly U,Og) type phases [74]. The
TEM observed dislocations are shown to be off-stoichiometric due to greater diffusion of
oxygen in the material and therefore are oxygen rich in constitution. However, the density
of dislocations don’t quite justify the larger distortion of the lattice as suggested in EXAFS

and XRD. The TEM observations can be summarized as:

1. The dislocation dominant microstructure shows an increase in loop density from 7.06 x

10%! through to 1.4 x 10* loops / m? with increasing ion dose from 0.01 to 0.5 DPA.

2. The size of the dislocation loops first decreases with increasing dose and then saturates

at a size of 7 9 nm.

3. There is a distribution of defect clusters that appear invisible to TEM but are visible

and detected by techniques sensitive to the atomic structure.

7.2 Summary of He?* Irradiated Samples

He?* irradiated samples were studied using X-ray Diffraction, Extended X-ray Absorption
Fine Structure spectroscopy and Transmission Electron Microscopy. The collective results

indicate an expansion of the lattice, a reorganization of constituent lattice atoms and presence
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of microstructure defects, all of which get more complicated with increasing ion dose. UO,
samples in this study were irradiated to 0.006 and 0.035 DPA and were studied along with
a pristine sample for control. A summary of the key results and findings has been discussed

in this subsection.
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Figure 79: Fourier Transform of k*-weighted EXAFS for helium irradiated polycrystalline
samples through 0.006 DPA - 0.035 DPA dose

X-ray Diffraction studies clearly point to an increase in lattice parameter, consistent
with literature, which demonstrates an incremental relationship with dose. EXAFS results
in the case of He?" implanted samples (shown in Fig. 79), show a combination of three

simultaneous effects due to ion irradiation:
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1. The near neighbor distances show an increase, that directly support the XRD results

of lattice parameter increase.

2. The overall spectral amplitude monotonically decreases, indicating the variation of

irradiated material from pristine UO, lattice.

3. An oxygen shoulder peak gains prominence at short U-O distances of 1.9 A, also

consistently with an increase in ion dose.

Transmission Electron Microscopy measurements collectively indicate:

1. The presence of radiation induced gas bubbles resulting from He?" irradiation.

2. The measurements indicate radiation damage induced microstructure in the plateau

region is relatively constant and therefore offers a good region for X-ray measurements.

3. The measurements were done close to the (011) pole with g = [-1-11| and showed a

large distribution of dislocation loops.

4. The density and the size of the loops grew from 6 x 102! to 13x10%! loops/ m3and from

7.3 to 8.5 nm respectively.

7.3 Summary of Kr Irradiated Samples

To understand the impact of one of most common fission products, krypton irradiation in

UO, was performed using an ion accelerator with in-situ and ex-situ implantation modes.
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The krypton ions were accelerated to an energy of 1.8 MeV, providing a short implantation
depth of 1.1 pm. This implantation damage required EXAFS and XRD techniques to be
altered so as to interrogate only this short damage region. The atomic and lattice structure
evolution was studied using EXAFS and XRD and the microstructure was interrogated using
the TEM. The cumulative bulk radiation dose of the samples is from 0.18 DPA through to
3.7 DPA. The irradiations were performed at room temperature for ex situ and at 600 °C
for in situ irradiation.

X-ray diffraction suggests a complete loss of phase due to krypton damage in the damage
region. EXAFS results, extracted using grazing incidence measurements, consistently point
to an increase in the near neighbor spacing in the material along with the appearance of
an oxygen shoulder at low R distance of 1.8 A from the absorbing ion. This shoulder is
seen to develop into a fully independent peak at higher dose rates. Similar to HT and He?*"
EXAFS results, Kr implanted samples demonstrate a loss of spectral amplitude consistent
with ion dose increase. The krypton irradiated samples have very little change in the mid
range features at all dose levels and mostly show a variation in near neighbor structure. The
Fourier Transform of the EXAFS for krypton irradiated samples can be seen in Fig. 80. The
key EXAFS and XRD results are:

1. Loss of spectral amplitude is seen in both XRD (average structure) and EXAFS (local

structure)

2. Increase in lattice parameter (XRD) is consistent with increase in near neighbor dis-
tances in EXAFS with the increase of near neighbor distance by 0.02 A at high Kr

dose.
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Figure 80: Modulus of Fourier transform of various dose krypton implanted UO5 samples

3. Near neighbor feature at 1.8 A can be fit with a shell of oxygen ions indicating a cluster

of O defects growing with dose at short distance from U atom.

4. With high dose, the non crystallographic shoulder increases to an independent O peak

with nearly the same magnitude as the crystallographic peak.

5. With increase in ion dose, the near neighbor distance between U and the non crystal-
lographic O peak decreases from 1.9 A to 1.78 A, while the rest of the near neighbor

spacings increase.

The measurements were performed on FIB lamellae that were extracted from the damaged

region of 1.1 pm. Transmission Electron Microscopy results indicate
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1. The presence of two primary defect types: Dislocation types and inert gas bubbles.

2. The density of the dislocations decreased from 5 x 10?% loops/m?® to 8.68 x 102!

loops/m?.

3. The dislocations coalesced to form larger networks that were seen in higher dose sam-

ples and therefore, the loop size grew from 5.67 nm to 16.73 nm.

4. In case of bubbles, the overall gas bubble size is approximately 1.6 nm with a density

on the order of 10?* bubbles/m?.

The reduction in amplitude of the crystallographic peaks in EXAFS suggests a disappearance
of atoms from their original positions to being spread over varying distances from their
crystallographic positions. The O atoms tend to form a cluster appearing hyperstoichiometric
at short U-O distances of 1.8 A. The U-Opon—crystaliographic distance decreased with increasing
ion dose. Therefore, the U-O distance moves towards a more stable type configuration with
increasing disturbance in the lattice. This short bond has been found in uranyl complexes
and in U,Og type structures. These observations are similar to the H and He samples, albeit
to different extents.

TEM results overall suggest that dislocation loops coalesce to form dislocation networks
that are lower in density but greater in size. This is due to the increased mobility of atoms
during ion implantation and therefore, the higher the dose, the greater is the mobility of
atoms to form larger defect structures during the irradiation. Inert gas, krypton, coalesces

to form bubbles in UOy where the size of bubbles is aided by the increase in temperature of
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the sample. Therefore, higher the sample temperature, the greater is the mobility of the Kr

ion to form larger gas bubbles.

7.4 Similarities and Differences in Irradiation Conditions

One of the key goals of this study is to understand the effects of different irradiation condi-
tions on the resulting microstructure in UO,. Using three different irradiation species and
their range of fluences, this section will attempt to point out the essential microstructure
and lattice structure differences. Table 16 and 17 show the estimates of dislocation density,
size bubble density and bubble size for all the irradiation species at various radiation doses.

With increasing irradiation species size, there is a consistent increase loop diameter (as
shown in Fig. 81). The damage due to ion irradiation is larger at any given dose due to
a larger irradiation species. Therefore, at the dose of 0.01 DPA, the loop diameter due to
He irradiation is greater than loop diameter due to H irradiation. In case of loop density,
H and He irradiation causes the density to increase with irradiation dose. However, Kr
irradiation causes loop density to decrease due to loop transition from individual dislocations
to dislocation networks. This results in larger and larger loop sizes and lower and lower

density of the loop.
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Ion | Dose (DPA) Microstructure Density Size (nm)
0.37 Dislocation Loops | 5.0 x 10% loops/ m* 5.67 + 0.3

1.11 “ 5.08 x 10% loops/ m? | 6.844 0.3

Kr 1.85 “ 4.38 x 10% loops/ m® | 7.96% 0.3
2.95 ¢ 4.13 x 10?2 loops/ m® | 8.06% 0.3

3.69 “ 3.76 x 10?2 loops/ m® | 10.4% 0.3

Higher doses | Dislocation network density decreases > 12

He 0.006 Dislocation loops 6 x 10?! loops/m? 7.3+ 0.3 nm
0.035 Dislocation loops 8 x 10* loops/m? 8.5+ 0.3 nm

0.01 Dislocation loops 3.06 x 10*! loop/m? 79+£04

0.05 “ 4.23x 10*! loop/m? 8.3+ 0.4

H 0.1 « 7.38 x 10?2 loop/m? 10.5 £ 04
0.4 « 8.02 x 10% loop,/m3 142 £ 04

0.5 “ 9.4 x 10?% loop/m? 15.7£04

Table 16: Summary of Dislocation loop features observed using Transmission Electron Mi-
CroScopy

Ion | Dose (DPA) | Microstructure Density Size (nm)
0.37 Bubbles 244+ 0.1 x 10** /m? | 1.48 + 0.3 nm
1.11 “ 2.6 £ 0.1 x 10** /m? | 1.52 £ 0.3 nm

Kr 1.85 « 3+ 0.1 x 10" /m?® [ 1.57 £ 0.3 nm
2.95 z 3.3 0.1 x 107 /m® | 1.6 £ 0.3 nm
3.60 z 3.7E 0.1 x 107 /m® | 1.62 £ 0.3 nm

He 0.006 Bubbles 5+ 0.3 x 10 / m® 1.3+ 0.3 nm
0.035 “ 9+ 0.3 x 10% / m? 1.6£ 0.3 nm

Table 17: Summary of inert gas bubbles features observed using Transmission Electron
Microscopy
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Figure 81: Dislocation loop density and diameter plotted vs Fluence for Kr, He and H
implanted samples. The DPA is plotted on a log scale.

Dislocation bubble microstructure increases in size and density consistently with increas-

ing ion dose. In case of Kr ions, the bubbles are greater in size than due to He bubbles at

any given dose. Therefore, the bubble nucleation due to Kr ions is larger due to larger atom

size of the irradiation species. This is shown in Fig. 82.
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Figure 82: Bubble density and diameter plotted vs Fluence for Kr and He implanted samples.
Both the ordinate and abscissa are in natural log scale.
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The increase in the size of the lattice parameter has been attributed to the ingrowth of
lattice defects in UQOy following irradiation. During the process of ion irradiation, Frenkel
defect pairs are produced at a constant rate that can only be overcome due to temperature
assisted annihilation. With increasing DPA, there is a greater production of Frenkel defects
that are produced along the path of ion irradiation. Due to the accumulation of Frenkel
pairs, there is an overall volume increase in the lattice, resulting in greater lattice parame-
ter. Increase in lattice parameter is seen by the decrease in the relative 26 position of the
(224) reflection in all the UO, samples. These observations are consistent with previously
performed low dose irradiations in UO, that show a consistent increase in lattice parameter.
This study, however, is the first comparison between the lattice parameter change due to
various irradiation species used in UOs. The extent of lattice parameter change as shown
in Fig. 83, is clearly larger in case of a larger irradiating ion. The percentage increase in
the lattice parameter change in the case of He?" irradiation as compared to H* irradiation

is ~37%, which is quite significant.
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Figure 83: Increase in lattice parameter for H, He and Kr implanted samples as a function
of dose in DPA.
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There are two factors responsible for distorting the lattice as detected by X-ray Diffrac-
tion and EXAFS. The lattice parameter change is higher for krypton ions than for helium
ions, which in turn is greater than in the case of proton irradiation. Therefore, the lattice
parameter change increases with ion dose and with the type of ion. The % lattice parameter
change is ~4 times greater for He?* ion dose than for H* ion dose at the same dose level
of 0.1 DPA. This could be a coincidence since He?* is four times the mass of H*, but its
nonetheless fascinating. These measurements indicate that the larger the ion, the greater
the expansion of the lattice at the same radiation dose. Therefore, in the reactor, bigger
fission products create higher damage and challenge fuel integrity even more. This effect
is also seen in the case of % variation in the lattice. The percent change was calculated
based on EXAFS fit of the number of atoms in the U-U near neighbor shell. The percent
change progressively decreases from Kr ions to He?" ions to H ion irradiated samples at
low and comparable doses. Therefore, the size of the atom directly affects the change in lat-
tice integrity, with heavier irradiation species creating larger % change. This is graphically
shown in Fig. 84. While there is an increase in lattice parameter of the crystallographic
lattice, there is a decrease in near neighbor distances in the case of the non crystallographic
O peak. With increase in ion dose, the U-O distance consistently decreases, while the re-
maining original peaks see an expansion. This effect could be attributed to the tendency of
U-O to form uranyl complexes that are highly stable within the UO, lattice. Therefore, the
lattice expansion is concomitant with a decrease of U-O,,0pn—crystatiographic distance in favor of
local structure stability to accommodate the oxygen clustering in the lattice. This decrease
is seen in higher doses and heavier ions from 1.9 A through to 1.78 A, where it starts to

resemble the UOs,, features seen in other studies [19].
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Figure 84: Percentage change in the U-U atoms fit indicating the variation of the irradiated
lattice from the pristine one.

7.5 Simulations and Theoretical Studies

It is remarkable that effects similar to oxidation are seen after ion irradiations in UOgy de-
spite the lack of an active oxidation mechanism during and after ion implantations. Recent
Molecular Dynamics and Temperature Accelerated Dynamics simulations done by Aidhy, et
al on UO; give evidence of interstitial clustering to form Cuboctohedral (COT) type defects
[23]. As detailed in the background section, the COT defect clusters occur only in oxygen
rich environment, therefore their presence in irradiated material is surprising. In these simu-
lations COT clusters have formed with oxygen interstitial ions while the uranium sub-lattice
remains undisturbed. These are similar observations to the data obtained from EXAFS, in
which there are shorter U-O bonds forming with higher irradiation doses. In the MD simu-
lations shown in Fig. 85, oxygen interstitials form COT type clusters over time resulting in

overall improved stability of the system.
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(a) (0) ©

Figure 85: Evolution of the point defects on O and U sub-lattice with orange and black for
uranium interstitials and vacancies. Snapshots are taken at a) t = 0 ps, b) t = 40 ps and ¢)
t = 1000 ps. Initially 200 FP were introduced. All the U vacancies are almost undisturbed
and all the O defects cluster. [23]

More detailed analysis of the oxygen defect clusters in UOy by Andersson, et al [5]| using
DFT is indicative of higher stability of split-quad interstitials over the COT clusters. An
illustration of the split-quad interstitials is shown in Fig. 86. The calculations originate
from split di-interstitial clusters of oxygen ions that form the building block of split-quad
interstitial clusters. This study was corroborated by recent work published in Nature [3§]
regarding the greater stability of split-di interstitials over the previously postulated COT
type defect clusters (Fig. 87) along certain lattice planes. Therefore, clusters preferentially

form in the lattice depending on the availability of oxygen ions in a given geometry.
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Figure 86: Split-quad interstitial cluster with the oxygen sub-lattice represented as cubes.
The oxygen interstitials lie along the diagonals and the two split-di interstitials are repre-
sented as A and B which together make the split-quad interstitial.
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Figure 87: Potential energy of the cluster indicates transition from the Willis COT structure
to the split di-interstitial cluster for higher stability.
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There is a likely presence of COT defects in H*, He?* and Kr irradiated samples, since
there is evidence of oxygen clustering due to the increasing magnitude of 1.8 A oxygen
shoulder peak. There is also a possibility of a distribution of split-quad interstitial (SQI)
clusters, along with some point defects in the lattice. While oxygen defects tend to cluster,
there are some point defects in the material. These clusters and point defects alter the local
chemistry in the irradiated UO5 samples, which has been detected via EXAFS measurements.
Overall, there exists a distribution of COT, SQI clusters and voids that occur simultaneously
in the UO, and contribute to the lattice structure evolution.

Radiation induced defect evolution on multiple length scales in UOy has been studied
using techniques specific to chemistry evolution and also microstructure formation. As it
has been previously stated, there are limitations to the experimental data obtained by the
various experimental methods that could present inherent scientific gap in explaining the
“atom to defect” evolution mechanism in the irradiated material. For this precise reason, the
use of simulation methods is absolutely key to verifying the underlying assumptions used
for experimental measurements. The ability of simulation software to mimic the onset of
radiation damage has proven to be very helpful in understanding the formation of point
defect clusters and their stoichiometry and further, the evolution of these clusters with time
and temperature. So, using simulation the relative stoichiometry of point defects and the
percent of atoms that are damaged can be predicted. However, each simulation performed
in complex materials is highly dependent on the potentials used to relax the material. There
has been a study that shows that different atomic potentials in irradiated UQOs result in
characteristics of point defects are vastly different from one another [42]. This appears

to be an inherent limitation to simulation as the true material potential can be hard to
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calculate and can create faulty defect distributions. Therefore, simulation needs to rely on
experimental data just like experiment should be verified by simulation.

Cluster dynamics have been used to explain the formation and evolution of radiation
induced defects in UO, [43]. Cluster dynamics is a highly advanced modeling system that
has the capacity to simulate the material conditions during an ion irradiation and the subse-
quent formation and interaction of point defects. This work seeks to implement atomistically
developed cluster dynamics model to investigate various stages of defect clustering in UQO,
including extended defect structures seen via empirical methods. The first step in this
method uses first principles calculations based on density functional theory (DFT) to calcu-
late energies of formation and interaction of intrinsic point defects and extended structures
such as fission gas bubbles and bulk defect clusters. Previously performed cluster dynamics
calculations, while simple, erroneously assumed the stoichiometry of defect clusters. The
assumption that all point defect clusters are stoichiometric in UOs is incorrect and disagrees
with experimental data. The cluster dynamics approach discussed in this study analyses the
composition of defect clusters without preconceived assumptions and the evolution of these
defect clusters under varying post irradiation conditions.

The results of the atomic and microstructure level experiments were verified by a combi-
nation of theoretical and simulation measurements. Along with dealing with the complicated
stoichiometry evolution, the methods interrogated the basic science behind the results that
were observed using empirical methods. The FEFF calculations listed below give an overview
of the software that was used to simulate an EXAFS spectrum for a pristine lattice with
crystallographic lattice atom positions. FEFF is used in conjunction with Artemis and

Athena codes to simulate the effect of individual vacancies and interstitials on the EXAFS
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spectrum. Cluster Dynamics was used to simulate the concentration and distribution of
voids and interstitials at various dpa rates, to compare with the experimental data. Basic
theoretical calculations were also performed to understand the impact of microstructure for-
mation on the extent of lattice structure variations in the irradiation UOy samples. Finally,
CrystalMaker software was used to model the defect insertion in the UO, lattice, to help vi-
sualize the geometry of defects and to use with Artemis and Athena to simulate the EXAFS

spectrum.

7.5.1 Basic FEFF calculations

FEFF9 code was used as a part of EXAFS data analysis to generate EXAFS spectra and
parameters for a pristine sample [70]. The modulation of the spectra from pristine sample
to radiation damaged sample was done as a part of the EXAFS fitting routine. Here, FEFF
was used to simulate basic UO, lattice with atoms in their theoretical positions based on
the FCC fluorite structure. The goal of this study was to simulate the effect of individual
point defects on the EXAFS spectra of the lattice.

FEFF is an ab initio multiple-scattering code for calculating excitation spectra and elec-
tronic structure of the material being probed. It is based on Green’s function approach, by
accounting for variation in self-energy shifts, inelastic losses and Debye-Waller factors. The
calculation can be done by importing a list of atomic positions or generating this list within
the software. Both of these options were attempted to check for any inherent variation in
calculation. Within the software, a molecule of UO, is specified to generate an ATOMS.
INP file, which can further be modified or used as is in various other EXAFS calculation

software. One such ATOMS input file was used to generate the Fourier transform spectra
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of EXAFS in the case of one, two and more vacancies in the input file. This is done by
simply removing an atom of choice, O or U from its position and then running the EXAFS
calculation to generate an approximation of the atomic spectra. The results from one such
calculation is shown in Fig. 88. With addition of vacancies (removal of atoms) in the lattice,
the spectra shows a monotonic loss in amplitude. Therefore, the direct result of the vacancy

type point defect is the reduction in EXAFS amplitude.
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Figure 88: FEFF generated Fourier transforms of pristine UO, lattice and UO, with one
and two oxygen vacancies.

Vacancies, however, imply the removal of atoms from the lattice, which would mean that
the target sample is becoming less dense, as a large percentage (5 - 10%) of the atoms are
being removed. In the case of radiation damaged samples, the vacancies occur along with
interstitial atoms, thereby maintaining the overall density by altering the local structure of
the material. Therefore, the effect of interstitials on EXAFS must be individually simulated.

This process was more complicated than simulating vacancies as the FEFF software wasn’t



183

designed to handle complicated molecular structures. Artemis, Athena were used and the
results for this are shown in Fig. 89. The two softwares were created for EXAFS analysis
at the Advanced Photon Source for basic fitting of EXAFS data. The following steps were
followed for simulating the effect of multiple oxygen interstitial clusters in UO, lattice on

the EXAFS of the material:

1. CrystalMaker software was used to generate UO, and UQO,,, structures.

2. Atoms.xyz file was produced using CrystalMaker software, that could be used as an

input to Artemis for extended structure fitting.

3. Athena was used to perform EXAFS fit and produce Fourier transforms in R-space for

UO, lattice with oxygen interstitials.

7.5.2 Molecular Dynamics and Cluster Dynamics

Cluster dynamics and Monte Carlo methods have been employed in this study to understand
the evolution of atomic physics following radiation damage at the mesoscale. While cluster
dynamics can be used to simulate radiation damage and thermal imaging on various length
scales, it comes with limitations. One of these limitations is that it doesn’t allow for direct
comparison of results based on the irradiation ion. Therefore, most of the results shown in
this case have utilized a normalized dpa rate that describes the onset of the damage cascade in
the sample but cannot be separated based on the mass of charge of the irradiating species.

While Molecular Dynamics describes the onset of damage in a specific material, Cluster
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Figure 89: Simulation of oxygen interstitial clusters using CrystalMaker, Artemis and Athena
software

Dynamics approximates the scale and type of damage on microstructure and atomic level
at any time during and after irradiation. Thermal conditions continuously change from the
beginning of the radiation experiment through to the cooling down of the material at the
end, and this entire range of material conditions can be simulated using CD.

The CD simulations were done for void (and cluster) size and constituency evolution
during ion irradiation in UQO,. To do this, a uniform distribution of defect sinks, voids
and dislocation loops, were distribution throughout the UO5 matrix [43]. The results have
been discussed based on change in void/ cluster concentration with evolution in time. A
void is expected to grow with the absorption of vacancies and removal of interstitials as a
underlying assumption in this study and a cluster of defects grows with absorbing interstitials
and emission of vacancies. It was noted that with the distribution of point defects around
the defect sinks, the general concentration of vacancies decreased due to the significantly

higher mobility of oxygen interstitial defects that would get absorbed in void sinks. It was
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found, regardless of the size of the void, the interstitial absorption is efficient at the sinks
and drastically reduces the void concentration with increasing time. With the knowledge of
decreasing void size due to ion mobility dependence on low migration energy of interstitials,
one can make some basic assumptions regarding the general type of defect cluster that can
be found in ion irradiated materials. With oxygen atom migration energy of 0.6 eV and
uranium migration energy of 2.4 eV, oxygen rich dislocation loops are the most likely type of
damage cluster to form. Subsequently, due to higher migration energy of uranium vacancies,
most will not migrate to defect sinks and will remain as individual point defects during
irradiation.

Cluster Dynamics calculations were done for various dpa rates in the material to sim-
ulate the growth of various point defects into clusters and voids. It was noted that with
increasing DPA rate, the overall void density in the material grew significantly as shown in
Fig. 90. Therefore, the greater the rate of radiation damage, the more will be the resulting
concentration of defect voids and clusters. This is in agreement with the results from H™T,
He?* and Kr implanted samples where the concentration of defects is higher in case of higher
damage rates resulting from larger ion species. The lowest dose Kr loop density is 5 x 10
loops /m3, which is greater than loop density for He?** implanted samples is 6 x 10%' loops
/m3, which is further greater than HFinduced loop density of 3 x 102! loops/ m®. Further,
the order of magnitude of void density is the same for experimental results as for simulation
results, where the number density of voids is on the order of 10*'loops/ m3. Thus this study
recommends continuing comparisons with CD results as they are a good approximation of

empirical data.

Oxygen defects seen in EXAFS can be fit with a low U-O distribution and the relative
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Figure 90: Increase in void number density with increasing DPA rates with time.

increase in the oxo shoulder can be measured in comparison to the original crystallographic
oxygen shell to understand the extent of lattice change. Uranium defects were identified to be
fit with a decreasing peak height and the log ratio analysis was done to identify the decrease
in Debye-Waller factors indicating a symmetric spread in the position of atoms around
their crystallographic position due to ion irradiation. EXAFS, however, didn’t explain the
distribution of original point defects that exist in the irradiated material. CD calculations
show that with increasing time during ion irradiation, the concentration of oxygen and
uranium vacancies generally show an increase in quantity. This is shown in Fig. 91 where
the white dotted line represents the stoichiometric composition of U:O is 1:2. With increasing
time, the concentration of number of uranium vacancies and oxygen vacancies shifts from
hypostoichiometric to hyperstoichiometric. This change occurs occurs between 300 and 500
sec from the start of the irradiation. Hyperstoichiometric voids indicate the presence of

hypostoichiometric clusters elsewhere in the material to balance out the O vacancies and the
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O interstitials. Due to low migration energy of oxygen point defects, the voids absorb oxygen
vacancies faster and oxygen interstitials cluster to form interstitial rich dislocation loops,
leaving behind a distribution of U vacancies and U interstitials. Therefore, most O defects
will cluster and more U defects than O defects will exist as individual point defects with a
concentration greater than expected from a 1:2 distribution of U to O atoms. According to

Fig. 91, the number of U vacancies is 1/4" the number of O vacancies in the material.
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Figure 91: Increase in the vacancy type point defect with increasing time during ion irradi-
ation, as simulated by CD

Cluster Dynamics calculations also suggest that uranium vacancies are the rate limit-
ing factor in the movement and absorption of defects in the defect sinks (clusters, voids).
This is because migration energy for the U vacancy is the highest of all the point defect
migration energies. It was further found that with increasing time, the clusters with hyper-
stoichiometric composition are more in abundance in the UQOs lattice than stoichiometric

and hypostoichiometric clusters. Therefore, the overall effect of radiation damage in simula-
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tion measurements suggest the presence of hyperstoichiometric composition of defect species
that have been detected in EXAFS measurements. Fig. 92 shows the growth in density of
hyperstoichiometric clusters with time evolution. It was also found that the clusters grew
faster in the direction of the oxygen interstitials and quickly become oxygen rich with point
defect ratio of O/U > 2. Therefore, oxygen rich dislocation loops exist during and after ion
irradiation. These measurements support the experimental work where the growth of defects
is hyperstoichiometric, as demonstrated by the oxygen peak fit of the EXAFS peak at 1.8
A U-O distance. Similar results were also obtained by Molecular Dynamics simulation that
used Basak Potential to model the distribution of vacancy clusters following a damage cas-
cade event. According to this, the fraction of off stoichiometric clusters is much greater than
stoichiometric clusters in UQOs. The similarities in the number densities of voids discovered

in CD simulations to that of experimental results is discussed in the next section.
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Figure 92: Evolution of clusters of various compositions with time during an ion irradiation.
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7.5.3 Basic Theoretical Calculations

So far, the knowledge of defects on multiple length scales is proof that radiation damage
exists in various sizes in the material undergoing irradiation. Defects of several nanometers
and microns in size can be imaged via TEM by focussing on the specific region, identifying
its lattice plane and using the beam to extract images that define the defect’s size and shape
accurately. In this way, a distribution of defects, such as dislocations, can be adequately
characterized. Dislocations in UO, have been measured to exist along the [111]| plane with
their distribution becoming more complicated with increasing ion dose. Simultaneously, lat-
tice specific techniques, EXAFS and XRD, give evidence of oxygen dominant defect clusters
existing at short U-O distances with the overall lattice spacing showing an increase. It would
therefore make sense to compare the defects of multiple length scales, so as to explain the
existence of the various radiation induced features. A basic calculation was then conducted
to compare the correlation between the two length scales. This is detailed in Appendix A

and B. The following key results were obtained from this analysis:

1. Microstructure damage affects lattice atoms on the scale of 0.1%

2. EXAFS damage detects a change in the spectral loss and atomic positions in the lattice

on the order of > 5-7%

3. The microstructure defects, while rich in oxygen interstitials, do not adequately explain

the > 5% change in EXAFS.

4. EXAFS damage is a cumulative effect of microstructure damage (0.1%) and point

defects and point defect clusters (798%)
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5. Defect clusters are responsible for the majority of the EXAFS signal that aren’t visible
in the TEM.

6. Cluster Dynamics calculations provided an approximation of TEM invisible clusters
forming in UO, and give a total lattice change on the order of > 5-6% which is very

similar to basic calculations performed

7. Tt is also expected from CD results that U vacancy and interstitial defects do not cluster

like O defects and tend to exist as individual point defects more than in clusters

8. The general distribution of defects that together contribute to the overall structure
variation due to ion irradiation in UQOs is graphically summarized in Fig. 93.

Defect
Distribution
| |
Microstructure Small Clusters Point Defects
(~0.1 %) (~98%) (~2%)

Figure 93: Graphical representation of defect structure contribution towards UO, damage
on multiple length scales

For further detail on theoretical analysis, refer to Appendix A for basic comparison of
dislocations to TEM results and Appendix B for comparison between Cluster Dynamics

simulations and empirical results.
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7.5.4 CrystalMaker Dislocation Analysis

Several studies have been performed to understand the process of rapid oxidation of UO; to
higher, more stable states, which indicate that the additional oxygen ions aren’t incorporated
randomly, but in fact, form an ordered sub-lattice. Fig. 94 shows the process of incorporation
of O ions into a UO, unit cell obtained using CrystalMaker software. The gradual addition of
the oxygen ions starts in the interstitial defect sites in the UO5 lattice and progresses to stable
clusters that form without distorting the lattice until the U3Og phase is reached. Initially,
UO, exists as a FCC fluorite with the Fm3m space group, which has been maintained during
irradiation and oxidation until U3Og stoichiometry displays a stable phase of P43m [10]. The
stability of the Fm3m phase throughout the oxidation and irradiation process confirms the
propensity of UO, to have a stable and resistant geometry over varying stoichiometries.
Additionally, the solidarity of the fluorite structure in UOs,, corroborates the clustering
nature of oxygen atoms in the interstitial defect sites in the UOs lattice. The [111] axis
plane, shown in red in Fig. 94, lies along the empty sites in the lattice of UOy where
interstitial defects preferentially form [85]. The presence of these interstitials is favorable to
the stability of the lattice, since it no longer has a large unoccupied space in the center of it
(hence, the negative oxygen interstitial formation energy).

CrystalMaker is a visualization software that was used for conceptualizing the position
of various defect types in a radiation damaged lattice. The use of CrystalMaker was further
extended to calculating basic EXAFS spectra for small defects that can populate the matrix
of UOy atoms. First, a pristine UO, lattice is produced with known positions and types
of atoms. Parameters such as lattice spacing and lattice plane are defined to accurately

understand the 3-D spread of the unit cell. Based on literature data and findings in this
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study, individual point defects can be inserted along the defect sites in the unit cell. As an
example, insertion of oxygen interstitial (green in the second figure) is done in the empty
[111] site to demonstrate the stability of the lattice surrounding the point defect insertion.
Subsequently, addition of several oxygen interstitials show the transition from Fm3m phase
to P43m in U30Og. Therefore, the UO5 and UQOs ., lattice tends to maintain its overall fluorite
structure till the new phase of P43m is reached.

Using the 3-D geometries of the structures designed in CrystalMaker, the atomic positions
of these structures is extracted in a format that is acceptable by EXAFS approximating
software. This format is then used as an input and EXAFS spectra for the various defect
positions is calculated. Naturally, the effect of one interstitial in a unit cell is rather small and
the EXAFS spectra reflects this small change. The overall defects and defect interaction in
the actual material is more complicated than isolated effects from point defects. Nonetheless,
using isolated defects helps understand the sensitivity of EXAFS on small defects. Since,
it is known that oxygen defects tend to cluster in the UO, lattice, EXAFS simulations
were also performed for 2 oxygen interstitials and for the addition of a cluster of oxygen
defects, while maintaining the overall fluorite structure. Therefore, it has now been proven
with experimentation and with CrystalMaker structures that the addition of oxygen defect
clusters locally distorts the EXAFS of UO, lattice and this change is consistently increasing
with additional O in UQO, . Therefore CrystalMaker was used to visualize the various defect
structures and also used to generate input files based on approximate atomic positions of
atoms that were derived from XAFS results and used for EXAFS approximation software.

This is shown in Fig. 85.
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Figure 94: Oxygen interstitial addition to pristine UOslattice starts on interstitial defect
sites (green). With sufficient addition of oxygen ions, the interstitial cluster size increases
till new phases are reached.

7.6 Overall Discussion

X-ray Absorption Fine Structure (XAFS) analysis in irradiated d-UO; is sensitive to local
structure and chemistry in the target material including, but not limited to, coordination
chemistry, near neighbor distances and oxidation state. Focus of this study on these facets
of the analysis technique has resulted from complicated microstructure formation as a result
of ion irradiation and its correlation to disorder in local chemistry. UQO, interstitials have
negative oxygen interstitial formation energy [37|, which results in development of 16 known
phases between UO, and U,Og by varying values of ‘x” in UO,,. The stoichiometry evolution
due to propensity of UO, to form UOs, domains internally has shown to further complicate
the analysis of irradiation induced lattice structure changes. The formation of short axial
bonds between uranium and oxygen in ion irradiated UO, indicates that there is a more stable
configuration that can be achieved locally with the addition of energy into the system.

The ion irradiation has shown to disrupt local structure by giving rise to multisite oxygen
distribution at approximately 1.8 - 1.9 A (7 0.2 A longer than in documented UO, ) similar

to oxygen interstitials created in UO5, ., however, there is no known oxidation of the material
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during irradiation. One explanation for the reduced U-O bond distance is the multisite
distribution resulting from uranyl type bonds 1.8 A in length, which are highly stable due to
their oblate geometry and therefore distort the original local structure [16]. An illustration
of this stable bond is shown in Fig. 95 where multiple bonds between the uranium and
oxygen ions can be seen [1]. The multisite oxygen distribution at short U-O distances has
been seen in UO, irradiated with H, He?* and Kr ions. The extent of this distribution,

evident from the EXAFS amplitude, grows with increasing radiation dose.

[oo U oor

Figure 95: Uranyl bond with multiple bonds between oxygen and uranium have a shorter
length than U-O bond in UO,

X-ray diffraction measurements were performed on all the irradiated UO, sample sets.
There is a consistent expansion of lattice observed due to the increase in ion irradiation dose.
There are two factors that seem to have a great impact on the lattice parameter changes.
Firstly, the increase in ion dose for each irradiation study shows that with increasing dose,
there is an expansion of the lattice and this is in agreement with the previously done studies
in UO,. Secondly, the diverging lattice parameter is seemingly a function of ion type, which

in this case means, the larger the irradiation ion, the greater the expansion of the lattice.
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Therefore, even at low helium doses, the effect on the lattice was greater due to helium
than due to protons. And further, the effect due to krypton ions on peak shift in XRD was
greater than that due to proton and helium ions. Therefore, X-ray Diffraction has been a
powerful tool in explaining the lattice evolution with irradiation dose and the type of ion used
for radiation damage. The XRD measurements complement the EXAFS technique where
increase in near neighbor distances have shown a > 0.01 A increase in the lattice spacing,
along with the presence of oxygen interstitial type defects that have the same effect.

Transmission electron microscopy is an extremely powerful tool in analyzing the structure
of radiation induced defects and provide an irrefutable proof of the damage in the target
material. Analysis of dislocation microstructures in the three irradiated material show that
increasing ion dose perpetuates more complicated defect features in UO,. Dislocations dom-
inated as the type of microstructure for all the UO, irradiation studies. With increase in ion
dose, the smaller dislocations coalesced to form loops that further grew into larger networks.
Therefore, the general trend for dislocation evolution in krypton implanted UO, samples was
small loops — big loops — dislocation lines— dislocation tangles. The general trend in H
and He samples was that higher dose produced a greater concentration of dislocations. This
evolution mechanism was observed in krypton irradiated specimen and in proton irradiated
samples.

Dislocation loops present in the three samples certainly modify the local chemistry, but
the results in EXAFS measurements detect oxygen defects at a much greater scale. Oxygen
being the significantly more mobile ion [?] diffuses much faster than uranium defects and
therefore, has a greater participation in creating microstructural features with irradiation.

A recent study by Chen, et al [13] confirms the presence of oxygen interstitial loops on the
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[111] plane when CeO, is irradiated with krypton ions. CeO,, with a fluorite FCC structure
and similar lattice constant (5.411 A) [99] to UO,, has been used as a surrogate material
for many studies to explain microstructure features in UO, [34]. The presence of interstitial
oxygen loops would result in a reduced near neighbor distance between U and O to certain
extent and could be one of the reasons that there is an increase in the oxygen shoulder peak
with increasing radiation dose. Fig. 96 shows an illustration of the interstitial loop found

on <111> plane by Chen, et al.
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Figure 96: Schematic of interstitial loop forming in CeO,. The oxygen interstitials are shown
in orange in the middle on either sides of the cerium interstitial loop in green [13].

The EXAFS data of the irradiated UOy shows a consistent decrease in amplitude of the
crystallographic shells with increasing irradiation dose, longer bond distances between near
neighbors and the appearance, and increase, of a shoulder on the low R (at 1.9 A) side
of the first crystallographic U-O shell. Random disorder in the material would result in a
significant loss of amplitude and further loss of overall spectral features, which isn’t seen in

this set of samples. Due to the consistent amplitude reduction as shown in Fig. 78, Fig. 79
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and Fig. 80 it can be theorized that the defects aren’t random but instead seem to cluster
such that the overall lattice retains its UO, structure even at the higher irradiation doses in
this study. This assumption however doesn’t take into consideration the dose levels of used
nuclear fuel where the high dose could result in larger oxygen clustering and subsequent
phase transformation. So far, the radiation resistance of UQO, is consistent with several
studies that indicate that fluorite ceramics in a reactor maintain their lattice structure even
at high irradiation doses. A list of the spread of near neighbor distances obtained from
EXAFS fits of the three sets of irradiated samples are tabulated in Table 18. The presence
of the U-O peak at 1.9 A is the only significant deviation from the original lattice structure.
With increasing irradiation dose, this oxygen shoulder increases in magnitude while the
primary O peak at 2.36 A rapidly diminishes. It seems likely that with higher irradiation
doses than the ones studied here, this shoulder will have a greater amplitude contribution
to the EXAFS spectra than the crystallographic position. Hence, it can be concluded that
the original O peak is redistributing to a multisite distribution of oxygen atoms at low R

distances.

Sample info  Dose (DPA) U-O U-O U-U U-O
U0, - - 2.36 3.85 4.5
UO, + HY 0.01-0.5 1.9-1.8 235-237 3.85-3.87 4.45-447
UO, + He?™  0.006-0.035 1.92-1.93 2.35-2.37 3.85-3.87 4.48-4.52
UOy + Kr 0.18-3.69 1.9-18 2.36-238 3.85-387 4.45-4.52

Table 18: Near neighbor distances comparison in d-UO, samples analyzed using EXAFS
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The decrease in amplitude of the U-U in Fig. 78-80 indicates that the lattice structure
is being distorted with higher irradiation dose. Although the decrease in amplitude of the
original O peak can be explained via the multisite distribution, the reduction in amplitude
of U-U peak suggests distortion of the position of the U atoms in the local structure. The
samples are still full density and therefore, the reduction in U atoms in the EXAFS fitting
routine was explained through anharmonicity in the lattice following irradiation. This was
done using the ratioing method. The U-U waves were separated from the (k) spectrum by
subtracting all other waves from the spectrum and extracting the amplitude using Fourier
filtering. Studying this amplitude shows that with increasing ion irradiation dose, the am-
plitudes of the spectra for the irradiated samples diminished. The decrease in amplitude,
along with the change in the Debye-Waller factors, is seen throughout the spectrum, even
the higher U shells, and is consistent with dose increase. In these samples, the Debye-Waller
factors have decreased indicating that the distribution of U-U atoms is likely to be not
asymmetric. Therefore, ion irradiation is causing some U atoms to be spread about their
crystallographic position such that they do not conclusively cluster in one position, which
then cannot be seen in EXAFS analysis. The U atoms tend to spread over 0.4 A around
their position, which did contribute to measurable changes in the EXAFS spectra.

To interrogate the increase in the peak height of the U-O shoulder, the ratio of the atoms
to the Debye-Waller factor is shown in Fig. 97 and Fig. 98. This ratio is consistently
increasing with greater irradiation dose and indicates that the number of O atoms are in
the oxo shell are indeed increasing (and the Debye Waller factor isn’t decreasing to cause
this effect). The plots show the ratio of atoms to DW factors specifically in the case of the

oxo shoulder, thereby demonstrating the increase in the number of atoms fit for the peak
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as compared to all the other crystallographic peaks decreasing in amplitude. The number
of atoms fit in each shell is seen to increase with increasing ion dose. The ratio of the two
quantities proves that while for other crystallographic shells the ratio of Atoms/DW factors
is decreasing, in the case of the oxo shoulder, this ratio consistently increases. This indicates

a real increase in the atoms fit without dependence on the thermal DW factors.
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Figure 97: Ratio of number of atoms fit at 1.9 A shell to the Debye Waller factor increases
with increasing H* dose.
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Figure 98: Ratio of number of atoms fit at 1.9 A shell to the Debye Waller factor for H* and
He?* irradiated UO, samples

A similar chart for the ratio of atoms fit to the DW factor for each shell for the krypton
irradiated samples indicates a similar trend (Fig. 99). The ratio increases with increasing
krypton ion dose in the UO, samples at 1.78 A distance from the absorbing ion. This
distance is less than for H and He?" irradiated samples but follows a similar trend. In
both Fig. 97 and Fig. 98, the N/DW ratio increases steadily with dose initially but then
the change begins to plateau after a certain dose. In case of krypton implanted samples,
one would have expected to see this had the second highest sample not shown a loss of the
oxygen shoulder. Its remarkable because the monotonic loss is consistent with other lower
dose samples. However, the O shoulder is non existent at this dose. Aside from this data

point, all others look similar to the lower dose samples.
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Figure 99: Ratio of number of atoms fit at 1.9 A shell to the Debye Waller factor increases
with increasing Kr dose.

The process involving formation of microstructure is dependent on interstitial and va-
cancy diffusion in the target material through cluster formation and migration. This process
can be understood by studying oxygen clustering that forms spectral features in EXAFS,
TEM visible oxygen rich dislocation loops and the spread of uranium atoms away from their
crystallographic sites. It is also stated that the diffusion of oxygen interstitials is significantly
greater than that of uranium interstitials to form dislocation type microstructure features
in UO, [?]|. Tt can be concluded that the oxygen interstitial type defects contribute more
to forming microstructure defects than uranium interstitials. This is also corroborated by
the radiation resistance of the UQO; lattice, which is primarily maintained by uranium ions
remaining in their positions. So, the relatively free oxygen atoms in the UO, lattice dif-
fuse more easily around the structure when irradiated with ions and further participate in
microstructure formation. The dislocation geometry due to these interstitial defects creates
zones in the lattice where damaged ions rearrange closer to each other than their original dis-

tances. The decreased distances between U and O atoms create a region for charge transfer
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from U to O, creating a stronger uranyl bond at short distances. This (explained graphi-
cally in Fig. 95) is discovered in the EXAFS measurements as a small oxo shoulder forming
closer to the uranium atoms than the crystallographic oxygen shells. Therefore, point defect
diffusion creates a pathway for microstructure formation via small defect cluster formation.
However, the microstructure features alone cannot explain the shortened U-O bond distance
distribution in irradiated UO, and this therefore indicates a different mechanism that is
responsible for the EXAFS results.

The microstructure observed in transmission electron microscopy also gives evidence of
fission gas bubbles, which are commonly commonly seen in nuclear reactor irradiated fuel.
Therefore, ion irradiation creates dislocation type features that form from interstitial type
defects and inert gas bubbles form from inert gas implantation, which remain largely unre-
active in the target material lattice. The gas bubbles were detected in the case of helium ion
implantation and krypton irradiation. The general trend shows a decreasing density of bub-
bles and increasing size of bubbles with increasing ion dose. This is to be expected, as with
increasing ion dose, the instability of the lattice increases, thereby providing gas atoms the
needed mobility to combine and form larger features. Therefore, smaller bubbles coalesce to
form larger inert gas bubbles as irradiation dose increases and the atom percentage of inert
gas in the system is larger.

The presence of inert gas bubbles in the system explains the larger lattice expansion to
some extent. In the case of the helium atoms, the concentration of ions due to irradiation
first follow a plateau distribution, following which, the nuclear stopping regime results in a
peak damage region, where a significantly larger number of helium ions come to a stop in

the material. Therefore, the largest concentration of helium atoms are found in the peak
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damage region. However, in the case of the krypton implanted samples, the ion damage
profile is almost identical throughout the entire damage range. The atom % of krypton is
nearly the same throughout the 1.1 pm where the ions are deposited in the material. This
implies that the evolution of microstructure with depth in the sample is nearly constant
and the lattice expansion seen in the krypton implanted material adequately represents the
distortion at any given depth due to krypton ions. Hence, krypton bubbles that form due to
ion implantation contribute significantly to lattice expansion and the highly distorted XRD
graphs confirm this assumption. The helium atom bubbles on the other hand were observed
in the damage plateau region of the sample. XRD was set up so that it sampled the entire
damage layer of the sample, which in the case of helium implanted samples is roughly 8 pm.
The highest concentration of the helium microstructure damage was in the peak damage
region and therefore, if the XRD measurements were conducted in that region, the lattice
expansion would have been larger.

The lattice expansion around the damage region further creates an argument for the
varying local structure in ion implanted UO,. The addition of inert gas ions creates bubbles
that do not react with the pristine UO, lattice. These bubbles therefore locally distort
the lattice around them, creating regions of shortened near neighbor distances. Fig. 100,
shows an example of krypton adsorption in UOs occurs by pushing out the oxygen atoms
further away from the surface. Therefore, the region around the bubble is UO,_, and the
additional oxygen atoms are pushed further from the bubble and closer to the surface of
the sample. This is in agreement with the EXAFS results that show local oxidation and
shortened U-O distances, although this does not completely explain the EXAFS results.

The oxygen atoms are easily pushed further away from the bubble surface due to the easier
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diffusion of oxygen atoms in the lattice. Oxygen, being the smaller ion is removed, creating a
region of oxygen vacancies around the bubbles. The uranium lattice thus retains its original
structure, albeit some lattice expansion due to the presence of bubbles. So, locally there are
hypostoichiometric and hyperstoichiometric regions of UO, distributed around the entire

damage region in the material.

Figure 100: Relaxation of UO, lattice on the periphery of the krypton bubble [53]

The relationship between local defects on sub-A scale and larger defects on nano and
micron scale is one of the hardest challenges in this study. While the origination of lattice
structure and microstructure defects is due to ion radiation, the growth mechanism for the
two different length scales could be very different. Following a damage spike, there is a
high concentration of point defects that could produce small isolated defect clusters that are
invisible to TEM, or large regions of microstructures that can be easily detected. The original
goal was to examine the smaller clusters using EXAFS and comment on the distribution of
point defects in the material. However, EXAFS is a technique that averages over several
nanometers and microns and detects lattice distortion in average. Therefore, the small

isolated clusters of defects still remain isolated and can only be discover by techniques such
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as EELS, provided, the location of the cluster is exactly known. Further, the length scales for
EXAFS sensitivity is much shorter than that of TEM. EXAFS can detect location of atoms
around the target element with hundredths of an A of precision, which allows for detection
of smaller bond distances and the affinity towards certain ligands to be detected. In the
case of irradiated UQO,, the presence of short equatorial U-O bonds implies charge imbalance
between the two atoms and the possibility of double bonds for increased stability. TEM
measurements would be entirely unable to detect such chemistry changes in the material and
will fail to explain the oxygen atom distribution following irradiation. The clustering nature
of oxygen atoms is largely due to the heavier uranium atom stability in its fluorite lattice
and is predicted via theoretical calculations and detected via EXAFS. This study, however,
does relate the local structure near neighbor measurements to larger TEM observations, but,
it must not be forgotten that the specificity of the two techniques lies on different length
and chemistry scales.

X-ray diffraction indicates an expansion of the lattice resulting from radiation induced
defects in the He*' irradiated UO, samples. This is corroborated by the EXAFS curve
fitting results that show an increase in the U-U distances by 0.02 A for both irradiated
samples. This corresponds to a 0.5% increase in the local lattice spacing as seen via EXAFS
analysis, which is remarkably consistent with the XRD results. The expansion suggests that
the defects that form due to irradiation alter the local and average structure in the X-ray
interrogation region. Primary cause of lattice parameter increase has been attributed to the
presence of Frenkel pairs on U and O sublattice and small He vacancy clusters, which are
expected to form due to ion implantation in the material. However the formation of UOs,,,

i.e., UyOg type domains in UO,, has shown to reduce lattice spacing due to Jahn-Teller
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distortion in the molecule. Therefore, the accumulation of irradiation induced defects must
be so significant such as to result in the larger lattice parameter seen in EXAFS and XRD.
The O clustering resulting from dislocations in He?" implanted samples is negligible due
the relatively small number of atoms involved in dislocations and inert gas bubbles (7 .1%)
whereas, EXAFS analysis shows greater than 5% change in the relative positions of atoms
due to irradiation. Therefore, the biggest contribution to EXAFS spectra is from TEM
invisible smaller defect clusters that form due to ion irradiation.

These results are coupled and occur simultaneously with increasing dose. The U-O
shoulder at 1.9 A is similar in position and type to the UO,,, samples studied using EXAFS
and indicate the presence of a uranyl type bond. This potentially means that the radiation
introduces uranyl type structures as a defect along with the postulated Willis Structure [95]
type interstitials and possibly without overall addition of O. One hypothesis could be that
either these defects are the first type to form as a result of irradiation from clustering of point
defects. A different theory could be that charge accumulation due to ion irradiation causes
these to become uranyl type (presence of O at 1.9 A) at lower temperatures following the
irradiation. The Raman spectroscopy measurements [22] suggest the creation of a polaron
during the irradiation process that over time results in oxygen rich and oxygen poor regions
along the U sublattice, support the existance of U (IV) and (UIII) structures. Along with
the presence of the Willis type cuboctohedral defects, the stability of split quad interstitial
(SQI) defect is demonstratively greater in the UO, lattice [38]. Recent studies have discussed
the stability of specific clusters (E.g., SQI, COT, etc) as a function of different lattice planes.
This means, if the COT defect has greater stability along the [111] plane, the SQI cluster

has statistically higher chance of existing along [100]. Therefore, radiation damage in UO,
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Figure 101: The decrease in lattice parameter is plotted against increasing values of x’ in
U024,

results in a predominant distribution of small point defect clusters with varying geometries
that are not visible in the TEM observations. These clusters are large enough in distribution
that EXAFS and XRD techniques can detect their presence and their subsequent affect on
the integrity of the lattice.

The presence of hyperstoichiometric regions in irradiated UOy without the affect of an
oxidizing mechanism indicates that there must exist hypostoichiometric regions elsewhere in
the material. A stark difference in the oxidization effect and the radiation effect is the change
in lattice parameter under the two environments. Oxidization of UOs results in a decrease
in the lattice parameter, due to complex uranyl type molecules, U;Og phases with short U-O
distances, Jahn- Teller distortions or the presence of interstitial defect clusters. Radiation
results in an increase in the lattice and near neighbor space, increasing with irradiation dose.
The decrease in the lattice parameter due to oxidation is shown in Fig. 101. Simultaneously,

the lattice parameter from irradiation experiences an increase as shown in Fig. 83.
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The significant result from this study is the corroboration of the Raman experiments on
He?" irradiation UO, showing evidence of O displacements and clustering to give U(III)-
and U(V)-enriched domains. This study demonstrate two significant extensions; the O-
enriched domains occupy a significant fraction of the material even at extremely modest
integrated doses and that the local O concentration is sufficiently high enough to result in
U-oxo type bonds indicative of U;Og -type clusters. This means that the detailed information
on species and local structure and their trends, with increasing ion dose found by EXAFS
almost, duplicate those that occur with oxidation. The implication then, is that the ion
irradiation-induced defects produce fluctuations in the local oxygen concentration to give
O-enriched and depleted nano-domains in UOs resulting in the regions with locally high O
concentrations emulating oxidation and the formation of U;Og-like domains in UOq,,.

This O shell and U-O non-crystallographic distance can be compared with the similar shell
found in UOy,,, where the distance is 0.2 A shorter than the one in this study, and therefore
almost identical to the U-oxo bond in a-UQO3 [9]. Although 1.8-1.9 A might still be considered
a multiply bound uranyl type of O, it is significantly longer than the typical distance seen
in UOg,, EXAFS measurements. It is nevertheless shorter than bridging type oxo bonds
in, e.g., UsOg [10]. The 0.03 A expansion of the oxo bond in U(VI) hydroxide molecular
complexes shows that U-O,,, distances are subject to chemical effects, caused in that case
by the n-donor capacity of the OH- ligand [16]. The observed 0.2 A expansion from «-UO3
is, however, much too long to originate solely in this effect, suggesting an asymmetric bridge
or perhaps a U(V)-oxo. Since irradiation cannot oxidize the material it is not surprising that
this short bond is longer than that in a typical U(VI)-oxo compound. Nonetheless, it is much

shorter than the 2.2 A U(V)-O single bonds found by neutron scattering measurements in
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U409 and U307 . The other distinct similarity to an EXAFS-derived structural property of
UOs,, is the disappearance of all of the other non-crystallographic atoms at longer distances
manifested as the even reduction in amplitude of all of the features without the appearance
of new ones, leaving a multisite nearest neighbor U-O distribution as the only addition to
the spectrum. This poses the question of whether the combined oxo-type neighbor and
U amplitude loss are directly caused by static radiation-induced defects or if instead they
result from the same type of dynamical polaron as in UOy, [18]. An essential part of this
mechanism would be the movement the adventitious O (or of the photo-induced U(V)) and its
subsequent aggregation into O/U(V)-enriched domains where the dynamical charge-transfer
occurs. This subsequently implies that a mechanism exists whereby the dynamical polaron
is stabilized beyond the amount that would occur in the static system. Such stabilization,
and the corollary propensity in tandem with the transport to propagate the composition
fluctuations beyond the narrow peak of the damage profile, would explain why there are a
sufficient number to be visible in the EXAFS despite the varying integrated radiation doses.
It would also explain not only the efficiency but also the ease with which this process occurs.
The irradiation with H* and He?* and other light ions create displacements indicating that
the product of such displacements, the formation of the O-enriched domains via clustering,
are energetically favored so as to stimulate this process in excited UO,. This corroborates
the unusual results obtained with optical pumping that were interpreted as the creation of

ordered, in fact coherent, states [18].
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7.7 Summary of Discussion

Uranium Dioxide is widely used as a nuclear fuel and is simultaneously the focus of several
scientific experiments to better understand the rapid oxygen mobility and stoichiometry
evolution in the material. This study has tackled the radiation induced structure progression
in UQO,, while carefully studying the oxygen species clustering mechanism in the material.
H* atoms were used to study the radiation damage due to neutrons and to potentially
identify a method to create simple TEM visible microstructures. He?" atoms were used due
to their high population in a nuclear reactor and the resultant damage to the fuel and were
also included, due to the self irradiation of used nuclear fuel while in storage. Kr ions are one
of the most common fission products in the reactor and possess the ability to significantly
alter the microstructure in the fuel due to Kr gas bubbles and the their potential of release
at high temperatures. Therefore, Kr ions were chosen as one of the irradiation species that
were deposited in UO, using an ion accelerator. The key lattice measurements that stand

true for all the irradiation species can be summarized as:

1. For low doses in the case of all irradiation species, the overall fluorite structure is
maintained. The Fourier transform features in irradiated samples occur in the same
positions as the pristine samples. This trend is broken only in the case of the highest
dose H' and Kr irradiated samples, where there is loss of intermediate structure and

the peaks at R > 4.5 A no longer follow the reference UO, samples.

2. A consistent expansion in lattice is observed and is corroborated by EXAFS and XRD

results. This expansion grows with ion dose and also with ion size.
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3. A monotonic loss of amplitude of the crystallographic peaks across the Fourier trans-
form of EXAFS is seen in all of the samples. This loss is greater with higher dose, and

again with ion size.

4. With the increase in dose, there is an increase in prominence of the non-crystallographic
peak at 1.8-1.9 A. This peak is successfully fit by a shell of oxygen atoms, indicative

of oxygen clustering in the samples.

Microstructure measurements were successfully performed using various imaging techniques
in the TEM. Bright field two beam imaging condition used on the dislocation loops can
detect the lattice plane, size and density of the loops at each irradiation condition. Bubble
measurements were made in the case of He?* and Kr irradiated samples along the edge
region. Bubble density and diameter is shown to increase with increasing ion dose in both
samples. Additionally, the Kr bubbles have a larger diameter than the He?™ bubbles. The

TEM measurements are summarized as:

1. As the ion dose increases, the dislocation distribution increases in size and density. As
noted in the case of Kr implanted samples, dislocations evolve as small loops — big

loops — dislocation lines— dislocation tangles.

2. The dislocation loops are consistently seen to lie along the [111] plane in the UOq
samples. This is because the [111] plane offers a large empty space in the lattice and
is known as interstitial cuboctohedral site. Since, this site typically forms interstitial

clusters and because oxygen atoms tend to participate readily in microstructure defect
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formation, the dislocation loops are likely rich in oxygen and form a hyperstoichiometric

region in the lattice.

3. The bubble measurements for both the He?* and the Kr irradiated samples reveal an
increase in bubble density and size with increasing dose. With increase in ion dose,
there is a greater population of vacancies and vacancy clusters, which form nucleation

sites for inert gas bubbles.

Simulation and theoretical techniques are employed in this study to relate the empirical
results to calculations. This is crucial to create a predictive basis for the performance of
fuel materials under irradiation. In this work, the calculations have successfully verified the
experimental results and have potential to be used exclusively to model fuel materials in
the future. It has also been shown with basic theoretical calculations that the predominant
atomic defect resulting from irradiation in UOy is small point defect clusters, largely rich in

oxygen interstitials. The key points that are found using simulation measurements are:

1. To study basic defect dependence of EXAFS, FEFF9 based code can be utilized. This
code successfully simulates EXAFS patterns based on singular vacancy insertions in a
list of atomic positions of a UO, lattice. With the addition of vacancies in the lattice,
the Fourier transforms monotonically reduced in amplitude. Thus, consistent with
empirical results, the loss of vacancies implies loss of overall structure that is shown in

simulation measurements.

2. Artemis and Athena software can then be used in conjunction with FEFF to simulate



213

the effect of interstitials in the UO,. With addition of oxygen interstitials, the O
shoulder begins to grow on the low R side of the Fourier transform, at the U-O length

that the interstitial was inserted.

. CrystalMaker software is a graphic presentation software that was used to create models
of the pristine and oxygen rich UO, lattices. The software not only helps in visualizing
the arrangement of defects, but also can be used to generate atomic positions that
were used as an input in the Artemis and Athena software to simulate the effect of

interstitials.

. Cluster Dynamics was used to predict the characteristics of voids and clusters resulting
from ion irradiation at various DPA rates and after different times following the ion
irradiation. The extent of defect clustering resulting from O and U atoms was used to
predict the distribution of defects in an irradiated UO, lattice. These results, predicting
hyperstoichiometric clusters and oxygen rich and oxygen poor regions are consistent

with EXAFS measurements.

. Finally, these simulations can be used to model the final radiation induced structure
breakdown. The basic theoretical calculations used the dislocation and bubble density
and size to understand the effect of microstructure on lattice structure changes. Mi-
crostructure was used to calculate its effect on the lattice structure on the order of 0.1
%, whereas, EXAFS measurements reveal a change in the structure around 5%. There-
fore, basic calculations from Appendix A and B show that ~98% of the defects are small
point defect clusters rich in oxygen interstitials. The remaining ~1.99% is contribution

from single point defects that are likely rich in U interstitials and vacancies.
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Together with the three methods, lattice structure, microstructure and simulation techniques,
this study was able to understand the differences in damage structure resulting from various

irradiation species on multiple length scales.
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8 Conclusions

The study has evaluated the evolution of defects on multiple length scales in UO4 due to
H*, He?* and Kr irradiation. The experimental results have been corroborated with simu-
lation studies to provide a detailed understanding of defect distribution from singular atoms
through to microstructure on the micron length scale. With ion irradiation using accelera-
tors at the University of Wisconsin-Madison and University of Illinois Urbana-Champagne,
atomic structure and microstructure defects were introduced in the UO, samples. The pri-
mary experimental methods to probe the lattice structure are Extended X-ray Absorption
Fine Structure (EXAFS) measurements along with X-ray Diffraction (XRD) and Transmis-
sion Electron Microscopy, which provided detailed information on the type and characteris-
tics of defects on multiple length scales in UO,. The results are described in the following

subsections:

8.1 Irradiated UQO, resembles oxidation however increased lattice
parameters indicates microstructure changes.

Irradiation of UOy creates changes with some similarity to oxidation, but the increase in

lattice parameter (as compared to oxidation) indicates differences in microstructure.

e EXAFS analysis reveals the presence of oxygen defect clusters at U-O distance of 1.8

A

e Similar to oxidation, UO, maintains its overall fluorite structure at low and interme-

diated radiation doses.
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e Unlike UO,,,, radiation damage in UO, causes an increase in lattice parameter, due

to an accumulation of Frenkle defects and small clusters.

e The distribution of small clusters, that cannot be detected at the TEM level, are

primarily responsible for lattice change detected by EXAFS in irradiated UOs.

Concomitant with the loss of amplitude of the crystallographic features with radiation dam-
age, there is a significant increase in the prominence of the non-crystallographic oxygen
shoulder at 1.8 - 1.9 A from the absorbing ion uranium. This oxygen shoulder is also seen to
grow in UOq,, for increasing values of 'x’. The short U-O distance of 1.7 - 1.9 A is character-
istic of the uranyl bond, which is a U double bonded with two O atoms and an overall net 2+
positive charge. These bonds are highly stable in nature due to their oblate geometry and
form complex molecules with actinides in used nuclear fuel storage. The presence of the O
shoulder also verifies the preference of O cluster of defects that appear as stabilizing features
in the U-O near neighbor distribution and a sub-structure that forms in the UO, lattice.
This process also occurs in UOo,, , where the excess O atoms cluster so as to stabilize the
lattice. This shoulder was linked to the presence of uranyl compounds that are highly stable
and exist in in U4O9 phase. Therefore, small domains of U4Og exists in UOy,, by altering
the local structure of the material.

With ion irradiation at low and intermediate doses, there is no evidence of loss of overall
fluorite structure in UOy. In fact, the features of the spectra of the Fourier transforms are
in the same positions as the crystallographic samples for all the ion doses except the highest
proton ion dose. This is in agreement with historical data indicating that UO, maintains its

overall fluorite structure during oxidation and nuclear reactor irradiation.
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Lattice parameter has been shown to decrease in UO,,, with increasing values of x’.
This is due to the Jahn-Teller distortion in UOy due to accumulation of additional oxygen
interstitials in the fluorite lattice. Radiation damage, however, has shown to increase the lat-
tice parameter in UO, as seen in XRD and EXAFS experiments. This is because irradiation
creates a distribution of Frenkel defects and small defect clusters that together contribute to
lattice expansion with increasing ion dose in the material.

While atomic structure and local structure defects show the chemistry evolution in the
irradiated material, microstructural features show the extent of accumulated and larger
length scale damage. Transmission Electron Microscopy measurements have been made to
study larger scale defects in irradiated UOs and EXAFS and XRD measurements give insight
into collective atomic defects.

XRD and EXAFS measurements reveal differences in the lattice structure by an 0.5 %
increase in the lattice parameter and > 5% of the overall atoms fit in the UO, samples.
Local structure measurements also reveal an oxygen cluster distribution at short (1.8 - 1.9
A) distance from U atoms. Therefore, the local structure has significantly been altered due
to ion irradiation. TEM data reveals dislocation loops and bubbles that locally alter the
structure of the lattice due to the defect itself and the neighboring atoms around the defect.

Theoretical comparison between the extent of microstructure and TEM visible damage
was made to local structure damage using basic mathematical calculations. This revealed
that the TEM defects could potentially contribute up to 0.01 % of the total damage seen
in EXAFS. The remaining local structure damage is due to TEM invisible defects that
contribute to the local structure variations seen in EXAFS and TEM. Therefore, it was

established that the primary cause of local structure changes and lattice variations are due
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to small defect clusters, 4-30 atoms in size that cannot be seen in the TEM and cause large
changes to the lattice. The overall effect of TEM changes in UO, lattice is on the order of
0.01 %.

Therefore, the general distribution of defects can be attributed partly to individual point
defects that exist from irradiation on the order of 1-2% of the overall damage. A large
percentage of the damage is point defects coalescing to form defect clusters, that are still
too small to be visible in TEM. These constitute 98% of the defects in ion irradiated UQs.
Finally, some defect clusters coalesce to form larger defects that are microstructures visible in
TEM, which can be characterized and measured using microscopy techniques. These defects

contribute to lattice change on the order of 0.01 % of total damage.

8.2 Multiple measurement and modelings techniques concur with

the existence of hyper and hypo stoichiometric regions

The combination of EXAFS, Cluster Dynamics, CrystalMaker Analysis, MD and Raman
measurements support the existence of hyper and hypo-stoichiometric regions in the material

after irradiations.

e Shows an increase in non crystallographic oxygen distribution at 1.8 A (hyper)

e Shows a decrease of crystallographic oxygen distribution at 2.35 A (hypo)
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Cluster Dynamics

e Shows an increase in concentration of hyper stoichiometric clusters during irradiation

Raman Measurements

e Suggest the existence of Magneli type defects which give rise to oxygen rich and oxygen

poor regions within the uranium sub lattice

Therefore radiation damage creates oxygen rich and oxygen poor regions within the overall
stoyichometric lattice.

In case of irradiated UQO,, there exists no active oxidation mechanism that caused the
creation of UOq, type features. Therefore, irradiation was seen to result in local segregation
of structure by creating hyperstoichiometric and hypostoichiometric regions in the sample.
This was seen in EXAFS results, where the non crystallographic oxygen peak existed along
with the decrease in magnitude of the crystallographic oxygen shell. The two U atoms bonded
to these oxygen atoms, therefore existed as Ut and U™, indicating oxygen rich and oxygen
poor regions. These measurements were verified by simulation results in Cluster Dynamics.
CD calculated the concentration and constitution of defect clusters and voids during the
course of ion irradiation The simulation results show hyperstoichiometric voids and clusters
grow in number density with time, as compared to hypostoichiometric and stoichiometric
voids and clusters. Therefore, while radiation damage doesn’t oxidize the UO, samples, it

creates regions of hyperstoichiometry that give the appearance of UOs,,. This also means,
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that in order to have regions of UOs,, , non-crystallographic oxygen ions must rearrange
into defect clusters, similar to UO,,, and align themselves in the UO, interstitial defect
sites, so as to not alter the overall lattice shape. Raman measurements performed on He?*
irradiated samples further give evidence of UT and U~ regions in the UQO, lattice. The group
that performed these measurements theorized the existence of complicated O defects called
Magneli type structures that render regions in the lattice oxygen rich and oxygen poor.

These observations are consistent with empirical and simulation work shown in this study.

8.3 Consistent damage structure complexity with increasing DPA

The lattice parameter, the microstructure visible to TEM and the lattice structure invisible
to TEM all scale with DPA. No conclusive evidence was seen on microstructure evolution of

the material due to DPA rate.

The oxo-shoulder moves to shorter U-O distances (71.8 A) with increasing ion dose.

This is in agreement with UO,, , EXAFS measurements where the non-crystallographic

O shell is fit at very short distance of 1.7 A.

Inert gas bubbles are seen to grow in size and density with increasing irradiation dose.

e Increase in ion dose results in larger size and number density of dislocation loops under

H and He irradiation

For the Kr implanted samples, the dislocation density decreases as a function of dose.

However, the dislocation size grows as small loops — big loops — dislocation lines—
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dislocation tangles

e Lattice expansion is demonstrated to be a function of radiation dose.

The differences in the resulting atomic structure defects from varying irradiating ions is key
to understanding defect structure evolution in a nuclear reactor where several different ions
constantly damage the nuclear fuel lattice. A tabulated list of differences in microstructures
and EXAFS fits is shown in Table 16, 17 and 18. One of the notable difference was the
position of the oxygen shoulder peak. For He?' irradiated samples, the peak was located
closer to 1.9 A whereas for higher dose H™ samples, this was closer to 1.78 A. The krypton
irradiated samples also showed an oxygen shoulder fit at distances decreasing with increasing
dose from 1.9 A through to 1.78 A. This indicates the propensity of the oxygen shoulder to
form at shorter U-O distances in favor of greater stability of the system. Therefore, the O
defect cluster ought to be chemically stable near U atoms, located in the void in the UQOq
lattice along the [111] plane. This stability occurs at greater ion doses and with larger DPA
(resulting from larger ions) so as to provide the necessary energy to the lattice to break
the original O bonds to form non crystallographic O positions. Therefore, the distance
at which the oxygen defect cluster is located in regards to the U atom in the lattice is
inversely proportional to the ion dose. Also, for larger DPA rates, the U-Oyon—crystatiographic
will stabilized to shorter distances quicker.

With increasing ion dose and increasing size of the damaging species, the resulting defect
structure gets continually more complicated. Increase in ion dose results in larger loss of
monotonic amplitude in the EXAFS spectra for all the samples. Along with the loss of

spectral amplitude, there is an increase in the amplitude of the non-crystallographic oxygen
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shoulder, which consistently grows with increasing dose. Since the shoulder has been related
to the formation of uranyl type bonds and oxygen interstitial cluster formation, the radiation
dose increase complicates the local structure distribution with increasing dose. The increase
in the oxygen interstitials leads to the formation of multiples of the cuboctohedral cluster
or the split quad interstitial cluster, therefore, the resulting cluster is a complicated defect
cluster, larger than 6 point defects (which is what the classic COT cluster consists of). The >
5% change in the lattice disorder increases to 30% change in case of highest dose Kr implanted
samples, indicating that with increasing ion dose, the lattice structure is significantly affected
by the radiation damage in terms of damage cluster and microstructure formation.

This structure evolution into more complex features continues into the microstructure
distribution with increasing ion dose. The bubble distribution grows larger and higher in
number density, thereby affecting the integrity of the lattice further. Simultaneously, the
dislocation loops coalescing to form larger, more complex networks of dislocations becomes
harder to characterize with increasing dose. This further indicates that radiation dose con-
tinues to create complicated structures on multiple length scales in the material that could
significantly alter the mechanical and thermal transport properties of the fuel.

Further, the overall % change in the number of atoms fit in each shell (indicative of
the extent to which the lattice looses its original structure) is also directly linked to the
irradiating ion size. This is to be expected, however, this study gives conclusive proof of
the extent to which large ions damage the structure more than smaller ions. Therefore, in
a nuclear reactor, fission gases are hugely responsible for the compromise of the nuclear fuel

radiation damage.
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The EXAFS and XRD analysis reveals that the lattice parameter increase is directly
linked to the ion dose and ion size of the irradiating species. The rate of change of the lattice
parameter is much larger in case of Kr ions than for He ions, which is greater than H ions.
This is because, irradiation creates a distribution of Frenkel pairs in the process of radiation
damage, that together contribute to lattice expansion. Therefore, larger the irradiating
species, greater will be the distribution of defects, and hence the lattice parameter will grow

faster.
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9 Future Work

9.1 Advanced Test Reactor Irradiation

To compare the ion irradiations performed in this study to nuclear reactor irradiation, the
Advanced Test Reactor (ATR) will be used to perform an irradiation experiment with similar
parameters as the ion accelerator study, albeit in a nuclear reactor. This experiment seeks to
put several samples of depleted UO, in Idaho National Lab’s (INL) ATR for varying lengths
to study the effect of irradiation on microstructure evolution and thermal conductivity of
UQO,. The sample will be placed in the B-7 position of the ATR. This position uses the
Hydraulic Shuttle Irradiation System (HSIS) that allows a train of 16 capsules to be inserted
and removed from the reactor while it is operating. Each titanium capsule in this system is
2.25” long and has on outer diameter of 0.625”, with a maximum weight of 27.0 grams [68|.
It is intended for the capsules to be in the reactor from a few hours to a maximum of 90
days. The approximate thermal and fast (E > 1 MeV) fluxes in the B-7 location is 2.5 - 10
and 8.1-10" n/cm?-s, respectively [68]. An illustration of the ATR reactor core with various

irradiation positions and control mechanisms used are shown in Fig. 60.
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Figure 102: Schematic of ATR showing irradiation test positions. The B-7 position will be
used for this experiment.

Depleted UQOs is used in this experiment to avoid complex microstructure formation due
to fission; properties of d-UO5 are used in the calculations. A suitable material to surround
the UO, would fulfill a few key characteristics. First, it would be practical to handle and put
in a capsule to put in the ATR. Also, the material would undergo a reaction that releases

particles with high enough energy to sufficiently penetrate the UO, and cause significant
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damage. Three types of reactions are explored for viability:

1. Neutron irradiation of incident energy comparable to proton irradiations done at UW-

Madison

2. An (n, o) reaction where both an o particle and a daughter particle would be incident

on the UO, target.

3. A Krypton implantation with neutrons to drive the implanted ions to increasing depths

9.1.1 Neutron Irradiation

The ATR has high fast neutron flux of 8.1-10'® n/cm?-s and therefore can sufficiently irradiate
the d-UQO, samples in the Hydraulic Shuttle Irradiation System. Neutron irradiation is bulk
irradiation which means that the target sample will have consistent damage and not like
ion beam damage that forms a damage plateau and a damage peak. Consistent radiation
damage provides the ability to comment on the thermal transport decrease, the stoichiometry
evolution throughout the sample and the extended microstructure defects. The high energy

neutrons can be used to compare to proton irradiation damage as well.

9.1.2 Alpha Irradiation

Data collected for potential (n, a) reaction targets include cross sections at various energies,
abundance of the isotope, mass of the target and daughter, density, and penetration depth

into UO, target. The (n, o) reaction takes the form shown in equation 3.
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where X is the target isotope with mass number A and atomic number Z, D is the daughter
isotope, and Q is the reaction energy (Q-value) release by the reaction. After calculating
the Q-value from the masses of the target isotope, neutron, o particle and daughter isotope,
the kinetic energies of the daughter and o particles by using classical momentum and kinetic
energy conservation. These formulas for the kinetic energies of the resultant o particle and

daughter isotope are shown in equations 4 and 5, respectively.

_ Q+Tn
T = Whoma/iin)

_ Q+T,
Tp = Gratp ma)

Where T is the kinetic energy of the daughter particle, o particle, or neutron, MD is
the mass of the daughter particle, and ma is the mass of the o particle. Additionally, the
macroscopic cross section is calculated for each isotope using equation 6 to determine the

yield of each (n, o) reaction.

0.0 Npv

% MM

where o is the microscopic cross section (cm-2), ¢ is the density of the target material
(kg/m3), N4, is Avogadro’s number (6.022 - 10** mol™'), and MM is the molecular mass
(g/mol). Cross-section data is used as collected from Brookhaven National Laboratory’s

National Nuclear Data Center [86]. Finally, the energy and isotope information is used to
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calculate the depth the daughter and o particles penetrate in the UO, with the Stopping and
Range of Tons in Matter [104] program. Table 14 shows data from four of the most energetic

reactions of the 42 reactions studied.

Reaction E Ores (D) Tp T, ) Depthp | Depth, | Abund.
B) | V) [MV) | () | ) | (wm) | %
°Li (n, o) *H | thermal 944 3.31 2.49 50.6 4.2 5 7.60
B (n, o) 'Li | thermal | 3690 1.38 2.42 546 1.5 5 19.90
Ni (n, o) Fe | 2 MeV | 6.8-107* | 0.402 12 6.4-107° 0.25 15 68.10
Ni (n, a) *°Fe | 204 ¢V 140 0.408 5.71 12.7 0.25 15 0

Table 19: Data for four energetic (n, o) reactions.

9.1.3 Krypton Implants

Another potential method for implanting particles in UO, is the (n, scatter) reaction. An
advantage of the scatter reaction over the (n, o) reaction is that only one particle is implanted
in the UOs. Energy and momentum balances are used to calculate the final energy of the

target particle. The result is shown in equation.

Tri1-mn (2mn +mx +2'»[(mnmX ))
4m?2+m?3

Ty =

where Ty is the final kinetic energy of the target particle, T,; is the energy of the
incoming neutron, m,, is the neutron mass, and my is the mass of the target particle. The
elements studied for the (n, scatter) include neon, argon, krypton, xenon, lithium, bromine,
rubidium, yttrium, zirconium, cesium, barium, and iodine. Energy and macroscopic cross-

section calculations are done for resonances at high energies. Of the 13 isotopes with multiple
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resonances studied, only three of the reactions yielded particles with penetration depths

exceeding 20 nm. To allow for material analysis, particles need to penetrate about 20 nm.

Table 15 shows these three target particles, the relevant resonances and cross-sections, the

resultant energy of the target, the penetration depth, and the atomic abundance.

Target Ejes Ores Tx by depthy | Abund.
() (L) | m) | %

"Li 261 keV | 12 | 70.9 keV 0.551 400 92.40
Li |4.6MeV | 2.2 | 1.2 MeV 0.101 2300 92.40

O0Ar 77keV | 35 | 70.6 keV | 1.69-10~% 70 99.60

“Br 2 MeV | 2.3 | 32.0 keV | 5.48-1072 25 50.70

84K 2 MeV | 3.1 | 29.0 keV | 8.34-107° 24 57.00

129X e 2 MeV | 4.3 | 18.7 keV | 1.19:107° 12 26.40

Table 20: Data for three (n, scatter) reactions with highest penetration depths.

Ideally, the heavier isotopes listed in Table 14 would be used in the experiment because
they have significant fission product abundance. The (n, scatter) reactions are studied
with incoming neutron energies of 2 MeV (the average fission neutron energy) to obtain
higher resultant energies and larger penetration depths. Since the densities used for these
experiments are at atmospheric pressure, the densities of the gasses could be increased in
the experiment sample to increase the yield of the reaction. Due to its significant fission
product abundance and penetration depth exceeding 20 nm, the 84Kr is the most relevant
scattering reaction.

Due to the uncertainty in the reaction products’ incidence rate on the sample surface, a

new method for krypton irradiation was proposed. Krypton ions will be implanted into the d-



230

UQO, samples at an ion accelerator facility prior to the neutron irradiation in the reactor. The
neutron flux will eventually drive the implanted Kr ions further into the sample to create a
uniform and deeper implant layer. This would be ideal for thermal transport measurements
and EXAFS analysis. Handing these samples prior to the ATR irradiation and inserting

them into the HSIS capsule will also be significantly simplified. Fig. 61 and Fig. 62.

Figure 103: HSIS capsule design for the three sets of d-UO, ATR irradiations.
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Figure 104: Heating in the HSIS capsule during ATR irradiation. The sample temperatures
can be lowered using a gas mixture in the irradiation capsule

A summary of all the neutron, alpha and krypton irradiation is given in Table 16. Three
temperatures for the irradiation ensures that there is comparison between all the ion beam
implanted irradiations. Also, with increasing temperatures, microstructures and chemistry
evolve to result in different damage features. These features will be explored and using
post irradiation examination (PIE) techniques including TEM, EXAFS, XRD and thermal
transport measurements. A total of 54 samples will be irradiated and studied using varying

irradiation doses, temperatures and ion types.
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Kr implant
Specimen types Alpha Implant
PC UO2
Specimen size 3 mm id X 500 um thick

# At each dose | 6 (2 each at 150 C, 500 C, 800 C)
Kr: 1-105, 5.10', 11070
Fluence levels o : 1E16, 5E16, 1E17

n: 1E18,

Table 21: Summary of all the ATR samples to be irradiated along with their ion types, doses
and temperatures

The entirety of this experiment will be funded by the Advanced Test Reactor to encourage
new users to perform novel experiments and to enrich the existing sample inventory with

fuel related samples.
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Appendix A

Relating the microstructure to lattice structure was approached by first performing basic
calculations to compare the TEM observable defects to the EXAFS visible lattice structure
change. This was done by comparing EXAFS information to TEM dislocation information
in case of He?" irradiated UO,. This analysis is given below.

e Dislocation loop density in UO, is 6x10%! loops/m?

e Average loop diameter is 7.3 nm

Assuming a stoichiometric composition of dislocation loops

e Total UO, molecule length is ~ 306 pm or 3.06 A

e Using loop diameter, the total circumference of the loop can be calculated as

Circumference = 27r

.. Circumference of dislocation ~ 23 nm

e Dividing the total circumference by the molecule length of UO,
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2mr

Number of UOs units in each dislocation = ——=——
UO2molecule

23nm

.. Number of UO;, units in each dislocation~ 3064

~76 units of UOy per dislocation

e Using loop density, the total number of units of UO, can be calculated in 1m? of space
Number of UO, units/m® = Loop density x Number of UO, units per dislocation
=Number of UO, units/m?® = 6x10?! loops/m? x76 units of UO, per dislocation

=Number of UO, units/m?® = 4.56x10**loops,/m?

e EXAFS interrogation depth in UO, is approximately 4pm

e Total analysis volume for each sample can be calculated using volume of cylinder

equation

Total interrogation volume = 27r2h

=Total interrogation volume = 27 (52%)2 (4pm)

=Total interrogation volume = 0.17 mm?
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e Using number of dislocations in 1m3

Total number of dislocated units of UOin the interrogation volume = Number of UOq

units/m?3x Interrogation volume

=Total number of dislocated units of UO,in the interrogation volume = 4.56 x 10?3

units/m®*x 0.17 mm?

=Total number of dislocated units of UO,in the interrogation volume = 7.752 x 10'3units

e Using Avogadro’s number, the total number of UOy molecules in the interrogation

volume can be calculated as

Number density of UOq :% - p

Where, N,4= Avogadro’s number = 6.022 x 10%*, M = Molar mass in grams and p =
density of UOy = 10.97 g/cm?

Therefore,

Number density of UOy = %-(10.979/077@3)

=Number density of UOy = 2.446 x10** molecules/cm?
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e Using number density of UO5, the number of UO, molecules in the interrogation volume

can be calculated as

Total number of UO, molecules = 2.446 x 10?2 molecules/cm?® x 0.17 mm?

= Total number of UO, molecules = 4.158 x10'® molecules

e The atoms surrounding the dislocation are also affected by the presence of the dislo-

cation.
e Assuming the dislocation affects 2 lattice planes around it on each side, the total

number of dislocated units can be multiplied by 4

=Total affected UO5 units = 3.10 x10**molecules

e Using this number, the total percentage of the UO, sample that is either a dislocation

or affected by a dislocation can be approximated as,

Percentage of total sample that is dislocated or affected by a dislocation =

3.10x 10 molecules
4.158x 1018 molecules x 100

=0.007 % of the total population
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e Therefore, approximately, 0.007% of the total population is affected due to TEM visible

dislocations
e Similar analysis was done for He**bubbles found in the samples.

e Approximate number of atoms that are affected by bubbles in the lattice are 0.00254%

of population of the sample

Therefore, only about 0.01% of the total constituent molecules will exhibit a change in the

near neighbor structure due to the presence of TEM visible defects.
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Appendix B

This section aims to develop a basic correlation between simulation results and the EX-
AFS observed results. The ultimate goal being the distribution of defect types resulting from

ion irradiation.

e The total interrogation volume in UO, during EXAFS was calculated to be 0.17 mm?.

e The total number of UO, molecules in the interrogation volume are approximately

4.158 x 10'® molecules.

e It was also determined from Appendix A, percentage of molecules affected by TEM

visible defects is approximately 0.01%

e Further, EXAFS detects a 5% change in the number of atoms affected by radiation for

this dose level.
e Therefore, 4.99% of the change is yet unaccounted for

e Assuming there exist damage clusters smaller than TEM visibility on the scale of 2-30

atoms in size, these atoms would then be responsible for majority of the damage.

e 5% of the change in EXAFS corresponds to

5% of atoms in interrogation volume = 0.05 x4.158 x 10'® molecules

=5% of atoms in interrogation volume = 2.08 x 107 molecules
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e Void and cluster density in Cluster Dynamics simulation was calculated to be 1.2

x10%"clusters/m?® at the end of the ion irradiation

e This number was obtained based on CD calculations, taking into account Uygcancys

Uinterstitial, Ovacancy a0d Ojpterstitiar concentration in damage clusters

e Further, these numbers were calculated using average migration energy of point defects

verified through multiple references.

e Therefore, the total number of clusters in EXAFS interrogation volume can be calcu-

lated as

Total CD generated voids and clusters in EXAFS volume = 1.2x 10?"clusters/m3x 0.17

mm3

=Total CD generated voids and clusters in EXAFS volume = 2.04 x 10'7clusters

e According to CD simulations, there is an even spread of clusters and voids in the

material
e This number is very similar to the 5% change in lattice detected in EXAFS

e The percent contribution of CD calculated damage clusters to the 5% change can be

estimated as follows
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% Contribution of CD clusters towards lattice change — g:ggﬁgiz x 100

=98.07 %

98% is an expected contribution of damage clusters towards 5% lattice structure change

in U02

Therefore, Cluster Dynamics models are a good approximation towards understanding
the approximate percentage breakdown of radiation induced structures that alter the

overall material lattice.
98% of 5% is approximately 4.9% of the total lattice change.

This implies, the remaining 0.09 % of the defects are due to point defects and other

miscellaneous defect types.

Proceeding further, O defects tend to have a significantly less migration energy (0.3

eV for Oygeancy) as compared to U defects (2.4 for Uygeancy)

Therefore, O defects tend to be more mobile and quickly get absorbed in the vacancy

and interstitial defect clusters

On the other hand, U defects are rate limiting defects and can reduce/ increase the

rate of O defect absorption

Therefore, of the remaining point defects are predominantly uranium type defects and

a small distribution of oxygen point defects
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e This agrees with the O clustering results from EXAFS analysis, where O rich and O
poor regions collectively demonstrate O point defects getting absorbed to form clusters

and voids

e On the other hand, U defects in EXAFS show a spread around their crystallographic

position in no clear sub-structure that could indicate clustering comparable to oxygen.
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