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Abstract

Metallic alloys are a widely used class of structural materials, and the mechanical prop-

erties of these alloys are strongly dependent on the microstructure. Therefore, the scien-

tific design of metallic materials with superior mechanical properties requires the under-

standing of the microstructural evolution. Computational models and simulations offer

a number of advantages over experimental techniques in the prediction of microstruc-

tural evolution, because they can allow studies of microstructural evolution in situ, i.e.,

while the material is mechanically loaded (meso-scale simulations), and bring atomic-

level insights into the microstructure (atomistic simulations). In this thesis, we applied a

multi-scale modeling approach to study the microstructural evolution in several metallic

systems, including polycrystalline materials and metallic glasses (MGs).

Specifically, for polycrystalline materials, we developed a coupled finite element

model that combines phase field method and crystal plasticity theory to study the plas-

ticity effect on grain boundary (GB) migration. Our model is not only coupled strongly

(i.e., we include plastic driving force on GB migration directly) and concurrently (i.e.,

coupled equations are solved simultaneously), but also it qualitatively captures such

phenomena as the dislocation absorption by mobile GBs. The developed model pro-

vides a tool to study the microstructural evolution in plastically deformed metals and

alloys.

For MGs, we used molecular dynamics (MD) simulations to investigate the nucle-

ation kinetics in the primary crystallization in Al-Sm system. We calculated the time-

temperature-transformation curves for low Sm concentrations, from which the strong

suppressing effect of Sm solute on Al nucleation and its influencing mechanism are

revealed. Also, through the comparative analysis of both Al attachment and Al diffu-
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sion in MGs, it has been found that the nucleation kinetics is controlled by interfacial

attachment of Al, and that the attachment behavior takes place collectively and hetero-

geneously, similarly to Al diffusion in MGs.

Finally, we applied the MD technique to study the origin of five-fold twinning nu-

cleation during the solidification of Al base alloys. We studied several model alloys and

reported the observed nucleation pathway. We found that the key factors controlling the

five-fold twinning are the twin boundary energy and the formation of pentagon struc-

tures, and the twin boundary energy plays the dominant role in the five-fold twinning

in the model alloys studied.
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Chapter 1 : Introduction

1.1 Importance of microstructure in metallic materials

Metallic materials (metals and alloys) are the most important type of structural materials

in human civilization and industrialization. Strength, hardness, wear resistance, corro-

sion resistance, castability and plasticity are among the desirable mechanical properties

of structural metallic materials. Design of materials with superior performance is the

ultimate goal in the research of metallic materials.

Since the materials science and engineering is comprised of four primary critical

elements: processing, structure, properties and performance, therefore the systematic

materials design requires the understanding of the interconnections between these four

primary elements, as shown in the paradigm in Fig. 1.1. As Fig. 1.1 suggests, the deduc-

tive cause-and-effect logic of science flows to the right, while the inductive goal-means

relations of engineering flow to the left. Structure is at the heart of the paradigm connect-

ing processing with properties. In the hierarchy of material structures, microstructure

(i.e., the appearance of the material on the nm-cm length scale) offers the richest va-

riety of structural arrangements. Access to this variety is often conveniently available

through simple processing such as heat treatment and mechanical deformation. As ma-

terial structure determines its properties, engineering a target microstructural state with

desired properties therefore becomes the critical task in materials design. Once the realm

of the target microstructure has been identified, the key to the design of microstructures

is an understanding of microstructural evolution.

According to the pattern of the atomic packing in the microstructure, metallic systems

can be classified into crystalline materials and metallic glasses (MGs). In this thesis,
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Fig. 1.1: The materials science and engineering paradigm that shows the structure con-

nects processing with properties [1].

we study the microstructural evolution in both two classes of materials. In crystalline

metals and alloys, the constituent atoms are arranged on a lattice with a long range

order, except for the interruptions by materials defects. The microstructure in crystalline

materials is comprised of phases, phase boundaries, grains, grain boundaries (GBs),

dislocations, etc. In contrast, MGs lack the long-range order and only exhibit short-

range order (SRO) and medium-range order (MRO). Commonly, SRO is characterized

by Voronoi polyhedrons (VPs) and MRO by the arrangement of VPs into networks.

Therefore, SRO and MRO, together with the possible crystal nuclei and crystal particles

(if any), comprise the scope of microstructure in MGs. In the following sections, both

the crystalline metallic materials and MGs will be introduced.

1.2 Crystalline metals and alloys

Crystalline metals and alloys typically possess high strength and hardness, fatigue re-

sistance and good malleability, and therefore are used in a wide variety of applications.

There are several strengthening mechanisms to improve the mechanical properties of
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crystalline metals and alloys, such as work hardening, solid solution strengthening,

precipitation hardening and GB strengthening, etc. To take a concrete example, GB

strengthening by means of grain refinement is one of the common techniques to enhance

materials properties in polycrystalline metals and alloys. Grain size has a tremendous

influence on the mechanical behaviors, because GBs act as an impediment to dislocation

motion in plastic deformation. The grain size dependence of materials strength can be

mathematically described as the Hall-Petch relationship:

σy = σ0 +
ky√

d
, (1.1)

where σy is the yield strength, σ0 is the reference yield strength, ky is a constant, and d

is the average grain diameter in the polycrystals.

Although typical grain refinement can increase the yield strength for ultrafine- and

nano-grained materials, this strength enhancement often comes at the expense of de-

graded ductility. It has been reported [2, 3] that bulk ultrafine- and nano-grained alloys

with fine twin structures can achieve a combination of both high strength and good ten-

sile ductility. This is because, in the presence of pre-existing fine twins, the dominant

slip mechanism changes from full dislocation activities to twin boundary (TB) migration,

which can accommodate a considerable amount of plastic strain. Therefore, TB strength-

ening becomes an important strategy for microstructure engineering. Among the twin

structures, five-fold twins (five {111} neighboring twins that share a common 〈110〉 di-

rection and have a five-fold symmetry relationship) are of particular interest, not only

because they introduce TBs and increase materials strength while preserving ductility,

but also because they are suggested to correlate with effective grain refinement [4–6]

and to be responsible for the formation of twined dendrites in Al alloys [7, 8]. How-

ever, the formation mechanism of five-fold twins has not been well understood. In this

thesis, we used molecular dynamics (MD) simulation to study the five-fold twinning of
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model systems, since MD method is a powerful tool to reveal the atomic-level behaviors

underlying the crystallization and therefore can offer many precious insights into the

nucleation mechanism of five-fold twinning in Al alloys.

Apart from the application of aforementioned strengthening mechanisms to design

the desirable microstructure, the prediction of microstructure degradation of in-service

materials is equally important for their performance and lifetime. Under the effects of

mechanical deformation, temperature and aging, the microstructure can be degraded

due to grain coarsening, solute segregation to interfaces, precipitation of detrimental

phases, fatigue and creep, etc. Therefore, understanding the microstructural evolution

of materials in operando is crucial in advanced material design. Among all the adverse

factors in the service environment of structural materials, plastic deformation is one of

the most common and it would result in grain coarsening, creep, recrystallization, crack

initiation and propagation, etc. Considering the limitations of experimental approaches,

understanding the way how plastic deformation fundamentally affects the microstruc-

tural evolution requires one to develop a computational model to study the plasticity

effect on GB migration.

Phase field method is a useful and versatile technique for modeling the microstruc-

tural evolution. Therefore, in this thesis we coupled concurrently and strongly the phase

field model with the crystal plasticity theory to simulate the plasticity driven GB migra-

tion. The developed coupling framework has been implemented into MOOSE/MARMOT

simulation package.

1.3 Metallic glasses

MGs are solid metallic materials with disordered atomic-scale structures, i.e., they have

glass-like atomic arrangements. Unlike common glasses, such as window glasses which

are transparent and typically electrical insulators, MGs are opaque and have good elec-
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Fig. 1.2: (Color online) (a) Schematic representation of TTT curve for solidification and

(b) Change of specific volume during the cooling of liquid alloys.

trical conductivity. Compared to crystalline metals and alloys, MGs usually have very

attractive mechanical properties such as high strength and high elastic limit, high resis-

tance to wear and corrosion, as well as good biocompatibility [9–15]. Therefore, MGs

have attracted a lot of interest since they were first reported in 1960 by Duwez et al. [16].

However, the low glass forming ability (GFA) of some alloys such as Al-base systems

has so far hindered synthesis of the bulk samples and therefore limited the engineer-

ing applications of these materials. Therefore, lots of efforts have been devoted towards

developing alloys with high GFA [9, 17, 18].

There are several approaches in which MGs can be produced, including extremely

rapid cooling (or melt quenching), physical vapor deposition, solid-state reaction, ion

irradiation, and mechanical alloying [19, 20]. Rapid cooling is the most common tech-

nique to prepare MGs. As shown in the time−temperature−transformation (TTT) curve

in Fig. 1.2a, if the liquid alloy is cooled down at a cooling rate higher than the criti-

cal cooling rate Rc, the crystallization would be frustrated and the supercooled liquid
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would vitrify once the temperature reaches below the glass transition temperature Tg.

Fig. 1.2b shows the change of specific volume as the alloy cools down for two extreme

cases, including crystallization and glass transition. As the first-order phase transition,

crystallization is usually accompanied by an abrupt drop of materials properties such

as specific volume and enthalpy around the melting temperature Tm. In contrast, glass

transition is a second-order phase transformation, and the specific volume and enthalpy

decrease continuously as the glass transition takes place at Tg. In spite of the knowledge

of the preparation methods of MGs, the nature of glass transition and GFA of alloys are

still yet to be well understood, and they have been undergoing intensive research.

According to whether the crystallization nucleation can be avoided entirely in typical

experimental conditions, MGs can be classified to bulk metallic glass (BMG) formers

and marginal glass formers. BMGs are relatively better glass formers and their synthesis

is nucleation controlled. In contrast, the marginal glass formers usually have very high

Rc and the occurrence of nucleation is often inevitable. Therefore, rapid quenching by

melt spinning technique (the cooling rate of 103 - 106 K/s can be achieved typically) is

usually used to control the growth of the fine nuclei. Rc directly quantifies the GFA of

alloys. The lower the value of Rc is, the higher the GFA is. For Al base alloys, which are

all marginal glass formers, the values of Rc typically range from 104 to 106 K/s [21, 22].

Despite the key role of Rc in the research of MGs, experimental challenges have

limited its measurement to a minute fraction of known glass formers. Also, usually

computational methods cannot be applied for calculating Rc due to limited time scales

of molecular simulations. Therefore, it is difficult to identify the alloy compositions with

good GFA. In order to overcome this challenge, some empirical temperature-related in-

dicators have been proposed to infer the relative GFA [23, 24]. These empirical indicators

include Tg/Tl, Tx/Tl, Tx/(Tg + Tl), etc., where Tg, Tl and Tx are the glass transition tem-

perature, liquidus temperature, and the onset crystallization temperature, respectively.

However, the aforementioned empirical indicators are not robust and they require the
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experimental preparation of an alloy to measure Tg, Tl, and Tx. More recently, structural

descriptors of MGs have been proposed to infer the GFA of alloys, such as the icosahe-

dral VPs and superclusters. For instance, it has been found [20] that during the rapid

solidification of Al-Sm MG, the population of icosahedral VPs keeps increasing with

the decreasing temperature, and the maximum icosahedral-ordering has been found in

Al90Sm10 alloy, which is consistent with the range of compositions (8.0 at.% - 16.0 at.%)

found experimentally with high GFA. Therefore, understanding the structural evolution

during the rapid quenching of alloys is not only helpful to the understanding of glass

transition nature, but also critical to the design of MGs with good GFA.

As mentioned earlier, Al-based alloys are all marginal glass formers, and the rapid

quenched Al-based MGs are usually characterized by a primary crystallization reaction

upon heating, which produces a high density of Al nano-scale crystalline particles and

consequently enhances the mechanical properties of alloys [25–27]. For instance, the

fracture strength of the dispersion-strenthened MGs can be 20% - 120% higher than that

of pure amorphous MGs [28–30]. The origin of the high density of fine Al crystals is still

under debate, and it may result from the quenched-in nuclei [26, 27] or nucleation at a

potent heterogeneous site upon heating [31]. In addition, the effects of micro-alloying

on the nucleation kinetics, especially on the atomic level, during the nanocrystallization

were poorly studied previously. A knowledge of such effects will undoubtedly con-

tribute to the understanding of the GFA of alloys. In this thesis, we used MD simulation

method to study the nucleation kinetics and to identify the micro-alloying effect in the

primary crystallization of Al-Sm MG.

1.4 Overview of the thesis

The remainder of the thesis is organized as follows. In Chap. 2, we introduce the com-

putational tools used in this study. We first introduce the general concept of phase field
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description of microstructure, followed by the phase field grain growth model. Then

we briefly introduce the crystal plasticity theory. Finally we discuss the MD simulation

technique, including the general simulation process and the common neighbor analysis.

In Chap. 3, we introduce the development of the multi-physics model which cou-

ples concurrently and strongly the phase field model with crystal plasticity theory. The

derivation of the plastic driving force and the strategy for solving the coupled equations

are introduced first. Then we discuss the model parameters including GB properties

and crystal plasticity model parameters. Finally a bicrystal simulation example is used

to demonstrate the effect of plasticity on GB migration.

In Chap. 4, we study the isothermal nucleation kinetics in Al-Sm MGs using MD

simulations. First we calculate the time-temperature-transformation curves for low Sm

concentrations, from which the Sm alloying effect and its influencing mechanism are

revealed. Subsequently, the Al nucleation attachment mechanism is also identified and

compared to the mechanism of Al diffusion in MGs.

In Chap. 5, we use MD simulations to investigate the nucleation mechanism of five-

fold twins in Al model alloys. Our MD simulations reveal a new nucleation pathway,

which does not require the participation of any nucleation templates. From the nucle-

ation pathway, we identify two key factors, that is, the TB energy and the formation of

pentagon structures. Through correlating each factor with the twinning propensity and

five-fold twinning frequency, it is found that the TB energy plays the dominant role in

the five-folding twinning for the model systems studied.

Finally, Chap. 6 concludes this thesis and briefly discusses some interesting directions

that may be worthy of investigation in the future.
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Chapter 2 : Methods

In this chapter, we introduce the multi-scale simulation methods applied in this thesis.

Specifically, in the first two sections, phase field model and crystal plasticity finite ele-

ment (CPFE) are introduced, which are coupled in Chap. 3 to study the plasticity driven

grain boundary (GB) migration. In the last section, molecular dynamics (MD) method

is discussed, which we apply to study the nucleation kinetics in Al-Sm MGs in Chap. 4

and multiple twinning in Al alloys in Chap. 5.

2.1 Phase field method

2.1.1 Phase field description of microstructure

The phase field method has become an important and extremely versatile technique for

simulating microstructural evolution at the mesoscale. In the phase field method, micros-

tucture is represented numerically with a set of so-called phase field variables, including

conserved and non-conserved ones. In particular, conserved variables are typically re-

lated to the local composition, or volume fraction, while the non-conserved variables

usually contain information on the local (crystal) structure and orientation, like order

parameters. The set of phase-field variables must capture the important physics behind

the phase transformation or coarsening process. The key merit of phase field method is

the diffuse interface description of microstructure. As Figure 2.1 shows, diffuse interface

model allows properties (structure, orientation and composition) to evolve continuously

across the interface, as opposed to the sharp interface model. Under the diffuse-interface

description, the total system free energy F is consisted of bulk (chemical) free energy

Fbulk, interfacial energy Fint, and other contributions Foth (e.g., deformation energy, elec-
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Fig. 2.1: Schematic representation of (a) diffuse and (b) sharp interface models [2].

tric energy, magnetic energy, etc.) [1]

F = Fbulk + Fint + Foth. (2.1)

The microstructural evolution, represented as the interface kinetics, is driven by the

reduction of the total free energy F. The interface kinetics is modeled by evolving

the phase field variables temporally according to a set of partial differential equations

(PDEs), which are derived based on general thermodynamic and kinetic principles [2].

Specifically, the conserved variables are evolved according to the Cahn-Hilliard equation,

i.e., [3]
∂ci

∂t
= ∇ ·M∇ ∂F

∂ci
, (2.2)

where M is the species mobility. Non-conserved variables are evolved following the

Allen-Cahn equatioin [4],
∂ηi

∂t
= −L

∂F
∂ηi

, (2.3)

where L is the order parameter mobility.

Phase field method makes it possible to study the evolution of arbitrary complex

phase/grain morphologies without the need to track the interface explicitly, which is

the main advantage of this model over the sharp interface ones such as the Monte Carlo
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Potts model. Therefore, this method has been extensively used to study many physical

problems in materials science, such as solidification modeling [5, 6], solid-state phase

transformations [7–10], coarsening, and grain growth [11–14].

2.1.2 Phase field grain growth model

We apply the grain growth model proposed by Chen [11]. In this model, each grain is

represented using one of the order parameters {ηi}, which take on the value of 1 within

grains they represent, and change gradually to 0 across the boundaries. According to

the diffuse interface theory [15], the total system free energy is usually expressed in the

form of an integral:

F =
∫

V

[
f0(η1, η2, ..., ηp) +

p

∑
i

κi

2
(∇ηi)

2 + ψ

]
dV, (2.4)

where V is the system volume, f0(η1, η2, ..., ηp) is the bulk chemical free energy density,

κi is the gradient energy coefficient. ψ is the other type of free energy density (such as

deformation energy which will be discussed in the next chapter, etc.). Following the pro-

posal by Moelans et al. [16], we choose the chemical free energy density f0(η1, η2, ..., ηp)

to be represented by a polynomial

f0(η1, η2, ..., ηp) = µ

[
p

∑
i=1

(−1
2

η2
i +

1
4

η4
i ) + γ

p

∑
i=1

∑
j 6=i

η2
i · η2

j +
1
4

]
, (2.5)

where µ and γ are parameters associated with GB properties. By plugging in Eqs. (2.4)

and (2.5) into Eq. (2.3), the Allen-Cahn equatioin is reduced to

∂ηi

∂t
= −L

[
µ

(
η3

i − ηi + 2γηi ∑
j 6=i

η2
j

)
−∇ · κi∇ηi +

∂ψ

∂ηi

]
. (2.6)

The model parameters µ, γ, κi and L are selected such that they can reproduce the de-

sired GB energy σGB and GB mobility mGB. Here the values of these parameters are
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determined according to the following relations proposed by Moelans et al. [16]

γ = 1.5, (2.7a)

κi ≈
3
4

σGBlGB, (2.7b)

L ≈ 4
3

mGB

lGB
, (2.7c)

µ ≈ 3
4

1
f0,saddle(γ)

σGB

lGB
, (2.7d)

where lGB is the diffuse GB width and f0,saddle(γ) is the chemical free energy of the

system at the saddle point. Details of the parameterization method are described in

Ref. [16].

If the grain growth is driven only by reducing the total interfacial free energy ( ∂ψ
∂ηi

= 0

in Eq. (2.6)), the average local curvature of GB becomes the sole driving force for GB

migration, namely, P = σGB(γ1 + γ2), where P is the driving force, γ1 and γ2 are the

average local curvatures along two perpendicular tangents of the GB surface. The grain

growth process is shown to obey the empirical kinetics law: Rm
t − Rm

0 = kt, where k is

kinetics coefficient, R0 and Rt are average equivalent grain radii in initial state and at

time t, respectively, and m is called grain growth exponent. For normal grain growth

without impurity drag effect or system anisotropy, the value of m equals 2 theoretically.

Figure 2.2 shows snapshots of a 2D grain growth simulation of Cu with isotropic GB

properties (mGB = 3.2× 10−9 m4/(J · s), σGB = 0.708 J/m2) in a 2 µm× 2 µm system. The

initial structure was obtained from the Voronoi tessellation and contained 1000 grains.

Figure 2.3 shows the evolution of average grain size R with time t. The data were fitted

to the equation t = ARm
+ B by a multi-parameter non-linear least-square fitting routine

to extract the growth exponent m. The data in the initial 300 ns were removed from the

fitting to eliminate the effect of the initial structure relaxation. The normal grain growth

exponent obtained is shown to be almost 2. This suggests that phase field method is
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(a) t = 0 µs (b) t = 2.2 µs (c) t = 4.7 µs

Fig. 2.2: Snapshots of curvature driven grain growth in a 2 µm × 2 µm system, with (a)

initial structure, (b) and (c) structures after 2.2 µs and 4.7 µs, respectively.

an effective and accurate approach to model the meso-scale grain growth in metals and

alloys.

The aforementioned phase field model can be coupled with other physics model to

study more complicated grain growth phenomena. For instance, one can couple linear

elasticity with the above phase field model to study the elasticity driven grain growth.

Following the constitutive law (σσσ = C · εεε) in the linear elasticity theory, the elastic energy

density can be written as ψ = 1
2Cijkl · εijεkl. Here, Cijkl is the weight averaged elasticity

tensor among multiple grains, and εij and εkl are the strain components. The derivative
∂ψ
∂ηi

can therefore be derived to be

∂ψ

∂ηi
=

∑ h(ηi)ψi

∑ h(ηi)
. (2.8)

Plugging in Eq. (2.8) into Eq. (2.6), one can simulate the effect of elasticity on grain

growth.

Fig. 2.4 shows an example of a 2D elastic grain growth simulation in a 1 µm × 1

µm system. The initial structure was obtained from the Voronoi tessellation, and grain
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Fig. 2.3: The time dependence of average grain radius in the 2 µm × 2 µm system. Data

are fitted into equation t = ARm
+ B.

orientations were randomly assigned to each grain in the beginning of the simulation.

The Dirichlet boundary condition (BC), a displacement dx of 20 nm, was applied on the

right boundary along [100] direction. GB migration is driven by both the GB curvature

and the elastic energy. One can see from Fig. 2.4 that, 〈100〉 direction becomes the

preferred orientation as grain growth proceeds. This is because the grains near 〈100〉

orientation are “soft” grains with respect to the loading in this case, which contain the

smaller elastic energy density and grow at the expense of the “hard” grains.

2.2 Crystal plasticity finite element

The crystal plasticity finite element (CPFE) method has emerged as a powerful tool to

model heterogeneous deformation and stress at the microstructure level [17, 18]. In CPFE

method, a single crystal plasticity model is employed at each material point in a finite

element (FE) simulation. As shown in Fig. 2.5, the deformation gradient F is decomposed

into the elastic part (lattice strain and rotation) Fe and the plastic part (dislocation slip)
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(a) t = 0 ns (b) t = 0 ns

(c) t = 600 ns (d) t = 600 ns

(e) t = 1500 ns (f) t = 1500 ns

Fig. 2.4: Snapshots of elasticity driven grain growth of Cu in a 1 µm × 1 µm system of 90

grains initially, subjected to a Dirichlet BC dx = 20 nm on the right boundary. (a), (c) and

(e) are the initial Voronoi polyhedra, structures after 600 ns and 1500 ns, respectively; (b),

(d) and (f) are the corresponding grain occurrence frequencies along different orienta-

tions. x, y and z represent [100], [010] and [001] crystallographic directions, respectively.
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Fig. 2.5: Multiplicative decomposition of deformation gradient.

Fp according to the following equation

F = Fe Fp. (2.9)

The model assumes dislocation slip to be the sole mechanism for plastic deforma-

tion [19], and therefore, the evolution of velocity gradient is given by

ḞpFp−1 =
n

∑
α=1

γ̇αmα ⊗ nα, (2.10)

where mα, nα and γ̇α are the slip direction, slip plane normal, and plastic shear rate on

the α-th slip system, respectively. The Schmid tensor is defined as Sα ≡ mα ⊗ nα. The

shear stress, τα, resolved on each slip system activates the slip activity following the flow

rule [20]

γ̇α = γ̇0

∣∣∣∣τα

sα

∣∣∣∣1/m
sgn(τα), (2.11)

where γ̇0 is the reference slip rate, sα is the slip system resistance, m is the strain rate

sensitivity, and sgn() is a sign function that takes values of ±1. When the α-th slip
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system undergoes shear, it increases its own slip resistance sα (a phenomenon known as

self hardening), as well as the resistances of all the other slip systems sβ (β 6= α) (known

as latent hardening). Therefore, the material is work hardened through both self and

latent hardening mechanisms and the rate of change of slip resistance can be described

as [21]

ṡα = ∑
β

hαβ|γ̇β|. (2.12)

In the above equation hαβ is the hardening matrix, which takes the form [22]

hαβ = qαβh0

∣∣∣∣1− sβ

ss

∣∣∣∣c sgn
(

1− sβ

ss

)
, (2.13)

where ss is the saturated slip system resistance. The prefactor h0 and the exponent c are

constants and qαβ is a measure for self (α = β) and latent (α 6= β) hardening. qαβ usually

takes the value of 1.0 for coplanar slip system and 1.4 otherwise, based on the fact that

material is usually work hardened more effectively if multiple slip systems are activated

as compared to activation of a single slip system [22]. Equation (2.13) phenomenologi-

cally captures the micromechanical interaction among different slip systems.

In the multiplicative crystal plasticity model, the stress and strain tensors are related

in the intermediate configuration, where elastic strain is released but plastic strain is

retained. The constitutive law takes the following form

T = C · Ee, (2.14)

where C is the elasticity tensor. T is the 2nd Piola-Kirchhoff stress and it is related to the

Cauchy stress σσσ through T ≡ (det Fe)Fe−1σσσFe−T. Ee is the Lagrange elastic strain and is

defined as Ee ≡ 1
2FeTFe − I, where I is the identity tensor.

Given the above plasticity framework, the governing equations (strong form) associ-

ated with quasistatic solid mechanics on the domain Ω and boundary Γ = Γι ∪ Γg can
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be expressed as

∇ · σσσ +~b =~0 in Ω, (2.15a)

~u =~g on Γg, (2.15b)

σσσ ·~n =~ι on Γι, (2.15c)

where ~u is the displacement vector, ~b is the body force, ~n is the unit normal to the

boundary, ~g is the prescribed displacement on the boundary and ~ι is the prescribed

traction on the boundary.

In contrast to J2 plasticity model which applies the von Mises yield criterion, crystal

plasticity model not only does not require an explicit yield criterion, it also captures the

plasticity anisotropy since the material can only flow along slip systems. CPFE method

has been applied to a large range of materials and crystal structures [23, 24].

2.3 Molecular dynamics

MD technique, developed by Fermi et al. [25], Alder et al. [26] and Rahman et al. [27], is a

classical computer simulation method used to study the atomic-scale dynamic evolution

of a many-body system. MD method models the motion of classical particles (e.g., atoms

or molecules) by solving Newton’s equations of motion:

mi
d2~ri

dt2 = ∑
j 6=i

~Fij + ~Fe
i , (2.16)

where mi and ri are the mass and position, respectively, of atom i, ~Fij is the interatomic

force applied by atom j on atom i, and ~Fe
i is the external force applied on atom i. The

calculation of ~Fij will be discussed later in this section. Eq. 2.16 is usually integrated

numerically over a small timestep ∆t, the size of which for atomic system is of the

order of 10−15 s (1 fs). The Velocity-Verlet algorithm is one of the most commonly used
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integration schema and it implements the following equations:

~ri(t + ∆t) = ~ri(t) + ~vi(t)∆t +
~Fi(t)
2mi

(∆t)2, (2.17a)

~vi(t + ∆t) = ~vi(t) +
~Fi(t) + ~Fi(t + ∆t)

2mi
∆t, (2.17b)

where ~vi is the velocity of atom i and ~Fi = ∑j 6=i ~Fij + ~Fe
i represents the total force acting

on atom i.

A simplified schematic representation of the standard MD simulation process is

shown in Fig. 2.6. MD simulations can be valuable in providing insights into statisti-

cal problems as no a priori assumptions are required in MD method. The best physical

fidelity and accuracy that MD simulations can achieve depend largely on the calculation

of force fields. In classical MD simulations, the interatomic force ~Fij is usually calculated

from the gradient of the interatomic potential energy:

~Fij = −∇Uij(~rij), (2.18)

where Uij(~rij) is the interatomic potential energy between atom i and atom j. Develop-

ment of force fields is beyond the scope of this thesis.

The most popular types of potentials employed to simulate phase transformations in

metallic systems are Finnis-Sinclair (FS) [28] and embedded atom method (EAM) [29]

potentials. As many-body potentials, FS and EAM potentials are comparable to pair po-

tentials with respect to computational efficiency, but outweigh them in the reproduction

of important properties. FS type potential has the following functional form

U =
N−1

∑
i=1

N

∑
j=i+1

φtitj(rij) +
N

∑
i=1

Φti(ρi), (2.19)

where ti represents species of atom i, N is the total number of atoms, rij is the distance
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Calculate desired physical properties

Advance time: t → t + ∆t

Repeat as long as needed

Fig. 2.6: Simplified schematic representation of MD simulation process.

between atom i and j, φtitj(rij) is the pairwise interaction energy, Φti(ρi) is the embed-

ding energy function, ρi = ∑j Ψtitj(rij) is the electronic density, and Ψtitj(rij) are density

functions. In this work, the FS potential was used to study the nucleation kinetics of

Al-Sm MGs (Chap. 4) and multiple twinning in Al alloys (Chap. 5).

In the EAM potential description, the potential energy of atom i is given by

Ei = Φti

(
∑
i 6=j

ρtj(rij)

)
+

1
2 ∑

i 6=j
φtitj(rij), (2.20)

where ti represents species of atom i, rij is the distance between atoms i and j, ρtj is the

contribution to the electron charge density from atom j at the position of atom i, Φti is

the embedding function energy that is required to place atom i into the electron cloud,

and φtitj is a pairwise potential function. In our studies, the EAM potential was applied

for simulating multiple twinning in Al alloys (see Chap. 5 for more details).
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In our MD simulations, the common neighbor analysis (CNA) [30, 31] was used ex-

tensively to conduct the structural analysis. In this method, the CNA pattern of each

atom is first calculated from the topology of its nearest neighboring atoms, then com-

pared to the reference pattern and finally classified into face-centered cubic (FCC), body-

centered cubic (BCC), hexagonal close packed (HCP) or other structures. The nearest

neighbor list is obtained by comparing the distance of two atoms with the predefined

cutoff rc, which is often set to be the average of the first and the second nearest neigh-

boring atoms in the perfect crystal structures. Specifically,

rfcc
c =

1
2

(√
2

2
+ 1

)
a, (2.21a)

rbcc
c =

1
2
(
√

2 + 1)a, (2.21b)

rhcp
c =

1
2

(√
4 + 2x2

3
+ 1

)
a. (2.21c)

Here, a is the lattice parameter, x = (c/a)/1.633, where c is the unit cell height in HCP

structure. More details of CNA method can be found in Ref. [30].

In summary, in this chapter we briefly discussed the different computational meth-

ods used in our studies. For phase field and crystal plasticity models, we used the

MOOSE/MARMOT simulation package to conduct all the simulations, where we also

implemented the developed framework coupling phase field and crystal plasticity the-

ory. The details of the coupling approach and the FE technique used for solving PDEs

will be discussed in Chap. 3. For MD simulations, the LAMMPS simulation package is

used throughout this thesis, and the simulation details will be presented in Chap. 4 for

the study of nucleation kinetics in MGs and in Chap. 5 for multiple twinning studies in

Al alloys.
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Chapter 3 : Modeling the Plastic Driving Force for Grain

Boundary Migration

Dislocations stored in heavily deformed materials play an important role in driving mi-

crostructural evolution. In this chapter, we developed a full coupling model that concur-

rently couples the phase field method with CPFE analysis to study GB migration under

a plastic driving force [1]. In our model, we describe multiple active grains in GB regions

with crystal plasticity theory and use a weighted sum of their properties (i.e., stress and

elastic/plastic potentials, etc.) to evaluate the plastic driving force for GB migration. The

model can qualitatively capture the absorption of dislocations by mobile GBs through

re-initialization of slip system resistances of newly active grains. A FE based precon-

ditioned Jacobian-free Newton-Krylov approach is used to simultaneously solve all the

nonlinear partial differential equations for the coupled physics models. Determining

model parameters and validation of the model are accomplished by simulating copper

bicrystals and comparing the results to available experiments. This model provides a

useful tool for effectively simulating GB migration in metals undergoing large plastic

deformation. All the developments have been implemented in the MOOSE/MARMOT

simulation package.

3.1 Introduction

Mechanical properties of polycrystalline alloys depend on the details of the microstruc-

ture, e.g., grain sizes and orientations, GB networks, dislocation densities. Not only

the grain size affects the mechanical properties of materials, but mechanical deforma-

tions can also alter the grain size. Both deformation-induced grain refinement [2–5] and
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grain coarsening [6, 7] have been reported in experimental and computational studies.

Therefore, understanding and predicting how GBs migrate in the presence of plastic

deformation is important to the development of materials with optimized mechanical

properties.

Computer simulations make it possible to track the evolution of stresses and strains

as well as microstructural evolution in operando (i.e., during deformation) and they al-

low one to isolate different effects in the interplay between mechanical deformation and

microstructural evolution. Therefore simulations provide a useful complementary ap-

proach to experiments.

Different modeling techniques have been used to study plastic deformation behav-

iors of materials. Atomistic simulations, such as those based on the MD technique,

are able to capture the effect of plastic deformation on GB migration and sliding [8, 9].

However, this method cannot simulate microstructural changes in materials on typical

experimental time scales. For instance, the deformation rate for standard MD simula-

tions (108− 1010 s−1) is much higher than in experiments (10−3− 10−4 s−1). Modeling of

deformation on typical experimental time scales is often accomplished by the use of FE

analysis, but in this method it can be challenging to efficiently track interface kinetics.

A useful and highly versatile technique for modeling evolution of a microstructure, and

more generally of interfaces, is the phase field method. This method can be coupled

with a model of plastic deformation in order to simulate the effect of plastic behavior on

microstructural evolution. A few approaches towards this goal have been reported so

far, and they are summarized below.

A two-step coupling approach, proposed by Takaki et al. [10, 11], Güvenç et al. [12]

and Vondrous et al. [13], describes the deformation process and microstructural evolu-

tion with separate models that are coupled sequentially. This approach has been used

to model static recrystallization process during annealing, where the stored energy of

deformation is the main driving force for microstructural evolution. Specifically, the de-
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formation prior to annealing is simulated by the FE method based on crystal plasticity

theory. Subsequently, the deformed structure is mapped onto the phase field mesh as

input, so that the stored deformation energy can be used to drive the evolution of the

microstructure. The two-step method is relatively easy to implement, but the one-way

data transfer reduces the accuracy of the results and such approach is not capable of

modeling dynamic recrystallization, where the GB migration and plasticity mutually

affect each other.

Abrivard et al. [14] developed an iteratively-coupled model which accounts for both

the GB driving force due to the stored deformation energy and the dislocation absorp-

tion by mobile GBs. In their framework, the data is mutually exchanged at each time

step between phase field and crystal plasticity models. This model is therefore more ap-

plicable to studies of phenomena such as dynamic recrystallizations [14, 15]. While the

model has many advantages, one of its limitations is that the coupling is hierarchical in

nature due to the fact that the two individual physics models (i.e., mechanics/plasticity

and phase field) are still solved separately and data exchange occurs only once per time

step. This kind of loose coupling leaves open questions of stability and accuracy of

the solutions, as discussed in Refs. [16, 17]. In addition, the authors followed the grain

growth model proposed by Kobayashi, Warren and Craig Carter [18, 19] (often referred

to as KWC model) which uses a single variable to describe the crystal orientations of

all grains. This treatment of grain orientations can only deal with two dimensional

problems. For three dimensional cases, an entirely different approach must be taken,

for example using the quaternion representation [20]. In such case one would need to

develop a completely different approach for coupling with the crystal plasticity model

from what was done in Ref. [14].

One integrated approach taken by several authors involves incorporating dislocation

dynamics into phase field using the microelasticity theory [21–23]. In this framework,

both short-range and long-range interactions between dislocations are taken into account
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and the model can account for strain hardening. In the presence of interfaces such as

GBs, geometrically necessary dislocations are often taken into account in the model to

physically represent the effect of interfaces on the non-uniform plastic deformation [24].

This approach provides a high level of physical fidelity. However, the fine mesh reso-

lution required to resolve dislocations makes this approach computationally prohibitive

for simulating large-scale problems, especially when one wants to combine simulations

of microstructural evolution with models of dynamic mechanical contacts as we intend

to do in the future.

Another approach has been introduced by Gaubert et al. [25] and Cottura et al. [26].

These authors developed phase field models that incorporate phenomenological vis-

coplasticity and used these models to study rafting in Ni-base superalloys. These ap-

proaches are able to address the dynamic coupling between microstructural evolution

and viscoplastic deformation. By adding strain gradient plasticity formalism into their

model, Cottura et al. [26] were also able to study the effects of precipitate size on vis-

coplastic behavior. However, the above framework only considers coherent interfaces,

and therefore it cannot be used to simulate GB migration. In addition, although there is

a free energy term in the model associated with hardening, the corresponding param-

eters are deliberately chosen so that the plastic driving force vanishes. Consequently,

plasticity evolves the microstructure only indirectly by decreasing the elastic stress due

to plastic strain. In other words, only the elastic driving force on the interface migration

is present. This kind of model that neglects the plastic driving force (or more precisely,

that includes the impact of plasticity effect indirectly as described above) will be referred

to as a weakly coupled model in this work.

Here, we develop a multi-physics model that is coupled fully (i.e., PDEs for indi-

vidual physics models are solved simultaneously) and strongly (i.e., we include plastic

driving force on GB migration directly). In particular, we use CPFE method [24, 27] to

simulate the plastic deformation and phase field grain growth model [28] to effectively
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simulate the GB migration. We combine the FEM and Jacobian-free Newton-Krylov

(JFNK) technique [29] to simultaneously solve the PDEs for both physics models (i.e.,

mechanics/plasticity and phase field) at each time step. More details of such FEM-

JFNK approach will be discussed in Sec. 3.4. The theoretical framework developed in

this work has been implemented in the MOOSE/MARMOT simulation software [30, 31]

which was used to carry out all the simulations. Our model makes it possible to simulate

the GB migration driven by plastic deformation. For instance, the model can be used

to effectively model irregular grain growth in highly deformed materials. Note that the

aim of our studies is to investigate GB migration within a bulk material and we do not

include the effect of free surfaces as has been done by the authors of Refs. [32, 33].

The phase field method and crystal plasticity theory have been introduced in Sec. 2.1

and Sec. 2.2 in Chap. 2, respectively. The remainder of this chapter is organized as

follows. In Secs. 3.2 to 3.4, we introduce the detailed coupling method and the strategy

for solving systems of coupled PDEs that represent the two physics models in our study.

In Sec. 3.5, we discuss the model parameters, including GB properties, and parameters

for crystal plasticity model and the plastic potential. In Sec. 3.6, we apply the model to

simulate compressive deformation of a Cu bicrystal to demonstrate the effect of plasticity

on GB migration and to compare our results to published experiments where data is

available. Finally a brief discussion and concluding remarks can be found in Sec. 3.7.

3.2 Elastic and plastic potential energies

When one couples a plasticity model with phase field model, the energy density ψ in-

troduced in Eq. 2.4 would become the deformation-induced free energy. In this case, ψ

consists of the elastic potential ψe and the plastic potential ψp. For any grain i,

ψi = ψe
i + ψ

p
i . (3.1)
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Considering hyperelasticity, the elastic potential energy can be written as

ψe
i =

1
2

T : Ee. (3.2)

Plastic deformation is an energy dissipation process, with most of the plastic work spent

on overcoming barriers to dislocation motion and dissipated as heat. However, a frac-

tion of the plastic work is stored in form of elastic interactions of trapped dislocations,

which is defined as the plastic potential energy. Instead of relating the plastic potential

to evolving dislocation densities directly, we use an expression proposed by Ortiz and

Repetto [34], where plastic potential energy is written in terms of internal variables of

the previously discussed crystal plasticity model [34],

ψ
p
i = A

[
∑
α

∑
β

aαβ|γα γβ|
]3/4

. (3.3)

Here γα and γβ are the accumulated slip strains on slip systems α and β, respectively.

aαβ is an interaction coefficient matrix, which we assume to take the same value as qαβ

(related to work hardening through Eq. (2.13)), because both plastic potential and work

hardening originate from the same physical mechanism – dislocation accumulation. A

in Eq. (3.3) is a parameter related to the heat dissipation in plastic deformation. A

reasonable choice of A should make the ratio δ of plastic potential rate over plastic power

on the order of a few percent, with the exact value depending on a specific material [35].

Our approach to determine A will be described in more detail in Sec. 3.5.3.

3.3 Coupling of phase field and crystal plasticity

In our approach, we couple the phase field grain growth and crystal plasticity models

to account for the interplay between microstructural evolution and plastic behavior in

severely deformed materials. In the phase field method, the microstructure is defined
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by the values of the phase field variables. However, in the crystal plasticity model, the

microstructure is defined by local state variables at the integration points in the FE mesh

that evolve during deformation. Thus, coupling of these two models requires a means

of rectifying these two different descriptions. This is accomplished by describing mul-

tiple grains with the crystal plasticity model in the interfacial/GB regions. Mean field

polycrystal plasticity methods [36] describe polycrystalline behavior using a weighted

average of the stress in each individual crystal and a similar approach is taken here over

the interfaces. In a grain interior, only one grain has a nonzero order parameter and thus

there is only one active grain. Across the interface a number of order parameters could

have nonzero values and thus be active. Based on Taylor’s assumption [36], each of the

active grains are assumed to experience the same strain rate. However, their stresses

and internal states evolve differently. A weighted sum of stresses in different crystals

provide the average stress at the material point.

In our implicit FEM approach, the iterative JFNK algorithm is used to solve for the

variables values at a given time t. As part of the iterations, the residual functions for the

displacements and all the phase field order parameters are evaluated at each integration

point. For each evaluation, the number of active order parameters is determined by

identifying the number of order parameters that have a value above a specified tolerance

with value close to zero. For each active grain that was active in the previous time

step, the local slip system resistances are evolved, as are the local crystal orientations.

For a newly active grain, the values for these state variables are set to their initial values.

Then, for active grain i, the crystal plasticity equations are solved, computing the Cauchy

stress σi, the elastic strain Ee
i , and the accumulated slip system strains γα

i . From these,

the elastic and plastic potential energies, ψe
i and ψ

p
i are calculated. The total values at

the integration points are weighted averages of the contributions from all active grains

i at the integration point. Thus, the CPFE analysis is used to calculate the contribution

qi ∈ {σσσi, sα
i , ψe

i , ψ
p
i } and the final property q is obtained by interpolating qi based on the
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Active grains: ηi
Input: {Sα

i , Ci, sα
i }

σσσi, sα
i , ψe

i , ψ
p
i

q = ∑ [h(ηi)qi]
∑ h(ηi)

Evolve {ηi}

CPFE

Interpolation

Phase field

Fig. 3.1: Schematic illustration of the coupling scheme. The circled part of the GB con-

nects two active crystals (i = 1 and i = 2). The diagram on the right outlines basic steps

in the scheme. All the variables are explained in the main text. Briefly, Sα
i , Ci, sα

i , re-

spectively, represent Schmid tensor, elasticity tensor, and slip system resistance in grain

i. σσσ, sα, ψe, ψp, respectively, stand for Cauchy stress, slip system resistance, elastic and

plastic potential on the GB. q and qi represent a general property, i.e., q ∈ {σσσ, sα, ψe, ψp}

and qi ∈ {σσσi, sα
i , ψe

i , ψ
p
i }.

weights of active grains {i} according to

q =
∑ h(ηi)qi

∑ h(ηi)
. (3.4)

Here, h(ηi) =
1
2 [1+ sin(π(ηi− 1

2))] is the interpolation weight function. These values are

then used in the computation of the order parameter residuals. This process is illustrated

in Fig. 3.1. Note that during each JFNK iteration, the residuals for displacements and

order parameters are driven down simultaneously, as discussed in Sec. 3.4.

The above approach defines the plastic deformation behavior at the GB region. Since

GB atomic structure is disordered and there are no well defined slip systems within

the GBs, the plastic behavior of the GB region can be challenging to model. An al-
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ternative approach would be to apply a sharp interface scheme, where all properties

change abruptly and discontinuously across a GB. However, the infinite derivatives of

properties across a GB can lead to convergence issues when the GB migrates. It is more

common in phase field models to create continuously changing interface properties by

applying some kind of interpolation scheme as done here. One of the approaches that

has been shown to work well for pure elasticity problems [37, 38] is based on order

parameter dependent weighted interpolation of elasticity tensors, which employs the

actual gradient field of the order parameter. However, this approach cannot be used to

interpolate Schmid tensors in the present case, because the rotation transformation and

the interpolation do not preserve the zero trace property of the effective Schmid tensors.

Therefore, we represent multiple active grains across the GB and use a weighted sum of

their properties.

During grain growth in plastically deformed materials, a migrating GB leaves behind

material with reduced dislocation density. This phenomenon may occur during a recrys-

tallization process, where the stored deformation energy is the main driving force for GB

migration [39]. We describe this phenomenon in our coupling approach when we set the

slip system resistances for newly active grains to the initial value. For example, consider

an integration point at which only order parameter five is active (the point is currently

in the interior of grain five). This point has been plastically deforming such that the

several of the slip system resistances are significantly above their initial value. Now, the

boundary with grain eight approaches, such that order parameter eight is now active at

the integration point and all its slip system resistances are reset to the initial state. Thus,

grains five and eight are active, though grain five has significantly higher slip system

resistance. The GB continues to migrate until order parameter five goes inactive, leaving

only order parameter eight, with the lower slip resistances, such that the GB migration

effectively reduces the dislocation density.

Under the coupling formulation introduced in this section, the derivatives of elastic
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and plastic potential energy (eqs. (3.1)-(3.3)) with respect to the order parameter ηi are

∂ψe

∂ηi
=

ψe
i − ψe

∑i h(ηi)

∂h(ηi)

∂ηi
(3.5)

and
∂ψp

∂ηi
=

ψ
p
i − ψp

∑i h(ηi)

∂h(ηi)

∂ηi
. (3.6)

The derivative ∂ψ
∂ηi

= ∂ψe

∂ηi
+ ∂ψp

∂ηi
enters the Allen-Cahn equation (Eq. (2.6)) as discussed in

Sec. 3.4.

Note that in our model we do not include the effect of the deformation-induced

microstructure distortion as discussed in Ref. [40], since this effect is weak for low and

intermediate deformation rates.

3.4 Jacobian-free Newton-Krylov (JFNK) method

We solve the nonlinear system of coupled PDEs using FEM. To prepare for the FEM

discretization, we construct the weak form of Eqs. (2.6) and (2.15) in residual form

RRR1 =

(
∂ηi

∂t
, φm

)
+ L(κi∇ηi,∇φm)− L〈κi∇ηi ·~n, φm〉

+ L
(

∂ f0

∂ηi
+

∂ψe

∂ηi
+

∂ψp

∂ηi
, φm

)
= 000 (3.7)

and

RRR2 =

(
ρ0

∂2uuu
∂t2 , φm

)
− (σσσ,∇φm) + 〈σσσ ·~n, φm〉 = 000, (3.8)

where ρ0 is the material density, φm is the test function, and (·) and 〈·〉 represent volume

and boundary integrals, respectively.

To solve a general vector of nonlinear residual equations RRR(xxx) = 000, one can use

Newton’s method which involves iterations of the following steps

(1) Compute the Jacobian matrix of the residual: JJJ(xxx) = ∂RRR(xxx)
∂xxx ;
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(2) Solve JJJ(xxxk)δxxx = −RRR(xxxk) for δxxx;

(3) Update xxxk+1 = xxxk + δxxx.

The iteration is continued until δxxx is sufficiently small or some other stopping criterion

is met. However, for problems with large numbers of degrees of freedom (where the

degrees of freedom is equal to the number of nodes multiplied by the number of vari-

ables in PDEs), the cost of calculating the Jacobian is typically very high and usually

dominates the computation [30]. In addition, in multi-physics problems or nonlinear

mechanics problems with complicated constitutive laws, the Jacobian can be difficult to

determine and approximating the Jacobian slows or even prevents convergence [41].

In the JFNK approach, the Krylov solver does not require the Jacobian itself but

instead the action of the Jacobian on a vector, JJJ(xxxk)vvv. This Jacobian vector product can

be approximated efficiently with finite difference method according to [29, 42]

JJJ(xxxk)vvv ≈
RRR(xxxk + εvvv)−RRR(xxxk)

ε
, (3.9)

where ε� 1. The above finite difference approximation is used together with the gener-

alized minimum residual method [43] to solve the Jacobian system. In order to make the

computation more efficient, JFNK is usually applied along with a right preconditioning

JJJ(xxxk)M−1(Mδxxxk) = −RRR(xxxk), where M−1 is the preconditioner. Eq. (3.9) becomes

JJJ(xxxk)M−1vvv ≈ RRR(xxxk + εM−1vvv)−RRR(xxxk)

ε
. (3.10)

Thus, the exact Jacobian is not required for convergence but does accelerate convergence.

A common means of simplifying the preconditioning matrix is to only consider the

diagonal blocks of the Jacobian, i.e., the blocks corresponding to the partial derivatives

of the residual function with respect to its corresponding variable. This can drastically

simplify the matrix for systems with many variables. In this approach we used this
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approach and achieved reasonable convergence using JFNK.

The combination of FEM and the preconditioned JFNK approach allows one to si-

multaneously solve all the PDEs for coupled multi-physics problems at each time step,

which guarantees high accuracy of the solution. This approach has been implemented

in MOOSE software package.

3.5 Model parameterization

3.5.1 GB properties

We use the value of GB energy for pure Cu as determined from MD simulations by

Schönfelder et al. [44], i.e., σGB = 0.708 J/m2. GB mobility mGB in our phase field

model is obtained from experimental measurements by Viswanathan and Bauer [45].

The authors studied GB migration in 99.999 wt.% purity Cu bicrystals with [001] rotation

axis and they found the reduced GB mobility m?
GB (m?

GB = mGB · σGB) to be in the range

of (0.975− 1250) × 10−13 m2/s at the temperature of 773− 848 K. Given the value of

σGB assumed in our simulations, we can obtain the range of mGB to be 1.38× 10−13 −

1.75× 10−10 m4/(J · s). Therefore in our simulations we choose an intermediate value

mGB = 1.0× 10−12 m4/(J · s). Here, we use the GB mobility variable to effectively capture

the GB kinetics without considering explicitly the underlying physical mechanisms.

Phase field parameters µ, γ, κi and L (first introduced in Sec. 2.1) are determined

from σGB and mGB according to Eq. 2.7 developed by Moelans et al. [46].

3.5.2 Parameters of the crystal plasticity model

Most of the parameters for the crystal plasticity model of Cu are taken from Refs. [24,

47, 48] and these parameters are summarized in Table 3.1. For well annealed pure ma-

terials with negligible initial dislocation densities, the initial slip resistance s0 is mainly

due to the lattice friction, which must be overcome to move an individual dislocation.

Therefore, here we approximate the initial slip resistance, assumed to be the same for all



42

Table 3.1: Crystal plasticity model parameters for Cu. In the table, m is strain rate

sensitivity, γ̇0 is the reference slip rate (defined in Eq. (2.11)), c and h0 are constants in

the hardening matrix (Eq. (2.13)), qαβ is latent hardening coefficient, s0 and ss are the

initial and the saturated slip system resistances, respectively, and C11, C12 and C44 are

the elastic constants.

Parameter Value Units

m 0.050 [48]

γ̇0 0.001 [47] s−1

c 2.5 [47]

qαβ (α = β) 1.0 [24]

qαβ (α 6= β) 1.4 [24]

h0 541.5 [47] MPa

s0 10 MPa

ss 110 [47] MPa

C11 1.684× 105 [47] MPa

C12 1.214× 105 [47] MPa

C44 7.500× 104 [47] MPa

slip systems in our simulations, with the value of the Peierls-Nabarro stress τPN [49, 50]

s0 ≈ τPN = G exp(−2πW/b), (3.11)

where W = d
1−ν is the dislocation width, ν is Poisson’s ratio, d and b are interplanar

distance and the length of Burgers vector, respectively, and G is the shear modulus. For

the 〈110〉 {111} slip system in Cu, ν = 0.34, d = 2.1 Å, b = 2.55 Å, and G = 27 GPa [51].

Based on these values, s0 is calculated to be around 10 MPa. The strain rate sensitivity

m is chosen to be 0.05, corresponding to the temperature of around 800 K [48].
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In order to test the validity of the parameters used in our crystal plasticity model, we

simulate uniaxial compression of a 2D polycrystalline Cu sample without grain growth

as shown in Fig. 3.2. The deformation is displacement-controlled so that the desired

engineering strain rates ė can be achieved. We calculate the stress field throughout the

deformation process and determine the Von Mises equivalent stress σvm as a function of

the equivalent true strain ε, and the results are plotted in Fig. 3.2. The simulated poly-

crystal has dimensions of 20 µm × 20 µm and it consists of 15 grains with the average

grain diameter of around 5.9 µm. The polycrystal was prepared by Voronoi tessellation

method starting with a random distribution of grain centers and grain orientations. We

fit an empirical power law hardening equation σvm = K εn to the calculated σvm-ε data

set. Here, K is the work hardening coefficient, which depends on strain rate, and n is the

work hardening exponent. The fitted K and n values for different strain rates are listed

in Table 3.2. Typical values of K and n for Cu polycrystals deformed at experimental

engineering strain rates (ė = 10−3 − 10−4 s−1) are reported as K = 420− 480 MPa and

n = 0.35− 0.50 [48], which are reasonably close to our predicted values of K = 512 MPa

and n = 0.446 for ė = 10−3 s−1 and K = 457 MPa and n = 0.445 for ė = 10−4 s−1. This

good agreement indicates that the crystal plasticity model with parameters in Table 3.1

can be used effectively to model large plastic deformation behavior of Cu.

3.5.3 Plastic potential parameters

The plastic energy stored in deformation is represented with an energy function devel-

oped by Ortiz and Repetto [34] and shown in Eq. (3.3). Here we discuss our approach

to determine the value of the prefactor A in that equation. In general, A can be obtained

by measuring experimentally the ratio of the dissipated heat over the total plastic work

and fitting the parameter A in simulations to reproduce this ratio. Here, we determine

A by fitting the potential energy data predicted from Eq. (3.3) at different strains to the

energy calculated from an empirical formula for stored dislocation energy density
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Fig. 3.2: (Color online) Predicted Von Mises equivalent stress σvm as a function of the

equivalent true strain ε for a 2D polycrystalline Cu sample deformed at different engi-

neering strain rates ė. The sample was compressed along one of the two dimensions and

the boundaries along the other dimension were relaxed. The solid curves were obtained

from the power law σvm = K εn with fitted parameters in Table 3.2.

Table 3.2: Fitted parameters in the hardening law (σvm = K εn) of a simulated 2D poly-

crystalline Cu at different engineering strain rates ė. The ranges of experimental values

of these parameters reported for Cu are K = 420− 480 MPa and n = 0.35− 0.50 [48].

ė (s−1) K (MPa) n

1× 101 812 0.448

1× 10−1 660 0.454

1× 10−3 512 0.446

1× 10−4 457 0.445
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Edisl = α′Gb2ρ, (3.12)

where ρ is dislocation density, α′ is a dimensionless coefficient ranging from 0.3− 0.5

(here we assume α′ = 0.4), G is the shear modulus, and b is the length of Burgers vector.

Before we can determine A, first we express the dislocation density ρ in terms of

internal variables of our model, and then we verify the applicability of the expression.

Empirical data obtained for a large number of alloys and metals [52–55] suggests that

ρ, irrespectively of the exact details of the spatial distributions of dislocations, can be

approximately related to the slip system resistance s as

s = s0 + α′Gbρ1/2, (3.13)

where s0 is the initial slip resistance and is assumed the same here for all slip systems,

and s is the current slip resistance averaged over all slip systems. Equation (3.12) can be

thus reduced to

Edisl =
(s− s0)

2

α′G
. (3.14)

To verify that reasonable dislocation densities can be predicted by Eq. (3.13) from the

values of slip system resistance in our model, we calculate the dislocation densities in

a deformed 2D Cu single crystal and we compare them to dislocation densities mea-

sured experimentally and reported in Refs. [56–58]. In simulations, we apply an uniaxial

compressive engineering strain of 10−3 s−1 along either the [100] or the [110] direction.

Experimental specimens, even those that are reported as well-annealed, often have an

initial non-negligible density of stored dislocations before the deformation is applied.

The initial dislocation densities are usually introduced during synthesis and processing

of specimens or they are left behind after annealing due to the incomplete dislocation

annihilations. This initial dislocation density is accounted for in the initial slip resistance

and is not included in the calculation of the dislocation density from Eq. (3.13). For this

reason, when comparing to results of our model, we subtracted the initial dislocation



46

D
is

lo
ca

ti
on

de
ns

it
y

ρρ ρ
(1

014
m
−

2 )

0

5

10

15

20

25

Engineering strain eee
0.0 0.1 0.2 0.3 0.4 0.5

Exp. Compr. [56]
Exp. Compr. [56] - shifted
Exp. Tension [57]
Exp. Tension [57] - shifted
Exp. Tension [58]
Sim. [100] Compr.
Sim. [110] Compr.

Fig. 3.3: (Color online) Comparison of dislocation densities calculated in our simula-

tions to those determined experimentally (Refs. [56–58]). Solid and dashed lines show

dislocation densities calculated using Eq. (3.13) from simulations of a Cu single crys-

tal compressed at the engineering strain rate of 10−3 s−1 along the [100] and the [110]

directions, respectively. Open symbols represent dislocation densities measured experi-

mentally during uniaxial compression (Ref. [56]) or uniaxial tension (Refs. [57, 58]). The

corresponding solid symbols represent experimental data shifted by the initial disloca-

tion densities (equal to the offset on the vertical axis). ”Compr.”, ”Exp.” and ”Sim.”

stand for ”Compression”, ”Experiment” and ”Simulation”, respectively.
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density from the original experimental data. The calculated dislocation density and the

original and shifted experimental data are plotted in Fig. 3.3. Note that the data from

Ref. [58] was not shifted because the initial dislocation density was already zero. Two

curves are reported for the simulated data corresponding to uniaxial compression along

[100] (solid line) and along [110] (dashed line) directions. The different dislocation den-

sities for these two curves result from the plastic anisotropy of Cu crystal. Considering

that the experimental specimens are polycrystalline and consist of grains with differ-

ent orientations, the dislocation densities calculated from our model show a quite good

agreement with the reported data. This agreement implies that Eqs. (3.13) and (3.14) can

predict a reasonable dislocation density and stored deformation energy, respectively.

One should keep in mind that although Eq. (3.14) can be used to approximate the

stored deformation energy, we choose not to use it for derivation of the plastic driving

force. This is because the variable s in Eq. (3.14) is an average over all local slip systems,

and it cannot capture the anisotropic nature of plastic deformation. Instead, Eq. (3.14) is

only used to determine the prefactor A in the plastic potential function (Eq. (3.3)).

Having verified the empirical relation in Eq. (3.14), we can now determine the value

of prefactor A (in Eq. (3.3)) using the fitting method described earlier in this section.

Specifically, we simulate uniaxial compression of a 2D Cu single crystal at an engineering

strain rate of 10−3 s−1 with the compression axis being parallel to either the [100] or the

[110] direction. The BCs and system size in these simulations were the same as for the

simulations that led to results shown in Fig. 3.3. The stored dislocation energy density,

elastic potential and fitted plastic potential for [100] compression direction are plotted in

Fig. 3.4. We find that the prefactor A is inversely proportional to the average slip strain

γ over all slip systems

A =
1

k · γ MPa, (3.15)

where γ = 1
12 ∑α γα, the constant k depends weakly on the deformation direction and
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Fig. 3.4: (Color online) Dislocation energy density, elastic potential and fitted plastic
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ratio δ of plastic potential over plastic work as a function of true strain ε for strain rate

ė = 10−3 s−1 and ė = 10−1 s−1.
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is either 7.0 (for [100] direction) or 7.5 (for [110] direction). Therefore, we choose an

intermediate value k = 7.2 in our later simulations of bicrystals. The ratio δ of plastic

potential rate over plastic work rate is also calculated for different strain rates and shown

in the inset of Fig. 3.4. We find that the value of δ is on the order of a few percent and

shows a relatively weak strain rate dependence (a decrease of δ by less than 37% for

an increase of ė from 10−3 s−1 to 10−1 s−1). The small value of δ and the relatively

weak strain rate dependence are in a qualitative agreement with experimental findings

in Refs. [35, 59].

3.6 Simulating GB migration using the coupled model

3.6.1 GB migration under different driving forces

The effect of plasticity on GB migration is illustrated in a simulation of compressive

loading of a 2D Cu bicrystal with dimensions of 20 µm × 20 µm. Fig. 3.5 shows the

geometry of the bicrystal in undeformed and deformed states, with two grains initially

rotated by 45◦ relative to each other around the tilt [001] axis. The GB is normal to the

x-axis, and the initial GB position is at x = 10 µm. The compressive load is applied

along the y-axis at an engineering strain rate of ė = 1.0× 10−2 s−1.

In our simulations we assume that individual grains have a single static crystal ori-

entation without any gradient or heterogeneity, which renders a constant elasticity and

Schmid tensor throughout each grain. In reality, this assumption does not have to be

valid and there can be small variations in the orientation within a deformed grain due

to the heterogeneous distribution of dislocations. For instance, transmission electron

microscopy (TEM) observations of dislocation arrangements by Bailey et al. [58, 60]

in polycrystalline Cu indicate that the dislocations form cell structures with relatively

dislocation-free interior of the cells. Bailey et al.’s analysis also shows that the misorien-

tations across the cell walls are equal or smaller than 2◦ in Cu foil deformed in uniaxial
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Fig. 3.5: Schematic representation of a bicrystal simulation cell before (dashed) and after

(solid) deformation. GB positions are indicated by arrows. Before deformation, the right

grain is rotated with respect to the left one by 45◦ around the [001] axis. A compressive

load is applied at an engineering strain rate of 1.0× 10−2 s−1 along the y direction.

tension up to 30% strain. Since such small misorientations would not cause big changes

in elastic constants or slip system orientations, our approximation that these properties

are uniform within each grain is reasonable.

In order to compare the effects of elasticity and plasticity on GB migration, we con-

duct the following three simulations on the same bicrystal model, but with three differ-

ent material models and driving forces for GB migration:

I Linear elasticity model for deformation, with only elastic driving force for GB mi-

gration;

II Crystal plasticity model for deformation, with only elastic driving force (Eq. (3.5))

for GB motion included explicitly in the model;

III Crystal plasticity model for deformation, with both elastic (Eq. (3.5)) and plastic

(Eq. (3.6)) driving forces for GB migration explicitly included in the model.
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In all cases, GB migrates to the right (although the GB velocity vary among the three

cases), because the left grain has a lower potential energy density than the right one.

The energy difference between these two grains drives the GB to migrate in such a way

that the system potential energy is decreased. The crystallographic orientation of the left

grain is preferred during texture development under the load conditions applied in our

simulations. GB migration distances as a function of time are plotted in Fig. 3.6. In the

linear elasticity simulations (case I), all of the externally applied work is transferred into

the elastic potential energy without any dissipation. As a result, the driving force for GB

migration in case I is the largest among all three cases. Crystal plasticity approach (cases

II and III), on the other hand, includes the energy dissipation effect in the construction

of the driving forces on GB migration as discussed in Sec. 3.2. The difference between

GB velocities for case II and case III, shown in Fig. 3.6, demonstrates that the stored

dislocation energy provides a significant driving force for GB migration, especially for

large deformations.

3.6.2 Dislocation absorptions by mobile GBs

As we discussed in Sec. 3.3, in order to model reduction of dislocation density behind a

moving GB, newly active grains are initialized with slip system resistances at the initial

value. The purpose is to capture qualitatively absorption of crystal lattice dislocations

by GBs. Consequently, dislocation density, plastic potential and material hardness are

also reduced. There are two competing processes included in our model that contribute

to the change in dislocation density (dρ): (i) Dislocation increase (dρ+) is induced by

continued deformation and (ii) Dislocation reduction (dρ−) occurs due to absorption of

dislocation by a moving GB. One can therefore write

dρ = dρ+ + dρ−. (3.16)

Since the material undergoes plastic deformation continuously in our simulation, in
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the initial stage of the simulation when the slip system resistances are near their initial

values and the plastic driving force is low, the first term (dρ+) dominates. At a later stage

(at t = 9− 10 s in our simulation), as the slip system resistances get larger, the second

term (dρ−) becomes increasingly important. The combined effect of the two terms leads

to an abrupt decrease of ρ and forms a local minimum right behind a moving GB due

to the dominance of dρ−, and a gradual increase of ρ away from the GB (until a plateau

is reached) due to the increasing dominance of dρ+. Since slip system resistance, plastic

potential, and Von Mises equivalent stresses are all closely related to dislocation density,

these variables should show similar trends. Profiles of these variables across a migrating

GB are plotted in Fig. 3.7. The abrupt decrease and the gradual increase of these property

values are indicated by vertical and inclined arrows, respectively. The local minimum of

dislocation density behind the GB is responsible for the distinct change in the slope of

the GB migration distance curve between 9 and 10 seconds for case III in Fig. 3.6. This is

because this local minimum increases the energy gradient across the GB and therefore it

increases the plastic driving force for GB migration.

The dislocation-reduced region, predicted in our model, has also been observed ex-

perimentally in the microstructure of deformed polycrystalline Cu. For instance, Bailey

and Hirsch [60] investigated static annealing of deformed Ni and Cu, and they reported

that there were comparatively few dislocations in the region through which the GB has

moved. Sakai et al. [61] reported TEM observations of Cu microstructure during dis-

continuous dynamic recrystallization and their studies indicate that GB migration left

behind a dislocation-free region and new dislocations accumulated further away from

the mobile GB. Our simulations are in a qualitative agreement with such experiments.
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Fig. 3.7: (Color online) Profiles of weight averaged properties (calculated from Eq. (3.4))

as a function of the coordinate x across GB at different times t. (a) Slip system resistance

s averaged over all slip systems; (b) Plastic potential ψp, and (c) Von Mises stress σvm. GB

positions at different times are indicated with vertical dashed lines. The vertical arrows

indicate the minima of these properties in the region behind the moving GB, whereas the

inclined arrows represent a gradual increase of the property values away from the GB

until a plateau is reached. The minima of these properties start to develop at t = 9− 10 s.
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3.7 Discussion and Conclusions

Our coupling model combines crystal plasticity with phase field grain growth to en-

able simulations of plasticity effects on GB migration. Our simulations show that the

stored deformation energy exerts a strong driving force on GB motion, especially at

large strains. Many experiments [60, 62–65] have shown that, in a highly deformed

material, a mobile GB absorbs dislocations encountered in its pathway so that the dislo-

cation density is lowered in the region swept by the GB. In our framework, we assume

the migration of GB completely resets the material to its original dislocation density. This

approach does not distinguish among the different physical mechanisms of interaction

between dislocation and GB. These mechanisms can include: 1) GBs acting as barriers

to dislocation motion, 2) partial transfer of dislocations across GBs, and 3) GBs acting as

sources and sinks of dislocations. One should also keep in mind that in our model the

mechanisms for GB movement are incorporated effectively into GB mobility, instead of

being included explicitly.

The main conclusions of this chapter can be summarized as follows:

1) We developed a multi-physics model where the phase field grain growth model

and CPFE method are fully coupled. In other words, FEM-JFNK numerical ap-

proach is applied to simultaneously solve the nonlinear system of PDEs for both

physics models;

2) The multi-physics model is strongly coupled as it incorporates explicitly the plastic

driving force for GB migration. Also, our model captures qualitatively the inter-

action of dislocations with mobile GBs, and leads to formation of dislocation-free

region behind a moving GB, as were observed in experiments.
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Chapter 4 : Nucleation Kinetics in Al-Sm Metallic Glasses

In this chapter, the isothermal nucleation kinetics in Al-Sm MGs with low Sm concentra-

tions (xSm) was studied using MD simulations in order to calculate time−temperature−

transformation curves [1]. The average delay time of Al nanocrystal nucleation was

found to increase exponentially with xSm, whereas the estimated critical cooling rate

necessary to avoid crystallization decreases exponentially with xSm. Sm solutes were

found to suppress Al nucleation by increasing the attachment barrier and therefore by

reducing the attachment frequency. The analysis shows that the attachment of Al to

the evolving nucleus has the same characteristics as Al diffusion within the amorphous

matrix and they both take place heterogeneously via collective movement of a group of

Al atoms.

4.1 Introduction

MGs have attracted a growing interest since they were first reported in 1960 by Duwez et

al. [2], due to their superior mechanical properties, better corrosion resistance and forma-

bility [3–6], as compared to their crystalline counterparts. In particular, Al-based MGs

have a lower density and higher specific strength, and therefore have become promising

candidates for applications as structural components [7, 8]. Rapidly quenched Al-based

MGs are usually characterized by a primary crystallization reaction upon heating which

produces a high density of FCC Al nanocrystals and consequently enhances the me-

chanical properties evidently [9–11]. For instance, it has been reported that the fracture

strength of MGs with such nanocrystalline dispersions is 20 to 120% higher than that of

the pure amorphous phase alloys with the same compositions [12–14].
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The primary crystallization is of significant importance in understanding glass for-

mation of alloys and there are two aspects of the primary crystallization that are still not

well understood. One of them concerns unknown mechanisms underlying the effect of

micro-alloying on the glass forming ability (GFA) of Al-based and other systems. This

effect is known to be significant [15, 16]. The second issue that needs to be elucidated

is the nucleation kinetics in the primary crystallization [17], especially on the atomic

level. To address these issues, here MD simulations were carried out to investigate the

isothermal nucleation reactions of Al-Sm binary MG. This glass has been reported in

experiments to undergo the primary crystallization during annealing [17–20]. In this

study, a particular attention is devoted to Sm effect on the nucleation kinetics and the

atomic-level mechanism controlling the nucleation attachment. Simulation of the crystal

growth after the nucleation is outside the scope of this study.

4.2 Simulation methods

4.2.1 MD simulation of isothermal nucleation reaction

MD simulations are performed using the LAMMPS simulation package [21], based on a

Finnis-Sinclair type semi-empirical potential developed for Al-Sm alloy by Mendelev et

al. [22]. This potential is able to reproduce the basic pure Al properties and formation

energies of Al-Sm crystal phases, as well as predict the realistic liquid/glass structure

of Al-Sm alloy up to 10% Sm in a large temperature range [22]. Therefore, it is suitable

for simulating the solidification/vitrification in Al-Sm system at low Sm concentrations.

Bokas et al. [23] have successfully applied the same potential to study the icosahedral-

ordering in the rapid solidification of Al-Sm alloys.

In the simulations, a 9 × 9 × 9 nm3 simulation box was used, that contained a total

of 42,592 atoms, and the periodic BCs were enforced in all three Cartesian directions. An

isothermal-isobaric (NPT) ensemble is used in all the simulations and the temperature
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and pressure are controlled with the Nose-Hoover thermostat and barostat, respectively.

The nominal pressure is maintained to 0 GPa. The Al-Sm sample is prepared by ran-

domly substituting a certain fraction of Al atoms with Sm atoms in the solid state. The

sample is first heated to 2000 K in order to melt it, then it is equilibrated at this high

temperature for 300 ps, followed by a rapid cooling (4× 1013 K/s) to 10 K to let the sys-

tem vitrify. After an additional equilibration at 10 K, the as-quenched system is reheated

quickly to the annealing temperature Tanneal for an isothermal nucleation reaction. The

temperature history and the snapshots from simulations of heating, quenching and an-

nealing are shown in Fig. 4.1. In the MD simulations, it is observed that the FCC Al

crystal nucleates directly from the glassy state without the formation of any intermedi-

ate structures. This observation is consistent with those from the atomistic simulations of

solidification of pure Al [24, 25], and is distinct from the reported nucleation mechanism

in Lennard-Jones fluids and some metallic systems where a metastable BCC structure

acts as the precursor for nucleation of the stable FCC phase [26–28].

The delay time τ for the first nucleation event since the start of the annealing process

is recorded in every annealing simulation. An adaptive CNA method [29] was used for

the structure identification, which examines the local environment to classify each atom

as different structural types such as FCC, BCC, HCP or amorphous structure. Details of

the method to determine the delay time can be found in Sec. 4.2.2.

In order to understand the Sm effect on nucleation, the nucleation data was fitted

with the classical nucleation theory (CNT). From these fits the nucleation kinetic barriers

were determined and then compared with Al/Sm diffusion energy barriers in order to

identify the controlling process in the Al nucleation kinetics. The calculation of diffusion

coefficients and diffusion barriers can be found in Sec. 4.2.3. The details are reported in

Secs. 4.3.2 and 4.3.3. Finally, the mechanisms participating in the nucleation event were

identified; these mechanisms are compared to those governing Al diffusion in Al-Sm

MG and are discussed in Sec. 4.3.4.
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Fig. 4.1: (Color online) (a) The temperature history of Al-Sm samples. Delay time τ

of the first nucleation is recorded in each simulation. (b)-(d) Snapshots of nucleation

simulation process. The red and blue atoms represent Al and Sm, respectively. Only Al

FCC atoms are shown in (d).

One should note that, in this chapter, the term “nucleation barrier” is avoided since it

is ambiguous and does not distinguish the nucleation free energy barrier ∆G∗ from the

nucleation kinetic barrier Q. ∆G∗ is the free energy cost associated with the formation

of a critical nucleus of a new phase, whereas Q is the energy barrier per atom that needs

to be overcome in the process of atomic attachment to nuclei.
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4.2.2 Determination of delay time

According to classical nucleation theory (CNT) [30, 31], the nucleation delay time τ is

the time required by the new phase cluster to grow and overcome the nucleation energy

barrier. In experiments, τ is usually determined by fitting the measured number of

nuclei as a function of annealing time. This approach gives the average delay time over

a number of nuclei. Here, however, τ is only recorded for the first nucleation event, due

to the temporal and spatial scale limitations of MD simulations.

There are two different approaches to determine τ of the first nucleus in the simulated

samples. The first approach is to treat τ as the time the first nucleus takes to reach

the critical nucleus radius rc. This approach is accurate once the exact value of rc is

known and therefore it requires that rc is determined first. To determine a single rc at

each temperature and composition from MD simulation, one typically needs to embed

clusters of different sizes into an amorphous matrix to observe whether they would

grow or shrink at that annealing temperature. For each size of the embedded cluster,

one should perform multiple independent simulations to obtain statistically meaningful

results. Consequently, it becomes computationally expensive to determine all the rc for

multiple temperatures and compositions. In addition, the embedded cluster is spherical,

while the true nucleus usually has preferred surface planes. Since the effect of the cluster

morphology on rc is not considered in this approach, it may lead to some inaccuracies in

the estimates of rc as well as perhaps τ. The second approach to determine τ is simply

based on the direct observation of the occurrence of the first nucleus. In the simulations

the majority of time τ is spent on the formation of pre-nuclei and their sluggish growth.

However, once the nucleus forms, it is found to grow at a relatively high rate. This

transition of growth rate is used as a criterion to estimate the nucleation delay time τ.

In order to compare the two aforementioned approaches, the delay time τ are deter-

mined from both methods for different Sm concentrations xSm at a fixed fraction (0.95)
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of glass transition temperatures Tg. The results are shown in Fig. 4.2, where one can

see that the two approaches produce comparable delay times. Therefore, for the sake of

computational efficiency all the delay times in the main text are determined using the

second approach, i.e., through the direct observation of occurrence of the first nucleus.
τ 

(n
s)

0.1

1.0

10.0

xSm (%)
0.0 0.5 1.0 1.5 2.0 2.5

367 K

393 K

420 KBased on observation
Based on rc

407 K

380 K

T = 0.95Tg

Fig. 4.2: (Color online) Comparison of nucleation delay time τ determined by obser-

vation and critical nucleus radius rc. The annealing temperatures T are set to 0.95 Tg

and are shown along the fitted lines, where Tg is the respective annealing temperature

for any composition xSm. The error bar represents the standard deviation of τ from 10

independent simulations.

4.2.3 Calculation of diffusion energy barriers

The diffusion coefficient D is calculated as D = 〈|r(t)− r(0)|2〉/6t, where r is the posi-

tion of a diffusing atom and t is the time interval measured during annealing before the
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occurrence of the first nucleation event. The brackets 〈〉 represent an ensemble average,

which is calculated as an average over all atoms of a given species in the system. Consid-

ering that MGs often exhibit temperature dependent diffusion energy barriers [32, 33],

the diffusion coefficients are calculated for ≥ 1.0 at.% Sm in a wide temperature range

below Tnose. One exception is the pure Al system where the nucleation delay time for

temperatures T > 360 K is too short for a steady state (and therefore for a statistically

meaningful) mean squared displacements to be obtained. Therefore, for pure Al system

the diffusion coefficient is calculated only in a lower temperature range.

The Arrhenius equation, D = D0 exp(−E/kBT), is assumed to be followed, where

D0 and E are diffusion prefactor and energy barrier, respectively. D as a function of the

inverse temperature and the Arrhenius fitting lines are shown in Fig. 4.3. The values

of D0 and E are obtained from the Arrhenius fitting and are listed in Table 4.1. From

Fig. 4.3 one can see that the diffusion coefficients of both Al and Sm decrease and their

energy barriers increase with increasing Sm concentration. This analysis suggests that

Sm addition leads to a sluggish atomic mobility and to an improved structural stability

of Al-Sm MG.

Table 4.1: Fitted values of diffusion prefactor D0 and energy barrier E.

xSm(at.%)
D0 (m2/s) E (eV)

Al Sm Al Sm

0.0 2.6× 10−8 0.261

1.0 4.8× 10−6 1.5× 10−5 0.461 0.574

2.0 4.3× 10−5 1.8× 10−4 0.579 0.746

2.5 5.3× 10−5 3.1× 10−3 0.621 0.941

3.0 1.9× 10−4 5.5× 10−2 0.666 1.044
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Fig. 4.3: (Color online) Diffusion coefficient D as a function of inverse temperature and

fits to the data (lines) based on the Arrhenius relations for (a) xSm = 0.0 at.%, (b) xSm =

1.0 at.% and (c) xSm = 2.0, 2.5 and 3.0 at.%, respectively.

4.3 Results

4.3.1 Time−temperature−transformation (TTT) curves

Isothermal nucleation reactions were simulated for Al-Sm MGs with four Sm concen-

trations (xSm = 0.0, 1.0, 2.0 and 3.0 at.%) at different Tanneal. The time step was set to

10 fs for 3.0 at.% and 2 fs otherwise. 10 independent simulations were run for each

composition and each temperature. The average τ and the corresponding error bars are

plotted in Fig. 4.4a. The measured delay times for different temperatures comprise the
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TTT curve that marks the onset of the crystallization transformation for each concentra-

tion. Fig. 4.4a shows that addition of Sm shifts the TTT curve towards the larger value

of τ and therefore it retards the primary crystallization and enhances GFA of Al-Sm

MGs. The “nose” temperatures (Tnose) of the TTT curves are in the range of 0.48 Tm -

0.54 Tm, where Tm is the melting temperature (933 K) of pure Al. The cooling process

starts at Tm and the temperature decreases linearly with time t, i.e., T = 933 K− Rc t.

The corresponding continuous cooling curves tangential to the TTT curves at the “nose”

temperature are also shown in Fig. 4.4a. Here, Rc is the estimated critical cooling rate.

To calculate the steady state nucleation rate Js, it is assumed that the instantaneous

nucleation rate at t = τ is approximately 1/(Vτ), where V is the system volume. Unfor-

tunately, this assumption cannot be verified in this work because it is difficult to obtain

the statistics of delay times of the initial a few (at least two) nuclei due to the time scale

limitations of MD simulations. Plugging in the nucleation rate 1/(Vτ) at t = τ into

the instantaneous nucleation rate equation J(t) = Js exp(−τ/t), one can obtain the es-

timated steady state nucleation rate Js ≈ e/(Vτ). Fig. 4.4b shows the estimated Js at

different temperatures, which (by construction) shows the opposite trend to the delay

time with temperature and Sm concentration as in Fig. 4.4a.

To determine quantitatively the effect of Sm on the nucleation delay time τ, we anneal

the systems at a fixed T/Tg ratio of 0.95. Here the glass transition temperature, Tg, is

calculated with the method described in Refs. [22] and [34], and the calculated values

of Tg are shown in Table 4.2. The ratio of 0.95 is chosen because typical annealing

experiments of Al-based MG use similar ratios [19, 20]. τ as a function of xSm is plotted

in Fig. 4.5a. Apart from the previously mentioned four Sm concentrations, simulations

with 0.5 at.% and 1.5 at.% concentrations are also performed and reported here. The

increasing trend of τ with xSm can be fitted with an exponential law: τ = C·10kxSm ,

where C = 0.228 ns and k = 0.787. The mechanism underlying this significant effect

of Sm on τ will be discussed in Secs. 4.3.2 and 4.3.3. The fact that the error bar of τ
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Fig. 4.4: (Color online) (a) TTT curves for xSm = 0.0 at.% (green circle), 1.0 at.% (red

rectangle), 2.0 at.% (blue diamond) and 3.0 at.% (violet right triangle). TN represents

the homologous temperature T/Tm. The standard deviation is shown as the error bar.

The continuous cooling curves are plotted as dashed lines and the values of Rc are

indicated. (b) The steady state nucleation rate Js at different temperatures for different

Sm concentrations.
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(note the logarithmic scale) increases with xSm implies a more stochastic nature of the

nucleation process at higher Sm concentrations.

Table 4.2: Calculated Tg and Tanneal (Tanneal = 0.95 Tg).

xSm(at.%) Tg(K) Tanneal(K)

0.0 386 367

0.5 400 380

1.0 414 393

1.5 428 407

2.0 442 420

3.0 471 447

The critical cooling rate Rc as a function of xSm is plotted in Fig. 4.5b. It is found that

the decay of Rc with increasing xSm is well approximated by an exponential function,

i.e., Rc = C′·10−k′xSm , where C′ = (9.9 ± 3.8) × 1012 K/s and k′ = 0.96 ± 0.09. Our

predictions are in a good agreement with available literature data. For instance, MD

simulations by Hou et al. [35] with an embedded atom method interatomic potential [36]

have shown that Rc for pure Al is within the range of 4.0× 1012 - 1.0× 1013 K/s. This

result is consistent with that of 6.8× 1012 K/s found in our work. On the other hand,

if the exponential relation determined in our simulations is extrapolated to higher xSm,

Rc is predicted to be 2.24× 104 - 1.59× 106 K/s for xSm = 8.0 at.%, which corresponds

to the composition of a well-known marginal glass former [10, 11]. This predicted range

is consistent with experimental data [37, 38], which showed that general Al-based MGs

have Rc in the range of 104 - 106 K/s.

4.3.2 Kinetics-controlled nucleation

In order to understand the Sm effect on the nucleation kinetics, our simulation data was

evaluated in the light of the CNT for homogeneous nucleation. From CNT, the steady-
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Fig. 4.5: (Color online) (a) Delay time τ as a function of xSm at 0.95 Tg. The solid line is

the exponential fitting. (b) Critical cooling rate Rc as a function of xSm. The data is fitted

with an exponential relation and extrapolated to higher xSm. The gray and red areas

represent the fitting error bar and the reported range of Rc for marginal glass formers,

respectively. The predicted range of Rc for xSm = 8.0 at.% is 2.2× 104 - 1.6× 106 K/s.
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state nucleation rate Js, defined as the number of nuclei in unit volume per unit time,

can be written as [30, 31]

Js = ω∗ZN∗, (4.1)

where ω∗, Z and N∗ are the attachment frequency of monomers to the critical nucleus,

the Zeldovich factor, and the equilibrium concentration of critical nuclei, respectively.

ω∗ and N∗ represent the kinetic and thermodynamic contributions, respectively, to the

overall nucleation rate, and they can be calculated as

ω∗ = ACνλ exp
(
− Q

kBT

)
, (4.2)

N∗ = N1 exp
(
−∆G∗

kBT

)
. (4.3)

Here, A is the nucleus surface area, C is the concentration expressed in number of

monomers per volume, ν is a frequency factor, λ is the mean free path of Al in MG,

N1 is Al monomer concentration, T is temperature, kB is the Boltzmann constant, Q

is the nucleation kinetic barrier, and ∆G∗ is the free energy barrier determined by nu-

cleation driving force ∆Gv and interfacial energy γ [31]. For spherical nuclei, ∆G∗ =

16πγ3/(3∆G2
v) [39].

Nucleation is controlled by thermodynamics at shallow supercoolings (T > Tnose)

due to the smaller nucleation driving force and it is controlled by kinetics at deep su-

percoolings (T < Tnose) due to the slower atomic mobility. The balance of these ther-

modynamic and kinetic factors results in the highest nucleation rate at Tnose. In our

simulations a number of sub-critical Al FCC clusters have been observed at deep super-

coolings, and their formation is due to the high nucleation driving force. However, these

sub-critical clusters grow very slowly and very few of them have a chance to grow to
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the super-critical size, indicating a sluggish nucleus attachment kinetics and resulting

in the prolonged delay time at deep supercoolings. Therefore, at T < Tnose, the term

exp(−Q/kBT) dominates, and Eq. (4.1) can be rewritten as Js = K exp(−Q/kBT) with

K as approximately constant. Since the delay time τ is inversely proportional to Js [40],

therefore, one can write τ ∝ exp(Q/kBT).
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Fig. 4.6: (Color online) ln(τ) vs. 1/T for T < Tnose. The solid lines are the weighted

exponential fitting of delay time τ. The nucleation kinetic barrier Qi is calculated as

Qi = ki kB, where ki represents the slope of the fitting line.

Fig. 4.6 plots ln(τ) vs. 1/T in the temperature range of T < Tnose, along with the

exponential fitting lines. The nucleation kinetic barrier Qi is calculated as Qi = ki kB,

where ki is the slope of the fitting line. The values of Q for xSm = 0.0, 1.0 and 2.0 at.% are



80

0.208± 0.017, 0.379± 0.040 and 0.531± 0.098 eV, respectively. Note that Q for 2.0 at.% Sm

concentration has a large error bar, because the long nucleation delay time restricts the

temperature range that can be studied for this concentration. Clearly, Sm additions raise

the nucleation kinetic barrier Q and therefore they significantly reduce the Al attachment

rate ω∗ to nuclei. As a result, the nucleation delay time increases exponentially with

increasing Sm as shown in Fig. 4.5a.

4.3.3 Rate-limiting process in nucleation

Having shown that Sm solutes remarkably reduce the frequency of Al attachment to nu-

clei, an interesting question that arises is what is the controlling process in Al nucleation

kinetics. It has been shown that the atomic transport in nucleation can be governed either

by bulk diffusion or by interface attachment, depending on specific circumstances [41–

43].

In order to discover the process controlling the development of Al nucleus, we cal-

culated the diffusion energy barriers (EAl and ESm for Al and Sm, respectively) and

compared them with the nucleation attachment barrier Q. EAl and ESm were obtained

by fitting the diffusion coefficients determined during annealing before any nucleation

took place (see Sec. 4.2.3 for more details). The nucleation kinetic barrier (Q) and the dif-

fusion energy barriers (EAl and ESm) are plotted together in Fig. 4.7 for comparison. The

fact that the nucleation kinetic barrier Q is smaller than ESm indicates that the attachment

frequency is controlled by a process that is faster than Sm bulk diffusion. There is a rela-

tively good overall agreement between Q and EAl, which in principle might mean that Al

diffusion is the rate controlling process. However, this is not a valid explanation because

the Sm concentration is very low and the prevalence of Al atoms near nuclei makes the

long-distance diffusion of Al unnecessary for nucleation. This analysis implies that the

attachment frequency is interface-controlled and Al atomic transfer across the interface

(constituting an “attachment” event) is the rate limiting process in the composition range
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considered in this study.

It is interesting that the interface attachment of Al to a nucleus would have a com-

parable energy barrier to the barrier for Al diffusion through the bulk MG. In order to

shed light on this observation, the specific mechanisms underlying both Al diffusion and

attachment will be examined and compared to each other in the following section.

4.3.4 Mechanisms for diffusion and nucleation attachment

Unlike crystalline metals where diffusion often occurs by means of single-atom jumps

via a vacancy or interstitial mechanism, MD simulations have shown that diffusion in

many MGs takes place in a heterogeneous manner (i.e., in a given time interval there are

diffusing and non-diffusing regions of the structure) and that diffusion occurs through

collective movement of a chain or ring of atoms [44, 45]. Here, first a quantitative analysis
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was conducted for the simulated samples to confirm that Al diffusion in our system

follows the same collective pattern as reported in many other MGs [44, 45]. Then it will

be shown that during nucleation, attachment of Al atoms to nuclei is also heterogeneous

and involves a collective motion of atoms.

4.3.4.1 Al diffusion mechanism

To elucidate the diffusion mechanism in MGs, it is first necessary to identify the diffusing

atoms (DAs) and the diffusion events. Here, the DAs are defined as those which perform

displacements larger than a cut-off dc within a time window ∆t. All the DAs identified

in this section are Al atoms, as Sm atoms displace too slowly and are not diffusing by

the cut-off definition. The fraction of DAs among all the atoms in the sample is usually

smaller than a few percent and it decreases with increasing dc and decreasing ∆t. Fig. 4.8

shows the number Nd and fraction fd of DAs for different displacement cut-offs dc and

time windows ∆t. As expected, Nd and fd decrease with increasing dc and decreasing

∆t. fd is usually lower than a few percent. The small fraction of DAs indicates that

majority of atoms only perform localized vibrations.

Once the DAs have been identified, the spatial correlations among these atoms are

analyzed to address the question of whether Al diffusion is heterogeneous. For this

purpose, the nearest neighbor analysis (NNA) and reduced number density analysis are

employed on all the DAs.

In NNA, the average distance dnn between the nearest neighboring DAs is first cal-

culated. The nearest neighbor index (NNI) is then defined as dnn/dran, where dran =

0.55396 N−
1
3

v is the theoretical average nearest neighbor distance for the same number of

randomly distributed atoms [46]. From NNI one can learn whether the DAs are clus-

tered (NNI < 1), randomly distributed (NNI ≈ 1), or more uniformly distributed than

random (NNI > 1). Fig. 4.9a shows an example of a calculated NNI for a relaxed system

with xSm = 2.0 at.% and T = 0.95 Tg before nucleation occurs. Since NNI < 1, this means
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Fig. 4.8: (Color online) Number Nd and fraction fd of DAs as functions of the displace-

ment cut-off dc and the time window ∆t for a relaxed system with xSm = 2.0 at.% and

T = 0.95 Tg.

the DAs tend to cluster and they perform diffusing displacements collectively. Different

choices of ∆t lead to qualitatively the same results. Fig. 4.9b presents a 2D view of DAs

for dc = 2.5 Å and ∆t = 100 ps. This analysis shows that the distribution of DAs is

highly heterogeneous and that DAs form chains or rings, confirming the cooperative

nature of Al diffusion.

In addition to NNA, the reduced number density ρ/ρ0 of DAs was also calculated.

Here, ρ is the number density of DAs around the central DA and is calculated as ρ =

N(r)/(4
3 πr3), where N(r) is the DA count within a distance r from the central DA. ρ0

is the average number density of DAs in the system. Fig. 4.9c shows ρ/ρ0 of DAs for

different Sm concentrations at T = 0.95 Tg using dc = 2.5 Å and ∆t = 60 ps. It is
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Fig. 4.9: (Color online) (a) NNI of DAs as a function of displacement cut-off dc and time

window ∆t. (b) A 1-nm-thick 2D slice of the DAs for dc = 2.5 Å and ∆t = 100 ps. The

color represents displacement magnitude. (c) Reduced number density of DAs around

the central DA. Here dc = 2.5 Å and ∆t = 60 ps are used to define diffusing events.

The vertical dashed line represents the nearest Al-Al distance (2.8 Å) in the system.

For comparison, in (a) and (c), respectively, we also plot NNI and the reduced number

density for randomly distributed atoms with the same number of atoms as DAs in our

Al-Sm samples. In (c) the data corresponds to ∆t = 60 ps.
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evident that ρ/ρ0 increases with decreasing r and reaches a maximum value at around

the nearest Al-Al distance, which indicates that the DAs are prone to become direct

nearest neighbors of each other. This is consistent with the observation in Fig. 4.9b.

The decrease of ρ/ρ0 with increasing Sm concentration suggests the decreasing size of

the DA-cluster. This trend is attributed to the reduced size of the liquidlike diffusion

channels with increasing Sm concentration, as discussed later in this section.

To elucidate further the collective nature of DAs, their spatial correlations are ana-

lyzed with the icosahedral Voronoi polyhedra (ICO VP) and Sm atoms. The motivation

for this analysis is that the concentration of ICO VPs has been previously argued to

be correlated with the GFA of an alloy [47, 48]. In this case, the ICO VPs are iden-

tified by applying the Voronoi tessellation technique [49] and then grouped based on

their Voronoi indices [23]. The concentrations of the center atoms of ICO-like VPs and

Sm atoms within a distance r from any DA are calculated and plotted in figs. 4.10a

and 4.10b, respectively. According to Fig. 4.10a there are fewer ICO-like VPs near DAs,

implying that DAs tend to avoid ICO VPs. This observation is consistent with findings

previously reported in literature. Specifically, Zhang et al. [45] reported that the diffusion

of Cu in a Cu-Zr MG is confined in the liquidlike regions that are poor in icosahedral

short-range order, and Bokas et al. [23] found that in Al-Sm MGs the diffusion coefficient

of Al with ICO-like VP is one order of magnitude lower than other Al atoms at low Sm

concentration range. In the same vein, Fig. 4.10b shows that DAs are prone to avoid Sm

atoms in the sample and that faster DAs (i.e., DAs that have larger displacements within

a fixed time window) have stronger avoidance tendency. We speculate that Sm can have

an important effect on Al diffusion by increasing the fraction of ICO-like VPs [23]. This

would take place not only because Sm increases the fraction of Al-centered ICO-like VPs,

but also because most of the Sm-centered clusters are ICO-like. As a result, the average

size of liquidlike channels is reduced and it takes a longer time for Al atoms to navigate

the torturous diffusion paths inside the narrower channels. Finally, the fact that the sizes
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Fig. 4.10: (Color online) (a) ICO-like VP concentration xICO-like and (b) Sm concentration

xSm around the central diffusing Al atom. These concentrations around any Al atom and

the system average concentrations are also plotted for comparison. The diffusing events

are defined using ∆t = 100 ps and different dc.
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of liquidlike channels and DA-clusters correlate with each other explains the decreasing

size of DA-clusters with increasing xSm, as shown in Fig. 4.9c.

4.3.4.2 Nucleation attachment mechanism

In order to illustrate the mechanism of Al attachment during nucleation, Fig. 4.11 presents

the snapshots of Al attachment process during the growth of a nucleus in the system with

xSm = 2.0 at.% and T = 0.95 Tg. In the first image, the grey atoms are the original FCC

atoms at t = 0 ps and they are used to construct an isosurface shown also in grey. In

the following images (at longer times), only newly attached atoms are shown explicitly,

and the colors and arrows, respectively, represent the magnitude and the direction of

the atom’s displacement relative to its position at t = 0 ps. From the images shown in

Fig. 4.11, one can see that the attachment is heterogeneous in space and atoms tend to

attach to nuclei collectively as a cluster. Examples of these clusters are marked with the

blue ellipses in the images in Fig. 4.11.

The attachment is not only heterogeneous in space, but also in time. The temporal

heterogeneity of attachment was verified by tracking the dynamic fluctuation of the

instantaneous net increase Nnet of the number of atoms added to the nucleus within

the period of 10 ps, i.e., Nnet = Natt − Ndet, where Natt and Ndet are the instantaneous

numbers of attachment and detachment events within 10 ps, respectively. Fig. 4.12 shows

Nnet vs. time t for a nucleus growing from 17 atoms to 189 atoms within 3.7 ns; during

this time there are in total 4757 attachment events and 4585 detachment events. One can

see that Nnet exhibits strong fluctuations, which indicates the temporal heterogeneity of

the nucleus growth. To further demonstrate this temporal heterogeneity, the simulation

method was modified to numerically model a randomized nucleus growth. For the

analysis, the following simplifying assumptions were made: 1) The nucleus is spherical

and the nucleus surface area A = (4π)
1
3 (3NV0)

2
3 , where N and V0 are the number of

nucleus atoms and the atomic volume, respectively; 2) the probability of attachment and
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Fig. 4.11: (Color online) Nucleus attachment process for xSm = 2.0 at.% and T = 0.95 Tg.

The isosurface represents the original nucleus surface at t = 0 ps. The color atoms are

those that attach to nucleus subsequently. Color of the atoms and arrow represent the

magnitude and direction of the displacement vector of a given atom.
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Fig. 4.12: (Color online) The instantaneous net increase, Nnet, of the number of atoms in

the nucleus within 10 ps for real and randomized nucleus growth.

detachment at any time is proportional to the nucleus surface area; and 3) the numbers

of attachment and detachment events are the same as found in the full MD simulations

with xSm = 2.0 at.% and T = 0.95 Tg, i.e., Natt = 4757 and Ndet = 4585. The randomized

fluctuation of Nnet is also plotted in Fig. 4.12. Clearly, the Nnet fluctuation amplitude in

randomized nucleus growth is much smaller than in the case of the real nucleus growth.

This means that attachment of atoms to nuclei in a real system is not random and it is

heterogeneous in time. The difference in Nnet fluctuation in Fig. 4.12 can be attributed

to the different nucleus growth modes (i.e., single atom attachment versus collective

attachment) in these two systems.

In summary, our analysis shows that both Al diffusion and Al nucleation attachment
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occur highly heterogeneously via collective jumps of a group of atoms. The common fea-

tures of these physical processes may explain why the kinetic barrier Q of Al nucleation

is comparable to the activation barrier EAl of Al diffusion, as shown in Fig. 4.7.

4.4 Discussion

It has been suggested [50] that the homogeneous nucleation delay time τ is inversely

proportional to the atomic attachment rate to nucleus, that is, τ ∝ 1/ω∗. Combining

the exponential law of τ (see Fig. 4.5a) and Eq. (4.2), taking the logarithm of both sides,

and omitting constant terms, one can find that Q ∝ xSm. This analysis is consistent

with data shown in Fig. 4.7, where the dependence of the mean value of the attachment

kinetic barrier Q on Sm concentration xSm can be well approximated by a linear function

(despite the large error bar of Q at higher concentrations). This consistence implies a

good agreement between our simulations and the theory.

Our simulation results show that, in the composition range (0.0 - 3.0 at.% Sm) studied,

the nucleation kinetics in Al-Sm MG is governed by the interfacial attachment process.

Mechanisms underlying Al interfacial attachment and Al diffusion share critical atomic-

level features, i.e., they both occur heterogeneously through collective jumps of a group

of atoms. The fact that the nucleation kinetic barrier Q is smaller than ESm, as seen in

Fig. 4.7, suggests that the bulk diffusion of Sm is not involved in the nucleation process.

As the Sm concentration is low, most Sm atoms might be transported away from the

nucleus via the local rearrangement between Sm and Al atoms, while others are incor-

porated into the nucleus. The dominant role of the interfacial attachment mechanism

might not hold true for nucleation at high Sm concentration or in the crystal growth

regime (past the critical nucleus radius). In those cases it is possible that a Sm-rich shell

is formed around Al nucleus/crystal interface and thereby the diffusion of Sm away

from the nucleus/crystal interface might be expected to play the dominant role, as has
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been suggested in Refs. [11, 51]. Further studies are needed to confirm the role of solute

diffusion in the nucleation kinetics for high solute concentrations.

Although it has been shown that Al nucleation attachment occurs highly heteroge-

neously via collective jumps of a group of atoms, such a collective attachment mech-

anism violates CNT which assumes the nucleus growth is continuous via single atom

attachment. However, the application of CNT to extract the nucleation kinetic barrier Q

in Eq. 4.2 can still be justified, since Q would represent the average kinetic barrier per

atom in the collective attachment.

4.5 Conclusions

The isothermal nucleation kinetics in Al-Sm MG was studied with xSm in the range of

0.0 - 3.0 at.%. The following general conclusions can be drawn from the results of our

MD simulations:

(1) Sm solutes significantly suppress the primary crystallization transformation in Al-

Sm MG and thereby they enhance its glass formability. In particular, the nucleation

delay time increases exponentially with xSm at a constant T/Tg ratio, whereas the

critical cooling rate Rc decays exponentially with xSm. In addition, a reasonable

range of Rc (2.24× 104 - 1.59× 106 K/s) has been predicted for Al92Sm8, which is a

well-known marginal glass former.

(2) Sm solute retards Al nucleation by increasing the nucleation kinetic barrier (and

therefore by reducing the nucleus attachment rate). In the composition range con-

sidered in this study, the nucleation kinetics is controlled by interfacial attachments,

rather than by Sm diffusion.

(3) Similarly to Al diffusion in MGs, attachment of Al to a crystalline nucleus takes place

heterogeneously in both space and time via the collective jump of a chain or ring of
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atoms. The common atomic-level processes between Al attachment and Al diffusion

is consistent with the two processes having comparable activation energy barriers.

References

[1] L Zhao, GB Bokas, Perepezko JH, and Szlufarska I. Nucleation kinetics in al-sm

metallic glasses. to be submitted to Acta Materialia, 2017.

[2] W Klement, RH Willens, and POL Duwez. Non-crystalline structure in solidified

gold–silicon alloys. Nature, 187:869–870, 1960.

[3] AL Greer, KL Rutherford, and IM Hutchings. Wear resistance of amorphous alloys

and related materials. Int. Mater. Rev., 47(2):87–112, 2002.

[4] Christopher A Schuh, Todd C Hufnagel, and Upadrasta Ramamurty. Mechanical

behavior of amorphous alloys. Acta Mater., 55(12):4067–4109, 2007.

[5] Golden Kumar, Hong X Tang, and Jan Schroers. Nanomoulding with amorphous

metals. Nature, 457(7231):868–872, 2009.

[6] A Inoue and A Takeuchi. Recent development and application products of bulk

glassy alloys. Acta Mater., 59(6):2243–2267, 2011.

[7] Akihisa Inoue, Katsumasa Ohtera, An-Pang Tsai, Hisamichi Kimura, and Tsuyoshi

Masumoto. Glass transition behavior of Al-Y-Ni and Al-Ce-Ni amorphous alloys.

Jpn. J. Appl. Phys., 27(9A):L1579, 1988.

[8] Y He, GM Dougherty, GJ Shiflet, and SJ Poon. Unique metallic glass formability and

ultra-high tensile strength in Al-Ni-Fe-Gd alloys. Acta Metall. et Mater., 41(2):337–

343, 1993.

[9] Y He, SJ Poon, and GJ Shiflet. Synthesis and properties of metallic glasses that

contain aluminum. Science, 241(4873):1640, 1988.



94

[10] JC Foley, DR Allen, and JH Perepezko. Analysis of nanocrystal development in

Al-Y-Fe and Al-Sm glasses. Scr. Mater., 35(5):655–660, 1996.

[11] G Wilde, H Sieber, and JH Perepezko. Glass formation versus nanocrystallization

in an Al92Sm8 alloy. Scr. Mater., 40(7):779–783, 1999.

[12] H Chen, Y He, GJ Shiflet, and SJ Poon. Mechanical properties of partially crystal-

lized aluminum based metallic glasses. Scr. Metall. et Mater., 25(6):1421–1424, 1991.

[13] Yeong-Hwan Kim, Akihisa Inoue, and Tsuyoshi Masumoto. Increase in mechanical

strength of Al–Y–Ni amorphous alloys by dispersion of nanoscale fcc-Al particles.

Mater. Trans., JIM, 32(4):331–338, 1991.

[14] Yeong-Hwan Kim, Akihisa Inoue, and Tsuyoshi Masumoto. Ultrahigh mechani-

cal strengths of Al88Y2Ni10−xMx (M= Mn, Fe or Co) amorphous alloys containing

nanoscale fcc-Al particles. Mater. Trans., JIM, 32(7):599–608, 1991.

[15] ZH Huang, JF Li, QL Rao, and YH Zhou. Primary crystallization of Al–Ni–RE amor-

phous alloys with different type and content of RE. Mater. Sci. Eng., A, 489(1):380–

388, 2008.

[16] ZH Huang, JF Li, QL Rao, and YH Zhou. Effects of replacing Ni by Co on the

crystallization behaviors of Al–Ni–La amorphous alloys. Intermet., 16(5):727–731,

2008.

[17] JH Perepezko, RI Wu, R Hebert, and G Wilde. Synthesis and stability of amorphous

Al alloys. In MRS Proc., volume 644, pages L4–7. Camb. Univ. Press, 2000.

[18] RI Wu, G Wilde, and John H Perepezko. Glass formation and primary nanocrystal-

lization in Al-base metallic glasses. Mater. Sci. Eng., A, 301(1):12–17, 2001.

[19] John H Perepezko and Rainer J Hebert. Amorphous aluminum alloys-synthesis and

stability. JOM, 54(3):34–39, 2002.



95

[20] DR Allen, JC Foley, and JH Perepezko. Nanocrystal development during primary

crystallization of amorphous alloys. Acta Mater., 46(2):431–440, 1998.

[21] Steve Plimpton. Fast parallel algorithms for short-range molecular dynamics. J.

Comput. Phys., 117(1):1–19, 1995.

[22] MI Mendelev, F Zhang, Z Ye, Y Sun, MC Nguyen, SR Wilson, CZ Wang, and KM Ho.

Development of interatomic potentials appropriate for simulation of devitrification

of Al90Sm10 alloy. Model. Simul. Mater. Sci. Eng., 23(4):045013, 2015.

[23] GB Bokas, L Zhao, JH Perepezko, and I Szlufarska. On the role of Sm in solidifica-

tion of Al-Sm metallic glasses. Scr. Mater., 124:99–102, 2016.

[24] Caroline Desgranges and Jerome Delhommelle. Molecular simulation of the crys-

tallization of aluminum from the supercooled liquid. J. Chem. Phys., 127(14):144509,

2007.

[25] ZY Hou, KJ Dong, ZA Tian, RS Liu, Zhen Wang, and JG Wang. Cooling rate de-

pendence of solidification for liquid aluminium: A large-scale molecular dynamics

simulation study. Phys. Chem. Chem. Phys., 18(26):17461–17469, 2016.

[26] HR Wendt and Farid F Abraham. Empirical criterion for the glass transition region

based on monte carlo simulations. Phys. Rev. Lett., 41(18):1244, 1978.

[27] Pieter Rein Ten Wolde, Maria J Ruiz-Montero, and Daan Frenkel. Numerical cal-

culation of the rate of crystal nucleation in a lennard-jones system at moderate

undercooling. J. Chem. Phys., 104(24):9932–9947, 1996.

[28] Li-Li Zhou, Run-Yu Yang, Ze-An Tian, Yun-Fei Mo, and Rang-Su Liu. Molecular

dynamics simulation on structural evolution during crystallization of rapidly super-

cooled Cu50Ni50 alloy. J. Alloys Compd., 690:633–639, 2017.



96

[29] Alexander Stukowski. Structure identification methods for atomistic simulations of

crystalline materials. Model. Simul. Mater. Sci. Eng., 20(4):045021, 2012.

[30] AG Walton. Nucleation in liquids and solutions. Nucleation, pages 225–307, 1969.

[31] I Markov. Crystal Growth for Beginners: Fundamentals of Nucleation, Crystal

Growth and Epitaxy, 2003.

[32] P Fielitz, M-P Macht, V Naundorf, and G Frohberg. Diffusion in ZrTiCuNiBe bulk

glasses at temperatures around the glass transition. J. Non-Cryst. Solids, 250:674–678,

1999.

[33] K Knorr, M-P Macht, K Freitag, and H Mehrer. Self-diffusion in the amorphous

and supercooled liquid state of the bulk metallic glass Zr46.75Ti8.25Cu7.5Ni10Be27.5.

J. Non-Cryst. Solids, 250:669–673, 1999.

[34] MI Mendelev, MJ Kramer, RT Ott, DJ Sordelet, D Yagodin, and P Popel. Develop-

ment of suitable potentials for simulation of liquid and amorphous Cu-Zr alloys.

Philos. Mag., 11:967–987, 2009.

[35] Zhaoyang Hou, Zean Tian, Rangsu Liu, Kejun Dong, and Aibing Yu. Formation

mechanism of bulk nanocrystalline aluminium with multiply twinned grains by

liquid quenching: A molecular dynamics simulation study. Comput. Mater. Sci.,

99:256–261, 2015.

[36] MI Mendelev, MJ Kramer, Chandler A Becker, and M Asta. Analysis of semi-

empirical interatomic potentials appropriate for simulation of crystalline and liquid

Al and Cu. Philos. Mag., 88(12):1723–1750, 2008.

[37] ON Senkov and DB Miracle. Effect of the atomic size distribution on glass forming

ability of amorphous metallic alloys. Mater. Res. Bull., 36(12):2183–2198, 2001.



97

[38] RO Suzuki, Y Komatsu, KF Kobayashi, and PH Shingu. Formation and crystalliza-

tion of Al-Fe-Si amorphous alloys. J. Mater. Sci., 18(4):1195–1201, 1983.

[39] FF Abraham. Homogeneous Nucleation: The Pretransition Theory of Vapor Con-

densation, 1974.

[40] Jonathan A Dantzig and Michel Rappaz. Solidification. EPFL press, 2009.

[41] Dimo Kashchiev. Nucleation: Basic Theory with Applications. Butterworth-Heinemann,

2000.

[42] D Kashchiev and GM Van Rosmalen. Review: nucleation in solutions revisited.

Cryst. Res. Technol., 38(7-8):555–574, 2003.

[43] Miguel A Durán-Olivencia and James F Lutsko. Unification of classical nucleation
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Chapter 5 : Nucleation of Five-fold Growth Twins in Al-

base Alloys

The nucleation mechanism of five-fold twins in Al alloys was investigated using molec-

ular dynamics simulations. The simulation results reveals a new nucleation pathway for

five-fold twins [1], which does not require any nucleation templates. Through the com-

parative studies among Al-Sm and Al-Mg model alloys, it has been found that the TB

energy plays a dominant role in the twining and five-fold twinning frequency. Although

nucleation process involves the formation of pentagon structure, the structural factor

turns out not to correlate strongly with the five-fold twinning frequency. The nucleation

mechanism revealed in this work would help with the understanding of formation of

multiple twinned structures and contribute to the microstructure engineering of novel

materials.

5.1 Introduction

Although grain refinement can increase the yield strength and hardness for bulk micro-

and nano-crystalline (nc) alloys (known as Hall-Petch effect [2]), these beneficial at-

tributes often come at the expense of substantially lowered ductility and resistance to

stable fracture under monotonic and cyclic loading [3]. In contrast, TB strengthening can

preserve the ductility of materials. For instance, bulk nc alloys with fine twin structures

usually exhibit extraordinary overall mechanical properties, including both increased

strength and good tensile ductility, as compared to their regular ultrafine grained coun-

terparts [3, 4]. Such a preservation of material ductility has been attributed to the switch

of the dominant slip mechanism from full dislocation activities to TB migration via slip
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of partial dislocations, which are emitted at intersections between GBs and TBs [5]. This

TB migration mechanism accommodates a considerable amount of plastic strain and

hence preserves the material ductility [3]. Therefore, the tailored creation of fine twin

structures has become a promising microstructure engineering strategy for design of

polycrystalline metals and alloys with excellent overall mechanical properties. However,

the control over the twin density and twin size during the introduction of TBs in bulk

form becomes a practical challenge.

Among the twinned structures, five-fold twins (five {111} neighboring twins that

share a common 〈110〉 direction and have a five-fold symmetry relationship) have re-

cently attracted a growing interest due to their unique microstructures and controversial

formation mechanisms [6–12]. These mechanisms include the different variants of se-

quential twinning mechanisms [6, 7] for the five-fold deformation twins, and sequential

twinning [8] or GB migration mechanism [9] for five-fold annealing twins. In addition,

five-fold growth twins have not only been suggested to correlate with effective grain

refinement in Al and gold alloys [10, 11, 13], they might also be responsible for the for-

mation of twinned dendrites [14, 15], a morphology known in industrial direct chill-cast

Al alloys for over 60 years and whose origin is still unclear for lack of understanding of

the five-fold twinning mechanism [16].

To our best knowledge, the formation mechanism for five-fold growth twins has only

been limitedly studied. For instance, Kurtuldu et al. [10, 11] proposed that, in Al-Zn-Cr

alloy and yellow gold doped with Ir, five-fold twins would nucleate through an epitaxial

growth on the facets of pre-existing metastable icosahedral quasicrystals (iQCs), which

form around the icosahedral short-range order template in the liquid state. However,

this mechanism remains a conjecture, as neither the nucleation process was directly

observed, nor was there any solid evidence of the formation of iQCs in these specific

alloys. More recently, Hou et al. [12] performed large-scale MD simulations of the rapid

solidification of pure Al and reported that the five-fold twins result from the successive
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formation of the five TBs, which depicts a visualized formation pathway of the five-fold

growth twins. However, the controlling factor and the solute effect is still obscure in this

process.

Here, in order to advance the design of tailored morphology of twin structures, we

carried out MD simulations to investigate the nucleation mechanism of five-fold twins

during solidification of Al alloys, with a focus on identifying the dominant factors in

the five-fold twinning. Since empirical potentials for Al-Zn-Cr alloy and yellow gold

alloy are not available so far, Al-Sm and Al-Mg alloys are studied here as the model

systems. This is not only because of the availability of the empirical or semi-empirical

potentials [17–19] for both Al-Sm and Al-Mg alloys, but also because MD simulations

with these potentials have predicted the formation of five-fold growth twins.

5.2 Computational Methods

MD simulations are performed using the LAMMPS simulation package [20] based on

empirical potentials for Al-Sm and Al-Mg alloys. Specifically, we apply both the Finnis-

Sinclair (FS) potential [17] and embedded atom method (EAM) potential [18] for Al-Sm

systems, and FS potential [19] for Al-Mg system. In all the simulations throughout this

paper, an adaptive CNA method [21] was used for the structure identification, which

examines the local environment to classify each atom as different structural types such

as FCC, BCC, HCP, and amorphous structure.

5.2.1 Isothermal solidification

We simulated the isothermal solidification of Al-Sm and Al-Mg model alloys. In par-

ticular, a 9 × 9 × 9 nm3 simulation box was used, which contained a total of 42 thou-

sand atoms, and the periodic BCs were enforced in all three Cartesian directions. An

isothermal-isobaric (NPT) ensemble was used and the temperature and pressure were

controlled with the Nose-Hoover thermostat and barostat, respectively. The nominal
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pressure was maintained to 0 GPa. The samples were quenched from well-mixed liquid

state and held at the temperature of 470 K to solidify. From the simulations, the atomic-

scale nucleation pathway and the possible controlling factors of five-fold twinning were

first identified. Then we calculated the propensity of twinning (PoT), defined as the

fraction of the number of HCP atoms among the total number of crystalline atoms, and

obtained the statistics of the frequency of five-fold twins in these model systems. The

effect of both TB energy (see Sec. 5.2.2 for the calculation method) and the structural

factor on the twinning and five-fold twins were finally analyzed.

5.2.2 TB energy

TB energy ETB is the excess energy of crystalline materials due to the introduction of

{111} twins. Here, the value of ETB for Al-Sm and Al-Mg alloys were calculated as

follows. Firstly, we randomly doped both the single crystal and bicrystal samples, as

shown in Figs. 5.2a and 5.2b, with the same amount of solute atoms. Both samples

have the same geometry (7.5 × 8.0 × 5.6 nm3) with 20 thousand atoms. We used NPT

ensemble and applied periodic BCs in all three Cartesian directions. As in Sec. 5.2.1,

the temperature and pressure were controlled with the Nose-Hoover thermostat and

barostat, respectively. The nominal pressure was maintained to 0 GPa. Secondly, a

hybrid Monte Carlo (MC) + MD method was used for the system relaxation. The systems

were maintained at 550 K for 0.5 ns, and 5,000 MC attempts were invoked every 5 ps to

randomly swap Al atoms with solute atoms. The swap probability was calculated based

on the Metropolis criterion. The solute segregation to TBs is expected to take place

during this process. After the relaxation, the system energy was minimized using the

conjugate gradient algorithm while maintaining the external pressure of 0 GPa. Finally,

TB energy is defined as ETB = (Eb− Es)/2A, where Eb and Es are the potential energies

of the bicrystal and single crystal, respectively, and 2A is the total TB area in the bicrystal

sample.
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Fig. 5.1: (Color online) (a)-(f) The nucleation snapshots of five-fold twins and (g) a typical

twined structure in FS Al-1Sm system solidified at 470 K, where the five-fold twins are

marked with blue circles. The green, red and while colors represent FCC, HCP and

amorphous atoms, respectively.

5.3 Results

5.3.1 Nucleation pathway of the five-fold growth twins

In the simulations, the five-fold twins have been observed during the isothermal solid-

ification of both Al-Mg and Al-Sm alloys with different solute concentrations. In order

to identify the nucleation pathway, these five-fold twins were traced back to the liquid

state. It has been found that the five-fold twinning in different model systems follows

a common nucleation pathway, as depicted in Fig. 5.1. One can see that, the five-fold

twins start with the intersection of two initial non-coplanar TBs, which is then followed

by the formation of a local pentagon structure around the intersection line. The pen-

tagon structure consists of 5 HCP atoms and, along with the initial two TBs, becomes a

prototype which promotes the subsequent formation of the rest 3 twins.

Note that during this nucleation process, neither the pre-existing iQC phase nor the
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icosahedral cluster has been observed near the center of five-fold twins. This suggests

that the iQC nucleation template is not required in the five-fold twinning in these model

systems. In the meantime, the nucleation pathway also suggests that the intersection

of two initial TBs and the formation of pentagon structure are the prerequisites for the

formation of five-fold twins, therefore, the inherent propensity of twinning (PoT) and

the inherent pentagon population may play significant roles in the five-fold twinning.

Both effects will be discussed in the following sections.

5.3.2 Effect of TB energy

5.3.2.1 Calculation of TB energies

As the twinning propensity is energetically correlated with the stacking fault energy

ESF or TB energy ETB, therefore, in order to analyze the twinning propensity of dif-

ferent model systems, we first calculated ETB for different systems using the method

described in Sec. 5.2.2 and compared them with experimental and computational data

available in literature. The results from the calculation in this work as well as the liter-

ature are plotted in Fig. 5.2c. Since the empirical relationship 2ETB ≈ ESF is shown to

hold generally [22], therefore, the experimental measurements or calculations of ESF in

Refs. [23–27] were converted to the values of ETB. From Fig. 5.2c, one can see that there

is a large uncertainty in the values of ETB obtained from different methods and different

empirical potentials even for the same material and composition. Therefore, here we use

Al-Sm and Al-Mg alloys with potentials in Refs. [17–19] only as the model systems to

determine the effect of ETB on the formation of five-fold twins. However, one should be

careful interpreting the results as predictions for real Al-Sm and Al-Mg alloys, given the

uncertainty in the values of ETB.

In addition, it can also be seen from Fig. 5.2c that the FS potential of Al-Mg predicts a

very weak composition dependence of its ETB. In contrast, both FS and EAM potentials

give drastically decreasing TB energies for Al-Sm system as Sm concentration increases.
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Fig. 5.2: (Color online) (a) Single crystal and (b) bicrystal samples for calculating ETB,

where only solute atoms and boundary atoms are shown. (c) ETB v.s. solute concentra-

tion x of pure Al, Al-Mg and Al-Sm model systems calculated in this work and obtained

from Refs. [23–27]. “Exp”, “MF”, “EA”, “EMTO” and “LKKR” represent experimental

measurement [23], prediction from EAM interatomic potential by Mishin and Farkas et

al. [24], ab initio force-matching calculation by Ercolessi and Adams [25], ab initio exact

muffin-tin orbitals calculation [26] and the layer korringa kohn rostoker method [27], re-

spectively. “DFT”, “FS” and “EAM” represent the density functional theory calculation,

predictions from FS potential and EAM potential, respectively.
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However, one should note that when Sm concentration reaches 5 at.%, we observed

a considerable amount of amorphous phase and the distinction between TB and the

crystal interior becomes less clear, due to the high temperature (550 K) relaxations in

MD simulations. Therefore, these values of ETB for Al-Sm at high Sm concentration are

not accurate and are plotted for reference only. Actually, in the following sections, only

low solute concentrations (0 - 2 at.%) will be used to study the effect of ETB on twinning.

5.3.2.2 Correlation between TB energy and (five-fold) twinning frequency

In order to show the effect of ETB, we define the propensity of twinning (PoT) as the

fraction of the number of HCP atoms among the total number of crystalline atoms in the

solidified structures. We chose 5 model systems (Al-Mg FS alloy with 1 at.% and 2 at.%

Mg, Al-Sm EAM alloy with 0 at.% and 1 at.% Sm and Al-Sm FS alloy with 1 at.% Sm)

and simulated the isothermal solidification as described in Sec. 5.2.1. In order to obtain

meaningful statistics of the (five-fold) twinning frequency, 20 independent solidification

simulations were performed for each system. As the TB is not the stable structure, the

formed TB may disappear in the annealing process, which would result in a decrease

of PoT and the number of five-fold twins N5T. Figs. 5.3a and 5.3b show the values

of PoT and N5T in each system, respectively, including both the maximum values in

the solidified structure and the (relatively) stable values after annealing for 1.5 ns. From

Fig. 5.3 one can see that both PoT and N5T drop after annealing for all systems, especially

for Al-Mg system, indicating the unstable nature of twin structures. Also, it can be seen

that even for the same Al-Sm alloy, the FS potential and EAM potential predict totally

different propensity of twinning and five-fold twinning frequency. Finally, the large

variances of PoT and N5T have been observed among independent simulations, which

suggests a strong stochastic nature of (five-fold) twinning nucleation.

In order to correlate the (five-fold) twinning frequency with TB energy, we plot PoT

and N5T as functions of ETB in Figs. 5.4a and 5.4b, respectively. We can see that the
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P
oT

 (
%

)

0

5

10

15

20

ETB (mJ/m2)
0.03 0.04 0.05 0.06 0.07 0.08 0.09

Maximum
After annealing

(a)

N
5T

0

1

2

3

4

5

ETB (mJ/m2)
0.03 0.04 0.05 0.06 0.07 0.08 0.09

Maximum
After annealing

(b)
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twins (N5T) as functions of TB energy ETB.
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propensity of twinning and five-fold twinning frequency strongly correlate with the

TB energy of materials, that is, both the twinning propensity and five-fold twinning

frequency decrease with the increasing TB energy. As ETB reaches above ∼0.08 mJ/m2,

the twinning propensity drops to 2− 3 % only and the five-fold twinning becomes very

rare to observe.

5.3.3 Effect of pentagon structure

As suggested by the nucleation pathway of five-fold twins in Sec. 5.3.1, not only is the

initial TB intersection the prerequisite, but the formation of the pentagon structure is also

required in the nucleation process. In order to analyze the effect of pentagon structure

on the five-fold twin nucleation, we calculate the degree of five-fold local symmetry

W, W = ∑i( f 5
i × Pi) [28], where Pi is the fraction of Voronoi polyhedron type i, and

f 5
i represents the fraction of pentagons in polyhedron type i. The degree of five-fold

symmetry is approximately equal to the fraction of pentagons among all populations of

polyhedron polygons. Fig. 5.5 shows the maximum degree of five-fold symmetry before

the solidification happens, which is actually the inherent pentagon population in the

supercooled liquid and is an indicator of easiness to form the pentagon structure during

the nucleation of five-fold twins. From Fig. 5.5 one can see that the inherent pentagon

populations are all pretty high and they do not differ much from one model system to

another (ranging from 0.5 to 0.6). In order to examine the possible correlation between

the (five-fold) twinning frequency and the inherent pentagon population, PoT and N5T

are plotted as functions of W in Figs. 5.6a and 5.6b, respectively. Apparently, based on

the data we have, no strong correlation can be observed between PoT or N5T and W,

suggesting that for the model systems we studied, the pentagon structure might not be

a main factor that controls the five-fold twinning frequency.
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5.4 Discussion

The nucleation pathway discovered in this work suggests that the pre-existing iQC phase

is not required for the five-fold twinning, as no such phase is observed in the model

systems. However, it does not rule out the possibility that the metastable iQC phase

would be able to promote the five-fold twinning if it was present. In fact, iQCs have

been observed in many Al alloys [29]. Lüscher et al. [30] has even observed the five-

fold twinning of vapor deposited Al textures on the iQC Al-Pt-Mn surface. Therefore,

it might be possible that iQC phase, if present, would promote the five-fold twinning

during solidification of alloys, as proposed in Refs. [10, 11].

Our analysis suggests that for the model systems studied here, TB energy plays the

dominant role in the nucleation of five-fold twins, as it strongly correlates with the

twinning propensity and five-fold twinning frequency. The pentagon population, on

the other hand, does not exhibit a strong correlation with the twinning propensity or

five-fold twinning frequency. This could be because that, the pentagon structures are

abundant in each model system and the distinction of the pentagon population may not

be able to differentiate these model systems. However, the effect of pentagon structures

may be reflected in other cases. For instance, the large-scale MD simulations of solidifi-

cation of pure Al in Ref. [31] show that the five-fold twin structure can be achieved only

at intermediate cooling rates, while fast cooling rates favour the formation of amorphous

structures and slow cooling rates favour the formation of FCC crystalline structures with

less five-fold twins. The effect of cooling rates can be analyzed as follows. On the one

hand, the pentagon population increases with decreasing temperatures [28]. On the

other hand, slower cooling rates result in higher crystallization temperatures. Therefore,

the slower cooling rate would lead to the lower pentagon population before crystalliza-

tion, which might limit the formation of five-fold twins.

In addition, we also observed that the annealing temperature affects the (five-fold)
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twinning frequency, implying that the atomic dynamics also plays a role in the twinning.

In fact, there is a competition between FCC and HCP structures during the crystallization

transition [31], and atomic dynamics is a key factor in such a competition.

5.5 Conclusions

The nucleation of five-fold twins was studied in a set of Al base model systems using

MD simulations. The following conclusions can be drawn from the comparative studies:

(1) A new nucleation mechanism of five-fold twins was discovered. It has been found

that the five-fold twinning starts with the intersection of two initial TBs, which is

followed by the formation of a pentagon structure around the nucleation center. The

pentagon and initial TBs form the prototype for the formation of subsequent twins.

(2) iQC phase or icosahedral clusters are not required to participate in the nucleation

process. Instead, TB energy plays the dominant role in the (five-fold) twinning in

the model systems. The general role of pentagon structure needs to be confirmed

further.
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Chapter 6 : Conclusions and future directions

6.1 Conclusions

In this thesis, we have applied the multi-scale modeling approach to investigate the

microstructural evolution in metallic structural materials, including polycrystalline ma-

terials and MGs. In particular, we used phase field method to simulate the GB migration

in polycrystalline materials, and used MD simulations to investigate the atomic-level de-

tails in the microstructural evolution of Al alloys. These studies bring new insights into

the understanding of the fundamentals in the microstructural evolution and contribute

to the design of more advanced metallic materials. The following major conclusions can

be drawn from these studies:

(1) We developed a multi-physics finite element model which couples strongly and fully

the phase field grain growth model with crystal plasticity finite element. The coupled

model explicitly includes the plastic driving force for GB migration, and can also

qualitatively capture the interaction of dislocations with mobile GBs. The model

provides a useful tool to effectively simulating GB migration in metals undergoing

large plastic deformations.

(2) The investigation of the nucleation kinetics in Al-Sm MGs with MD simulations re-

veals the micro-alloying effect of Sm on suppressing the crystallization and enhanc-

ing the glass forming ability of Al-Sm MG. Sm solutes were found to delay Al nucle-

ation by increasing the attachment barrier and therefore by reducing the attachment

frequency. The analysis shows that the Al attachment has the same characteristics as

Al diffusion in MGs and they both take place heterogeneously and collectively.
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(3) A new nucleation pathway for the five-fold twins was discovered from the MD sim-

ulations of solidification of Al alloys, which does not require the participation of any

nucleation templates. The low TB energy and the formation of pentagon structures

are prerequisites in the discovered nucleation mechanism. Through the comparative

study among Al-Sm and Al-Mg model alloys, it has been found that the TB energy

plays the dominant role in the five-fold twinning frequency in these model alloys.

6.2 Future directions

Microstructural evolution in metallic materials is a very broad area and there are plenty

of topics worthy of exploration. Here a few interesting future directions related closely

to the projects in this thesis are briefly described. First, for the current coupling phase

field model developed in this thesis, it would be interesting to implement further the

strain gradient theory [1–3] into the framework to account for the grain size effect on

the mechanical response to external loading. Strain gradient is associated with the ge-

ometrically necessary dislocations, which can be regarded to constitute GB structures.

Therefore, more complex GB-dislocation interactions could be captured.

For the Al-Sm MGs, our current study is only limited to low Sm concentrations.

To verify the applicability of our conclusions, one may want to perform long-time MD

simulations of nucleation reactions for higher Sm concentrations. This will help with the

understanding of glass forming ability of real systems. In order to improve the efficiency,

the GPU accelerated MD simulation technique [4] can be applied.

Finally, for the study of five-fold twinning in Al alloys, we only considered several

model systems. We are still not clear about the roles of iQC (if any) and the pentagon

structure in promoting the five-fold twinning. One can embed a dummy iQC to super-

cooled liquid to observe whether it promotes the formation of five-fold twins, or study

a system where iQC is proved to form. In addition, the effect of pentagon structure may
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also be clarified through a comparative study of alloys with distinct inherent pentagon

fractions.
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