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 Abstract 

Applications and Mechanisms of Epitaxy  

on Graphene-terminated Surfaces 

by Sebastian O. Manzo 

 

Remote epitaxy is a method for growing single-crystalline films on a 

graphene-terminated single-crystalline substrate, in which the epitaxial registry 

occurs between film and substrate rather than film and graphene. In an idealized 

picture, it has been argued that epitaxial registry between film and substrate 

originates from potential fluctuations of polar substrates that penetrate the graphene 

and template the overlayer [1]. The main advantage of this approach is the absence 

of direct bonding between the underlying substrate and the film, making it attractive 

for various applications like highly mismatched heteroepitaxy, graphene-diffusion 

barriers and the production of single crystalline, flexible membranes. However, the 

atomic scale mechanisms for remote epitaxy remain unclear because most 

experiments have relied on post growth analysis of very thick films (several 

microns), making it difficult to distinguish a remote epitaxy mechanism from 

alternative mechanisms. In this dissertation, I focus on elucidating the atomistic 
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mechanisms of remote epitaxy through ex-situ and in-situ tools and comment on 

some of the applications enabled by growth on graphene-terminated surfaces.  

First, I focus on the most commonly used system for remote epitaxy: 

transferred graphene on III-V semiconductor substrates. Using the standard 

cleaning and transfer procedures, we find that pinholes are created in the graphene 

immediately prior to growth, due to desorption of trapped interfacial oxides at the 

graphene/III-V interfaces. Crucially, our AFM and SEM studies show that these 

pinholes are the preferred sites for direct nucleation on the substrate, and that 

subsequent growth proceeds laterally until full coalescence of GaSb films on 

graphene/GaSb. Pinhole-seeded epitaxy can produce single-crystalline, 

exfoliateable membranes, thereby replicating the features of remote epitaxy via an 

alternate mechanism. 

Understanding the possible intrinsic mechanism for remote epitaxy requires 

very clean graphene/substrate interfaces with a low concentration of pinholes. 

Model calculations of idealized graphene/substrate interfaces suggest that lattice 

potential fluctuations through graphene are very weak (Δφ = 0-40 meV) [1,2], 

smaller than the thermal energy kBT (~ 70 meV) at a typical growth temperature of 

500 °C. It is unclear how such a low potential could template the growth. As a 

result, we hypothesize that step-edges provide larger potential fluctuations, which 

may be transmitted through draped graphene to seed epitaxy to the substrate. I grow 
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GaAs on gr/Ge (111), a system which has a much lower defect-density than 

transferred graphene and perform ex-situ microscopy measurements to see where 

GaAs is nucleating. I find that nucleation on clean graphene occurs at defective 

wrinkles and at step-edges. These results suggest that epitaxy on graphene might 

not require a polar substrate if sites with enhanced lattice potential fluctuations, like 

step-edges, are available on the surface. I also comment on related work conducted 

by my group member Dongxue Du, who discovered a 30°-rotated domain of 

GdPtSb grown on clean gr/sapphire which cannot be explained by pinhole or van 

der Waals epitaxy.  I also explore other possibilities that could result in epitaxy on 

graphene such as intercalation and metal carbide formation.  

Epitaxial lateral overgrowth using graphene masks is another promising 

growth approach that enables exfoliateable films with reduced defect densities. 

However, a clear understanding of the related kinetic factors that control nucleation 

selectivity and lateral coalescence is missing. I investigate the influence of various 

growth conditions such as temperature, atomic flux ratio and growth rate on the 

molecular beam epitaxial (MBE) growth of GaAs on partial coverage graphene 

masks on Ge (111). Microscopy, in-situ electron diffraction and photoemission 

demonstrate that elevated growth temperatures (T > 600 °C), low As/Ga flux ratios 

(~ 28) and moderate growth rates (~ 56 nm/h) improve surface diffusion and 
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desorption rates, promoting excellent selective nucleation and full coalescence of 

films within 400 nm. 

Lastly, I comment on some of the unique advantages of growing films on 

graphene-terminated substrates. We show that graphene successfully blocks metal 

interdiffusion into semiconductor substrates, which paves the way for growing 

lattice-matched Heusler alloys on graphene-terminated semiconductors for 

spintronic applications. Furthermore, films grown on graphene can be readily 

exfoliated to produce flexible single-crystalline membranes. We find that rippling 

GdPtSb and GdAuGe membranes allows us to access extreme strain states that give 

rise to magnetic and superconducting phases. 
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1  Introduction 

1.1 Epitaxy on van der Waals solids 

Epitaxy comes from the Greek prefix epi meaning “above” and taxia 

meaning “arrangement”. It is a process to synthesize crystalline films on crystalline 

substrates. Atoms that are deposited on the substrate will arrange themselves into 

epitaxial layers that are aligned with the underlying crystal. When the film and 

substrate are chemically identical, the process is known as homoepitaxy. 

Heteroepitaxy is the synthesis of a material that is different than the substrate. This 

technique has led to remarkable discoveries in the field of solid-state physics. Some 

examples include the growth of HgTe/(Hg,Cd)Te quantum wells — the first 

realization of a 2D topological insulator [3], the observation of a high mobility 

electron gas at the LaAlO3/SrTiO3 interface [4], and many more. In addition, 

several commercial electronic and photonic technologies rely on epitaxy, such as 

HgCdTe infrared detectors [5], InGaP/GaAs high-efficiency multi-junction solar 

cells [6] and InGaAs/AlInAs quantum cascade lasers [7], to name a few.  

Epitaxy allows for unprecedented control over the synthesis process, which 

can result in novel layered structures with atomically abrupt interfaces and 

exceptional crystal quality. Unfortunately, conventional epitaxy has a strict set of 

requirements to achieve high-quality films such as matching symmetry, polarity, 
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and lattice and thermal constants between film and substrate. If these conditions are 

not met, defective interfaces will be the result, which will lead to diminished device 

performance. Consequently, growing materials with innovative properties and 

integrating these with readily accessible substrates is a substantial challenge. There 

have been great efforts to overcome the compatibility issues between film and 

substrate. One such approach, known as van der Waals epitaxy (vdWE), involves 

growing films on 2-dimensional layered materials (2DLMs), such as graphene. 

Layered materials that have van der Waals cleavage planes have atomically 

sharp interfaces with no dangling bonds [8]. In other words, van der Waals crystals 

are held together by strong covalent forces in-plane and weak van der Waals forces 

out-of-plane. As a result, the weakly coupled layers of these materials can be easily 

peeled off. This led to the isolation of graphene using the scotch tape method [9]. 

The momentous characterization of graphene by Geim and Novoselov in 2004 

drove the discovery of many other promising 2DLMs [10–12]. This class of 

materials have demonstrated novel electronic band structures and fascinating 

optical properties [13–18]; here, we shall focus on their potential use as a growth 

substrate and the advantages that they might provide over conventional 3D bulk 

crystals.  

Conventional epitaxy results in direct covalent or ionic bonding at the 

interface between film and substrate. As a result, the overlayer must share a similar 
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crystal structure and lattice constant for pseudomorphic growth to occur. On the 

other hand, in van der Waals epitaxy, weak dispersion forces are the predominant 

bonding mechanism. The absence of strong covalent bonds allows for complete 

strain relaxation between two highly mismatched materials [19]. VdwE has been 

studied for decades as a potential growth method to overcome lattice mismatch, 

ever since Koma et al. first proposed it [20]. The lack of broken bonds at the vdW-

interface does mean that vdWE is typically incommensurate, where no orientational 

relationship between film and substrate exists. However, it has been found that 

certain systems do exhibit long-range commensurability, even in 3D-on-2D 

systems [21–23]. When this occurs the epilayer takes on the out-of-plane 

orientation associated with the lowest energy facet of its crystal structure. For 

example, in cubic systems, the (111) orientation would be favored [24,25]. Most 

work to date has focused on the vdWE of 2DLMs on other layered materials to 

create novel van der Waals heterostructures [10,12,26–29].  

1.2 Remote epitaxy 

In 2017 Kim et al. from MIT proposed a new mechanism for the growth of 

3D single-crystalline films on graphene, coined remote epitaxy [2]. This work was 

motivated by previous studies on the so called “long range effect” through 

amorphous layers. Several papers published in the mid-70s reported that 
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crystallographic information from the substrate could be transferred through thin 

amorphous layers, resulting in single-crystalline overlayers [30–32]. It is worth 

noting that these results were not without controversy. Other researchers proposed 

that the amorphous layers were not continuous, resulting direct epitaxy and lateral 

overgrowth at porous sites on the substrate [33]. Instead of utilizing amorphous 

layers, Kim et al. transferred graphene to single crystal semiconductor substrates, 

and claimed that a similar “long range effect” could take place [1]. Thick, singly-

oriented GaAs films grown on gr/GaAs (001) were in epitaxial registry with the 

underlying substrate despite the presence of a graphene interlayer [2]. Due to the 

weak van der Waals interface, the GaAs films could be exfoliated and stacked onto 

arbitrary substrates, which enabled the substrate to be reused [2].  

The key distinction between remote epitaxy and vdWE is that in vdWE the 

2DLM serves as the epitaxial seed for crystal growth, which can lead to film 

orientations that are different to that of the single-crystalline substrate. For most 

device applications and from the perspective of technological relevance and 

scalability, this is not favored. The main benefit of remote epitaxy is that the 

underlying substrate templates the growth without directly bonding with the film. 

This could make graphene a perfect diffusion barrier material, since it could block 

adatoms from forming parasitic phases with the substrate, while still allowing for 

epitaxy [34]. In addition, the same group from MIT demonstrated that mismatched 
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heteroepitaxy on a graphene-terminated substrate resulted in reduced dislocation 

densities when compared to direct epitaxy [35]. Raman spectroscopy and STEM 

geometric phase analysis confirmed that the epilayer underwent spontaneous 

relaxation on graphene after a critical thickness. Their density functional theory 

calculations indicated that “slipping” at the interface is more energetically 

favorable than the formation of misfit dislocations up to a certain lattice 

mismatch [35].   

Clearly, “remote epitaxy” holds a lot of promise, but how does it work? It 

was theorized that graphene acts as a semi-transparent layer that allows potential 

fluctuations from the substrate to permeate through it [1]. This “penetration 

distance” of these fluctuations is dictated by the substrate polarity. In fact, it was 

shown that “remote epitaxy” on multilayer graphene could still be conducted if the 

substrate was sufficiently polar [1]. According to this explanation, elemental 

semiconductor substrates such as silicon or germanium would not support the 

growth of single-crystalline films on top of graphene. Although the origin of this 

mechanism sounds plausible, a rigorous atomistic understanding of nucleation, 

diffusion and desorption on graphene-terminated substrates, is missing. The effect 

of graphene defects on the growth mechanism has also not been addressed. 

Furthermore, demonstrations of remote epitaxy outside of MIT remain sparse and 

the proposed explanation has garnered some skepticism and controversy. The 
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following chapters will address unanswered questions regarding remote epitaxy 

and how growing on graphene might be exploited for various applications.  

 

1.3 Scientific questions 

The overarching goal of this body of work is to elucidate the mechanisms 

of epitaxy on graphene-terminated surfaces through rigorous microscopic and 

spectroscopic characterization. We seek to understand all the possible mechanisms 

that result in epitaxy on graphene and explore ways in which we can exploit these 

novel growth techniques to expand the functionality of Heusler alloys, a materials 

system with rich diversity in electronic, magnetic, topological, and elastic 

properties [36–41]. Below is a breakdown of the of questions we seek to answer to 

achieve these goals and the corresponding sections that address them.  

1.3.1 Can remote epitaxy occur in defective graphene/substrate interfaces? 

Chapter 2 demonstrates that transferred graphene is not the idealized, 

pristine surface that previous remote epitaxy works assumed it to be. We find that 

graphene transferred to GaSb and GaAs leads to substantial defect formation due 

to thermal desorption of the native oxide through graphene. These defects are 

nucleation sites that seed film growth on graphene, which eventually leads to lateral 

overgrowth and coalescence. We could also exfoliate our films, which means we 
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have replicated the features of remote epitaxy without having to use “remote 

interactions” to explain the growth.  

1.3.2 How does nucleation proceed in clean graphene-covered surfaces? 

We explore where GaAs nucleation takes place on the cleaner gr/Ge (111) 

system in section 3.3 and find promising signs of step-flow -like nucleation enabled 

by draped graphene over Ge step edges. Furthermore, section 3.4 discusses the 

balance of vdWE, remote epitaxy and pinhole-seeded epitaxy through the growth 

of GdPtSb, LaPtSb and GdAuGe on gr/sapphire. We find a 30°-rotated domain in 

GdPtSb films grown on graphene which cannot be explained by a pinhole or vdW 

mechanism. Lastly, we discuss an important complication when growing 

stoichiometric films on graphene-covered surfaces in section 3.5, namely low 

sticking coefficients of metals on graphene.  

1.3.3 What are the kinetic factors that control nucleation selectivity and 

coalescence of films on graphene? 

Building from chapter 2 and 3, in chapter 4 we study the kinetic factors that 

control nucleation selectivity and lateral coalescence during epitaxial lateral 

overgrowth of GaAs on graphene masks. We report the optimal growth conditions, 

such as growth temperature, As/Ga atomic flux ratio, and growth rate to enhance 

nucleation selectivity and obtain coalesced films over graphene.  
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1.3.4 What are some other epitaxial growth mechanisms enabled by graphene 

besides van der Waals epitaxy and remote epitaxy?  

In chapter 5 we explore the possibility of intercalation and/or carbide 

formation during film growth on graphene-terminated surfaces. We see signs that 

Ga intercalation might be taking place in gr/Ge. In addition, after depositing and 

annealing Gd on highly oriented pyrolytic graphite, we find evidence for Gd2C 

formation through x-ray diffraction measurements. We also comment on forming 

Gd-carbides on graphene/sapphire.  

1.3.5 Can we exploit growth on graphene to expand the functionality of 

Heusler compounds? 

We present two cases that demonstrate graphene’s potential as a growth 

substrate for Heusler alloys in chapter 6. First, we quantity graphene’s diffusion 

barrier performance by growing and annealing Mn on graphene while tracking the 

Mn core level intensity via in-situ photoemission. Our results show that transferred 

and directly grown graphene successfully blocks Mn diffusion on semiconductor 

substrates. We also demonstrate that crystalline Heusler membranes can be 

produced by exfoliating from gr/Ge and gr/sapphire. We ripple these membranes 

and access extreme strain states that give rise to novel properties such as magnetism 

and superconductivity.   
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2  Pinhole-seeded lateral epitaxy on graphene-terminated 

surfaces 

This chapter is adapted from the following article: 

S. Manzo, P. J. Strohbeen, Z. H. Lim, V. Saraswat, D. Du, S. Xu, N. Pokharel, L. 

J. Mawst, M. S. Arnold, and J. K. Kawasaki, Pinhole-Seeded Lateral Epitaxy and 

Exfoliation of GaSb Films on Graphene-Terminated Surfaces, Nat. Commun. 13, 

1 (2022). 

Author contribution: I performed graphene layer transfers, GaSb film growth and 

exfoliation, characterization of structure and morphology (AFM, SEM, Raman, 

XRD, RHEED) and the associated data analysis.  

2.1 Abstract 

Remote epitaxy is a promising approach for synthesizing exfoliateable 

crystalline membranes and enabling epitaxy of materials with large lattice 

mismatch. However, the atomic scale mechanisms for remote epitaxy remain 

unclear. Here we experimentally demonstrate that GaSb films grow on graphene-

terminated GaSb (001) via a seeded lateral epitaxy mechanism, in which pinhole 

defects in the graphene serve as selective nucleation sites, followed by lateral 

epitaxy and coalescence into a continuous film. Remote interactions are not 



10 

 

necessary in order to explain the growth. Importantly, the small size of the pinholes 

permits exfoliation of continuous, free-standing GaSb membranes. Due to the 

chemical similarity between GaSb and other III-V materials, we anticipate this 

mechanism to apply more generally to other materials. By combining molecular 

beam epitaxy with in-situ electron diffraction and photoemission, plus ex-situ 

atomic force microscopy and Raman spectroscopy, we track the graphene defect 

generation and GaSb growth evolution a few monolayers at a time. Our results 

show that the controlled introduction of nanoscale openings in graphene provides 

an alternative route towards tuning the growth and properties of 3D epitaxial films 

and membranes on 2D material masks. 

2.2 Introduction 

Remote epitaxy of three-dimensional materials on graphene-terminated 

surfaces [2] promises to circumvent many of the limitations of conventional 

epitaxy. For example, the weak van der Waals interaction between the film and 

graphene creates new strain relaxation pathways for highly mismatched 

growth [35,42] and enables exfoliation of free-standing crystalline membranes for 

flexible devices [2,43] and tuning properties via strain in novel geometries [44]. 

Since the first demonstrations for compound semiconductors [1,2] epitaxy and 

exfoliation from graphene have been demonstrated for a variety of other materials 
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including transition metal oxides [43,45], simple metals [46], halide 

perovskites [42], and intermetallic compounds [44]. These films are typically 

thought to grow via a remote epitaxy mechanism [1,2], in which epitaxial registry 

between film and substrate is achieved via remote interactions that permeate 

through graphene.  

The atomic scale mechanisms of remote epitaxy, however, remain unclear. 

Model calculations suggest that for perfect graphene/substrate interfaces, the 

substrate lattice potential permeates through graphene and may be sufficient to 

template epitaxial growth [1,2,42,46]. However, the magnitude of the potential 

fluctuations is only Δϕ = 0 - 40 meV, which is smaller than the kBT ~ 70 meV 

thermal energy at typical growth temperatures 500 °C. Experimentally, the ability 

to grow and exfoliate crystalline films from graphene is often cited as evidence for 

growth via these remote (screened) interactions [2,42,45]. In practice, however, it 

remains an outstanding challenge to fabricate defect-free graphene or perfect 

graphene/substrate interfaces, especially because graphene cannot be grown 

directly on arbitrary substrates. Additional layer transfer steps are often required. 

The effects of native and transfer-induced defects in graphene, which are difficult 

to control [47–50], are generally overlooked in the remote epitaxy mechanism. 

Microscopic measurements during growth are required to understand the atomic-

scale mechanisms for growth under realistic conditions. 
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Here we experimentally demonstrate that pinhole-seeded lateral epitaxy 

explains the growth of atomically smooth, exfoliateable GaSb films on a graphene-

terminated GaSb (001) substrate. Using the same graphene transfer procedures as 

previous reports [2,42,51], we find that pinholes are created by native oxide 

desorption from the substrate. GaSb nucleates directly from the underlying GaSb 

substrate in the pinholes, followed by lateral overgrowth and coalescence of a 

continuous film. The resulting films have similar structural quality as previous 

reports [1,2,35,42,43,46] and can be exfoliated to produce free-standing 

membranes. Since GaSb shares similar bonding character, constituent vapor 

pressures, surface diffusion coefficients, and growth conditions as other III-V 

materials, we anticipate that the seeded lateral epitaxy mechanism may explain the 

growth of other materials on transferred graphene. We experimentally track the 

evolution of GaSb films grown on graphene/GaSb(001) by combining molecular 

beam epitaxy (MBE) synthesis with in-situ electron diffraction and photoemission 

spectroscopy (XPS), plus ex-situ atomic force microscopy (AFM) and scanning 

electron microscopy (SEM). 

This growth mode is conceptually similar to selective area epitaxy and 

epitaxial lateral overgrowth (ELO), that employ openings in a dielectric mask such 

as SiO2 to seed growth [52–56]. It improves upon conventional ELO in two key 

ways. First, due to the weak Van der Waals interactions and small pinholes (10 - 
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300 nm diameter), graphene masks permit the etch-free exfoliation of large-scale 

single-crystalline GaSb membranes for applications in flexible electronics. Second, 

the atomic thinness of graphene is an attractive feature compared to conventional 

ELO masks, for applications where an electronically transparent interface is 

desired, e.g. a tunnel junction [57,58]. Seeded lateral epitaxy also carries an 

advantage over purely remote epitaxy: whereas remote epitaxy is only expected to 

apply for substrates with polar bonding [1], seeded lateral epitaxy can produce 

epitaxial films on nonpolar substrates [53]. Remote epitaxy also requires clean 

graphene/substrate interfaces, free from interfacial oxides or other 

contaminants [2]. Our experiments demonstrate that the introduction of defects 

provides powerful knob for controlling epitaxial growth of covalent 3D materials 

on 2D materials surfaces, similar to recent work on growth of 2D materials on 

patterned 2D masks [59,60]. 

2.3 Results 

2.3.1 Epitaxy and exfoliation of GaSb films 

We first demonstrate the epitaxy and exfoliation of single crystalline GaSb 

films on a graphene-terminated GaSb (001) substrate. Fig. 2.1 (a,b) shows 

reflection high energy electron diffraction (RHEED) patterns tracking the MBE-

growth of GaSb directly on GaSb (001) and on graphene-terminated GaSb (001). 
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On this sample, we layer transfer graphene on half of the GaSb (001) substrate 

using a wet transfer procedure similar to the one that has previously been used for 

remote epitaxy of GaAs, including an HCl etch to remove native oxides from the 

substrate [2,51] (Methods). HCl [61–63] and HCl+H2O2 solutions [64,65] are also 

commonly used to etch native oxides from GaSb. The other half of the sample has 

an exposed GaSb surface for direct epitaxy. 

Immediately prior to growth we follow the standard procedure of annealing at 

520 °C in an Sb2/Sb1 flux to desorb the native oxides from the substrate. On the 

bare GaSb side, the native oxide removal is confirmed by the appearance of bright 

semi-streaky spots in the RHEED pattern. The graphene-terminated side looks 

qualitatively similar, although the pattern is not as bright and there is diffuse 

intensity around the specular reflection. We attribute these differences in part to 

scattering through monolayer graphene that is randomly oriented in-plane. 
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Figure 2.1 - Epitaxy and exfoliation of GaSb on graphene-terminated GaSb (001). (a-d) 
GaSb epitaxy on a GaSb (001) substrate that is half covered with graphene. (a) Reflection 
high energy electron diffraction (RHEED) patterns along a [11�0] azimuth, tracking direct 
epitaxy on the exposed GaSb region. RHEED after the oxide off step shows a bright three-
dimensional pattern. After 75 nm of film growth, an atomically smooth ring of spots 
RHEED pattern is recovered. (b) RHEED patterns tracking oxide desorption and growth 
on the graphene-terminated half of the substrate.  (c) Schematic of the heterostructure. (d) 
X-ray diffraction pattern of the GaSb film grown on the graphene-terminated side of GaSb 
(001). (e-g) GaSb membrane exfoliation using a Ni stressor layer.  (e) SEM image of the 
underside of the exfoliated GaSb membrane. The inset schematic illustrates the exfoliation. 
(f) SEM images of the substrate after exfoliation. (g) X-ray diffraction patterns of the 004 
reflection for the exfoliated GaSb membrane (blue) and the GaSb substrate (black). Insert: 
example photo of the substrate (left) and GaSb membrane (right) after exfoliation. 
Membrane dimensions are approximately 10 mm by 6 mm. 
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After 75 nm of GaSb film growth, on both sides of the sample we observe a 

distinct ring of spots RHEED pattern with 3× superstructure reflections 

corresponding to the expected c(2×6) reconstruction of GaSb (001) [Fig.2.1a, b, 

bottom]. The clear superstructure indicates that a well-ordered, smooth epitaxial 

film has grown on both the bare substrate side and, on the graphene-terminated side. 

X-ray diffraction measurements confirm epitaxial GaSb growth with no impurity 

phases or orientations (Fig. 2.1d). Closer inspection of the 006 reflection reveals a 

subtle shift of the film reflection to lower angle compared to the substrate, or a 

larger out-of-plane lattice parameter. We speculate that this shift may arise from 

strain induced by the underlying graphene, e.g. due to the large thermal expansion 

mismatch between graphene and GaSb. Alternatively, the shift may be due to slight 

wrinkling of the GaSb film since it resting on a graphene interlayer. XRD rocking 

curves reveal a similar picture. In the rocking curves of the 004 reflection for a 120 

nm GaSb film on graphene/GaSb (Supplementary Figure A.1), in addition to the 

expected peak at ω = 0, we observe a second peak shifted by ω = -15 arc seconds. 

The full width at half maxima (fwhm) of these two peaks are 10.44 and 12.59 arc 

seconds, respectively, compared to a width of 6.74 arc seconds for a homoepitaxial 

film. In addition, photoluminescence measurements reveal similar materials quality 

between films grown on graphene/GaSb (001) and a bare GaSb substrate 

(Supplementary Figure A.2). 
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Our GaSb films can be mechanically exfoliated from the graphene-terminated 

side of the sample, using a Ni stressor layer (Methods). Figs. 2.1 (e,f) show 

scanning electron micrographs of the top side of the substrate and the bottom side 

of the exfoliated membrane, after exfoliation. The large scale SEM images are 

comparable to previous demonstrations of remote epitaxy of other III-V materials, 

including GaAs and InP [1,2], and show minimal spalling marks or tears. ω-2θ X-

ray diffraction measurements of the exfoliated membranes (Fig. 2.1g, blue curve) 

confirm that the membrane itself is single crystalline. We find that the 004 

reflection of the membrane is slightly shifted the lower angle and slightly 

asymmetric compared to the substrate 004 reflection. We attribute these differences 

to strain, ripples, or slight mis-alignments when measuring thin (75 nm) exfoliated 

membranes. 

2.3.2 Pinholes created by native oxide desorption 

We now show that GaSb films grow on graphene-terminated GaSb (001) via a 

lateral epitaxy, seeded at pinhole defects. We first examine the creation of pinhole 

defects in graphene, which form due to native oxide desorption from the substrate 

immediately prior to GaSb film growth. 
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Figure 2.2 – Native oxides desorption from the graphene/GaSb interface. (a) In-situ 
photoemission spectra of the Sb 3d and O 1s core levels, tracking the desorption of native 
oxides by annealing. (b) Schematics of idealized and real interfaces, after a chemical 
etch but before thermal oxide desorption.  

 

Fig. 2.2 (b) shows two models of the graphene/GaSb substrate interface, 

immediately after the graphene layer transfer but before heating the sample to the 

film growth temperature. For an idealized transfer, the graphene/GaSb interface 

would be chemically clean and atomically sharp. This is a requirement for the 

substrate lattice potential to permeate through graphene and template film growth 

in a remote epitaxy mode [2]. However, such clean interfaces can be difficult to 

fabricate in practice, especially for III-V semiconductor substrates like GaSb since 
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III-Vs are typically terminated with an amorphous ~ 3 nm thick native oxide [66]. 

This oxide must be removed before film growth in order to reveal the underlying 

crystalline template for an epitaxial film. Although we adopt an HCl etching 

procedure to remove the substrate native oxides prior to forming the 

graphene/substrate interface (Methods), some residual oxides may remain. 

Our in-situ photoemission spectroscopy measurements reveal that some 

interfacial oxides remain after the etch procedure. Fig. 2.2 (a) shows in-situ x-ray 

photoemission spectra (XPS) of the O 1s and Sb 3d core levels for a graphene-

terminated GaSb (001) sample, as a function of annealing. These measurements are 

performed in an interconnected MBE + XPS chamber, such that samples are 

annealed and measured without removing them from ultrahigh vacuum (p < 5×10-

10 Torr). After a 350 °C ultrahigh vacuum anneal to clean surface adsorbates, we 

observe a significant O 1s intensity at binding energy of 531 eV. In addition, we 

observe a satellite to the Sb 3d3/2 core level at binding energy of 540 eV, indicative 

of Sb-oxides. 

Further annealing of our graphene/GaSb (001) samples removes most of the 

oxides, despite the presence of the graphene overlayer. After annealing at 515 °C 

with an Sb2/Sb1 flux, no oxide components are detected in the Sb 3d or Ga 3p core 

levels, suggesting that the GaSb-oxides have fully desorbed. We also observe a 

finite O 1s core level intensity that decreases as a result of the 515 °C anneal, and 



20 

 

decreases further after the 540 °C anneal. At this point the chemical state of the 

remaining oxygen above 515 °C is unclear, since no oxide components are detected 

in the Ga 3p, Sb 3d, or C 1s core levels, suggesting that neither the GaSb substrate 

nor the graphene itself is oxidized (Supplementary Figure A.3). This suggests that 

the remaining oxygen at high temperature is weakly coordinated to the graphene or 

GaSb, yet remains trapped in the near surface region of the sample. Further 

experiments are needed to understand the oxygen that remains after nominal GaSb-

oxide desorption. We observe similar native oxides for graphene/GaAs (001) 

interfaces even after the HCl etch (Supplementary Figure A.4). Variations on the 

anneal, including annealing in a H2/Ar forming gas, also revealed residual oxygen 

and Sb-oxides after light annealing (Supplementary Figure A.5). 

The interfacial oxide desorption creates pinholes in the graphene. Fig. 2.3 tracks 

the evolution of surface morphology during native oxide desorption. The sample 

lightly annealed at 350 °C appears qualitatively smooth with no tears or holes 

observed in the SEM images (Fig. 2.3a). AFM topography reveals a bumpy 

morphology with height variations of ~ 2 nanometers and hints of the underlying 

GaSb step and terrace morphology, with terrace length ~ 100 nm (Fig. 2.3b, left). 

We attribute bumpy morphology to the presence of some interfacial oxides. Raman 

spectroscopy at this stage shows sharp G and 2D bands with no detectable D peak, 

which is commonly used as a metric to indicate minimal defects in the graphene.  



21 

 

 

Figure 2.3 – Pinholes created by native oxide desorption. (a) SEM images and RHEED 
patterns tracking the native oxide desorption and creation of large 300 nm diameter 
holes. (b) AFM height images. Pinholes with diameter ~ 10 nm appear at the onset of 
native oxide desorption, 450 °C. (c) AFM phase contrast images. The phase contrast 
arises from differences in elastic modulus between the graphene and the holes with 
exposed GaSb. (d) Schematic of the oxide desorption process leading to the creation of 
holes with different sizes. Red circles represent oxides. (e) AFM height and phase line 
profiles extracted from the 450 °C sample. The corresponding line cut is marked by the 
blue line in the AFM images. (f) Raman spectra at various stages during oxide 
desorption. Strong D peak activation coincides with the appearance of large holes after 
annealing at 540 °C. 

 

These measurements show that before oxide desorption, the transferred graphene 

has a relatively low defect density. 
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After annealing at 450 °C, the onset of native oxide desorption, pinholes with 

diameter ~ 10 nm are observed in the AFM phase and height images (Fig. 2.3b, c 

and Fig. 2.3e). The distinct contrast in the AFM phase suggests a different elastic 

modulus in the holes (exposed GaSb) compared to away from the pinholes 

(graphene). We interpret these holes to be created by the native oxide desorption 

process, as illustrated in Fig. 2.3 (d). These pinholes are difficult to observe at SEM 

length scales (Fig. 2.3a) and are not readily detected by Raman spectroscopy since 

the sample does not have an observable D peak (Fig. 2.3f). The RHEED signature 

of the beginnings of oxide desorption is a sharpening of the specular reflection (Fig. 

2.3a, middle insert). An extended analysis of the defects, strain, and doping 

extracted from Raman is shown in Supplementary Figure A.6. 

The pinholes appear to be localized at the bumps that were observed after 

annealing to 350 °C. However, a more detailed study of samples before and after 

de-oxidation, at exactly the same location, would provide a more definitive answer 

to their origin. Oxygen (and oxygen plasmas) are well known to etch graphene [67], 

particularly at edges and at extended defects like grain boundaries. In the present 

case, we expect that the larger strains around these protrusions may enhance the 

oxygen etch rate at these locations, compared to smoother regions of the graphene. 

Similar enhanced oxygen etching of graphene on other substrates has been 

attributed to roughness and impurities in the underlying substrate [68]. 
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With further annealing up to 540 °C, the areal density and diameter of the 

pinholes increases as observed in the AFM images (Fig. 2.3b, c) and in 

Supplementary Figure A.7. Additionally, we observe larger ~ 300 nm diameter 

holes in the SEM images. After the 540 °C anneal, a significant D band is present 

in the Raman spectrum, which is indicative of graphene defects. We observe similar 

pinhole formation for graphene on GaAs (001) (Supplementary Figure A.8). 

An important question is whether the presence of oxides and creation of 

pinholes upon annealing are unique to our wet graphene transfer process, or if the 

creation of pinholes is more general. Note that we use the same HCl etching 

procedure that has been used previously for transferred graphene on III-Vs [2]. 

Additionally, recent XPS measurements show there are oxide satellites in the C 1s 

and As 3d core levels for both wet and dry transferred graphene on GaAs 

(001) [51]. Therefore, it appears that native oxides trapped at graphene/III-V 

interfaces are common to both wet (aqueous) and dry (in air) [69] transfer 

procedures, due to the reactivity of III-V surfaces [70]. Further improvements in 

interfacial cleanliness may require in-vacuum or glovebox transfer procedures [71]. 

2.3.3 Seeded lateral epitaxy at pinholes 

These pinholes serve as nucleation sites for direct epitaxial growth. Fig. 2.4 

tracks the evolution of GaSb film growth on the graphene/GaSb (001) surface after 
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native oxide desorption. After 0.5 monolayers (ML) of GaSb growth, AFM and 

SEM measurements show that the GaSb islands selectively nucleate in the ~ 10 nm 

and 300 nm pinholes rather than on the graphene (Fig. 2.4a, b). We attribute the 

selective nucleation in the pinholes to the fact that exposed holes to the substrate 

are more chemically reactive than graphene. At this point we primarily observe 

nucleation on top of exposed regions of the GaSb substrate, rather than at graphene 

edges or underneath the graphene. Further experiments are required in order to 

comment on the possibility of edge initiated epitaxy [72,73] or intercalation under 

the graphene [74,75], as has been observed in other systems. 
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Figure 2.4 – Seeded lateral epitaxy at the graphene pinholes. (a) AFM images tracking 
the evolution of GaSb nucleation at pinholes in the graphene < 2 monolayers, ML), 
followed by lateral overgrowth (5 ML) and coalescence into an atomically stepped 
continuous film (200 ML). One monolayer is defined as half the thickness of a unit cell 
a/2 = 3 Angstrom, corresponding to an areal density of 5.4 × 1014 atoms/cm2 each of Ga 
and Sb. The GaSb growth temperature was 500 °C and the oxide desorption temperatures 
were 520-540 °C. Inserts show RHEED patterns at each stage of growth. (b) SEM 
images showing the nucleation at both small and large holes. The islands extend and 
coalesce around 50-100 ML, and nearly full coalescence is observed after 200 ML film 
growth. (c) Schematic of lateral epitaxy seeded at holes in the graphene. Blue circles 
represent GaSb nucleation. 

 

After 2 ML of GaSb growth, nearly all of the holes have nucleated GaSb 

islands, which we further quantify in Supplemental Fig. A.7. After 5 ML growth, 

the islands begin to grow laterally (Fig. 2.4a). At 50-100 ML, the islands extend 

and coalesce (Fig. 2.4b). Finally, after 200 ML a smooth GaSb film surface is 
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recovered across length scales of several microns, with an atomic step-and-terrace 

morphology observed by AFM. Our results indicate that the holes created by native 

oxide desorption serve as sites for the nucleation, lateral epitaxy, and coalescence 

of GaSb films (Fig. 2.4c). 

As a control, we also perform GaSb film grown on a graphene/GaSb (001) 

sample for which we do not remove the interfacial oxides. For this sample, we 

anneal to 350 °C, which is below the native oxide desorption temperature. We find 

that the resulting GaSb film grown at 350 °C is polycrystalline (Supplementary 

Figure A.9). Therefore, we conclude that removal of the native oxides is a crucial 

step for growing an epitaxial film. 
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Figure 2.5 – Exfoliation of GaSb membranes that are seeded at pinholes. (a) SEM 
image of the substrate after exfoliation, showing ~ 300 nm diameter spalling marks and 
clusters of spalling marks. (b) SEM image of the substrate showing a relatively smooth 
region with no large spalling marks. (c) Cartoon of the exfoliation. (d) Magnified SEM 
image of the substrate showing ~ 20 nm spalling marks. (e) Photograph of the substrate 
and the exfoliated GaSb membrane supported on thermal release tape. The lateral 
dimensions of the membrane are 5 mm by 6 mm. 

 

Despite the presence of holes, GaSb films grown by a seeded lateral epitaxy 

mode can be exfoliated, as shown in the large-scale SEM images of Fig. 2.1(e, f). 

To understand this exfoliation further, in Fig. 2.5 we show higher magnification 
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SEM images of the substrate after GaSb membrane exfoliation. In Fig. 2.5(a) we 

observe elongated clusters of spalling marks with width ~ 300 nm and length 

ranging from 300 nm to several microns, which have approximately the same size 

and areal density as the 300 nm diameter holes observed in Fig. 2.3(a). We attribute 

these spalling marks to direct epitaxy in the 300 nm holes, where the film remains 

stuck to the GaSb substrate rather than being peeled away with the film/membrane. 

Other regions of the substrate appear relatively smooth at this length scale (Fig. 

2.5b), since the original 300 nm holes from oxide desorption are sparsely 

distributed across the sample. Zooming into this relatively smooth region, we 

observe smaller scale ~ 20 nm islands (Fig. 2.5d), which we attribute to the film 

sticking at the ~ 20 nm graphene pinholes. These pinholes are typically evenly 

distributed across the sample after oxide desorption. After exfoliation we detect 

Raman 2D and G modes on both the exfoliated membrane side and on the substrate 

side, indicating that exfoliation tears the graphene (Supplementary Figure A.10). 

2.3.4 Comparison with remote epitaxy 

Our experiments reveal that pinhole defects drive the seeded lateral epitaxy of 

GaSb on graphene-terminated GaSb (001). These pinholes are created by native 

oxide desorption from the substrate. The resulting GaSb films have similar 

characteristics and structural quality as previous reports of remote 

epitaxy [1,2,42,44], namely, epitaxial alignment to the underlying substrate, 
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smooth atomically stepped surfaces, and the ability to exfoliate macroscopically 

smooth films. We understand the growth in terms of a balance between several 

atomic scale processes, as illustrated in Fig. 2.6. This balance dictates whether the 

growth is in a seeded lateral epitaxy regime or a remote epitaxy regime. 

Seeded lateral epitaxy occurs in the graphene/GaSb system because (1) 

graphene is chemically inert and (2) the surface diffusion length λ is long compared 

to the average spacing L between pinhole defects (λ >> L). Previous experiments 

on confinement heteroepitaxy demonstrate that the effective surface diffusion 

length for group-III metal adatoms on graphene is of order 10 microns, since metal 

adatoms preferentially nucleate at graphene defects over length scales of order 10 

microns [74,75]. Our preliminary experiments on lithographically defined 

graphene stripes reveal a similar picture (Fig. 2.7). We find that during the early 

stages of nucleation for GaAs films on patterned graphene/Ge (001), the GaAs 

preferentially nucleates at exposed regions of the Ge substrate, even when the 

spacing between graphene openings is 10 microns. This λ ~ 10 micron effective 

diffusion length is much larger than the L ~ 70 nm spacing between pinhole defects 

on graphene/GaSb (001). Therefore, adatoms can sample enough of the surface to 

nucleate at pinhole defects, rather than on the inert graphene. Remote epitaxy would 

require a larger separation between defects, L > λ. 
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The long effective surface diffusion length arises from a combination of long 

surface diffusion and a high adatom desorption rate (Fig. 2.6a), since the sticking 

coefficient of Ga and Sb adatoms on inert masks at 500 °C is less than unity. Similar 

behavior has been observed for selective area epitaxy of III-V films on patterned 

dielectric masks, such as SiO2 and SiNx  [52]. 

 

Figure 2.6 – Fast surface diffusion favors seeded lateral epitaxy at pinholes. (a) Pinholes 
are created by the native oxide desorption, which then serve as nucleation sites for 
epitaxial growth. (b) Schematic potential φ for adatoms diffusing on the graphene-
terminated surface, with diffusion length λ. Seeded lateral epitaxy is expected when L 
<< λ, where L is the spacing between pinholes. Remote epitaxy requires L > λ. 

 

The relative size of potential modulations also explains the preferred nucleation 

and growth from pinholes (Fig 2.6b). On graphene-terminated regions, the 

combined potential modulations from the graphene itself and from the substrate 

that permeate through graphene are expected to be weak. Density functional theory 

calculations suggest these modulations are of order Δϕ ~ 15 meV [1], which is 
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smaller than the thermal energy kBT ~ 70 meV at growth temperature 500 °C. An 

estimate of the free carrier screening from graphene also suggests this potential 

should be weak. For a free electron gas with density 1019-1020 cm-3, the same 

density as graphene (graphite) [76], the Thomas-Fermi screening length is 

approximately 1/k0 ~ 2 Å. This is less than the film/substrate layer spacing of ~ 5 

Å [2], suggesting that the screened potential above the graphene is exponentially 

weak. In contrast, the potential modulation at a graphene pinhole is expected to be 

much larger, Δϕ ~ 1 eV, since this involves adatoms making chemical bonds to the 

graphene or to the underlying substrate. The pinholes provide the low energy sites 

for nucleation and growth. Epitaxial registry is obtained because the pinholes are 

locations of direct epitaxy to the substrate. Given these factors that favor seeded 

lateral epitaxy when there is a finite density of graphene defects (L << λ), our results 

suggest that previous demonstrations of remote epitaxy can alternatively be 

explained by a seeded lateral epitaxy mechanism. 

Our experiments demonstrate that in the presence of a high concentration of 

graphene defects (L << λ), the defects dominate the growth mechanism. Due to the 

interfacial oxides, we expect that most graphene that is transferred to a foreign 

substrate will lie in this high defect density regime. Characterization of the 

graphene quality before the pre-growth anneal (Fig. 2.3 (350 °C) and 

Supplementary Figure A.8a) is not a reliable representation of the surface quality 
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immediately prior to III-V film growth (Fig. 2.3 (450 °C) and Supplementary 

Figure A.8b). Additionally, the ability to exfoliate membranes from graphene is not 

sufficient to prove a remote epitaxy mechanism, since films grown by seeded lateral 

epitaxy can also be exfoliated (Fig. 2.5). 

On the other hand, our results do not globally rule out the possibility of a 

“remote epitaxy” mechanism. The key requirement for testing a remote mechanism 

is to start with clean graphene that has low defect density (L > λ) immediately prior 

to film growth, i.e., including the pre-growth annealing. Graphene that is directly 

grown on the substrate of interest, rather than transferred, provides a cleaner 

starting point for such studies. III-nitride [74,77] and metal films [75] on epitaxial 

graphene/SiC, and III-arsenide films on CVD graphene/Ge (Fig. 2.7) are promising 

options. Our microscopic measurements set a higher experimental bar for proof of 

remote epitaxy.  
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Figure 2.7 – GaAs selectivity on patterned graphene/Ge. The graphene was grown 
directly on the Ge (001) by CVD, thus avoiding the damage and interfacial oxides 
typically present for graphene layer transfers. We use photolithography and an oxygen 
plasma etch to define 10 micron wide stripes of alternating graphene and exposed Ge 
substrate. GaAs films were then grown on the patterned graphene substrate by MBE. (a) 
SEM image of GaAs nucleation on patterned graphene on a Ge (001) substrate. We 
observe selective nucleation of GaAs (light color) on the exposed Ge regions of the 
substrate, and no GaAs nucleation on the graphene. (b) Cartoon of the sample. (c) Raman 
spectra on the graphene masked region (black curves) and on the GaAs nucleation region 
(blue). Representative areas for these spectra are marked by the circles in the SEM image 
(a). 
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2.4 Discussion 

Our in-situ experiments provide a fundamental understanding of the atomic 

scale growth mechanisms on graphene, which are crucial for controlling the 

structure, properties, and scalability of the resultant films and membranes. In 

addition, seeded lateral epitaxy on graphene offers several advantages over both 

conventional ELO and remote epitaxy. 

Compared to conventional ELO, which uses thick dielectric masks, graphene is 

the atomically thin limit for a mask material. This thinness is attractive for 

applications where an electronically transparent interface is desired, e.g. a tunnel 

barrier [57,58]. Graphene masks also enable the etch-free synthesis and exfoliation 

of crystalline membranes, for applications in flexible electronics and for inducing 

novel properties via strain [44]. 

Compared to remote epitaxy, which is expected to only produce epitaxial films 

on substrates with polar bonding [1], seeded lateral epitaxy can produce single-

crystalline films on nonpolar substrates [53]. Seeded lateral epitaxy is also tolerant 

to an imperfect graphene/substrate interface. Despite the oxides present at the 

graphene/substrate interface after graphene transfer, epitaxial growth can still be 

achieved by desorbing the native oxide to create pinholes. This tolerance is crucial 
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for translating epitaxy on graphene-terminated surfaces to wafer scale, since it is 

difficult to perform native oxide-free graphene layer transfers at wafer scale. 

Our work suggests that the controlled patterning of nanoscale openings in 

graphene (Fig. 2.7) provides a route to precisely engineer the size, location, and 

spatial distribution of nucleation sites, and resulting properties of coalesced films 

and membranes. Recently, patterned openings in a graphene mask have been used 

for the selective area epitaxy of 2D hexagonal-BN [59], and point defects in h-BN 

have been used to seed 2D MoS2 films with controlled orientations [60]. Our results 

show that openings in a graphene mask are also promising for the growth of three-

dimensional materials like III-V semiconductors, by enabling their exfoliation into 

free-standing quasi-2D membranes. 

2.5 Experimental methods 

Graphene synthesis and transfer. Our graphene synthesis and transfer 

procedure is a modified polymer-assisted wet transfer of CVD-grown 

graphene [78], similar to the transfer recipe from previous demonstrations of 

remote epitaxy [1,2]. Graphene was grown by thermal chemical vapor deposition 

(CVD) of ultra-high purity CH4 at 1050 °C on Cu foil, as described in Refs. [44,79]. 

The graphene/Cu foils were then cut and flattened using clean glass slides to match 

the dimensions of the semiconductor substrate. Approximately 200 nm of 950K C2 



36 

 

PMMA (Chlorobenzene base solvent, 2% by wt., Kayaku Advanced Materials, 

Inc.) was spin coated on the graphene/Cu foil at 2000 RPM for 2 minutes and left 

to cure at room temperature for 24 hours. Graphene on the backside of the Cu foil 

was removed via reactive ion etching using 90 W O2 plasma at a pressure of 100 

mTorr for 30 s. The Cu foil was then etched by placing the PMMA/graphene/Cu 

foil stack on the surface of an etch solution containing 1-part ammonium persulfate 

(APS-100, Transene) and 3-parts H2O. After 16 hours of etching at room 

temperature, the floating PMMA/graphene membrane was scooped up with a clean 

glass slide and sequentially transferred onto five 5-minute water baths to rinse any 

etch residuals.  

GaSb (001) substrates were etched in 38% HCl solution for 5 minutes 

followed by a 2-propanol rinse to remove some of the native oxides. We then used 

the etched GaSb substrate to scoop the PMMA/graphene stack from the final water 

bath. To remove water at the graphene/substrate interface, the samples were baked 

in air at 50 °C for 15 minutes, then at 150 °C for another 15 minutes. The PMMA 

was dissolved by submerging the sample in an acetone bath at 80 °C for 3 hours. 

This is followed by an IPA rinse and nitrogen drying. The sample is indium bonded 

onto a molybdenum puck and outgassed at 150 °C for 2 hours in a loadlock at a 

pressure p< 5 × 10-7 Torr before introduction to the MBE growth chamber. Finally, 
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the sample is annealed at ~ 350 °C for 1 hour in the MBE chamber to desorb organic 

residuals.  

MBE growth of GaSb. GaSb films were grown in a custom molecular 

beam epitaxy chamber (Mantis Deposition) using an effusion cell for Ga and a 

thermal cracker cell for Sb (MBE Komponenten). Temperatures were measured 

using a pyrometer that is calibrated to the native oxide desorption temperature of 

GaAs. In-situ reflection high energy electron diffraction (RHEED) measurements 

were performed using a Staib RHEED gun at 15 keV. 

In-situ XPS. X-ray photoemission spectroscopy (XPS) measurements were 

performed in an XPS chamber that is connected to the MBE via an ultrahigh 

vacuum (p < 5 × 10-10 Torr) transfer chamber, such that samples are transferred in 

vacuum and are not exposed to air. We use a non-monochromated Al Kα x-ray 

source (1486.6 eV) and an Omicron EA125 hemispherical analyzer with an energy 

resolution of 1.08 eV. Samples were annealed in the MBE and measured in the XPS 

at room temperature.  

AFM, SEM, and Raman spectroscopy. Field emission scanning electron 

microscopy (SEM) was performed using a Zeiss GeminiSEM 450. Raman 

spectroscopy was performed using a 532 nm wavelength laser (Thermo Scientific 

DXR Raman Microscope). The laser power is kept below 5 mW in order to prevent 
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damage to the graphene. In order to acquire representative Raman spectra, 2600 

spectra were captured and averaged over a 2500 μm2 area. Atomic force 

microscopy (AFM) measurements were performed using a Bruker Dimension Icon 

in tapping mode.  

X-ray diffraction. X-ray diffraction measurements were performed using 

a four-circle Malvern Panalytical Empyrean diffractometer, using Cu Kα radiation. 

Symmetric ω-2θ measurements (ω is the sample tilt in the scattering plane and 2θ 

is the Bragg angle) and azimuthal pole figure (φ) scans were performed using a 4-

bounce Ge 220 monochromator on the incident radiation. Rocking curve 

measurements were performed using an additional 3-bounce Ge 220 analyzer 

crystal. 

GaSb exfoliation. To exfoliate the GaSb epilayer, a 100 nm Ni stressor 

layer was deposited on the GaSb / graphene / GaSb (001) heterostructure at room 

temperature using a metal evaporator (Angstrom Engineering Inc.) in high-vacuum 

(p < 2 × 10-6 Torr). The film was then exfoliated with two methods. Crystalbond 

509 adhesive, with a flow point of 120 °C, was gently smeared on glass slide on a 

hot plate at 150°C. The sample is then placed film-side down on the adhesive and 

allowed to cool. The membrane can be easily exfoliated by gently dropping the 

glass slide from a height of approximately one foot onto a clean surface. The force 

from the drop is enough to release the substrate from the membrane, leaving the 
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membrane adhered on the glass slide. Thermal release tape (Revalpha 3195H, 

Semiconductor Equipment Corp.) was also used to exfoliate by stamping onto the 

sample, and then carefully peeling the tape away from the substrate.  

Photoluminescence measurements. Steady-state photoluminescence (PL) 

measurements were performed at 300 K with a CW Ar-ion pump laser at a 

wavelength of 514.5 nm, using a 1500 nm (600 gr/mm) grating and a liquid-

nitrogen cooled Ge detector. The power density was approximately 6.96 watts/cm2. 
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3  Nucleation and growth on clean graphene interfaces 

The last two sections of this chapter are adapted from the following articles, while 

the first section is based on ongoing work I have performed: 

• D. Du, T. Jung, S. Manzo, Z. LaDuca, X. Zheng, K. Su, V. Saraswat, J. 

McChesney, M. S. Arnold, and J. K. Kawasaki, Controlling the Balance 

between Remote, Pinhole, and van Der Waals Epitaxy of Heusler Films on 

Graphene/Sapphire, Nano Lett. 22, 8647 (2022). 

Author contribution: I performed graphene transfers to sapphire and 

assisted in the characterization of the graphene (Raman, AFM).  

• Z. LaDuca, K. Su, S. Manzo, M. S. Arnold, and J. K. Kawasaki, Control of 

Ternary Alloy Composition during Remote Epitaxy on Graphene, Phys Rev 

Materials. 7, 083401 (2023).  

Author contribution: I performed some of the graphene transfers to MgO 

and assisted in the morphological characterization (SEM).  
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3.1 Nucleation of GaAs on epitaxial graphene on germanium 

We have shown that transferred graphene on semiconductor substrates leads 

to defect formation due to thermal desorption of the native oxide [80]. Moreover, 

metallic and organic contaminants associated with dry and wet graphene transfers 

are difficult to avoid [81,82]. The impact is that on these surfaces, extrinsic growth 

mechanisms such as pinhole seeded epitaxy dominate, rather than “remote” epitaxy 

which requires clean starting graphene. Most studies of “remote” epitaxy cannot 

clearly distinguish between these two scenarios [1,35,45,83]. We understand the 

relative importance of these two mechanisms by comparing their characteristic 

length scales. In a dirty or defective interface, the surface diffusion length of 

adatoms (λ) on graphene will be much larger than the distance between 

defects/contaminants (L), which are chemically reactive nucleation sites. Only if λ 

< L, can we study the effect of remote interactions. Therefore, directly grown 

graphene on a substrate in which L is very large, would be a more suitable platform 

to investigate remote epitaxy. Here, we deposit GaAs on epitaxial graphene directly 

grown on Ge (111) substrates to elucidate where nucleation occurs on a clean 

system. Our hypothesis is that the step edges in gr / Ge (111) provide a much larger 

potential fluctuation, and that these step edges may provide sites with sufficiently 

large transmitted lattice potential fluctuation to seed epitaxy to the substrate. 
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Figure 3.1 compares the starting graphene quality of epitaxial gr/Ge (111) 

and transferred gr/GaSb after thermal desorption of the native oxide at 540 °C [80]. 

We see a dramatic difference in the defect density between the two samples. In the 

case of gr/Ge (111), our atomic force microscopy measurements do no detect any 

pinholes down to a minimum diameter of 5 nm (Fig. 3.1 a, b). Conversely, for 

annealed gr/GaSb we observe a pinhole density of ~ 400 μm-2.  Raman spectroscopy 

tells us the graphene on Ge (111) is highly ordered, with a negligible defect-

activated D-mode and narrow 2D and G peaks [84–87]. In contrast, the Raman 

spectrum of the transferred Graphene on GaSb after oxide desorption has a high 

D:G intensity ratio, indicative of a high defect density [86,87] (Fig. 3.1d). Clearly, 

the terraced gr/Ge (111) surface is the better choice to study remote epitaxy. This 

system gives us a much better chance to meet the important λ < L requirement 

mentioned earlier. It is important to note that the pinhole defects we are referring 

to are those that can be resolved by AFM (5 nm diameter and above). As a result, 

we cannot rule out the presence of smaller point defects such as vacancies and 

Stone-Wales defects in the graphene lattice [49,50,88]. 
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Figure 3.1 –Comparison of a clean gr/Ge (111) interface vs a defective gr/GaSb (001) 
interface. (a) AFM height and phase image of gr/Ge (111). (b) AFM height and phase 
image of transferred gr/GaSb after deoxidation. (c) Cartoon illustrating the clean, 
terraced gr/Ge (111) surface. The distance between pinholes Lpinhole is smaller than the 
terrace spacing Lterrace. (d) Representative Raman spectrum of gr/Ge (111) and gr/GaSb 
after annealing up to 540 °C to remove the native oxides.  

 

Our characterization of gr/Ge (111) prior to growth suggests we have a starting 

surface where the average terrace length is smaller (Lterrace ~ 0.5 - 1 μm) than the 

distance between defects (Lpinhole) (Fig. 3.1c). Moreover, the adatom surface 

diffusion length of metals on graphene is likely larger than Lpinhole at GaAs growth 

temperatures (~ 600 °C) and on the order of 10s of microns [89–91]. Therefore, an 

adatom will encounter a step edge before it encounters a pinhole, which means step-

flow-like growth on the draped graphene could be possible.  
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We grew GaAs on gr/Ge (111) at 580 °C, which is a high enough 

temperature to avoid any polycrystalline or stochastic nucleation on the graphene. 

Reflection-high energy diffraction (RHEED) patterns of samples grown at this 

temperature appear streaky and are indicative of a surface with long-range ordering 

(Fig. 3.2a, inset). Further details on the growth of GaAs on gr/Ge (111) at different 

temperatures can be found in Appendix B. The deposition time was 46 minutes, 

resulting in an integrated flux of 8.9×1016 atoms/cm2 which corresponds to a 

nominal thickness of 40 nm for a unity sticking coefficient of Ga. The growth rate 

was 52 nm/h and estimated using homoepitaxial GaAs RHEED oscillations. The 

As/Ga flux ratio (~ 21) was approximated by reaching the lower bound of the GaAs 

growth window with a fixed growth temperature while observing RHEED 

oscillations. 
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Figure 3.2 – Nucleation of GaAs islands at gr / Ge step edges. (a) AFM height image of 
GaAs / gr / Ge (111) (inset: RHEED pattern of the sample along a <112�> azimuth. White 
arrows denote the first-order reflections of graphene, blue arrows denote the first order 
reflections of GaAs). (b) First derivative of (a), emphasizing step-edge nucleation. 
 

Figure 3.2 (a, b) shows an ex-situ AFM height image of a sample grown at 

580 °C and its first derivative, which emphasizes where GaAs islands are 

nucleating. Both images clearly show that tall, circular islands are nucleating at the 

top surface of step edges. The islands are taller than the nominal thickness of 40 

nm (60-80 nm step heights), indicating that adatoms are diffusing and clustering 

together at these nucleation sites. Raman scans of these tall circular islands exhibit 

the LO and TO modes of GaAs (Fig. 3.3 (f), green curve). The top of step-edges is 

not a typical nucleation site during conventional epitaxy. If one considers the 

Terrace-step-kink (TSK) model, the top surface of a terrace would not be the most 



46 

 

energetically favorable nucleation site, since it provides fewer nearest neighbors 

than the bottom of step edges [92]. This simple picture does not take the graphene 

into account, however. It seems reasonable to assume that the graphene drapes over 

the terraced Ge surface conformally; however, the structure of graphene at Ge step 

edges has not been extensively studied. In the gr/SiC system, step edges have been 

demonstrated to have a negative effect on graphene’s electronic transport 

properties, being scattering sites for charged carriers [93,94]. High defect densities 

have been observed at the step edge regions, which show inferior mobilities 

compared to the flat terrace regions [94,95]. If the graphene is also defective at the 

Ge step edges, then this could explain the nucleation of islands that we observe in 

our samples. Another possibility is the graphene strain field around the step edges 

could be enhancing the reactivity of these regions and lead to nucleation [96,97]. 

Atomic-resolution, cross-sectional and plan-view imaging of the graphene at Ge 

step terraces is needed to further understand this morphology. This result seems to 

align with our hypothesis of nucleation at terrace steps on clean graphene systems. 

This morphology could represent a growth mechanism on graphene that is not 

dictated by pinholes. In other words, nucleation on clean graphene seems to begin 

at step edges. 
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Figure 3.3 – Different forms of nucleation of GaAs on gr/Ge (111). (a) AFM of sample 
showing smooth, GaAs islands that nucleate at the bottom of step-edges. (b) AFM 
showing tall, spherical islands nucleating at the top of step-edges. (c) AFM of islands 
nucleating at graphene wrinkles (d) AFM image of smooth plate morphology of GaAs 
on sub-monolayer gr/Ge (111). (e) Cartoon of the four GaAs nucleation phenomena 
observed on gr/Ge (111). (f) Representative Raman spectra of the different types of 
GaAs nucleation.  

 

In addition to nucleation at the top of step edges, we also observe nucleation 

at the bottom of step edges, at wrinkles, and in some cases at unintentional 

graphene-openings (Fig. 3.3e). The AFM images in Figure 3.3 (a-d) correspond to 
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four different samples. The growth conditions for these samples are the same 

(Tgrowth = 580 C°, VAs:IIIGa ~ 21, nominal th = 40-60 nm, growth rate = 52 nm/h); 

however, the gr/Ge “batch” is different, meaning that the gr/Ge substrates were not 

grown at the same time.  

Figure 3.3 (a) shows GaAs nucleation at the bottom of step edges. AFM 

linecuts reveal that the islands that emerge from step-edges are flat and 

approximately ~1 nm thick. (Supplementary figure B.3). AFM phase contrast 

strongly tracks with the flat GaAs islands, which have a markedly different phase 

than the gr/Ge substrate (Supplementary figure B.3). This morphology seems to 

suggest a step-flow-like growth that would be more consistent with the TSK model. 

This is difficult to prove without doing in-situ surface-sensitive measurements such 

as scanning tunneling microscopy (STM) or photoemission electron microscopy 

(PEEM) at the early stages of nucleation. Ex-situ Raman spectroscopy of these 

features show that the Ge TO mode, located at ~ 300 cm-1, is asymmetric and 

broader when compared to gr/Ge prior to growth (Fig. 3.3e, blue curve). This 

suggests that there is GaAs in this region, since the GaAs LO mode is located at 

around ~290 cm-1. The islands are ultrathin (~1 nm) so the intensity of the GaAs 

modes would be very weak, which is probably why the GaAs TO is missing from 

the spectra. The discovery of a step-flow-like growth mode on gr/Ge would throw 

a wrench into the accepted understanding of “remote epitaxy” since Ge is a non-
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polar substrate. It is currently believed that the substrate below graphene has to be 

polar for remote epitaxy to occur, since the polarity of the substrate governs the 

potential fluctuations that penetrate the graphene and template the overlayer [1]. 

Our results suggest that epitaxy on graphene might not require a polar substrate if 

sites with enhanced lattice potential fluctuation, like step-edges, are available on 

the surface. Through step edge engineering, we can provide a high density of 

nucleation sites that could transmit the substrate lattice potential. Although further 

investigation is required, the proposed step-flow-like mechanism seems like the 

most reasonable explanation for the observed morphology. 

Wrinkles are defective regions in the graphene lattice, and are therefore 

more chemically reactive than flat, pristine graphene [98]. We suspect this 

reactivity is responsible for the observed selective nucleation of spherical islands 

at the wrinkles (Figure 3.3c, yellow circle). The low wettability of the surrounding 

low surface energy graphene explains why these islands “bead” up and adopt a 

spherical morphology, although this could also be due to oxidation. Since these 

islands are roughly the same diameter as the ones that nucleate on the top of step-

edges, it is impossible to differentiate them in the optical microscope of the Raman 

system. As a result, scans were taken of 6 different spherical islands, which showed 

virtually identical spectra. Therefore, the spectrum shown in Fig. 3.3 (f, green 

curve) is representative of both the wrinkle and step-edge islands. The presence of 
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wrinkles and grain boundaries mean that our idealized picture of gr / Ge (111) in 

Fig. 3.1 (b) is not entirely accurate. These reactive sites will compete with the step-

edges for nucleation.  

Finally, on some samples we observe smooth plate morphology that is not 

fully coalesced (Fig. 3.3d, circled yellow). Based on comparison with samples that 

are known to have sub monolayer coverage, it is likely that this growth is direct 

epitaxy at pinholes. Raman spectroscopy of the “plates” confirms that they are 

GaAs, as evidenced by the presence of the GaAs TO and LO phonon modes (Figure 

3.3 (f), red curve). The LO mode is very close to the Ge substrate’s TO mode, which 

is why the Ge TO mode is asymmetric. Furthermore, X-ray diffraction and RHEED 

confirm this sample is single-crystalline and aligned with the underlying substrate 

(Supplemental Fig. B.2). The most compelling evidence of sub-monolayer 

coverage prior to growth is the fact that we could not exfoliate the GaAs plates with 

tape or with strongly bonded wax (Crystalbond). SEM images after exfoliation 

show that the plate morphology is largely unchanged, indicating that they are likely 

clamped by direct epitaxy with the substrate (Supplementary Fig. B.2).  

In conclusion, we have studied the nucleation dynamics of GaAs on gr/Ge 

(111) and have found some preliminary evidence for a step-flow like growth 

mechanism at the graphene-draped terrace steps. Yet, the gr/Ge (111) system is not 

perfect and the λ < Lpinhole condition might not be met in this system if the graphene 
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growth conditions are not optimized. In such a scenario, pinhole-seeded epitaxy 

will occur just like in the transferred gr/GaSb case. Moreover, we have shown that 

wrinkles, which are present in virtually all graphene-terminated surfaces, will also 

act as nucleation sites that are completely unrelated to a remote mechanism. 

Therefore, the wrinkle density is another factor that needs to be considered and 

minimized. Growing graphene on substrates with a low thermal expansion 

mismatch such as twin-boundary-free single-crystal Cu (111) films on sapphire is 

a promising approach to achieve ultra-flat graphene [99]. Our results also show that 

graphene wrinkles, graphene grain boundaries, and unintentional openings can also 

serve as nucleation sites, that are generally distinguishable in AFM from the step 

edge nucleation. Further optimization in the starting graphene quality will help our 

understanding of a possible "remote" mechanism.  
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3.2 Controlling the balance between remote, pinhole and van der 

Waals epitaxy 

The exfoliation of films grown on graphene, which are in epitaxial registry 

with the underlying substrate, has been used as proof that “remote interactions” 

dictate the growth [1,51,83]. However, we have demonstrated that pinhole-seeded 

lateral epitaxy can produce single-crystalline, exfoliatable films on graphene-

terminated surfaces [80], thereby replicating all of the features of remote epitaxy 

via an alternate mechanism. Van der Waals epitaxy (vdWE) can also produce 

similar results, such as the growth and exfoliation of single-crystalline GaN films 

on graphene/SiC (0001) [100] and GaN on h-BN/Al2O3 (0001) [101]. This has led 

to terms like “quasi-vdWE” and “remote epitaxy” being used interchangeably, yet 

the mechanism is fundamentally different, since in vdWE the film is templated by 

the 2-dimensional material and not by the substrate. As a result, more conclusive 

experimental evidence is required to determine whether remote interactions play a 

role when growing films on graphene-terminated substrates.  

Here we show how the growth temperature, graphene annealing conditions, 

and relative film/substrate versus film/graphene lattice mismatch can tune the 

competing mechanisms of remote epitaxy, pinhole epitaxy, and van der Waals 

epitaxy, across a series of cubic and hexagonal Heusler compounds with varying 
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lattice parameter: GdPtSb (cubic F4�3m), LaPtSb (hexagonal P63mc), and GdAuGe 

(hexagonal P63mc). We find that GdPtSb grown on graphene/c-Al2O3 exhibits a 

30° rotated (R30) epitaxial superstructure that cannot be the result of pinhole-

seeded lateral epitaxy or vdwE. By process of elimination, this result is suggestive 

of remote epitaxy.  

The films were grown via molecular beam epitaxy (MBE) on wet-

transferred graphene on pre-annealed sapphire substrates (see Ref. [102] for further 

details on the graphene transfer and MBE growth). We find it is critical to anneal 

the graphene prior to growing our films. If the graphene is not annealed up to 700 

°C, interfacial contaminants will remain trapped at the graphene-substrate interface. 

This causes films to be fiber-textured, with random in-plane orientations and 

primarily [111]c – oriented out of plane, which is an indication of vdwE. After 

annealing at 700 °C, the growth surface is clean and the underlying atomic step 

terraces of sapphire, draped by graphene, can be seen in AFM images. Importantly, 

Raman spectroscopy as well as the morphological characterization suggest that the 

graphene pinhole density is ~ 10/μm2. This is a factor of 20 lower than the pinhole 

density for graphene/GaSb after native oxide desorption [80].  

Heusler films grown on graphene/ c-Al2O3 are epitaxial and exfoliatable, 

with a single-orientation out of plane ([111]c and [0001]h). We use the same 
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mechanical exfoliation technique as in Ref.  [44].  X-ray diffraction azimuthal φ 

scans reveal that the in-plane orientation is dependent on the lattice constants of 

 

Figure 3.4 – In-plane orientations (Figure and caption adapted from Ref. [102]). (a) ϕ 
scans of the GdPtSb 220, LaPtSb 1012�, and GdAuGe 1012� film reflections, referenced 
to the sapphire 1014�. (b) Distribution of in-plane orientations. Each distribution 
represents statistics on at least 20 samples. (c) In-plane hexagonal lattice parameters and 
crystal structures. For cubic GdPtSb, the hexagonal lattice parameter ah is defined as ah 
= 1

2
d110. For graphene, the lattice parameter of 4.26 Å corresponds to a (√3 × √3)R30° 

supercell (solid black line), with respect to the conventional unit cell (dotted black line). 
Note the graphene is polycrystalline, so epitaxy to graphene results in a polycrystalline 
Heusler film. (d) R0 hexagon-on-hexagon orientation. The GdPtSb lattice is shown in 
blue and the sapphire lattice in black. The mismatch is 2.7% tensile. (e) R30 orientation. 
The corresponding (5 × 5) supercell (red) with 5×asapphire ≈ 3× (1

2
d210, GdPtSb) has a smaller 

lattice mismatch of 1.5% compressive. 
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the Heusler films (Figure 3.4a). GdAuGe has the highest lattice mismatch with the 

sapphire substrate (7.3% tensile) and the smallest mismatch to the graphene lattice 

(4.0% compressive, rotated 30° with respect to the graphene) (Fig. 3.4c). For this 

compound we see a distribution of in-plane orientations in the pole figure, which is 

an indication of vdWE, since the polycrystalline graphene is templating the growth 

(Figure 3.4a-c, green).  

For the hexagonal Heusler LaPtSb on the other hand, which has a moderate 

mismatch with sapphire (4.2% tensile) and a large mismatch to graphene (7% 

compressive), we observe six 1012� reflections in the φ scan which are aligned with 

the sapphire 1014� reflections (Figure 3.4a). This is indicative of six-fold symmetry. 

Additionally, we see no other in-plane orientations across other samples (Figure 

3.4b). These results confirm that the LaPtSb film is epitaxial to the sapphire despite 

the presence of a graphene interlayer. We believe this is due to pinhole-seeded 

epitaxy or remote epitaxy. Without a surface sensitive experiment during the early 

stages of nucleation it is difficult to rule out either mechanism.  

Interestingly, GdPtSb, which has the lowest mismatch to sapphire (2.7% 

tensile), exhibits two epitaxial domain orientations: R0 (aligned to substrate) and 

R30 (30° rotated). In the φ-scan, we see that one set of GdPtSb 220 reflections is 

aligned with the sapphire, while another set of reflections is shifted by 30° (Figure 

3.4a). Like for LaPtSb, the R0 orientation is the expected hexagon-on-hexagon 



56 

 

epitaxial relationship with the substrate (Figure 3.4d), which is suggestive of a 

remote or pinhole mechanism. The R30 domain cannot be explained by vdWE, 

since the graphene is polycrystalline. Pinhole-seeded epitaxy would only result in 

the R0 orientation, since this mechanism involves direct epitaxy with the substrate 

at the defects, followed by lateral coalescence over graphene. Therefore, the R30 

domain could be the fingerprint of a “remote” mechanism.  
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To elucidate the origins of the R30 domain, we investigate the dependence 

of the growth temperature on the R30:R0 ratio. We find that higher growth 

temperatures favor the R0, while lower growth temperatures favor the R30 domain. 

 
Figure 3.5 – Controlling in-plane rotations (Figure and caption taken from Ref. [102]). 
(a) Azimuthal ϕ scan of the GdPtSb 220 reflections for three films grown at 600, 650, 
and 700 °C (blue), on graphene/sapphire that had been annealed to 700 °C. All curves 
are referenced to the 1014� reflections of the sapphire substrate (black). (b) Out-of-plane 
444 reflection tracking changes in lattice parameter. (c, d) Possible mechanisms to 
explain the temperature dependence. (c) Metastability of the 30° domain on graphene. 
In this picture, both R0 and R30 domains appear for growth on graphene. Increasing the 
growth temperature enables the system to surmount a kinetic barrier between the two 
domains. (d) Pinhole versus remote mechanism. Higher growth temperatures favor 
growth at pinholes, because of the increased surface diffusion length λ. Growth from 
pinholes results in the R0 domain. 
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We are able to grow singly oriented R0 films at 700 °C and almost purely R30 films 

at 600 °C, while intermediate growth temperatures result in a mix of both (Figure 

3.5a). High-resolution 2θ-ω scans of the out-of-plane 444 reflection indicate that 

the high growth-temperature R0 films are strained, which is suggestive of direct 

epitaxy at pinholes. The sample grown at lower temperatures is relaxed, indicating 

nucleation on clean graphene. We speculate that this temperature dependence can 

be understood in terms of adatom diffusion lengths on graphene. At high growth 

temperatures, the diffusion length for Gd, Pt and Sb is larger than the distance 

graphene pinholes (λ > L). As a result, an adatom that lands on graphene will diffuse 

across the surface until it finds and nucleates at the reactive defect site (Figure 

3.5d). At low temperatures, the diffusion length is not large enough for an adatom 

to find the pinhole, so it will randomly nucleate on the bare graphene, leading to 

the R30 domain. An alternate explanation could be that both low and high 

temperature growths are a result of remote epitaxy.  The R30 domain could be a 

metastable phase, while high temperature can overcome a kinetic energy barrier 

that results in the stable R0 domain. More experiments and theory are needed to 

elucidate the energetics and kinetics of the domain formation on graphene.  

We have established that the R30 domain cannot arise from vdWE or 

pinhole-seeded epitaxy; next, we address other possible explanations. Intercalation 

of metals [75] and binary metal oxides [103] and nitrides [74] under graphene has 
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been experimentally realized, but we rule this mechanism out since we do not see 

any spallation marks after exfoliating our films on the bare substrate. Another 

possible explanation is the formation of an epitaxial rare-earth carbide. Gadolinium 

carbides (Gd2C3 and GdC2) have been synthesized by annealing Gd films on HOPG 

at 1000 K, which is close to our Heusler growth temperatures [104]. However, XPS 

experiments of an ultrathin GdPtSb film (2 monolayers) on graphene/c-Al2O3 did 

not detect any GdxCy (further details on the photoemission data can be found in 

Ref.  [102]), indicating that interfacial carbides are likely not responsible for the 

R30 domain. It is too early to completely rule out this possibility, and more surface 

sensitive experiments are needed to determine if a carbide can form at the Heusler-

graphene interface. I will explore this possibility further in chapter 5. 

 We hypothesize that the R30 domain is stabilized by graphene due to the 

relaxed lattice matching requirements associated with the weakly interacting van 

der Waals surface. No strong covalent bonds should exist between the graphene 

and the film, so the weakened bonding interactions can allow the film to adopt an 

orientation that lowers the strain energy via lattice rotation. Previous work has 

shown that rotational ordering is possible for weakly coupled systems [105–108]. 

In the case of GdPtSb, the R30 domain corresponds to a (5 x 5) superstructure that 

has a reduced compressive mismatch of 1.5% with sapphire (Fig 3.4e). The relaxed 

film grown at 600 °C supports this idea. Interestingly, we don’t see the R30 domain 
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on the other Heusler films grown on graphene (LaPtSb, GdAuGe). We believe that 

the formation of these rotated domains is dependent on the unique 

film/graphene/substrate combinations (i.e., lattice mismatch, surface diffusion 

length and possible interfacial phase formation). Controlling the rotation angle of 

these domains could enable the creation of exotic Moiré heterostructures, which 

have been shown to exhibit remarkable electronic properties [17,109].  

We have discovered a 30° degree-rotated domain in GdPtSb films grown 

on clean graphene/sapphire that cannot be explained by van der Waals epitaxy or 

pinhole-seeded epitaxy. At this time, the most logical explanation for the R30 

domain is remote epitaxy. The R0 domain, which is aligned to sapphire, is favored 

at high growth temperatures, while the R30 domain is favored at low temperatures. 

We speculate this is due to an increase in the surface diffusion length at high 

temperatures, which is larger than the average distance between defects, thus 

resulting in pinhole epitaxy. Due to the weak van der Waals interactions between 

film and graphene, we believe that a rotated domain is allowed to form which 

decreases the strain energy of the system. We are hesitant to rule out other 

mechanisms such as interfacial carbide formation without further surface sensitive 

spectroscopy and microscopy experiments. Our work represents an important step 

in realizing an experimental demonstration of remote epitaxy.  
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3.3 Low sticking coefficients on graphene – an important 

consideration when controlling film composition 

Most demonstrations of epitaxy on graphene have focused on compound 

semiconductors such as III-Vs [1,83,110] and II-VIs [111–113], which are 

characterized by self-limited stoichiometries within an adsorption-controlled 

growth window. As a result, precise control over elemental flux ratios during the 

growth of these compounds is not as critical. However, this is not the case for more 

complex materials such as ternary transition metal oxides or Heusler alloys, which 

only demonstrate adsorption-controlled growth windows in specific cases. Both of 

these materials systems exhibit remarkable magnetic, electronic and topological 

properties [36–40,114–116], so the production of crystalline membranes of these 

materials enabled by epitaxy on graphene area of research ripe with potential. 

Unfortunately, the effect of non-unity sticking coefficients on graphene-terminated 

substrates has not been extensively studied. In order to grow stoichiometric Heusler 

or complex oxide films via remote, pinhole or van der Waals epitaxy, a thorough 

understanding of nucleation and desorption on graphene is required. Here we grow 

Ni2MnGa films on graphene / MgO (001) and perform energy dispersive x-ray 

spectroscopy (EDX) and ion backscattering spectrometry (IBS) to quantify the 

element-dependent sticking on graphene-terminated surfaces. 
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Figure 3.6 – Element and temperature specific sticking on the graphene surface (Figure 
and caption taken from Ref.  [117]). (a) Ion beam scattering (IBS) of nominally 20 nm 
thick Ni2MnGa films grown on graphene/MgO and MgO at 600 °C, showing reduced 
sticking for Ni and Mn on graphene. (b) Energy dispersive X-ray spectroscopy (EDS) 
measurements for Ni2MnGa films with nominal thickness 80 nm on gr/MgO and on 
MgO. Both IBS and EDS sample were capped with a protective layer of Au. (c) EDS 
intensity ratios Igraphene/IMgO, tracking temperature and element dependent changes in the 
cumulative sticking coefficient for Ni2MnGa on graphene covered MgO. Error bars are 
standard deviations on multiple regions of a given sample. (d,e) SEM images of the 
nominally 80 nm thick films grown at room temperature on graphene/MgO and MgO 
and capped with Au. (f,g) SEM images of the nominally 80 nm thick films grown at 
625°C on graphene/MgO and MgO and capped with Au. 

  

We grow films with nominal thickness of 20-80 nm on transferred 

graphene/MgO (001) via molecular beam epitaxy (MBE) using elemental effusion 

cell sources, with typical fluxes of 2.2×1013 atoms / (cm2·s) for Ni and 1.1×1013 

atoms / (cm2·s) each for Mn and Ga. All samples were capped with ~ 20 nm of Au 
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at room temperature to prevent oxidation. The nominal Ni2MnGa composition is 

based on quartz-crystal microbalance flux measurements that are calibrated to 

absolute fluxes via ex-situ IBS. This “nominal composition” is based on the 

assumption that the sticking-coefficient is 1 for every element on graphene; 

however, our EDX (EHT = 20 keV) and IBS experiments suggest that this 

assumption is not valid. Both of these techniques offer large sampling depths, 

which allow us to sum over all species that stick on the graphene, thus enabling us 

to extract the upper bound for sticking coefficients on gr / MgO.  

IBS measurements (He+, 4.9 MeV, θ = 8°) of a nominally 20 nm thick 

Ni2MnGa sample on graphene shows a significant reduction in sticking for Ni and 

Mn when compared to films directly grown on MgO (Fig. 3.6a). The growth was 

performed at 600 °C and the sample was half-covered with graphene such that both 

sides are exposed to the same incident atomic fluxes. Interestingly, the areal density 

of Ga on graphene is nearly the same as that for bare MgO (Fig 3.6a). EDX supports 

the IBS results, with Ga showing similar sticking on graphene vs on bare MgO 

while Ni and Mn experience a 50% decrease of sticking on graphene (Fig. 3.6b). 

Note the EDX sample was grown at 625 °C.  

To further understand the observed stoichiometry differences on graphene 

we utilize scanning electron microscopy (SEM) imaging to assess the film 

morphology. Films on bare MgO appear relatively smooth regardless of the growth 
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temperature (Fig. 3.6e, g), while films grown on graphene have a disconnected 

island morphology at 625° C (Fig. 3.6f). We attribute the island growth mode to 

poor wetting on the low surface energy graphene. Three-dimensional island growth 

has been observed on other graphene systems, such as GaAs / gr / Si [21] and Mn / 

gr / Ge [118]. Metals on graphene have low adsorption energies compared to their 

cohesive energies, which explains their poor wettability [119]. We see a drastic 

change in the morphology of Ni2MnGa films grown at low temperatures (Fig 3.6d). 

In fact, at a growth temperature of 30 °C, the morphology on graphene is the same 

as on bare MgO. This is due to improved sticking of Ni and Mn at lower 

temperatures. Figure 3.6 (c) shows EDX intensity ratios (filled circles), 

Igraphene/IMgO, for every element as a function of temperature. This ratio is 

approximately equal to the sticking coefficient on gr / MgO. We normalize to the 

bare MgO since the sticking coefficient of metals on MgO is unity. Below 100 °C 

we see that the cumulative sticking coefficient for Ni, Mn and Ga is 1. As the 

growth temperature increases, the sticking of Ni and Mn decreases down to ~ 0.6 

and ~ 0.5, respectively. We speculate this temperature dependence is due to 

decreased desorption rates and smoother morphology with less exposed graphene 

at lower temperature.  

We attribute the lower sticking coefficient on graphene compared to MgO 

to the inert van der Waals surface of graphene, which lacks dangling bonds. Despite 
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having a higher vapor pressure than Ni and Mn, Ga has a nearly temperature-

independent unity sticking coefficient on graphene. This could be due to Ga 

intercalation beneath the graphene, which is a phenomenon that has been 

demonstrated on gr / SiC interfaces [75]. To conclude, we have demonstrated that 

the growth of Ni2MnGa on gr / MgO requires compensated Ni and Mn fluxes in 

order to achieve a stoichiometric film due low sticking coefficients on graphene. 

We speculate similar growth challenges with other Heusler alloys or transition 

metal oxides. 
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4  Nucleation selectivity and lateral coalescence of GaAs 

over graphene on Ge 

This chapter is adapted from the following article: 

S. Manzo, K. Su, M. S. Arnold, and J. K. Kawasaki, Nucleation selectivity and 

lateral coalescence of GaAs over graphene on Ge (111), Manuscript submitted for 

publication (2023). 

Author contribution: I performed graphene characterization prior to growth, 

which included Raman spectroscopy, AFM and SEM to determine the graphene 

coverage. I also conducted the GaAs film growth and characterization of structure 

and morphology (AFM, SEM, Raman, XRD, RHEED) along with the associated 

data analysis.  

4.1 Abstract 

Epitaxial lateral overgrowth (ELO) using patterned graphene-masks is a 

promising method to grow exfoliateable heteroepitaxial films with reduced 

dislocation densities. Previous works have highlighted the advantages of monolayer 

graphene as a mask material, but a clear understanding of the related kinetic factors 

that control nucleation selectivity and lateral coalescence is missing. Here, we 

investigate the influence of various growth conditions such as temperature, atomic 
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flux ratio and growth rate on the molecular beam epitaxial (MBE) growth of GaAs 

on partial coverage graphene masks on Ge (111). Microscopy, in-situ electron 

diffraction and photoemission demonstrate that elevated growth temperatures (T > 

600 °C), low As/Ga flux ratios (~ 28) and moderate growth rates (~ 56 nm/h) 

improve surface diffusion and desorption rates, promoting excellent selective 

nucleation and full coalescence of films within 400 nm. Our findings have 

significant implications for optimizing thin film growth on graphene masks. 

4.2 Introduction 

Epitaxial lateral overgrowth (ELO) is a longstanding strategy for 

minimizing the dislocation density during heteroepitaxy of lattice mismatched 

materials [52,53,120,121]. Here, openings in an inert mask define nucleation sites 

on the exposed substrate, and the mask blocks the propagation of dislocations from 

the substrate. Recent studies suggest that monolayer graphene is an attractive mask 

material [89,122] compared to conventional SiO2 and SiNx masks. The weak van 

der Waals interactions of graphene enable high nucleation selectivity [89,122], new 

relaxation pathways including slip and bending to reduce the dislocations 

density [122], and the ability to exfoliate films and re-use substrates [122].  

Open questions remain regarding the kinetics of selective growth and 

coalescence over patterned graphene. To what extent is selectivity driven by fast 
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surface diffusion on graphene versus desorption from graphene? What kinetic 

factors control the lateral coalescence? 

Here we evaluate the growth conditions and underlying mechanisms that 

enhance nucleation selectivity, lateral overgrowth, and coalescence on graphene 

masks. We focus on the molecular beam epitaxial (MBE) growth of GaAs films on 

graphene masks on a Ge (111) substrate. The graphene is grown to 40-50% areal 

coverage by chemical vapor deposition, following Refs. [84,89,123]. Direct growth 

of graphene on Ge avoids the surface and interfacial contaminants that can result 

from graphene layer transfer [80]. Our use of stochastic 40-50% areal coverage, 

rather than top-down lithography and patterning, avoids possible contaminants and 

damage induced by photolithography and etching [124]. Finally, we choose (111)-

oriented Ge because the (111) produces smoother graphene surfaces than Ge 

(001) [125] and can suppress the formation of GaAs antiphase domains when the 

growth  is initiated with an As wetting layer [126]. 

We show how high growth temperatures (>600 °C), low As/Ga flux ratio, 

and modest growth rates combine to enhance the surface diffusion and desorption 

rates of GaAs on graphene, leading to selective nucleation and films that fully 

coalesce within 400 nm. 
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4.3 Results and discussion 

Fig. 4.1 (a, top) shows an exemplary scanning electron microscopy (SEM) 

image of 40-50% coverage graphene on Ge (111). The graphene appears as dark 

hexagons in the secondary electron image, with hexagons ranging in size from ~ 

100 nanometers to several microns and a typical spacing of L ~ 1μm between 

exposed Ge regions. The existence of a strong graphene 2D mode in Raman point 

spectra confirms the identification of graphene hexagons. 

Prior to GaAs film growth, the graphene on Ge(111) samples are outgassed 

in a high vacuum (p < 5 × 10-8 Torr) load-lock at 150 °C for at least two hours to 

desorb water on the surface. They are then transferred to an ultra-high vacuum 

MBE chamber (p < 5 × 10-10 Torr) and annealed up to 750 °C to desorb Ge-oxides 

at the graphene openings. Temperatures were measured using a pyrometer that was 

calibrated to the native oxide desorption temperature of a GaAs substrate. Fig. 4.1 

(a, middle) shows a reflection high energy electron diffraction (RHEED) pattern of 

the surface after deoxidation, which is indicated by the appearance of well-defined 

streaks and a bright specular reflection (yellow arrow). In the RHEED we observe 

streaks corresponding to the reciprocal lattice spacings of Ge (black arrows) and of 

graphene (white arrows).  
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Figure 4.1 – Growth temperature dependence of nucleation selectivity on graphene / Ge 
(111). (a) CVD grown graphene on Ge (111) with 40-50% areal coverage, before GaAs 
film growth. The top panel is a secondary electron SEM image, middle is the reflection-
high energy electron diffraction pattern after Ge-oxide desorption ([112�] azimuth). (b) 
Growth of GaAs at 560 °C, showing parasitic nucleation on the graphene mask. (c) 
Growth at 605 °C, showing nucleation selectivity at the exposed Ge and not on the 
graphene mask. (d) growth at 630 °C, showing surface degradation. All films in this 
series were grown using a V/III atomic flux ratio of 28, Ga flux of 3.4×1013 atoms/cm2s, 
and total time of 53 minutes. (e) Schematic of Ga and As adsorption, diffusion, 
attachment, and desorption on the partial graphene covered Ge (111) surface. 
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We first test the GaAs nucleation selectivity on graphene/Ge (111) as a 

function of growth temperature. Figs. 4.1 (b-d) show SEM images and RHEED 

patterns of GaAs films grown at temperatures from 560 to 630 °C. Growth 

temperatures were measured by a pyrometer and calibrated to the thermal 

deoxidation temperature of GaAs (001). The film was grown using an elemental 

Ga cell at a flux of 3.5 × 1013 atoms/cm2s, and a mixture of As2/As4 from a thermal 

cracker cell with a cracker zone operated at 1200 °C. Growth rates are calibrated 

by RHEED oscillations for GaAs homoepitaxy. We use an As/Ga atomic flux ratio 

of 28. The As flux is estimated from the lower bound of the V/III growth window 

at a fixed temperature based on RHEED oscillations. The total growth time for each 

sample was 53 minutes for a total integrated flux ~1.1 × 1017 atoms/cm2. This 

corresponds to a nominal thickness of 50 nm if the Ga sticking coefficient is 1, 

although we note that the GaAs sticking coefficient on graphene may be less than 

1 [90]. We use the term nominal thickness when quoting thicknesses throughout 

this work to highlight our assumption of a unity sticking coefficient for GaAs on 

graphene.  

For GaAs growth at 560 °C we observe poor nucleation selectivity (Fig. 

4.1b). In the SEM image we observe GaAs growth on both the exposed Ge regions 

and on the graphene mask. The RHEED pattern displays polycrystalline spots, 

which we attribute to polycrystalline island growth on the graphene regions.  
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For growth at 605 °C we observe excellent selectivity (Fig. 4.1c). SEM 

images reveal a smooth GaAs morphology on the Ge regions and no obvious 

parasitic nucleation on the graphene regions. The corresponding RHEED patterns 

are streaky and show a 2 × 2 surface reconstruction, indicating a relatively smooth 

and crystalline GaAs surface with long-range ordering. This 2 × 2 reconstruction is 

consistent with previous reports [127–129]. 

 

Figure 4.2 – Effect of growth temperature on GaAs desorption. (a,b) Ex-situ 
photoemission spectra (Al Kα hν = 1486.6 eV) of the Ge and Ga 3d core levels after 
GaAs growth on full-coverage graphene / Ge (111)  (nominal thickness 40 nm) grown 
at various temperatures. The Ga-oxide component is due to air exposure. (c) Schematic 
of the adsorption and desorption process of GaAs on full-coverage gr / Ge (111).  
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For growth at 630 °C we observe a significant decrease of the RHEED 

intensity and a disconnected islands morphology in the SEM image (Fig. 4.1d), 

which we attribute to thermal decomposition of GaAs and possible reactions with 

the graphene.  

We attribute the strong temperature dependence of nucleation selectivity to 

two factors, desorption and diffusion on graphene, as illustrated in Fig. 4.1 (e). First, 

due to the weak van der Waals interactions of graphene, adatoms that land on the 

graphene are anticipated to have a high probability of desorption, that is, the 

sticking coefficient on graphene is expected to be low [90,91,130]. This desorption 

rate from graphene should increase with temperature, whereas desorption from the 

covalent Ge surface or growing GaAs surface is nearly temperature independent 

for growth temperatures below 600 °C. Second, adatom diffusion on graphene is 

expected to be large and increase with temperature [89]. With increasing 

temperature, adatoms that land on graphene are more likely to diffuse and then 

attach to exposed Ge regions [80]. This crossover is expected to occur when the 

diffusion length λ becomes larger than the characteristic spacing L ~ 1 μm between 

exposed Ge regions. 

To understand the relative importance of desorption versus surface 

diffusion on our partial coverage graphene/Ge surfaces, we perform ex-situ x-ray 

photoemission spectroscopy (XPS) measurements on a series of GaAs samples 
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grown on full coverage graphene on Ge (111), grown to a nominal thickness of 40 

nm. Since the graphene covers the entire surface, this tests the relative importance 

of desorption, independent of the diffusion length (Fig. 4.2c). With increasing 

growth temperature from 540 to 560 °C, we observe a ~ 50% reduction in the 

integrated Ga 3d core level intensity (normalized to Ge 3d from the substrate), 

suggesting a significant increase in the desorption rate at higher temperature. This 

suggests that temperature dependent desorption from graphene plays a strong role 

in the selectivity. Further experiments are required to quantify the diffusion length 

on graphene, independently from desorption. 

In addition to the growth temperature, the key synthesis parameters of 

growth rate and As/Ga flux ratio are also expected to tune the desorption rate and 

diffusion, and ultimately the nucleation selectivity. Fig. 4.3 summarizes the impacts 

of these growth parameters. We find that increasing the growth rate from 56 nm/h 

(3.5 × 1013 Ga atoms/cm2s) to 186 nm/h (1.2 × 1014 Ga atoms/cm2s) decreases the 

nucleation selectivity, as the SEM images reveal GaAs islands on the graphene 

regions (Fig. 4.3 (a)). We attribute the decreased selectivity to the combination of 

decreased effective diffusion time and desorption time at higher growth rates. 

Increasing the As/Ga atomic flux ratio from 28 to 58 also decreases the nucleation 

selectivity, as we observe an increase in parasitic GaAs islands on graphene for 
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growth at a flux ratio of 58 (Fig. 4.3b). We attribute this to a decrease in the Ga 

diffusion length at high As/Ga flux ratios [131]. 

 

Figure 4.3 - Effect of atomic flux ratio and growth rate on nucleation selectivity. (a) 
SEM images of samples grown using a Ga fluxes of 3.5 × 1013 Ga atoms/cm2s and 1.2 
× 1014 Ga atoms/cm2s, corresponding to nominal growth rates (GR) of 56 nm/h and 186 
nm/h for a Ga sticking coefficient of 1. (b) SEM images of samples grown using a As/Ga 
atomic flux ratio of 28 and 58. The red circles highlight parasitic GaAs nucleation on 
the graphene. 

 

Figure 4.4 tracks the thickness evolution of GaAs growth on graphene/Ge 

(111) at 605 °C and As/Ga flux ratio 28, from selective nucleation to complete 

lateral coalescence. SEM and AFM measurements show that the first few 
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nanometers of GaAs nucleate at the exposed germanium regions (Fig. 4.4a), with 

minimal lateral overgrowth. After 30 nm of nominal growth, GaAs completely 

covers the ~ 100 nm diameter graphene islands while the larger ~ 1 μm graphene 

hexagons remain exposed. Lateral overgrowth on the larger 1 μm graphene islands 

starts to occur after 50 nm of deposition, as evidenced by the smoothening of the 

previously faceted graphene hexagon edges.  The lateral growth is fastest from 30 

nm to 50 nm of nominal growth (Fig. 4.4b). AFM images reveal that a pyramidal 

GaAs morphology begins to emerge around 50 nm nominal thickness. With 

increasing thickness, the areal coverage of GaAs slowly increases, until the entire 

surface is covered after about 420 nm of growth (Fig. 4.4b). The pyramidal 

morphology is more pronounced after complete coalescence. Using AFM height 

profiles and cross-sectional SEM, we extract the vertical heights of the films at each 

nominal thickness (Fig. 4.4c). It is clear that the GaAs sticking coefficient is less 

than unity since the measured step heights are lower than the nominal thicknesses. 

We expect the sticking coefficient to approach 1 after the entire sample surface is 

covered by GaAs (> 420 nm nominal thickness). 
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Figure 4.4 – Complete lateral coalescence of GaAs film grown at 605 °C over graphene. 
(a) SEM and AFM images tracking the nucleation of GaAs on exposed Ge openings (7 
nm), the overgrowth over graphene islands (30 - 200 nm), and the complete coalescence 
across the entire sample surface (420 nm). (b) Areal coverage percent as a function of 
nominal thickness (extracted from QCM-calibrated Ga fluxes). (c) Step-heights of GaAs 
extracted from AFM measurements as a function of nominal thickness. A line of equality 
(y = x) is included to illustrate any deviations from purely vertical growth. (d) Illustration 
depicting the lateral and vertical growth of GaAs at exposed Ge regions. (e) X-ray 
diffraction pattern of the coalesced 420 nm GaAs film. 

 

It should be noted that the pyramid morphology which onsets at a nominal 

thickness of 50 nm is not unique to growth on graphene masks. Pyramidal hillocks 

with {110} facets are commonly observed for (111) oriented GaAs 

growth [132,133]. We find that increasing the growth temperature can improve the 
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morphology of coalesced films and produce flatter surfaces. In Fig. 4.5 we show a 

series of films grown to a nominal thickness of 50 nm. We find that with increasing 

growth temperature the morphology changes from pyramidal at 590 °C to flat at 

615 °C. Other strategies to improve the morphology may include growth on vicinal 

substrates or employing chemical pre-treatments or wetting layers [134]. 

 

Figure 4.5 – Temperature effect on GaAs morphology. AFM height images of three 
samples grown at similar temperatures, between 590 °C and 615 °C, and nominal 
thickness of 50 nm. The pyramidal morphology is favored at the lower bound of this 
temperature range and a smoother film is obtained at 615 °C. 

 

4.4 Conclusion 

In summary, we showed that temperature dependent desorption plays a 

significant role in the nucleation selectivity of GaAs films on partial coverage 

graphene / Ge(111). Slower growth rates and low As/Ga flux ratios also enhance 

the selectivity. Further experiments and theory are needed to fully quantify the 
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relative importance of surface diffusion on graphene and to optimize the graphene 

feature size to match the characteristic diffusion length. 

Under the conditions optimized for nucleation selectivity, we find that 

GaAs coalescence over the graphene occurs at a nominal thickness near 400 nm. 

Further improvements are possible by employing two step growth methods: a first 

step that optimizes nucleation selectivity, followed by a second step that optimizes 

lateral growth rates and minimizes the formation of pyramidal hillocks. 
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5  Alternate growth mechanisms on graphene: 

intercalation & carbide formation 

5.1 Gallium intercalation at the graphene/Ge interface 

The controlled insertion of atoms or molecules between graphene and the 

substrate, known as intercalation, is a novel method to synthesize epitaxial quantum 

materials. Due to quantum confinement and a mixed-bonding environment (van der 

Waals bonding with the graphene overlayer and covalent bonding with the 

underlying substrate), 2D intercalated materials have shown unusual properties not 

shared by their bulk counterparts. For example, intercalated 2D Ag is a large 

bandgap (>1 eV) semiconductor [135] and 2D Ga exhibits an enhanced 

superconducting transition temperature compared to the bulk [136]. Large-area 2-

dimensional nitrides [74], oxides [103], metals [75] have been successfully 

intercalated at the graphene /SiC interface. An additional benefit of this synthesis 

technique is the passivation of the intercalated material by the graphene, which has 

been shown to undergo “healing” after the intercalation process [75]. This allows 

materials that typically degrade upon exposure to oxygen to be environmentally 

stable [137].  
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Intercalation is typically done by depositing films on defective 

graphene/substrate interfaces followed by annealing to drive the adatoms under the 

graphene through defects. Although remote epitaxial growth on graphene is 

typically done at elevated temperatures, the growth process is remarkably similar. 

We know that graphene will always have some defects to different extents 

depending on the system. Keeping this in mind, unintentional intercalation could 

be taking place during growth on graphene.  

Intercalation has been largely limited to gr / SiC substrates, while the 

potential of graphene intercalation on other systems has remained unexplored. 

Graphene on germanium offers unique advantages, including cost-effectiveness 

and commercial relevance. Additionally, the synthesis of graphene on germanium 

substrates is a relatively simple process that requires significantly lower growth 

temperatures in comparison to graphene growth on SiC [84,95]. Exploring 

intercalation in gr/Ge heterostructures could unlock novel electronic properties and 

lead to technologically significant advancements in diverse applications, making 

this research area highly promising and deserving of further investigation. 

Here we study the intercalation of Ga at the graphene / Ge interface via 

molecular beam epitaxy through in-situ reflection high electron diffraction 

(RHEED) and ex-situ spectroscopy and imaging techniques. We have discovered 

promising signs of intercalation that seem to be mediated by defective graphene 
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wrinkles and graphene edges. This is based on distinct changes in atomic force 

microscopy (AFM) phase imaging and secondary electron contrast in scanning 

electron microscopy (SEM) after growth. Additionally, photoemission and Raman 

spectroscopy confirm doping of the graphene sheet, while RHEED suggests long-

range ordering of the surface after growth.  

Figure 5.1 (a, left) shows an exemplary AFM height and phase image, along 

with a corresponding RHEED pattern, of gr/Ge (111) before growth. The graphene 

is grown via atmospheric chemical vapor deposition following Refs  [84,123]. 

Several micron-wide terraces can be seen in the height image, which are typical for 

gr/Ge (111) [85]. Additionally, a large wrinkle can be seen running vertically across 

the sample with a height of > 5 nm (Fig. 5.1a, top-left). The wrinkle appears bright 

in the AFM phase contrast. Grain boundaries are clearly visible as well and exhibit 

a darker contrast in the phase image (Fig. 5.1a, bottom-left). The RHEED pattern, 

along a <112�> azimuth, is streaky with two distinct spacings corresponding to the 

Ge (yellow arrows) and the graphene (white arrow) first-order reflections.  
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Figure 5.1 – Characterization of gallium growth on graphene/Ge (111). (a-b) AFM 
height and phase images of a sample before (a) and after (b) gallium growth, showing 
distinct changes in phase around graphene wrinkles. Insert: RHEED patterns along a 
[112�] azimuth of the gr/Ge before and after Ga deposition. (b) Representative Raman 
spectra of graphene/Ge (111) before and after growth. (c) Illustration depicting possible 
gallium intercalation mechanism.  

 

Gallium is then grown at 600 °C, a relatively high growth temperature, to 

drive intercalation. After 4 nm of Ga deposition, the RHEED pattern no longer 

looks streaky, and there are faint arcs at a Q-spacing that aligns with the Ge first-

order reflections (Figure 5.1b, inset).  Raman spectroscopy after gallium synthesis 

shows that the G and 2D phonon modes of graphene are blueshifted by 29 cm-1 

and 45 cm-1, respectively (Figure 5.1c), indicative of changes in strain or doping 
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of the graphene [138]. AFM height images show an increase in the graphene 

wrinkle density, which likely occurs during sample cooling due to the thermal 

expansion mismatch between graphene and the germanium substrate [139]. The 

most intriguing phenomenon, however, is the AFM phase contrast that is localized 

around the graphene wrinkles (Figure 5.1b, bottom-right). We attribute this light-

gray contrast to intercalated Ga. In the first demonstrations of metal intercalation 

on gr/SiC, graphene defects formed by oxygen plasma acted as “doors” that allowed 

the incoming metal atoms to intercalate through [75]. Graphene wrinkles could 

serve a similar purpose, since they are known to be defective and chemically 

reactive sites (Fig. 5.1d) [98]. Additionally, AFM phase contrast has been shown 

to be an effective technique in distinguishing graphene layer thicknesses [140] and 

differences in elastic moduli across a surface [141]. Therefore, it is not 

unreasonable for regions of intercalated Ga to exhibit a markedly different phase in 

the AFM images.  
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Figure 5.2 – Ga growth on partial-coverage gr / Ge (111). a) RHEED images along a 
<112�> azimuth before (blue) and after (purple) Ga growth. The white arrows denote the 
graphene reflections (single - 0° degree rotated, double - 30° rotated). b) RHEED images 
along a <11�0> azimuth before (blue) and after (purple) Ga growth. c) Secondary electron 
SEM images of the sample before and after Ga deposition. 

 

 Instead of producing stochastic openings in the graphene through oxygen 

plasma etching, we utilize partial-coverage graphene/Ge (111) to promote 

increased Ga intercalation. The edges of the partially coalesced graphene hexagons 

are highly reactive sites that could act as pathways for the incoming Ga atoms. 
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These samples have a graphene coverage of approximately 80%. We use the same 

Ga growth conditions as the full-coverage case and do ex-situ AFM and SEM to 

study the post-growth morphology. The RHEED pattern after growth depicts an 

atomically smooth surface with long-range order (Figure 5.2a, b). The SEM images 

reveal a remarkable change in secondary electron contrast after growth. Before 

growth, the graphene appears as dark, interconnected hexagons in the secondary 

electron image while the germanium regions display a lighter contrast (Fig. 5.2c). 

After growth, the dark graphene hexagons exhibit a lighter contrast, which is 

similar to the bare Ge regions. Faint outlines of the graphene edges can still be 

observed in the images. The similarity in contrast between the bare Ge and 

graphene covered regions seems to suggest that intercalation is taking place. It is 

worth pointing out the dark “splotches” near the center of the large graphene 

regions. These “splotches” have the same secondary electron contrast as the 

graphene before growth. We attribute these dark regions to those that have no 

intercalated Ga underneath. Secondary electron contrast is an established way to 

tell if intercalation is taking place underneath gr/SiC  [142].  

Photoemission reveals that Ga is present after growth for both the full-

coverage and partial coverage graphene substrates, which supports our 

interpretation of the morphological characterization. There are some notable  
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Figure 5.3 – Ex-situ XPS (Al Kα hν =1486.6 eV) spectra measured before and after Ga 
deposition on gr/Ge (111) and pcgr/Ge (111). (a) Ga 2p3/2 & 2p1/2 (b) Ga 3d (c) Ge 3d 
(d) C 1s. 

 

differences between the samples, however. While both samples exhibit a Ga-oxide 

component ~1.5 eV higher than the Ga 2p and 3d core levels, the Ga / pcgr / Ge 

sample has much more Ga-oxide relative to pure Ga (Fig. 5.3b, c). This is not 

entirely surprising, since there is more exposed Ge-regions where nucleated Ga is 

not being passivated by the graphene. It is also possible that the graphene edges 

enable lateral oxidation of intercalated Ga, which would mean that the partial-



88 

 

coverage sample could promote the formation of 2D-Ga oxide. In-situ 

photoemission, high-resolution cross-sectional TEM and theoretical calculations 

are required to say which specific oxidation state and crystal structure the Ga-oxide 

adopts at the graphene/Ge interface. The C 1s is shifted for both the full- and partial-

coverage samples after growth, by 0.5 and 0.3 eV respectively (Fig. 5.3d). This is 

likely due to electron/hole doping of the graphene by Ga [75,143]. Although SEM 

and AFM images suggest that there are not many Ga islands/particles above the 

surface of graphene after growth, we cannot discount the possibility that some of 

the Ga photoemission intensity is originating from Ga above the graphene. Future 

depth dependent in-situ XPS experiments could reveal if this is the case.  

 To conclude, we have done some preliminary characterization of Ga grown 

on full- and partial-coverage graphene / Ge (111) to investigate the possibility of 

intercalation in this system. AFM phase imaging and SEM secondary electron 

contrast show distinct changes after Ga growth, which are suggestive of Ga 

intercalation. Despite not seeing many Ga islands above the graphene by SEM and 

AFM, ex-situ XPS reveals that there is Ga and Ga-oxide on the sample. Intercalated 

Ga-oxide at the gr/Ge interface would be equally as exciting as pure Ga. Recently, 

crystalline monolayer GaO2 and bilayer Ga2O3 were intercalated at the gr / SiC 

interface via confined heteroepitaxy [112]. Due to quantum confinement effects, 

the intercalated 2D-Ga2O3 (ferroelectric-wurtzite structure) had a band gap of 6.6 
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"±” 0.6 eV, which is even larger than bulk Ga2O3 (4.8 eV [113]). Our results 

motivate further study of intercalation of metals at the graphene / Ge interface.   
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5.2 Gadolinium carbide formation on graphitic surfaces 

Despite graphene being an incredibly inert material, it has been known to 

react with several transition and rare-earth metals at elevated temperatures to form 

interfacial carbides [144–147]. These carbides could allow for novel epitaxial 

relationships during thin film growth on graphene. For example, interfacial Ni-

carbides formed during the CVD growth of graphene on Ni (111) result in rotated 

graphene grains that are not aligned to the Ni substrate [145]. In addition, several 

interfacial Gd-carbides have been produced by annealing Gd grown on highly-

oriented pyrolytic graphite (800 – 1400 K) [104]. These annealing temperatures are 

close to the growth temperature of many  Heusler films, including GdPtSb, which 

exhibited a unique R30 domain on gr/sapphire that could not be explained by 

pinhole or van der Waals epitaxy [102]. We attributed this 30°-degree rotated 

domain to remote interactions, but we couldn’t completely rule out interfacial Gd-

carbide formation. The possibility of interfacial carbide formation and its 

implications on epitaxy on graphene has been largely unexplored. Here we 

investigate Gd growth and annealing on HOPG and gr / sapphire to determine if 

Gd-carbides can form at graphitic interfaces during MBE growth of Heuslers. X-

ray diffraction results show we have likely synthesized Gd2C on HOPG. 

Additionally, AFM and SEM images of annealed Gd / gr / sapphire exhibit an 

unusual morphology which might be suggestive of carbide formation.  
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Although several Gd-carbides can form on HOPG [104], Gd2C (trigonal, 

R3�m) is of particular interest. Gd2C is a layered 2D-electride, a class of material in 

which excess electrons behave like anions that are trapped at interstitial positions 

in the crystal structure [148–151]. These interstitial anionic electrons (IAEs) do not 

participate in bonding, and in the case of the layered [Gd2C]2+ ∙ 2e- structure, the 

electrons are localized in a 2D-plane, effectively behaving like a 2-dimensional 

electron gas (2DEG) [152,153]. This special electronic configuration results in 

remarkable properties. Due to the “loose” IAEs, Gd2C has a very low work function 

which makes it useful for vacuum emitters [154]. Additionally, the IAEs have their 

own quasi-atomic magnetic moments which trigger ferromagnetic spin alignments 

within the antiferromagnetic [Gd2C]2+ lattice [153]. Weyl semi-metallic states are 

predicted due to these unusual magnetic properties that break time-reversal 

symmetry, thus making Gd2C a candidate for a topological electride [155]. Some 

of these intriguing properties have not been experimentally demonstrated, since 

Gd2C has not been synthesized in thin-film form.  

We first focus on growing Gd on HOPG by MBE. This is a simpler starting 

point since HOPG has more available carbon that can interact with the deposited 

Gd film. HOPG substrates are cleaved prior to growth to obtain a clean growth 

surface. The substrate is mounted using a diluted high-performance Ag paste on a 

molybdenum puck. The paste is cured in a high-vacuum (p < 5 × 10-6 Torr) 
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outgassing prep-chamber at ~ 150 °C for at least two hours. Prior to growth the 

sample is additionally outgassed up to 600 °C inside our MBE growth chamber (p 

< 5 × 10-10 Torr).  

Figure 5.4 (a) shows our approach for synthesizing Gd-carbide films on 

HOPG, which consists of three steps: 1) deposition of ~ 15 nm of Gd at room 

temperature 2) annealing up to 750 °C induce carbide formation 3) capping the 

sample with amorphous Ge at room temperature. The RHEED pattern of HOPG is 

isotropic due to no long-range order in-plane (Fig. 5.4b). The solid arrows 

correspond to the first-order reflections of HOPG (white) and Gd (yellow). The 

double arrows correspond to the first order reflections of the 30° rotated domains 

of HOPG and Gd (Figure 5.4 b-c). These reflections were converted from pixels to 

reciprocal space units by using a homoepitaxial GaAs film as a calibration sample.  

After annealing the sample up to 500 °C, the RHEED pattern becomes 

streakier, indicating the surface is becoming smoother (Figure 5.4d). According to 

previous photoemission studies of GdxCy formation on HOPG, Gd2C3 and GdC2 

form above 800 K (527 °C) and above 1000 K (727 °C), respectively (Figure 

5.4f) [104]. After gradually increasing the annealing temperature up to 750 °C, we 

see a substantial increase in amorphous diffuse scattering, as evidenced by the hazy 

RHEED pattern (Figure 5.4e). This could be due to a chemical reaction taking place 

at the surface. Additionally, the Gd streaks are significantly dimmer. This is 
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accompanied by a large increase in the MBE pressure, which rises from ~ 9 × 10-10 

Torr at 500 °C, up to 1 × 10-8 Torr at 750 °C. We attribute this increase to the low 

sticking coefficient of metals on graphitic surfaces, which can lead to desorption of 

the metal species at elevated temperatures [90]. It is worth noting that no additional 

streaks at other Q-spacings were observed as a function of annealing, which would 

indicate that no crystalline carbides are forming at the surface. The Gd films are 

fairly thick in comparison to the penetration depth of the grazing-incidence 

electrons [156]; therefore, it is unlikely that any carbide formation that occurs at 

the buried Gd / HOPG interface would be visible in RHEED.   
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Figure 5.4 – Gd growth on HOPG. (a) Illustration depicting the heterostructure and the 
growth process flow. (b) RHEED pattern of HOPG prior to growth. The solid white 
arrows correspond to the Q-spacing of the primitive unit cell, while the double arrow 
marks the Q-spacing of the 30°- rotated HOPG domains. (c) RHEED pattern of 15 nm 
of Gd / HOPG. The solid gold arrows mark the Q-spacing associated with the primitive 
Gd unit cell, while the double arrows correspond to the 30°- rotated Gd domains. (d) 
RHEED pattern of the 15 nm Gd film after annealing at 500 °C. e) RHEED pattern of 
the 15 nm Gd film after annealing at 750 °C. (f) XPS data from [104] showing the  C 1s 
core level after annealing Gd / HOPG.  

 

We perform ex-situ X-ray diffraction in order to determine if any crystalline 

gadolinium carbides have formed after annealing. Figure 5.5 (a) shows a the XRD 

patterns of three 15 nm Gd / HOPG samples that have been annealed up to different 

temperatures. The asterisks in the patterns mark metallic contaminants in the HOPG 

substrates, which are unrelated to the Gd growth. The only sample that exhibits Gd 



95 

 

related reflections is the unannealed one (Fig. 5.5a). This result, and the diffuse 

scattering in RHEED at 500 °C and above, supports the idea that a chemical 

reaction could be taking place at elevated temperatures that is consuming the Gd.  

 

Figure 5.5 –Crystal structure of Gd / HOPG films. (a) XRD 2θ-ω scan of Gd / HOPG 
samples annealed at different temperatures. (b) XRD patterns of Gd grown on SiO2 and 
Gd grown on HOPG. (c) Illustration depicting the crystal structure of Gd2C with the 
(105) plane highlighted in green.  
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The other significant feature in the XRD patterns is the appearance of two 

peaks at 2θ = 37.20° (P1) and 2θ = 79.40° (P2). These peaks are very close to the 1 

0 5 and 2 0 10 reflections of Gd2C [153]. However, Gd2O3 also has peaks that 

closely match the ones observed in the pattern corresponding to the 4 2 0 and 8 4 0 

planes. Yet, the presence of crystalline Gd2O3 in the XRD scans is unlikely. Firstly, 

the structure factors ratios of the two relevant reflections of Gd2O3 do not match the 

integrated intensity ratios for the observed peaks (Table 5.1). In addition, a control 

sample was created by growing 15 nm of Gd on an amorphous SiO2 / Si (111) 

substrate. The Gd was uncapped, guaranteeing that oxidization would take place 

upon removing from vacuum. The peaks at 2θ = 37.20° and 2θ = 79.40° we 

observed for the Gd / HOPG samples are not present in XRD scan for the control 

sample (Figure 5.5b, cyan curve). This result, along with the structure factors ratios 

of Gd2O3, are strong indicators that the peaks of interest are likely Gd2C. On the 

other hand, it remains unclear why this particular orientation is stabilized after 

growth. It is particularly surprising because these sets of planes are not the brightest 

ones as determined by the structure factor. One would expect the film to be (00l)-

oriented out of the plane. Further experiments are needed to understand the 

preferred orientation of Gd2C on HOPG.  
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Table 5.1 – Comparison of observed peak intensity ratios (P1/P2) and structure factor ratios 
for the relevant reflections of Gd2C and Gd2O3. 
  

IP1 / P2 Gd2C: I1 0 5 / I2 0 10 Gd2O3: I4 2 0 / I8 4 0 

2.7 3.2 0.12 

 

We also grow Gd on gr / c-sapphire to test the possibility of Gd reacting 

with graphene to form a carbide (Figure 5.6a). The graphene is transferred to 

sapphire from copper foil using an adapted wet transfer technique as described in 

the methods section of Ref [44]. Like the growths on HOPG, we deposit Gd at room 

temperature and then anneal in ultra-high vacuum. However, since there is only a 

one-atom-thick sheet of carbon in this case, we only deposit two monolayers of Gd. 

This thickness should result in the formation of the Gd2C electride, if we do produce 

a carbide. Figure 5.6 (b) and (c) show RHEED patterns before and during the 

growth process along the <112�0> and <111�0> azimuthal directions, respectively. 

Despite the presence of a graphene overlayer, the first-order diffracted spots from 

the sapphire substrates can be seen in either direction (grey arrows). After the 

deposition of 2ML of Gd, we see streaks associated with the first-order reflections 

of Gd (solid yellow arrows) and 30° rotated domains (yellow double arrows).  The 

RHEED pattern is largely isotropic as evidenced by streaks with the same Q-
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spacings being present in either crystallographic direction of the sapphire substrate. 

No well-defined in-plane orientation is expected, because the CVD graphene grown 

on copper foil that was transferred to sapphire is polycrystalline [157]. The RHEED 

patterns do indicate that there is a weak a directional dependence of the streak 

intensities associated with the 0° and 30° rotated Gd domains. Along the <112�0> 

azimuth, the 30° rotated domains appear brighter than the 0°. The opposite effect 

can be seen along the <101�0> azimuth.  
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Figure 5.6 – Gadolinium growth on gr/sapphire. (a) Gd-carbide growth approach on 
gr/sapphire. (b-c) RHEED patterns along a <112�0> (b) and <101�0> (c) azimuth of 
gr/sapphire and 2ML Gd/gr/sapphire at room temperature and after annealing (gray 
arrows – sapphire, yellow arrows – Gd, yellow double arrow – 30° rotated Gd domain.  

 

After annealing the samples at elevated temperatures (> 700 °C), we see 

distinct changes in the RHEED patterns. At 700 °C, we see a slight increase in 

diffuse scattering and an increase in the MBE chamber pressure like in the 

Gd/HOPG case. Additionally, we see the sapphire reflections appear once again, 

especially in the along the sapphire <112�0> azimuthal direction (Figure 5.6b). This 

indicates that the continuous Gd film is de-wetting and Gd is desorbing from the 
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surface. Interestingly, additional half-order-like peaks (blue dashed lines) appear in 

this RHEED pattern which could be the result of an additional crystal phase 

appearing (Figure 5.6b). Additional spots at other Q-spacings can be observed in 

either direction, which is further evidence of de-wetting. After annealing up to 750 

°C, we see the half-order features disappear. The patterns are no longer streaky and 

exhibit a more pronounced diffuse background (Fig. 5.6b). The presence of 

disconnected spots in either direction would suggest an island morphology due to 

the de-wetting of the film. The RHEED patterns indicate that the surface is clearly 

changing as a function of annealing, but it is difficult to say if any Gd2C is forming. 

The main challenge is that Gd and Gd2C have similar in-plane lattice parameters 

(3.635 Å and 3.639 Å, respectively), so it would not be possible to distinguish their 

reciprocal lattices in RHEED unless a unique surface reconstruction were to form.  
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Figure 5.7 – (a) SEM images of transferred gr / sapphire after annealing at 600 °C in 
UHV. The zoomed-in image (bottom) shows graphene wrinkles and bilayers as well as 
faint outlines of the sapphire step terraces. (b) SEM images of Gd / gr / sapphire. Two 
distinct features can be seen after Gd growth, bright hexagons (blue circle) and dark, 
patchy lines (red circle). (c) AFM of clean, annealed gr / sapphire. (d) AFM of Gd / gr / 
sapphire. (e) Height profile (green line in (d) of a hexagon feature (blue circle).  

 

 The morphology of the film hints at the possibility of carbide formation. 

SEM images were taken of the gr/sapphire sample before growth (Figure 5.7a), 
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which show clean graphene with minimal tears. The dark hexagons that appear in 

the SEM images prior to growth are graphene bilayers. Some wrinkles and grain 

boundaries can also be seen (Fig. 5.7a). After Gd growth and annealing on the 

gr/sapphire substrate, we see disconnected “lines” that appear dark in the secondary 

electron SEM images (Fig 5.7b, circled red). The lines seem to be parallel to each 

other and aligned in the same direction. Another interesting feature is the bright 

hexagons in the images. These hexagons seem to resemble the graphene bilayers 

that displayed dark contrast prior to growth (Fig. 5.7a, circled blue). It is interesting, 

however, that the secondary electron contrast has changed dramatically. AFM 

images and height profiles of these hexagonal islands after growth reveal that they 

are approximately 25 nm thick (Fig 5.7d, e). This is surprising given that only 2ML 

of Gd was deposited. The native oxide of Gd upon exposure to oxygen is only a 

few nm thick, so this could only be explained by the de-wetting, adatom migration, 

and clustering at elevated annealing temperatures. Another possibility is a reaction 

between Gd and carbon. It is worth emphasizing that the disconnected dark “lines” 

and the tall hexagonal islands are not present on the gr/sapphire prior to growth, as 

seen by the SEM and AFM images (Fig. 5.7a, c).  

We have presented here the characterization of Gd films grown on graphitic 

substrates and investigated via in-situ and ex-situ techniques the possibility of Gd2C 

formation. X-ray diffraction suggests we have synthesized (105)-oriented Gd2C on 
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HOPG; however, further work is required to understand why this orientation is 

favored. We have also established that due to the large surface diffusion lengths of 

metal atoms on graphene [90,91], annealing causes island formation. The islands 

observed after Gd synthesis and annealing on graphene appear faceted and are 

thicker than expected. In-situ XPS in addition to surface-sensitive chemical 

mapping such as Auger spectroscopy or photoemission electron microscopy would 

be ideal techniques to determine if Gd2C has formed on graphene or on HOPG.  
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6  Applications of epitaxy on graphene-terminated 

substrates 

This chapter is adapted from the following articles and ongoing work in the 

Kawasaki research group: 

• P. J. Strohbeen, S. Manzo, V. Saraswat, K. Su, M. S. Arnold, and J. K. 

Kawasaki, Quantifying Mn Diffusion through Transferred versus Directly 

Grown Graphene Barriers, ACS Appl. Mater. Interfaces 13, 42146 (2021). 

Author contribution: I conducted the graphene transfers and graphene 

characterization (SEM, Raman, AFM) and participated in discussions 

related to this work.  

• D. Du, S. Manzo, C. Zhang, V. Saraswat, K. T. Genser, K. M. Rabe, P. M. 

Voyles, M. S. Arnold, and J. K. Kawasaki, Epitaxy, Exfoliation, and Strain-

Induced Magnetism in Rippled Heusler Membranes, Nat. Commun. 12, 1 

(2021). 

Author contribution: I conducted the graphene transfers and graphene 

characterization (SEM, Raman, AFM). I also participated in discussions 

about different film exfoliation methods and ways to strain membranes. 
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6.1 Graphene as a solid-state diffusion barrier 

 Graphene has emerged as a highly promising material for solid-state 

diffusion barriers, exhibiting great potential for a wide range of applications. Due 

to the small "pore size" of graphene, it can successfully block diffusion for most 

gases [158,159]. Additionally, it has shown promise in metal-semiconductor 

contact structures despite its extreme thinness. On the other hand, conventional 

diffusion barriers are typically required to be tens of nanometers thick [160–163]. 

A single sheet of graphene can also passivate air-sensitive semiconductor and 

metallic surfaces for long periods of time [164–166]. One of the most significant 

advantages of graphene as a barrier material lies in its ability to support crystalline 

films above it. These films can be epitaxial to the underlying substrate, either 

through epitaxial lateral overgrowth at graphene pinholes [80,167,168] or via the 

phenomenon known as "remote epitaxy" [45,46,110,169,170]. It has been proposed 

that remote interactions originating from the substrate's lattice potential can 

permeate through graphene, effectively templating the growth of epitaxial films [1]. 

This intrinsic electronic transparency of graphene is highly valuable for spintronic 

applications, particularly for facilitating spin injection via tunneling [171]. 

Despite these remarkable properties, graphene cannot be synthesized on 

arbitrary substrates, meaning that it has to be transferred from its growth substrate 
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to the substrate of interest. Although there have been many advances in graphene 

transfer processes, they still represent a significant hurdle in the utility and 

applicability of graphene. Wet and dry graphene transfers require a polymer or 

metal handling layer that needs to be etched away. This step can leave interfacial 

metal contaminants and organic residues on the graphene [69,172–174]. 

Additionally, the transfer process itself can cause the fragile graphene layer to tear 

or wrinkle. With this reality in mind, it is important to understand how these defects 

and contaminants affect its barrier performance. In addition, it is highly desirable 

to know how transferred graphene compares to its pristine counterpart. Previous 

studies have qualitatively established that defects such as pinholes, grain 

boundaries and wrinkles negatively impact graphene’s barrier performance [175–

177]. However, a quantitative study that explores the effects of transfer-induced 

defects and elevated thin film growth temperatures is missing from the literature.  

Here we elucidate these effects by assessing the diffusivity of Mn grown on 

transferred and epitaxial graphene on semiconductor substrates via in-situ 

photoemission. Mn was chosen as the deposited material because of its relevance 

in spintronic applications, such as Mn-containing half-metallic ferromagnets 

NiMnSb and Co2MnSi for spin injection into GaAs [178,179].  

We perform this study with three graphene-substrate interfaces: 1) epitaxial 

graphene grown on Ge (001) 2) transferred graphene on Ge (001) 3) transferred 
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graphene on GaAs (001). The epitaxial graphene is grown on Ge substrates (AXT 

Inc.) via atmospheric-pressure CVD of CH4, similar to the procedure described in 

Refs.  [84,123] while the graphene used for transfers is grown on copper foil via 

CVD [44]. The graphene transfer is an adapted PMMA-assisted wet transfer 

method, similar to the one described in Ref.  [80]. Prior to transferring the graphene, 

GaAs substrates are etched in 10% HCl and Ge substrates are etched in boiling 

water, to remove some of the native oxides. The samples were degreased in acetone 

and isopropanol baths and In-mounted onto molybdenum pucks. They were 

outgassed at 150 °C in a high-vacuum load lock (p < 5 × 10-8) and annealed up to 

300 °C prior to Mn deposition to remove organic contaminants (labelled “pre-

anneal”). The graphene-coated samples were then annealed up to 600 °C (labelled 

“post-anneal) to desorb native oxides underneath the graphene.   
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Figure 6.1 - Defects in directly grown vs layer-transferred graphene (figure and caption 
taken from Ref. [118]). “Preanneal” refers to samples lightly outgassed at 300 °C to 
remove adsorbates. “Postanneal” refers to samples annealed at 600 °C in ultrahigh 
vacuum to remove substrate native oxides. (a) SEM images for the directly grown 
graphene (gr) on Ge (001) substrates before and after annealing. (b) SEM images for the 
layer-transferred graphene on Ge (001). (c) SEM images for the layer-transferred 
graphene on GaAs (001). Yellow arrows indicate wrinkles and grain boundaries, and 
green arrows denote tears and holes in the graphene layer. (d) Raman spectra before and 
after annealing. The peaks marked by * are from the Ge substrate. 
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Annealing graphene introduces defects as seen by SEM and Raman 

spectroscopy, particularly for transferred graphene (Figure 6.1). The defect 

activated D band of graphene appears for all of the samples, even before the 600 

°C anneal. This is not surprising for the transferred graphene, since small tears and 

wrinkles are inevitable consequences of the transfer process. After graphene 

growth, the Ge (001) surface experiences significant faceting (Figure 6.1a), which 

is a phenomenon that has been reported previously [125]. This faceting, along with 

native pinholes and grain boundaries can lead to the presence of a weak D peak in 

the Raman spectra [86,87]. The relatively broad 2D band and lower 2D:G intensity 

ratio (< 2) is also caused by the strong interaction between the graphene and the 

faceted Ge surface. The D:G integrated intensity ratios are also a good indicator of 

disorder in the graphene lattice [180]. The epitaxial graphene shows little change 

after annealing up to 600 °C. On the other hand, the transferred graphene on GaAs 

and Ge exhibit a stark increase of the D:G intensity ratio and a decrease of the 2D:G 

ratio. Additionally, SEM images after annealing reveal a substantial increase in 

tears and other defects in the transferred graphene. In our previous work, we 

demonstrated that these annealing-induced defects arise from the trapped native 

semiconductor oxide desorbing through the graphene [80]. This does not occur for 

the graphene directly grown on Ge, because the graphene acts as an oxidation 

barrier after it nucleates and coalesces on the Ge surface [164].  



110 

 

After establishing the effects of transferring and annealing the graphene, we 

study the diffusion of Mn on graphene via in-situ photoemission. After the pre-

growth anneal, ~ 24 Å (1.64 × 1016 atoms/cm2) of Mn were deposited at room 

temperature. The samples were then transferred from our MBE growth chamber to 

the XPS analysis chamber (p < 3× 10-10 Torr) through an ultra-high vacuum 

manifold. XPS measurements were conducted using a nonmonochromatic Omicron 

DAR-400 dual-anode X-ray source (Al Kα, hν = 1486.6 eV) and an Omicron 

EA125 hemispherical analyzer. The total energy resolution of the analyzer in the 

experimental configuration was measured to be 1.08 eV using an Au standard. To 

promote Mn diffusion into the substrate, each sample was annealed from room 

temperature up to 500 °C in 100 °C increments. The anneal temperature was 

measured using a thermocouple attached to the sample manipulator and calibrated 

to the In melting point and As desorption temperature of As-capped GaAs.  
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Figure 6.2 – In situ photoemission measurements of Mn on graphene(gr)/Ge (figure and 
caption taken from Ref. [118]). (a) Schematic layer structure and measurement 
geometry. (b) Half Gaussian composition profiles as a function of depth from the 
surface. We use this model to extract diffusion length λ. (c) Mn 2p core-level spectra for 
Mn thin films grown directly on bare Ge (black), transferred graphene/Ge (blue), and 
directly grown graphene on Ge (red) at increasing annealing temperatures using an Al 
Kα source (hν = 1486.6 eV). Samples were rapidly heated to the anneal temperature, 
held for 5 min, rapidly cooled, and measured at room temperature. Symbols are 
experimental data and curves are fits to a Doniach–Sunjic lineshape. (d) Normalized Mn 
intensity ratio, tracking the relative change in the Mn surface composition as a function 
of anneal temperature T. For substrate normalization, we use sub = Ge 3p. (e) Calculated 
Mn diffusion lengths λ at each anneal temperature. 

 

Figure 6.2 (c) shows the evolution of the Mn 2p1/2 and 2p3/2 core levels for 

Ge substrates, with and without graphene, as a function of annealing. All spectra 

have been normalized to the Ge 3p core level to remove the effect of experimental 
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variations. We fit the Mn 2p and Ge 3p core levels to Doniach–Sunjic [181] and 

Voight lineshapes, respectively, and plot the normalized Mn 2p intensity (RMn = 

(IMn IGe⁄ )T

(IMn IGe⁄ )0

 ) as a function of temperature (Figure 6.2d). This normalization procedure 

removes the effects of instrumental sensitivity, alignment, and photoemission cross 

section. For the Mn grown on bare Ge, we see a sharp decrease in the surface Mn 

concentration starting at 150 °C and a further decrease at higher temperatures (RMn 

~ 0.05 at 500 °C). This is due to Mn reacting and diffusing into the substrate. On 

the other hand, the decay in the Mn surface concentration is suppressed by both 

transferred and directly grown graphene. The directly grown graphene acts as an 

excellent diffusion barrier, with RMn decreasing only to 0.7.  As expected from the 

Raman spectroscopy and SEM images, the more defective transferred graphene 

exhibits worse barrier performance, with an RMn ~ 0.2.   

We can then extract the temperature-dependent diffusion length based on 

the normalized Mn 2p intensity (RMn) and Mn composition profiles. For a thin Mn 

film on a semi-infinite substrate, the solution to the diffusion equation is a half-

gaussian composition profile. Using the known initial conditions and areal density 

of Mn we can calculate the initial diffusion length. Then, by rewriting the 

composition profiles in terms of areal density, we can use the known expression for 

the intensity of a core level to calculate the expected intensity ratios for Mn 2p and 

Ge 3p as a function of the diffusion length. We can then compute RMn, which will 
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be uniquely defined by the diffusion length. Lastly, we can use the experimentally 

derived RMn values to extract a diffusion length for each annealing step. More 

details on the calculation of the diffusion length are found in Ref [118]. Figure 6.2 

(b) clearly shows that the diffusion length of Mn is much higher than on graphene, 

with the directly grown graphene suppressing the diffusion length by a factor of 11 

and the transferred graphene by a factor of 3.5 at 500 °C. We also performed a 

photoemission study on GaAs (001), which showed that transferred graphene 

suppresses diffusion into GaAs. The graphene barrier performance on GaAs is 

slightly better than on Ge (Rmn ~ 0.7 vs Rmn ~ 0.2 at 500 °C), which we attribute to 

unintended, stochastic differences in the graphene quality after transferring.  

Using the extracted diffusion lengths, we can calculate the diffusivity as a 

function of temperature. An Arrhenius fit allows us to calculate the activation 

energies and diffusivity prefactors for each sample. Further details on how this was 

done can be found in Ref. Remarkably, we find that at 500 °C the diffusivity of Mn 

is 1000 times lower on directly grown gr/Ge than on bare Ge. The decrease in 

diffusivity is not as large for transferred graphene/Ge, being smaller by a factor of 

10 compared to bare Ge. The experimentally determined activation energy for Mn 

diffusing into bare Ge and GaAs substrates (Ea = 0.8 eV) agrees well with 

previously reported experiments and DFT simulations for Mn interstitial diffusion 

into GaAs (Ea = 0.7-0.8 eV) [182]. Conversely, the activation energy for the 
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graphene-coated substrates is significantly lower: 0.1 eV for directly grown 

graphene on Ge and 0.2–0.5 eV for transferred graphene on GaAs and Ge. Since 

the pore size of graphene is so small (0.7 Å compared to Mn atomic radius of 16.1 

Å), we rule out transverse diffusion, which has a very high activation energy of Ea 

~ 12 eV [183].  Therefore, it is likely that diffusion through graphene is mediated 

by defects. At high temperatures (> 200 °C), we speculate that the activation energy 

is lower on graphene-terminated substrates because diffusion is catalyzed by the 

defects, which are known to be highly reactive sites [98]. It is unclear why the 

activation energy is lower at lower temperatures, but a possible reason could be a 

convolution of lateral diffusion of Mn adatoms to the defective sites followed by 

diffusion into the substrate. More experiments with lateral and depth resolution are 

needed to explore this result. 

 Despite the low activation energy barrier for diffusion on graphene, we see 

a suppressed diffusivity because of the reduced diffusivity prefactor Do. We 

interpret this factor as an “attempt rate” for diffusion. For Mn on bare substrates, 

the attempt rate is high (10-11 – 10-12 cm2/s) because there are many sites available 

for interstitial diffusion. On the other hand, the graphene-terminated surfaces are 

mostly inert, except for the defects. In other words, the graphene defect density 

should correlate with the attempt rate, which is what our results indicate. The layer-

transferred graphene on Ge has a higher defect density as quantified by our Raman 
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and SEM and the attempt rate is higher (10–13 cm2/s) than that for directly grown 

graphene (10–17 cm2/s).  

Our results show that transferred and directly grown graphene successfully 

block Mn diffusion on semiconductor substrates. The directly grown graphene 

exhibits superior performance due to lower defect density, evidenced by the SEM 

and Raman spectroscopy. Although transferred graphene does suppress diffusion, 

it will be crucial to develop methods to synthesize graphene on functional 

semiconductor substrates. Several promising approaches are currently under 

investigation like plasma-enhanced CVD [184–186] and the use of liquid 

precursors [187,188] to reduce the graphene synthesis temperature. These low-

temperature growth approaches could pave the way for graphene growth directly 

on GaAs and other important III-V semiconductors.  
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6.2 Strain-induced magnetism and superconductivity in rippled 

Heusler membranes enabled by a graphene interlayer 

Thin crystalline membranes have emerged as powerful platforms for 

flexible devices and have the unique capability of modulating their materials 

properties through strain and strain gradients [189–195]. Strain engineering of 

epitaxial films, which is determined by lattice mismatch, is uniform and can only 

accommodate up to 3% strain before plastic deformation. On the other hand, 

membranes can tolerate much higher strains and the strain can be applied 

dynamically, anisotropically and in gradient form (Figure 6.3a). Recent 

demonstrations have shown that ultra-thin oxide membranes can be strained 

continuously and in arbitrary directions, while being able to access extreme strains 

of up to 8% [192]. Furthermore, crystalline membranes supported on flexible 

polymers can be deformed in various geometries and be easily bent, twisted, and 

rippled. This would be impossible to do on a clamped epitaxial thin film.  

Strained membranes are particularly promising for tuning ferroic properties 

in materials. The coupling of magnetism and strain is well known (i.e., 

piezomagnetism and magnetostriction) and has been studied previously for bulk 

and thin film samples [196–199]. Additionally, novel phenomena have also been 

discovered, such as the continuous tuning of antiferromagnetic spins in BiFeO3 via 
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strain due to a competition between Dzyaloshinskii–Moriya interactions and single-

ion magnetic anisotropy [200]. On the other hand, the effect of strain gradients on 

magnetism (i.e., flexomagnetism) has not been demonstrated due to the difficulty 

in engineering and synthesizing strain gradients in epitaxial heterostructures. 

Crystalline membranes are also challenging to make, and most methods rely on the 

selective-etch chemistries of sacrificial layers [192,193,201]. This approach 

presents several constraints. The film must be chemically resistant to the selective 

etchant, and more importantly, the sacrificial layer must be a substrate that is 

compatible with epitaxy. Here, we utilize a different approach that involves 

growing films grown on graphene-terminated substrates. The weak van der Waals 

interface enables easy exfoliation, while growth mechanisms on graphene such as 

pinhole-seeded epitaxy [80], remote epitaxy [83] or van der Waals epitaxy, ensure 

that the resulting film is crystalline. We focus on the exfoliation and 

characterization of two Heusler membranes, namely GdPtSb and GdAuGe. 

Our results indicate that rippled GdPtSb membranes are flexomagnetic, 

with strong strain gradient-dependent magnetization dictated by the aspect ratio of 

the ripples. The GdPtSb films are grown via MBE on graphene-terminated c-

sapphire substrates. The graphene is grown via CVD on copper foils and transferred 

using an adapted PMMA-assisted wet transfer technique described in Ref  [44]. 

Prior to GdPtSb growth, the graphene/sapphire substrates are outgassed (150 °C) 
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to remove water and annealed up to 700 °C in UHV (p < 5 × 10-9 Torr) to desorb 

organic contaminants. Further details on the growth and structural characterization, 

which includes RHEED and X-ray diffraction, can be found in Ref [44]. The film 

is decoupled from the graphene-interlayer by placing it film-side down onto melted 

wax (Crystalbond) on a glass slide. The Crystalbond is then cooled below its glass-

transition temperature and the whole film/glass slide stack is gently dropped from 

about 4ft onto a clean surface. The impact of the fall results in the detachment of 

the graphene/sapphire substrate, leaving the film behind (Figure 6.3c). X-ray 

diffraction after exfoliation confirms that the membrane is crystalline and 

undamaged at the macroscopic scale (Fig. 6.3b). We impart strain and strain 

gradients by first stamping tape on the membrane/Crystalbond/glass slide stack 

while it is being heated on a hot plate. When the Crystalbond melts, the membrane 

is released from the glass slide and is adhered to the tape. As the tape and residual 

Crystalbond on the surface cool, the tape relaxes and contracts which creates a 

sinusoidal ripple structure on the membrane. We can tune the ripple aspect ratio 

(height/width) by selecting tapes with different thermal expansion coefficients (Fig. 

6.3f-h).  

We then characterize the magnetic properties of our membranes and 

compare them to a clamped GdPtSb film. We find that the strain and/or strain 

gradients caused by the ripples induce magnetic ordering, transforming 
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antiferromagnetic GdPtSb films into ferro- (or ferri-) magnetic rippled membranes 

at room temperature. Figure 6.3 (d) shows the magnetization M versus applied 

magnetic field H for a relaxed GdPtSb film on sapphire (green), a membrane on 

stiff polyimide (blue) and a membrane on stretchy polyurethane (red). At room 

temperature, the unstrained, relaxed film shows a weak linear magnetization 

dependence with applied field. Magnetic susceptibility measurements show that 

GdPtSb films become antiferromagnetic at a Néel temperature of 12 K (details 

found in Ref. [44]). Remarkably, the rippled membranes show spontaneous 

magnetization and hysteresis loops which are a sign of ferro- or ferrimagnetism 

(Fig 6.3d). Moreover, there is a strong dependence between the saturation 

magnetization and the ripple aspect ratio (height/width), as seen in Figure 6.3e). 

The polyurethane tape, which has a larger thermal expansion coefficient than 

polyimide (polyimide α = 34 × 10-6 K-1, polyurethane α = 57 × 10-6 K-1), exhibits 

the largest magnetization and has the largest aspect ratio. These results suggest that 

the magnetic ordering is ripple-induced, which we attribute to increased strain 

and/or strain gradients for large aspect ratios.  
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Figure 6.3 – Exfoliation and flexomagnetism of rippled GdPtSb membranes (Figure and 
caption adapted from Ref. [44]). a) Schematic showing the modes of strain accessible to 
epitaxial films vs free-standing membranes. Piezomagnetism and magnetostriction are 
magnetic responses to uniform strain (ε) and are accessible in thin films. 
Flexomagnetism is the response to strain gradients (∇ε) and is accessible in ultrathin 
membranes. b) XRD 2θ-ω (Cu Kα) scans before (black) and after exfoliation (blue). The 
sapphire substrate’s reflections are marked by asterisks. In addition to the 111-type 
reflections, a small 004 reflection is observed and marked by a diamond. c) Photograph 
of the exfoliated membrane (top) and substrate (bottom) utilizing crystal bond. The 
regions on the substrate that are still covered by film after exfoliation are regions without 
graphene. d) Magnetization of GdPtSb film (green), GdPtSb membrane supported on 
polyimide (blue) and on polyurethane (red). e) Room-temperature magnetization at 0.4 
Tesla versus ripple aspect ratio.  Relaxed film (green), rippled membrane on polyimide 
(blue), rippled membrane on polyurethane (red). The error bar represents the distribution 
of aspect ratio over several regions. f-h) Optical micrographs of a relaxed film (f, green), 
a rippled membrane on polyimide (g, blue) and of a rippled membrane on polyurethane 
(h, red). The scale bar is 100 μm.  
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We have successfully extended the use of strained membranes to another 

materials system, namely GdAuGe (hexagonal P63mc). Smooth, single-crystalline 

GdAuGe films can be successfully synthesized on graphene directly grown on Ge 

(111). The gr/Ge (111) system offers a simpler platform to produce membranes 

since there are no transfer-induced defects or contaminants that result in poor 

exfoliation yields. The GdAuGe films were exfoliated onto pre-stretched 

polyurethane tape adhered on a glass slide. By detaching the glass slide from the 

tape, it is allowed to relax thus generating ripples. This method has the advantage 

of leaving an exposed GdAuGe surface which can be probed with surface sensitive 

measurements. The ripple period and amplitude are measured via optical 

microscopy and AFM. The radius of curvature can then be calculated by fitting the 

AFM ripple height profile to a sinusoidal function. This can then be used to find 

the strain and strain gradient along the sinusoidal path. The maximum strain 

gradient is localized at the peaks and throughs of the sinusoidal ripples. The 

magnetic ordering of GdAuGe membranes was characterized using SQUID 

magnetometry.  

 We observe several magnetic phases in GdAuGe membranes as a function 

of strain gradient. By tuning the ripple amplitude and period we can access four 

states in GdAuGe: paramagnetic, ferro/ferrimagnetic, antiferromagnetic and a 
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superconducting state (Fig 6.4a). Relaxed GdAuGe exhibits a single magnetic 

transition that corresponds to antiferromagnetic ordering at TN = 14 K (Fig. 6.4d).   

 

Figure 6.4 – Strain-induced magnetism and superconductivity in GdAuGe. (a) Magnetic 
phase diagram of rippled GdAuGe membranes depicting antiferromagnetic ordering 
(blue), ferro/ferrimagnetic ordering (red), and superconducting critical (green) 
temperatures characterized by SQUID magnetometry. (b) Cartoon of rippled GdAuGe 
showing local tensile (blue) and compressive (red) strains. (c) Zero field cooling (red) 
and 100Oe field cooling (black) magnetization v. temperature scans of a rippled 
GdAuGe membrane, corresponding to the dashed line in a).    (d-f) Magnetization v. 
applied field for an unexfoliated GdAuGe film d), rippled membrane above e) and below 
f) superconducting Tc. 
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Rippled membranes subjected to strain gradients from 3 - 60 %/μm however, 

exhibit two magnetic transitions; at T = 75-94 K we observe a ferro/ferrimagnetic 

transition and below T = 7.5-8.8 K we see antiferromagnetic ordering. This 

remarkable result is similar to the flexomagnetic response in GdPtSb 

membranes [44]. At extreme strains/strain gradients (>200%/μm) we still see 

ferro/ferrimagnetic ordering from T = 4-8 K (Fig. 6.4e). At temperatures below 4 

K we can observe the Meissner effect, a unique characteristic of superconductivity 

(Fig 6.4f).  In total, we have been able to produce three samples with relatively 

homogeneous ripple aspect ratios that exhibit superconducting behavior, as 

determined by SQUID. The calculated maximum strain gradients for these are 

200%/µm, 207%/µm, and 346%/µm and exhibit critical temperatures of 4.1K, 

3.3K, and 3.4K respectively. The presence of antiferromagnetic ordering alongside 

superconductivity in the magnetic phase diagram of GdAuGe (Fig. 6.4a) shows a 

striking resemblance to that of unconventional superconductors [202–204].  

In summary, we have shown that graphene enables the production of ultra-

thin Heusler membranes which can be subjected to extreme strains and /or strain 

gradients. As a result, we can tune the magnetic ordering of Heusler membranes, 

which would be impossible to do via conventional heteroepitaxial mismatch strain. 

Further work is required to elucidate the origins of superconductivity and 
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magnetism in GdAuGe membranes. This represents a novel platform to study the 

rich physics of many Heusler alloys which can be grown on graphene.  
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7  Conclusions and future directions 

To conclude, this dissertation encompasses my work on understanding 

growth on graphene-terminated surfaces. We have studied nucleation on both clean 

and defective graphene/substrate interfaces to determine whether an intrinsic 

remote mechanism is possible. We found that transferred graphene on GaAs and 

GaSb becomes highly defective after annealing and these chemically reactive 

defects act as nucleation sites that lead to overgrowth and coalescence. In addition, 

single-crystalline GaSb films grown on gr/GaSb (001) could be readily exfoliated, 

thus demonstrating that a pinhole-seeded mechanism could replicate the features of 

remote epitaxy.  

The pinhole-seeded epitaxy mechanism motivated our nucleation studies on 

the cleaner gr/Ge (111) surface. We deposited GaAs, performed ex-situ atomic 

force microscopy measurements, and observed nucleation at the top and bottom of 

the Ge step edges, at wrinkles, and in some cases at unintentional graphene-

openings. Step-edges are more likely to transmit lattice potential fluctuations from 

the Ge substrate than wrinkles, so we speculate that they could be a pathway to 

achieve epitaxy on graphene via an intrinsic mechanism that is not reliant on defect-

seeded nucleation. Further in-situ surface-sensitive measurements, such as 

scanning tunneling microscopy and photoemission electron microscopy, at the 
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early stages of growth are required to determine the crystallographic orientation 

and chemical structure of nucleation at step edges. Furthermore, we plan on 

performing growths on graphene-covered vicinal substrates, which offer more 

control over the step-edge density. Performing these nucleation studies on other 

clean graphene/substrate interfaces such as gr/SiC and gr/sapphire are also of 

interest, to study the influence of substrate polarity on the growth mechanism.  

Another promising growth approach that involves graphene is epitaxial 

lateral overgrowth utilizing graphene masks. We show that we can obtain excellent 

nucleation selectivity on partial-coverage gr/Ge (111) and full coalescence within 

400 nm. We comment on the optimized growth conditions to obtain smooth GaAs 

films without a pyramidal hillock morphology. Future work in this area will involve 

experimentally measuring the diffusion length of GaAs on graphene through in-situ 

scanning tunneling microscopy. These measurements would allow us to quantify 

the relative importance of surface diffusion on graphene and to optimize the 

graphene feature size to match the characteristic diffusion length. This work could 

be extended to highly mismatched systems in the future, such as GaSb on patterned 

gr/Ge (111), to study how effective this method is at reducing misfit dislocations.  

We also demonstrate some of the advantages of growing on graphene-

terminated substrates. Both transferred and directly grown graphene are excellent 

diffusion barriers and pave the way to grow intermetallic Heusler alloys on 
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graphene for spintronic applications. Lastly, we show that graphene interlayers 

enable the exfoliation of single-crystalline membranes which can be rippled to 

access strain and strain gradients that give rise to novel magnetic and 

superconducting phase transitions. Optimization of the membrane exfoliation 

process and more reliable methods to impart strain are currently being developed 

to map out the full strain/strain-gradient dependent phase diagram for GdAuGe 

membranes. We are also designing processes to create lithographic metal contacts 

on rippled membranes using molybdenum shadow masks to perform transport 

measurements that will give more insights into the apparent superconducting state 

in strained GdAuGe.  

Overall, this dissertation has shed light into the mechanisms of epitaxy on 

graphene-terminated surfaces and demonstrated that remote epitaxy is not so simple 

after all. Once more in-situ growth experiments are conducted, we believe we can 

take full advantage of the benefits of growing on graphene and extend it to study 

other materials systems that exhibit intriguing electronic, optical, and magnetic 

properties, such as the rare-earth half-Heusler bismuthides and their membranes.  
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A Appendix: supplementary information for chapter 3 

 

Figure A.1 - Extended x-ray diffraction of GaSb grown on graphene and on a bare GaSb 
substrate. (a) Rocking curve of the 004 reflection for GaSb on graphene/GaSb (001), 
GaSb on GaSb (001), and a bare GaSb (001) substrate. (b) Pole figure φ scans of the 202 
reflection, showing the expected 4-fold symmetry of an epitaxial GaSb film. 
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Figure A.2 – Normalized room temperature photoluminescence (PL) spectroscopy of a 
920 nm thick exfoliated GaSb membrane (blue), compared to a bare GaSb (001) 
substrate (black).} The peaks at 761 meV (membrane) and 757 meV (substrate) 
correspond to the direct bandgap transition of GaSb. The membrane is slightly redshifted 
compared to a substrate, which we attribute to strain imparted by the Ni stressor layer. 
Both membrane and substrate peaks exhibit similar full width at half maximum of ~ 60 
meV. 
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Figure A.3 – Extended in-situ photoemission spectra of graphene on GaSb (001) 
tracking the native oxide desorption as a function of annealing. (a) Sb 3d and O 1s core 
levels. The Sb-oxide intensity goes to zero after the 515 °C anneal, but residual atomic 
O 1s remains. (b) C 1s. After the 515 °C anneal we observe a shift in the C 1s core level 
towards lower binding energy, which we attribute to de-oxidation. (c) Ga 3p. Ga-oxide 
components are not resolved in these spectra. 
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Figure A.4 – Native oxide desorption from a graphene/GaAs (001) sample. The CVD-
grown graphene was wet transferred to GaAs (001) after an HCl etch to remove some of 
the GaAs native oxides. (a) Photoemission spectra of the As 3p core level. Arsenic (As) 
oxides are detected after the 150 °C anneal (red curve) and are desorbed after the 625 
°C anneal (black curve). (b) There is a corresponding change in the C 1s lineshape. (c) 
Ga 3p core level. (d) O 1s core level. 
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Figure A.5 – Forming gas annealing of graphene/GaSb (001). Photoemission spectra of 
forming gas annealed graphene/GaSb (001) (green curve) compared to vacuum annealed 
graphene/GaSb (001) (red curve). Both spectra show significant Sb-oxides and O 1s. 
The forming gas annealed sample was annealed in a tube furnace at 350 °C for two hours 
and then transferred through air to the XPS system. The vacuum annealed sample was 
annealed in ultrahigh vacuum in the XPS chamber, and thus did not get exposed to air 
after the anneal. 
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Figure A.6 – Extended Raman analysis of transferred graphene on GaSb (001), through 
the oxide desorption. (a) 2D:G and D:G integrated intensity ratios as a function of anneal 
temperature. Above 450 °C, which was the onset of native oxide desorption from XPS 
and AFM measurements, the D:G ratio increases (black curve), indicative of graphene 
defects. The 2D:G (red curve) decreases continuously across the range of anneal 
temperatures. (b) 2D versus G frequency, tracking changes in strain and doping in the 
graphene with increasing anneal temperature. The dependence of doping and strain on 
G and 2D frequency (dotted lines) is from Ref. [138]. 
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Figure A.7 – Areal density of pinholes and nucleated GaSb islands. The density of small 
pinholes (diameter < 300 nm) was extracted from AFM measurements. The density of 
larger openings (diameter > 300 nm) was extracted from SEM. The strong 
correspondence between density of islands and density of pinholes is consistent with 
GaSb nucleation at the pinholes. From 2 ML to 5 ML of GaSb growth, the island density 
decreases due to the beginning of coalescence. 
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Figure A.8 – Pinholes formed in wet transferred graphene on GaAs (001). (a) SEM 
image of graphene transferred to GaAs (001), before annealing. No pinholes are 
observed. The dark lines are wrinkles. (b) SEM image after annealing above the native 
oxide desorption temperature (625 °C for 2 hours). Pinholes are observed. (c) Cartoon 
of the native oxide desorption. (d) Raman spectra before and after annealing above the 
native oxide desorption. We observed an increased Raman D peak after native oxide 
desorption (625 °C). 
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Figure A.9 – Electron and x-ray diffraction of GaSb grown on graphene-terminated 
GaSb below the native oxide desorption temperature. (a) At a growth temperature of 350 
°C, holes in the graphene will not form, which means that pinhole-seeded epitaxy is not 
possible. As a result, a polycrystalline film is grown as evidenced by the presence of 111 
and 220 reflections in the ω-2θ scan. (b) The rings present in the RHEED images of both 
<110> and <010> substrate orientations indicate that the film is polycrystalline. 
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Figure A.10 – Raman spectroscopy of graphene on membrane and substrate post-
exfoliation. After exfoliation, graphene can be seen on both the exfoliated substrate and 
the membrane, indicating that some graphene has been torn away from the substrate. 
Additionally, the graphene quality is in-homogeneous on both sides, as evidenced by the 
variation in the D:G peak and 2D:G peak intensity ratios for the six representative 
regions being shown in (a) and (b). 
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B Appendix: supplementary information for chapter 4 

GaAs grown on gr/Ge (111) at different temperatures.  

 

Figure B.1 – Growth of GaAs grown on gr/Ge (111) (nominal thickness = 40 nm) at 
different temperatures. (a) Secondary electron SEM image and corresponding RHEED 
pattern along a [112�] azimuth (yellow arrow – specular, blue arrows – GaAs, white arrow 
- graphene) of a sample grown at 200 °C, showing a smooth, polycrystalline surface.  (b) 
GaAs grown at 540 °C, showing polycrystalline island nucleation. (c) Growth of GaAs 
at 560 °C, showing nucleation of spherical particles (d) Growth of GaAs at 580 °C, 
showing a single-crystalline RHEED pattern along with sparse, spherical islands and 
smooth features that appear to nucleate at step edges. (e,f) Ex-situ photoemission spectra 
(Al Kα hν =1486.6 eV) of Ge and Ga 3d core levels after GaAs growth at 540, 560 and 
580 °C. 
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We conducted MBE of GaAs on gr/Ge(111) at different temperatures to 

determine the optimal growth conditions for this system. The graphene was grown 

via CVD, as described in Ref. [123]. The deposition time was 46 minutes, resulting 

in an integrated flux of 8.9×1016 atoms/cm2 which corresponds to a nominal 

thickness of 40 nm for a unity sticking coefficient of Ga. The growth rates were 

calculated using homoepitaxial GaAs RHEED oscillations (~ 52 nm/h) and the 

As/Ga flux ratio (21 for all samples) is estimated by reaching the lower bound of 

the GaAs growth window with a fixed growth temperature while observing RHEED 

oscillations. Figure B.1 (a-d) shows SEM and AFM images along with RHEED 

patterns of films grown at 200, 540, 560 and 580 °C. The growth temperatures were 

measured using a pyrometer calibrated to the GaAs thermal deoxidation 

temperature. 

We find that the sticking of GaAs on graphene/Ge(111) is in fact highly 

temperature dependent. Ex-situ XPS measurements of the Ga 3d core level, 

normalized to the Ge 3d of the substrate, show that the amount of Ga stuck to the 

surface decreases as a function of temperature (Fig B.1f). At a growth temperature 

of 200 °C we see stochastic, polycrystalline nucleation of GaAs, with the graphene 

surface being completely covered (Fig. B.1a). Therefore, we can assume that the 

sticking coefficient of Ga on graphene is close to unity at this temperature. At 

elevated temperatures (> 500 °C), an island growth mode is favored, and AFM 
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images show a decrease in the island nucleation density and size as the temperature 

is increased. The 540 and 560 °C growths exhibit a rough surface, and 

polycrystalline RHEED patterns (Fig. B.1b, c). At a growth temperature of 580 °C, 

we observe an epitaxial RHEED pattern and nucleation on both the bottom and top 

of the terrace steps. This result aligns with our hypothesis of nucleation occurring 

at step edges in clean graphene systems.  

The decrease in island nucleation on graphene at elevated temperatures can 

be explained by increased adatom desorption. Ex-situ photoemission spectroscopy 

(Al Kα = 1486.6 eV) shows a 2x decrease in the intensity of the Ga 3d core level 

from a growth temperature of 540 °C to 560 °C (Figure B.1f). The peaks are 

normalized to the Ge 3d core level to account for any experimental variability (Fig. 

B.1e). At 580 °C, the Ga 3d decreases even further, but only slightly. The secondary 

component at 20.5 eV corresponds to gallium oxides [205]. The presence of this 

component is not surprising, since this is an ex-situ experiment that involves pulling 

the sample from ultra-high vacuum post-growth.  What is surprising, however, is 

that our previous EDX experiments highlighted in section 4.3 indicate that the Ga 

sticking coefficient is not greatly affected by temperature on graphene/MgO. It is 

not clear why there is a seeming discrepancy between the sticking coefficient of Ga 

on gr/Ge and gr/MgO, but it could be due to the dirtier, transferred 

graphene/substrate interface on the MgO substrate. Any contaminant on the surface 
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would be a highly reactive nucleation site. Another possibility is that “remote 

interactions” play a role. The ionic bonding of the MgO results in strong potential 

fluctuations that permeate through the graphene layer, which could enhance the 

sticking of Ga adatoms on the graphene surface [1,22]. Yet, the EDX results for Ni 

and Mn do support our photoemission experiments here, which show that higher 

temperatures result in increased desorption due to graphene’s poor wettability. 

Further work is needed to determine why different elements exhibit graphene 

substrate-dependent sticking coefficients. 
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Figure B.2 – Structure and morphology of epitaxy of GaAs on sub-monolayer gr / Ge 
(111). (a) X-ray diffraction pattern of the film. Inset: High-resolution scan of the Ge 111 
reflection. (b) Pole figure φ scans of the 004 reflection, showing the expected 3-fold 
symmetry of an epitaxial GaAs film. (c) Cartoon depicting epitaxy on sub-monolayer gr 
/ Ge (111). (d) SEM image of the GaAs plate morphology before attempting exfoliation. 
(e) SEM image of the same GaAs / gr / Ge (111) sample after an exfoliation attempt 
using Crystalbond and a glass slide.   
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Figure B.3 – GaAs nucleation at the bottom of step edges on gr/Ge (111). (a) AFM 
height image showing Ge steps and GaAs nucleation. (b) Height profile (red line in (a)) 
showing GaAs islands are approximately 1 nm thick. (c) AFM phase image of 
GaAs/gr/Ge(111) growth, showing distinct phase contrast between GaAs and Ge 
regions. (d) Phase profile (blue line in (c)) of GaAs islands.  
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